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Preface 


This  volume  contains  papers  presented  at  the  1994  MRS  Spring  Meeting  on  "Diamond, 
SiC  and  Nitride  Wide  Bandgap  Semiconductors."  The  meeting  was  held  in  San  Francisco, 
California  from  April  4-8.  This  MRS  symposium  follows  several  previous  MRS  symposia 
also  specifically  addressing  issues  related  to  wide  bandgap  semiconductors.  This  volume  is 
organized  much  as  the  meeting,  but  with  poster  and  oral  presentations  mixed  according  to 
the  session  topics.  The  meeting  ended  with  a  lively  panel  discussion  which  focused  on 
substrate  issues,  and  the  summary  of  this  panel  discussion  leads  this  volume. 

This  symposium  was  directed  toward  the  potential  of  diamond,  SiC  and  nitride  wide 
bandgap  semiconductors.  The  symposium  emphasized  materials  issues  related  to  the 
semiconducting  properties  of  these  wide  bandgap  materials.  Both  experimental  and 
theoretical  studies  were  presented.  Solid  advances  were  reported  in  the  growth  techniques 
of  all  three  materials  groups.  Contributions  demonstrated  the  critical  importance  of 
surfaces,  interfaces,  doping,  defects,  and  impurities.  Reports  demonstrated  potential  device 
applications  ranging  from  unique  electronic  devices  to  blue/uv  light  emitters/detectors  and 
even  novel  stmctures  employing  a  negative  electron  affinity.  The  overall  theme  of  the 
symposium  was  that  materials  research  into  wide  bandgap  semiconductors  wiil  make 
possible  exciting  new  applications,  and  that  we  are  just  beginning  to  understand  the 
potential  of  the  materials. 

We  wish  to  thank  all  of  the  contributors  and  participants  who  made  the  symposium  so 
successful.  We  appreciate  the  efforts  of  the  invited  speakers  for  setting  the  stage  for  the 
program.  We  also  thank  the  session  chairs  for  coordinating  and  leading  the  discussion,  and 
we  express  our  gratitude  to  the  panel  moderator  and  members  for  stimulating  such  a  lively 
session  on  the  last  day  of  the  symposium. 

We  appreciate  the  efforts  of  the  meeting  chairs,  James  M.E.  Harper,  Alan  J.  Hurd, 
and  James  E.  Mark,  and  the  MRS  staff  for  its  efforts  in  making  the  whole  meeting  a 
success.  Special  thanks  to  Cecilia  Upchurch  for  her  work  at  coordinating  the 
communications  and  proceedings. 

We  gratefully  acknowledge  the  financial  support  provided  by  the  following 
organizations:  The  Office  of  Naval  Research,  Cree  Research  Inc,,  Kobe  Steel  USA  Inc., 
Motorola  Corp.,  and  Nichia  Chemical  Industries,  Ltd. 

Calvin  H.  Carter,  Jr. 
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PART  I 


Panel  Discussion  Summary 


Summary  of  Panel  Discussion 
Substrate  Issues  for  Wide  Bandgap  Semiconductors" 


Moderator: 

Max  N.  Yoder 
Office  of  Naval  Research 
Arlington,  VA  22217-5660 

Panel  Participants: 

Peter  K.  Bachmann,  Philips  GmbH  Forschungslaboratorien,  Aachen,  Germany 
Hiroyuki  Matsunami,  Kyoto  University,  Kyoto,  Japan 
Hadis  Morkoc,  University  of  Illinois,  Urbana,  IL 


The  state-of-the-art  in  each  of  the  major  materials  (Diamond,  SiC  and  Ill-nitrides)  was 
discussed  with  the  advantages,  disadvantages,  and  requirements  of  each  enumerated. 

Diamond  was  shown  to  exhibit  the  highest  theoretical  figures-of-merit  in  virtually  all 
categories  excepting  light  emission,  but  experimental  progress  in  achieving  electronic  grade 
diamond  is  lagging.  In  fact,  most  homoepitaxial  diamond  films  grown  on  natural  diamond 
appear  to  be  inferior  to  the  best  of  natural  diamond  in  terms  of  charge  carrier  mobility  and  defect 
densities.  Only  as  radiation  detectors  and  heat  spreaders  has  CVD  grown  poly  crystalline 
material  proven  superior  to  natural  diamond.  The  future  of  CVD  diamond  looks  promising  in 
those  areas  where  defect-free  substrates  are  not  mandatory.  This  includes  heat  spreaders  for  both 
electronics  and  non-electronic  use,  electron  and  particle  detector  applications,  industrial 
products,  applications  in  sensors,  window  and  membrane  applications,  low  wear  applications, 
and  as  electron  emitting  cold  cathodes.  In  fact,  the  largest  projected  electronic  application  of 
diamond  films  in  the  next  five  years  was  that  of  cold  cathodes  and  cold  cathode  arrays  intended 
for  large  area  flat  panel  displays.  In  this  application,  there  is  no  necessity  for  large  area  single 
crystalline  substrates.  Another  large  application  is  that  of  polycrystal  diamond  "coupons"  for 
thermal  heat  spreaders  (if  the  cost  can  be  brought  under  control).  A  secondary  electron  yield  of 
38  was  reported  as  being  the  highest  of  any  known  material.  Other  significant  electronic 
applications  were  not  envisioned  until  after  the  year  2010.  Post  depositional  processing  steps 
such  as  polishing  and  dicing  are  seen  also  seen  as  bottlenecks  for  a  diamond  device  technoloy. 
In  the  pursuit  of  non-diamond  substrates  for  heteroepitaxial  growth  of  diamond  films,  the  direct- 
gap  chalcopyrite  BeCN  2  was  proposed. 
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Silicon  carbide  (SiC)  was  adjudged  to  be  the  most  mature  of  the  materials  discussed.  It  is 
commercially  available  with  resistivities  as  high  as  10^  ohm-cm,  with  p-type  doping  densities 
as  high  3  x  10'*  cm"*,  and  with  n-type  doping  as  high  as  2  x  10**  cm"*.  Defect  density  typically 
is  in  the  low  10^  cm"^  with  "killer"  micropipe  densities  as  low  as  55  cm"^  overall  and  as  low  as  7 
cm"2  in  selected  areas  of  4H  material.  Screw  dislocations  as  low  as  280  cm"^  have  been  noted. 
Wafers  of  50  mm  diameter  will  soon  be  in  production  and  commercially  available  later  this  year. 
SiC  diodes  have  exhibited  breakdown  voltages  of  2000  volts;  if  5  x  10*4  cm  *  background 
impurity  material  becomes  available,  this  should  increase  to  5000  volts.  Schottky  barrier  diode 
reverse  breakdown  was  shown  to  be  typically  reduced  by  33%  in  the  presence  of  micropipe 
defects.  Typically  tens  of  impurities  with  energy  levels  within  the  forbidden  gap  are  found  in 
commercially  available  SiC.  (SiC  synthesized  at  the  Baikov  Metallurgical  Institute  in  Moscow 
has  been  characterized  by  photoluminesence  at  NRL  and  found  to  exhibit  only  2  detectable 
"impurities".  Unfortunately,  the  sample  sizes  are  very  small.)  CVD  growth  of  SiC  was  shown 
to  most  assuredly  be  of  a  step-flow  nature;  films  grown  on  vicinal  material  are  much  smoother 
and  exhibit  fewer  defects  than  those  grown  on-axis.  SiC  grown  on  the  "a"  axis  exhibits  much- 
improved  x-ray  topography,  and  is  devoid  of  micropipes,  but  new  types  of  etch  pits  appear  in  this 
material.  The  nature  and  origin  of  the  micropipe  defects  is  still  a  matter  of  controversy. 
Theoretical  modelling  of  global  heat  transfer  and  temperature  gradients  as  a  function  of  pressure 
was  shown  to  hold  potential  for  further  improvement  of  the  modified  Lely  SiC  sublimation 
growth  process.  There  was  no  debate  that  current  electronic  applications  of  SiC  materials 
exceeds  that  of  the  other  wide  bandgap  materials. 

Nitride  semiconductors  (III-N)  currently  lack  a  homoepitaxial  substrate.  While 
encouraging  results  are  obtained  by  synthesizing  these  materials  on  badly-lattice-mismatched 
sapphire,  this  process  always  requires  an  amorphous  buffer  layer;  even  then,  defect  densities 
generally  exceed  10*  cm"*.  Somewhat  better  results  are  usually  obtained  by  direct  nucleation 
on  SiC,  but  defect  densities  still  significantly  exceed  that  of  the  substrate.  MgO  and  ZnO  have 
also  been  tried  with  equivalent  success.  Bulk  III-N  "ingots"  are  currently  known  to  be  grown 
only  in  Eastern  Europe  and  independent  evaluations  of  the  quality  have  not  yet  been  published. 
Not  withstanding  the  rather  poor  crystalline  quality  of  the  III-N  materials,  some  rather  impressive 
device  performance  has  been  reported.  Microwave  insulated  gate  field  effect  transistors 
(IGFETs)  were  reported  wherein  f(max)  of  35  GHz  was  achieved;  this  compares  to  less  than  23 
GHz  in  any  SiC  device.  Arrays  of  blue  light  emitting  devices  (LEDs)  were  displayed  during  this 
conference;  the  array  was  so  bright  that  it  was  painful  to  the  eye  to  view  it  directly!  Although 
their  operating  life  is  very  good,  it  does  not  yet  compare  with  that  of  the  much  lower  efficiency 
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and  lower  brightness  SiC  LEDs.  By  changing  the  alloy  ratio  of  the  InGaN  quantum  wells  from 
which  the  blue  LEDs  are  fabricated,  these  devices  are  potentially  capable  of  generating  red, 
green,  and  yellow  light  at  high  efficiency.  One  hundred  of  these  devices  in  a  cluster  array  is 
sufficiently  bright  to  be  used  as  a  traffic  control  signal;  in  contrast  to  the  100  watts  typical  in  a 
traffic  light  bulb,  the  LED  array  would  consume  but  3.5  Watts!  This  represents  a  savings  of  845 
kWatt-hrs/yr  per  traffic  light.  The  efficiency  of  the  nitride  light  emitters  derives  primarily  from 
their  increased  thermal  conductivity  over  than  of  arsenide  and  phosphide  devices  and  from  a 
second  property. 

Both  the  IGFETs  and  the  LEDs  exploit  a  property  of  III-N  semiconductors  that  is  not 
fully  understood:  the  surface  recombination  and  surface  depletion  on  the  GaN  surface  is  virtually 
non-existent!  This  contrasts  with  that  of  any  other  known  (non-nitride)  semiconductor.  Closely 
related  to  "non-pinned"  surface  of  the  III-N  materials  is  their  surface  robustness.  A  RHEED 
pattern  taken  on  a  III-N  surface  after  six  months  exposure  to  the  ambient  appears  no  worse  than 
that  taken  immediately  after  growth.  Another  application  envisioned  for  the  nitride  materials  is 
that  of  cold  cathodes.  For  AlGaN  alloys  of  5.6  eV  and  higher,  the  surface  is  thought  to  exhibit 
negative  electron  affinity  (NEA).  Unlike  diamond  films,  the  nitride  films  can  be  deposited  pin- 
hole-free  for  thicknesses  as  thin  as  3.0  nm. 

Each  of  the  three  basic  material  types  has  unique  advantages.  Each  requires  more 
research.  SiC  is  currently  in  a  dominant  sales  position,  but  III-N  applications  in  volume  are 
expected  within  a  few  years.  Volumetric  diamond  applications  will  largely  await  significant 
production  cost  reductions. 

Prepared  by  Max  N.  Yoder 
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Surfaces  and  Surface  Preparations 


TIGHT-BINDING  STUDY  OF  THE  {211}  1=3  GRAIN  BOUNDARY 
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ABSTRACT 

In  grain  boundaries  in  compound  semiconductors  such  as  SiC,  the  interface 
stoichiometry  and  the  wrong  bonds  between  like  atoms  are  of  much  importance. 
Firstly,  a  general  definition  of  the  interface  stoichiometry  in  such  grain 
boundaries  has  been  discussed.  Secondly,  the  atomic  and  electronic 
structures  of  the  {211}  Z=3  boundary  in  SiC  have  been  examined  by  using  the 
self-consistent  tight-binding  method,  based  on  the  atomic  models  with  bonding 
networks  similar  to  those  in  the  models  of  the  same  boundary  in  Si  or  Ge. 

The  wrong  bonds  have  significant  effects  through  the  large  electrostatic 
repulsion  and  the  generation  of  localized  states  as  well  as  those  in  the 
{122}  Z=9  boundary  in  SiC.  And  the  different  bond  lengths  of  the  wrong  bonds 
very  much  affect  the  local  bond  distortions  at  the  Interfaces,  which 
determines  the  relative  stability  among  the  present  models. 


INTRODUCTION 

There  has  been  increasing  interest  in  SIC  as  high-temperature  devices  or 
high-performance  ceramics.  It  is  very  crucial  to  investigate  the  structures 
and  properties  of  grain  boundaries  in  SiC,  because  grain  boundaries  in 
sintered  ceramics  or  polycrystalline  films  have  significant  effects  on  the 
bulk  properties.  As  shown  in  our  previous  studies  [1],  the  problems  of  the 
interface  stoichiometry  and  the  wrong  bonds  between  like  atoms  are  very 
Important  in  grain  boundaries  in  compound  semiconductors  such  as  SIC, 
similarly  to  those  in  the  antiphase  boundaries  [2],  and  differently  from 
grain  boundaries  in  Si  or  Ge  [3-5] .  In  our  studies,  we  proposed  the 
definition  of  the  polar  and  non-polar  interfaces  of  grain  boundaries  in 
compound  semiconductors.  The  former  and  the  latter  are  non-stoichiometric 
and  stoichiometric,  respectively.  We  examined  the  atomic  and  electronic 
structures  of  polar  and  non-polar  interfaces  of  the  {122}  Z=9  boundary  in  SiC 
by  using  the  tight-binding  electronic  theory  [6],  and  found  significant 
effects  of  the  wrong  bonds.  We  also  showed  that  the  relative  stability  among 
the  Interfaces  with  different  stoichiometries  can  be  analyzed  by  calculating 
the  thermodynamic  potentials  as  a  function  of  the  atomic  chemical  potentials. 

In  this  paper,  firstly,  we  discuss  a  general  definition  of  the  interface 
stoichiometry  of  grain  boundaries  in  the  zinc-blende  structure  according  to 
the  discussion  of  the  surface  stoichiometry  [7] ,  and  we  make  clearer  the 
crystallographic  analysis  in  our  previous  studies.  Secondly,  we  examine 
theoretically  the  atomic  and  electronic  structures  of  the  {211}  Z=3  boundary 
in  SiC  following  our  studies  of  the  {122}  Z=9  boundary.  The  {211}  Z=3 
boundary  is  one  of  the  typical  CSL  (coincidence  site  lattice)  tilt  boundaries 
frequently  observed  in  CVD-SIC  [8]  as  well  as  the  {111}  Z=3  and  {122}  Z=9 
boundaries.  The  {211}  Z=3  boundary  is  considered  to  generate  only  non-polar 
Interfaces,  differently  from  the  {122}  Z=9  boundary  generating  both  polar  and 
non-polar  Interfaces. 
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INTERFACE  STOICHIOMETRY 


As  discussed  in  [1],  polar  and  non-polar  interfaces  in  grain  boundaries  in 
cubic  binary  compounds  can  be  defined  by  the  interface  stoichiometry.  About 
symmetrical  tilt  boundaries,  non-polar  interfaces  can  be  constructed  with 
both  non-polar  surfaces  or  by  cation-terminated  and  anion-terminated  polar 
surfaces.  Polar  interfaces  can  be  constructed  with  two  cation-terminated 
polar  surfaces  or  with  two  anion-terminated  polar  surfaces.  On  the  other 
hand,  a  paratwin  and  an  orthotwin  [9]  can  be  defined  by  the  relation  between 
the  polarity  of  the  two  grains  for  symmetrical  tilt  boundaries  in  binary 
compounds.  In  a  paratwin,  the  polarity  of  the  two  grains  displays  mirror 
symmetry  to  each  other  with  respect  to  the  interface.  One  additional 
paratwin  can  be  constructed  by  inverting  the  polarity  of  the  two  grains.  An 
orthotwin  is  constructed  by  inverting  the  polarity  of  one  of  the  two  grains 
of  the  paratwlns.  Thus,  as  pointed  out  in  [1],  for  symmetrical  tilt 
boundaries  of  which  the  Interface  consists  of  polar  surfaces  such  as  {111} 
and  {122},  two  polar  and  one  non-polar  Interfaces  can  be  constructed,  which 
correspond  to  two  paratwlns  and  one  orthotwin.  And  symmetrical  tilt 
boundaries  of  which  the  interface  consists  of  non-polar  surfaces  such  as 
{211}  should  have  only  non-polar  Interfaces. 

In  configurations  without  any  coordination  defects  similar  to  those  of  tlie 
symmetrical  tilt  boundaries  in  SI  or  Ge  13-5],  the  interface  stoichiometry 
should  dominate  the  relation  between  the  numbers  of  the  two  kinds  of  wrong 
bonds,  cation-cation  bonds  and  anion-anlon  bonds.  The  polar  interfaces 
should  contain  only  one  kind  of  wrong  bonds  or  one  kind  of  excess  wrong 
bonds,  although  non-polar  Interfaces  should  contain  no  wrong  bonds  or  the 
same  numbers  of  the  two  kinds  of  wrong  bonds. 

The  above  argument  can  be  proved  clearly  by  Fig.  1,  which  shows  the  atomic 
models  of  the  polar  and  non-polar  interfaces  of  the  {122}  Z=9  boundary  in  the 
zinc-blende  structure  [Ij.  These  contain  the  bonding  network  similar  to  that 
In  the  same  boundary  in  Si.  These  are  consistent  with  the  high-resolution 
transmission  electron  microscopy  (HRTEM)  observation  in  CVD-SiC  110). 

In  the  above  argument,  only  the  interfaces  consisting  of  ideal  surfaces 
without  any  point  defects  are  dealt  with,  and  the  Interface  stoichiometry  is 
considered  by  the  stacking  of  atomic  layers.  However,  it  should  be  noted 
that  the  Interface  stoichiometry  can  be  defined  rigorously  even  for  grain 
boundaries  with  point  defects  or  disordered  structures  by  using  the  method 
of  Chetty  and  Martin  [7].  In  this  method,  surface  or  interface 
stoichiometries  can  be  determined  by  defining  the  surface  or  interface 
regions  and  counting  the  atoms  in  such  regions.  The  surface  or  Interface 


Fig.  1.  Atomic  models  of  the  {122}  Z=9  boundary  in  the  zinc-blende 
structure,  (a)  N-type  polar,  (b)  P-type  polar,  and  (c)  non-polar  interfaces. 
Atomic  positions  are  projected  along  the  <011>  axis.  The  open  and  closed 
circles  are  cation  and  anion  atoms,  respectively,  which  correspond  to  Si  and 
C  atoms  in  SIC.  Dashed  lines  in  the  crystals  indicate  the  example  of 
Interface  regions  by  the  method  of  Chetty  and  Martin  [7]. 
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regions  can  be  defined  by  boundaries  in  the  interior  of  the  crystals 
consisting  of  segments  of  planes  with  sufficient  symmetries  such  as  {011}  or 
{001}  planes  in  the  zinc-blende  structure. 

Fig.  1  also  shows  the  example  of  such  interface  regions.  The  Interface 
regions  of  the  N-type  polar  interface  and  of  the  P-type  polar  Interface 
contain  10  cation  and  11  anion  atoms,  and  11  cation  and  10  anion  atoms  in  one 
period,  respectively.  And  the  interface  region  of  the  non-polar  interface 
contains  10  and  1/2  pairs  of  cation  and  anion  atoms.  These  results  are 
consistent  with  the  above  crystallographic  argument. 


THE  {211}  2;=3  GRAIN  BOUNDARY  IN  SiC 


Atomic  models 

Figs.  2  and  3  show  the  atomic  models  of  the  non-polar  interfaces  of  the 
{211}  Z=3  boundary  in  SiC.  These  are  the  p2’mm'(lx2)  and  pm(lx2)  models. 
These  are  constructed  so  as  to  have  the  same  bonding  networks  with  those  in 
the  models  of  the  same  boundary  in  Si  or  Ge  [11,12],  because  the  HRTEM  images 
[8]  are  not  so  clear.  Two  paratwins.  Type  A  and  Type  B,  are  constructed  for 
the  respective  models.  In  this  paper,  we  deal  with  only  the  paratwins.  The 
{211}  Z=3  boundary  Is  connected  perpendicularly  with  the  {111}  Z=3  boundary 
in  CVD-SiC  [8] .  Thus  the  observed  {211}  Z=3  boundary  should  be  a  paratwin 
because  the  {111}  Z=3  boundary  must  be  a  orthotwin  with  normal  Sl-C  bonds. 

The  present  models  contain  the  same  numbers  of  the  two  kinds  of  wrong 
bonds  because  of  the  non-polar  interfaces.  The  wrong  bonds  exist  at  the  two 
types  of  positions.  These  are  the  intergranular  bonds  and  the  <011>  bonds. 
The  intergranular  bonds  exist  on  the  {011}  plane  and  cross  the  interface. 

The  <011>  bonds  connect  the  two  atoms  on  the  neighboring  {011}  planes,  and 
double  the  periodicity  along  the  <011>  direction  as  indicated  by  (1x2).  The 
kinds  and  positions  of  the  wrong  bonds  in  Type  A  are  Inverted  in  Type  B. 

In  Si  or  Ge,  there  exist  experimental  and  theoretical  studies  [3-5] 
showing  the  presence  and  stability  of  the  <011>  bonds  in  the  {211}  1=3 
boundary.  And  it  is  considered  that  the  cm(2x2)  model  is  the  most  stable  in 
Si  or  Ge,  where  only  the  succession  of  the  <011>  bonds  along  the  <111> 
direction  is  different  from  the  pm(lx2)  model  and  the  periodicity  along  the 
<111>  direction  is  double  in  addition  to  the  <011>  direction.  However,  the 
energy  difference  between  the  pm(lx2)  and  cra(2x2)  models  seems  to  be  very 
small  in  Si  [4,5].  Thus,  we  deal  with  only  (1x2)  models  for  simplicity. 


Fig.  2.  Atomic  models  of  the  {211} 
Z=3  boundary  in  SIC.  (a)  Type  A 
and  (b)  Type  B  of  the  p2'mm'(lx2) 
model.  Arrows  indicate  the  <011> 
bonds . 


Fig.  3.  Atomic  models  of  the  {211} 
Z=3  boundary  in  SiC.  (a)  Type  A 
and  (b)  Type  B  of  the  pm(lx2)  model 
Arrows  indicate  the  <011>  bonds. 
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The  SCTB  method 


Lattice  relaxations  have  been  performed  by  using  the  self-consistent 
tight-binding  (SCTB)  method  [6]  following  our  previous  studies.  The  SCTB 
method  can  deal  with  energies  and  atomic  and  electronic  structures  of  conipLox 
systems  of  semiconductors  as  well  as  the  usual  tight-binding  method  [4,5). 

In  the  SCTB  method,  the  charge  transfer  effects  are  Included  self- 
conslstently  into  the  on-site  terms  of  the  Hamiltonian.  Thus,  self- 
consistent  charge  distributions  and  electrostatic  interactions  can  be  dealt 
with  more  correctly  than  the  usual  method,  which  are  essential  in  SIC.  The 
binding  energy  Eb  is  finally  expressed  as  a  sum  of  the  promotion  and  intra- 
atomic  electrostatic  energy  Epro,  the  inter-atomic  electrostatic  energy  Emuc. 
the  covalent  energy  Ecov,  and  the  repulsive  overlap  energy  Eov. 

The  supercell  technique  is  used  to  perform  band  calculations,  where 
periodicity  normal  to  the  interface  is  imposed  by  stacking  symmetric  boundary 
planes  alternately  in  addition  to  the  two-dimensional  periodicity  of  the  CSI. 
boundary.  In  the  cases  of  paratwins,  it  is  necessary  to  stack  both  Type  A 
and  Type  B  alternately.  However,  it  is  possible  to  examine  respective 
Interfaces,  if  there  exist  no  significant  charge  transfer  or  Interactions 
between  the  two  Interfaces  in  the  unit  cell.  This  condition  has  been  shown 
to  be  almost  satisfied  in  each  case.  And  in  the  SCTB  method,  Ed  and  the 
respective  energy  terms  can  be  given  for  respective  atoms  in  the  unit  cell. 
Thus  the  energies  of  respective  Interfaces  can  be  obtained. 

The  supercells  of  the  p2'mm'(lx2)  model  and  of  the  pm(lx2)  model  contain 
192  atoms  and  200  atoms,  respectively.  The  interfaces  are  repeated  between 
24  atomic  layers  and  25  atomic  layers,  respectively,  and  the  distances 
between  the  Interfaces  are  about  2.1nm  and  2.2nm,  respectively.  In  lattice 
relaxations,  respective  three  atomic  layers  in  the  bulk  regions  are  fixed  at 
the  positions  containing  the  rigid-body  translations  between  the  two  grains. 
The  rigid-body  translations  have  been  optimized  by  iterating  relaxations 
using  the  Keating-type  potential  [13]  for  saving  computing  time. 


Table  I.  Calculated  energy  values  and  bond  distortions  of  the  models  of  tin; 
{211}  E=3  boundary  in  SIC.  Energy  increases  per  one  period  of  Interface 
against  the  perfect  crystal  are  shown.  Ekd  Is  the  interfacial  energy.  A0 
and  Arsi-c  indicate  the  ranges  of  the  bond-angle  distortions  and  those  of  the 
bond-length  distortions  of  the  Si-C  bonds.  Arsi-si  and  Arc-c  are  the  bond- 
length  distortions  of  the  Si-Si  bonds  and  of  the  C-C  bonds  against  the  bond 
lengths  in  bulk  Si  and  in  bulk  diamond,  respectively.  The  results  of  the 
non-polar  Interface  of  the  {122}  1=9  boundary  [1]  are  also  shown. 


{211}  Z=3  boundary  {122}  1=9  boundary 

p2'mm'(lx2)  pm (1x2) 

Type  A  Type  B  Type  A  Type  B  Non-polar 


E^b 

AEb 

AEpr.o'*'AEiviaca 

AEcov’*‘AEov 

A0 

Arsi-c 

Arsi-si 

ATc-c 


1.71J/m^ 
4.96eV 
2.48eV 
2.48eV 
-23. 5' 

-v  +21.0’ 
-3.2% 

%  +3.3% 
+1.7%, +1.7% 
+1.8%, +1.8% 


2.37J/m^ 

6.90eV 

1.45eV 

5.45eV 

-19.1- 

'v+27.9’ 

-2.8% 

'v+6.3% 
-3.1%, -3.1% 
+5. 6%, +5. 6% 


1.39J/m^ 

4.03eV 

2.19eV 

1.85eV 

-14.2’ 

'v+21.5’ 

-2.7% 

O/  +2. 2% 
+3. 2%, +2. 9% 
+2.1%, +1.9% 


2.42J/m^ 
7.04eV 
1.09eV 
5.95eV 
-23. 8‘ 

n.+17.3‘ 

-2.9% 

'x.+5.3% 
-4. 2%, -4.0% 
+9. 3%, +8.0% 


1.43J/m^ 

2.54eV 

1.12eV 

1.42eV 

-23.1- 

'v+24.1' 

-2.5% 

n.  +2 . 2% 
-4.3% 

+  3.8% 
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Results 

The  rigid-body  translation  in  Type  A  of 
the  p2'inni' (1x2)  model  is  a  dilatation  of 
O.OOlnm,  and  that  in  Type  B  is  a  dilatation 
of  0.024nm.  The  rigid-body  translation  in 
Type  A  of  the  pm(lx2)  model  is  a  shift  of 
0.072nra  along  the  <111>  direction  with  a 
dilatation  of  O.OlBnm.  That  in  Type  B  Is  a 
shift  of  O.OeSnm  along  the  <111>  direction 
with  a  dilatation  of  0.032nm.  In  both  the 
models,  the  Interfaces  where  the  Si-Si 
bonds  are  the  Intergranular  bonds  contain 
larger  dilatations.  The  translations  in 
the  pm(lx2)  models  are  qualitatively 
similar  to  those  in  the  pra(lx2)  or  cm(2x2) 
models  in  Si  or  Ge  [3-5]. 

Table  I  shows  the  energies  and  bond  Fig.  4.  Relaxed  configuration 

distortions  of  the  relaxed  configurations.  and  effective  atomic  charges  of 
Type  A  of  the  pm (1x2)  model  is  the  most  Type  A  of  the  pm (1x2)  model  of 

stable,  where  the  interfacial  energy  and  the  {211}  2:=3  boundary  in  SIC. 

the  bond  distortions  are  in  similar  ranges  The  circles  and  double  circles 

to  those  in  the  {122}  2:=9  boundary.  Type  B  Indicate  C  and  Si  atoms, 

of  the  pra(lx2)  model  has  the  largest  energy,  respectively.  The  bulk  atomic 

Fig.  4  shows  the  relaxed  configuration  charges  are  ±0.45e. 
and  the  effective  atomic  charges  of  the 

most  stable  model.  In  every  Interface,  the  wrong  bonds  generate  no  extra 
carriers,  no  deep  states  in  the  band  gap,  no  charge  accumulation,  or  no 
macroscopic  electrostatic  fields.  This  is  because  the  valence  numbers  of  Si 
and  C  are  the  same  and  the  origin  of  the  atomic  charges  In  SiC  is  the  bond 
polarization.  Thus  the  absolute  values  of  the  effective  atomic  charges  at 
the  wrong  bonds  are  about  3/4  of  the  bulk  values  because  of  three  heteropolar 
bonds.  In  each  Interface,  the  fluctuations  of  atomic  charges  and  the  bond 
distortions  are  well  localized  within  several  atomic  layers  at  the 
Interfaces.  These  results  are  similar  to  those  in  the  {122}  Z=9  boundary. 

However,  there  exist  significant  effects  of  the  wrong  bonds.  Firstly,  the 
wrong  bonds  very  much  Increase  the  interfacial  energies  by  the  electrostatic 
repulsion  at  the  wrong  bonds.  In  Table  I,  the  energy  increases  mainly  caused 
by  the  electrostatic  interactions,  AEpro+AEiviaa ,  are  the  substantial  parts  of 
the  total  Increases  as  well  as  in  the  {122}  1=9  boundary.  This  is  consistent 
with  the  results  in  the  antiphase  boundaries  [2].  Secondly,  the  wrong  bonds 
generate  the  localized  electronic  states  mainly  caused  by  the  different  bond 
lengths.  In  each  interface,  the  C-C  bonds  generate  the  localized  states  at 
the  bottom  of  the  valence  band  and  above  the  conduction  band,  and  the  Si-Si 
bonds  generate  the  localized  states  at  the  top  of  the  valence  band  and  at  the 
bottom  of  the  conduction  band  as  well  as  in  the  {122}  Z=9  boundary. 

Thirdly,  the  wrong  bonds  very  much  affect  the  bond  distortions  and  the 
distortion  energies  at  the  Interfaces  through  the  different  bond  lengths. 

This  point  is  especially  remarkable  in  the  present  case  as  compared  with  the 
{122}  Z=9  boundary  where  this  point  causes  the  relative  stability  of  the 
polar  interfaces  against  the  non-polar  interface.  The  wrong  bonds  tend  to 
have  the  bond  lengths  similar  to  those  in  bulk  Si  or  bulk  diamond.  In  Type  A 
of  both  the  models,  the  Si-Si  bonds  are  the  <011>  bonds,  which  are  inevitably 
stretched  because  the  distance  between  the  neighboring  {011}  planes  is  about 
1.6  times  larger  than  the  normal  Si-C  bond  length.  The  C-C  bonds  are  the 
intergranular  bonds,  which  can  be  shortened  at  the  interfaces.  However,  in 
Type  B  of  both  the  models,  the  Si-Si  bonds  are  the  intergranular  bonds  and 
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the  C-C  bonds  are  the  <011>  bonds.  Thus,  as  shown  in  Table  I,  In  Type  A  of 
both  the  models,  the  wrong  bonds  are  well  stabilized  with  the  bond  lengths 
nearer  to  those  in  bulk  Si  or  bulk  diamond,  and  the  distortions  of  normal  Sl- 
C  bonds  at  the  interfaces  are  smaller  than  those  in  Type  B.  Thus,  the  energy 
increases  AEoo^+AEo^  mainly  caused  by  the  bond  distortions,  and  the  total 
energy  Increases  are  much  smaller  in  Type  A  than  in  Type  B  in  both  the 
models.  About  the  comparison  between  Type  A  of  the  p2'mm'(lx2)  model  and 
Type  A  of  the  pra(lx2)  model,  the  bond  distortions  of  the  normal  Sl-C  bonds 
are  relatively  small  in  the  pra(lx2)  model  as  shown  in  Table  1.  Thus,  Type  A 
of  the  pm(lx2)  model  is  the  most  stable.  This  is  consistent  with  the  results 
in  Si  that  the  pm(lx2)  model  is  more  stable  than  the  p2'mm' (1x2)  model  [4]. 


CONCLUSION 

From  the  present  results  of  the  {211}  1=3  boundary  and  the  previous 
results  of  the  {122}  1=9  boundary,  it  can  be  said  that  the  effects  of  the 
wrong  bonds  in  grain  boundaries  in  SiC  are  to  make  the  interfacial  energies 
fairly  high  by  the  electrostatic  repulsion,  to  generate  the  localized  states 
at  the  band  edges,  and  to  Influence  the  local  bond  distortions  by  the 
different  bond  lengths.  Generally,  stable  interfaces  in  SiC  should  be  those 
with  as  small  numbers  of  wrong  bonds  as  possible  and  where  the  different  bond 
lengths  of  the  wrong  bonds  can  be  well  fitted  without  any  large  bond 
distortions.  About  the  effects  of  the  Interface  stoichiometry,  it  dominates 
the  kinds  and  numbers  of  the  wrong  bonds.  In  SiC,  even  polar  interfaces  can 
exist  stably  without  generating  any  charge  accumulation  or  extra  carriers. 

And  the  stability  among  the  interfaces  with  different  stoichiometries  depends 
on  the  relation  between  the  atomic  chemical  potentials. 
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ABSTRACT 

Surface  electronic  structures  of  P-SiC  reconstructed  (001)  surfaces  and  the  Al/p-SiC(001) 
interface  have  been  investigated  by  employing  a  tight-binding  method.  Distinct  surface 
electronic  characteristics  corresponding  to  different  surface  reconstructions  are  discussed  based 
on  the  interpretation  of  surface  density  of  states.  The  calculations  of  the  Al/p-SiC  (001)  interface 
indicate  that  aluminum  deposition  on  p-SiC(OOl)  surface  may  induce  the  substrate  to  return  to 
the  ideal  unreconstructed  surface  and  that  Al-C  interaction  is  stronger  than  Al-Si  interaction.  A1 
deposition  on  C-rich  surfaces  may  form  a  better  bonded  interface  than  that  on  the  Si-rich 
surfaces.  Our  findings  are  in  good  agreement  with  available  experimental  and  theoretical  results. 

I.  INTRODUCTION 

Silicon  carbide  (SiC)  has  drawn  increasing  attention  for  its  important  role  as  a  wide  band- 
gap  semiconductor.  Of  the  many  polytypes  of  its  crystal  structures,  cubic  P-SiC  has 
demonstrated  potential  applications  in  high-temperature,  high-frequency  and  high-power 
semiconductor  devices[l<2].  Since  interfaces  often  exert  important  influence  on  expected 
functional  performances,  an  understanding  of  the  mechanism  of  the  Al/p-SiC  interface  formation 
and  the  ability  to  predict  the  properties  and  utilities  of  this  system  are  obviously  very  important 
in  this  context.  On  the  other  hand,  surface  characteristics  play  a  key  role  in  affecting  the 
properties  of  the  interfaces.  In  this  work,  we  first  investigate  the  electronic  structure  of  the  p- 
SiC(OOl)  surface  of  various  reconstructions  by  carrying  out  an  empirical  tight-binding 
calculation.  Comparison  to  the  ideal  p-SiC(lll)  and  (110)  surfaces  and  the  Si(OOl)  (2x1)  surface 
has  been  made  to  correlate  the  (001)  surface  configuration  and  chemistry  to  the  resultant  surface 
bonding  featurest^].  Then,  we  attempt  to  uncover  the  essential  difference  between  A1  forming 
interfaces  with  the  ideal  p-SiC(OOl)  surfaces  and  with  the  reconstructed  surface,  as  well  as 
between  Al-C  and  Al-Si  bonding  characteristics,  by  comparing  the  structure-related  changes  in 
electronic  structures  and  energies  of  these  systems  based  on  similar  tight-binding  calculations. 

II.  COMPUTATIONAL  METHOD 

The  method  we  have  employed  is  based  on  the  LCAO  (linear  combination  of  atomic 
orbitals)  theory  and  utilizes  a  two-center  approximation  of  atomic  orbital  interactions^]  coupled 
with  Harrison's  universal  interatomic  distance-dependent  functional  formsl^]  for  the  construction 
of  Hamiltonian  matrix  elements.  A  new  set  of  tight-binding  two-center  integral  parameters, 
including  an  excited  s*  state  in  the  basis  set  of  atomic  orbitals,  is  used  to  better  describe  the  p- 
SiC  bulk  and  surface  band  structurei®].  In  order  to  preserve  simplicity  and  allow  easy 
identification  of  chemical  trends  in  the  band  structure,  we  take  only  the  nearest  neighbor  atomic 
interaction  into  consideration. 


15 

Mat.  Res.  Soc.  Symp.  Proc.  Vol.  339.  ®1994  Materials  Research  Society 


The  surface  electronic  structures  are  calculated  by  using  slab  unit  cells.  For  ideal  p- 
SiC(OOl),  (111)  and  (110)  surfaces,  the  surface  atoms  on  the  slabs  are  in  their  original  bulk 
atomic  positions.  For  the  reconstructed  surfaces,  the  slab  surfaces  are  constructed  based  on  the 
proposed  reconstruction  models  (to  be  discussed  in  the  following  section)  and  are  subjected  to 
relaxation  through  an  energy  minimization  method  employing  a  valence-force-field  (VFF)  model 
of  the  Keating  typei^'l]  before  the  electronic  structure  calculations  are  performed. 

For  the  Al/p-SiC(001)  interface,  we  have  calculated  the  electronic  structure  by  assigning 
A1  atoms  on  both  surfaces  of  the  P-SiC(OOl)  slab  unit  cell.  The  positions  of  the  A1  atoms  are 
hypothetically  chosen  so  that  the  differences  between  Al-Si  and  Al-C  bonding  and  the  effects  of 
the  formation  of  dimers  on  the  bonding  characteristics  of  the  Al/p-SiC(001)  interface  can  be 
studied.  The  distances  between  Al,  C  and  Si  are  assumed  to  be  equal  to  the  sum  of  Slater's 
atomic  radii!®].  Based  on  our  calculated  band  structures,  distinct  surface  and  interface  bonding 
characteristics  corresponding  to  different  surface  and  interface  structures  are  discussed  based  on 
the  interpretation  of  electronic  density  of  states  and,  for  the  Al/p-SiC(001)  interface,  band 
structure  energy  changes. 

III.  RESULTS  AND  DISCUSSION 
3.1  p-SiC(001)  reconstructed  surfaces 

Although  literature  is  available  concerning  reconstructions  of  the  p-SiC(OOl)  surface!®' 
i3],  corresponding  models!id0-15]^  and  their  surface  electronic  structures!!^],  correlations 


FIG  1;  Experimental  observations  and  corresponding  models  of  P-SiC(OOl)  surface 

reconstructions 
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between  the  reconstructions  and  the  associated  electronic  structures  and  bonding  characteristics 
have  not  yet  been  addressed.  Thus,  we  focus  our  attention  on  examining  the  surface  structure 
related  changes  in  bonding  and  electronic  structures  for  all  the  preferred  models  for  p-SiC(OOl) 
reconstructed  surfaces.  The  experimental  observations  of  p-SiC(OOl)  surface  reconstructions  and 
proposed  models  are  summarized  in  Fig.l.  Note  that  for  the  (3x2)  surface,  careful  experiments 
show  that  the  surface  is  associated  with  a  1/3  monolayer  (ML)  of  excess  Si  atoms  rather  than  2/3 
ML[10>11].  Therefore,  the  model  of  Kara  et  al.[l®],  as  a  modification  to  Dayan's  model!'],  is 
adopted  in  our  calculation.  For  the  c(2x2)  surface,  both  two  competing  models,  namely,  the 
'staggered'  modell'2]  and  the  'bridged'  modell'3],  are  investigated  and  compared. 

For  the  (2x1)  reconstruction,  corresponding  to  a  1  ML  silicon-terminated  surface]®'"'], 
there  is  only  one  dangling  bond  left  on  each  surface  silicon  atom,  similar  to  the  ideal  p-SiC  (111) 
Si  terminated  surface]^].  We  find  that  the  surface  Si  exhibits  an  sp^  hybridized  dangling  bond, 
analogous  to  that  of  the  (111)  ideal  Si  surface.  Surface  Si  dimerization  gives  rise  to  a  Si-Si  a 
bond,  lying  at  about  2.3  eV  below  the  Fermi  level,  corresponding  well  to  the  experimental  Si 
dimer  bonding  state  of  the  Si  (001)  (2x1)  surface]'^].  The  overall  electronic  feature  obtained  by 
our  calculation  resembles  that  of  the  Si  (001)  (2x1)  surface  by  a  first  principle  calculation]^''®], 
in  agreement  with  the  experimental  findings  that  the  p-SiC  (001)  (2x1)  surface  and  the  Si  (001) 
(2x1)  have  similar  electronic  structures]®''^]. 

The  calculated  electronic  structure  of  the  p-SiC  (001)  (3x2)  reconstructed  surface  is  close 
to  that  of  the  P-SiC  (001)  (2x1)  surface.  However,  because  of  the  missing  excess  Si  dimer  rows 
and  the  sub-layer  Si  atom  dimerization,  the  surface  Si-Si  bond  lengths  and  angles  differ  for 
different  groups  of  surface  atoms,  causing  the  Si-Si  o  bond  surface  states  to  shift  and  broaden  in 
response  to  respective  bonding  environment.  For  the  same  reason,  the  hybridized  Si  sp3  dangling 
bond  states  are  also  shifted  and  broadened]^].  The  findings  in  the  experiment  of  Parrill  and 
Chung]®]  that  the  overall  features  of  the  (3x2)  surface  are  close  to  those  of  the  (2x1)  surface  and 
that  both  Mg-excited  and  Zr-excited  Si  2p  spectra  are  shifted  and  broadened  for  the  (3x2)  surface 
agree  with  our  calculation. 

For  the  p-SiC  (001)  c(2x2)  surface,  it  is  found  in  our  calculations  that  the  surface  presents 
a  hybridized  C  sp3  dangling  bond  for  the  staggered  model  whereas  the  bridged  model  predicts  a 
strong  C  2p  dangling  bond  pairing  which  gives  rise  to  pit  bonding  and  prt'*  antibonding  states. 
The  C  dimer  bond  of  the  staggered  model  is  a  single  o  bond.  It  is  weaker  than  that  of  the  bridged 
model,  which  is  considered  to  be  a  C=C  double  a  bondl^l.  There  is  no  Si  dangling  bond  on  the 
staggered  model  surface  while  a  hybridized  Si  dangling  bond  shows  up  on  the  bridged  model 
surface.  This  provides  additional  evidence  that  the  C  dimer  of  the  bridged  model  is  so  strong  that 
its  bonding  to  the  sublayer  Si  is  greatly  weakened,  thereby  causing  the  sublayer  Si  to  present  a 
dangling  state.  The  experiments  of  ELS,  AES  and  LEED  etc.1'2]  and  the  calculation  of  Craig  and 
Smith]'5]  strongly  support  the  staggered  model,  while  other  calculations  favor  the  bridged 

model]'3'14]. 


3.2  Al/p-SiC(001)  interface 

We  have  studied  four  systems  for  the  Al/p-SiC  (001)  interface,  i.e.  Al/unreconstructed 
surface  and  Al/reconstructed  surface  for  both  Al/C  terminated  and  Si  terminated  surfaces,  by 
interpreting  the  electronic  density  of  states  of  the  interfaces  to  elucidate  their  respective  bonding 
characteristics  and  by  investigating  the  band  structure  energy  changes  to  reveal  their  relative 
interfacial  stabilities. 
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3.2.1  Interfacial  density  of  states  and  bonding 

The  atomic  structures  of  the  slab  unit  cells  of  Al/C  terminated  ideal  and  reconstructed 
surfaces  are  depicted  in  Fig.2A.  After  the  deposition  of  A1  on  the  unreconstructed  C  surface,  the 
significant  change  compared  to  the  ideal  C  terminated  surface  is  that  the  C  dangling  2p  state  and 
the  surface  hybridized  resonance  states  disappear,  and  there  is  no  surface  state  in  the  fundamental 
gap.  Instead,  an  A1 3p  dangling  bond  shows  up  prominently. 

For  the  A1  on  the  reconstructed  C  surface,  the  A1  3p  dangling  bond  remains;  but  its 
intensity  is  lower  than  that  of  the  Al  on  the  unreconstructed  C  surface.  The  C  dimer  bonding 
states  po  and  so  and  the  antibonding  states  po*  and  so*,  respectively,  are  analogous  to  those  of 
the  clean  C  reconstructed  surface  of  the  bridged  model.  We  compare  to  the  bridged  model 
because  the  C  dimer  length  of  the  bridged  model  is  closer  to  the  C  dimer  length  of  this  surface. 
The  significant  difference  between  this  surface  and  the  C  clean  surface  of  the  bridged  model  is 
that  pit  and  pit*  states  disappear  on  this  surface  because  Al  reacts  with  C,  eliminating  the  C  2p 
dangling  bond  and  the  dangling  bond  pairing  which  originally  induces  pjt  and  pit*  states. 

Comparing  these  two  interfaces,  we  find  that  the  Al-C  o  bonding  and  the  o*  anti-bonding 
states  of  the  Al/reconstructed  C  surface  stay  closer  than  those  of  the  Al/unreconstructed  C 
surface,  indicating  that  the  Al-C  interaction  of  the  former  interface  is  weaker.  In  addition,  the 
more  localization  of  the  bands  associated  with  the  Al-C  interaction  at  the  Al/reconstructed  C 
surface  also  suggests  that  the  Al-C  interaction  of  the  AJ/unreconstructed  C  terminated  surface  is 
stronger. 

The  atomic  configurations  of  the  slab  unit  cells  of  Al/p-SiC  (001)  Si  terminated 
unreconstructed  and  reconstructed  surfaces  are  shown  in  Fig.2B.  Compared  to  the 
Al/unreconstructed  C  terminated  surface,  the  Al-Si  po  and  po*  on  the  Al/unreconstructed  Si 
surface  are  closer  and  stay  in  higher  energy  states,  indicating  that  Al-Si  bond  is  much  weaker  and 
less  energetically  favorable  with  respect  to  Al-C  bond.  This  is  also  supported  by  the  fact  that 
there  is  no  Al-Si  so  bonding  state;  thus  the  covalent  energy  of  the  Al-Si  bond  should  be  very 
high. 


On  the  Al/reconstructed  Si  surface,  the  Al-Si  bonding  and  anti-bonding  states  get  even 
closer  than  those  of  the  Al/Si  unreconstructed  surface,  indicating  weaker  Al-Si  bonding  in  this 
case.  A  significant  difference  between  this  surface  and  the  Al/C  reconstructed  surface  is  that,  on 
this  surface,  a  Si  sp^  dangling  state  appears,  in  analogy  to  both  that  on  the  p-SiC(lll)  Si 
terminated  surface  and  that  on  the  p-SiC  (001)  Si  terminated  (2x1)  surfacel^l.  This  is  strong 
evidence  that  Al-Si  bonding  is  rather  weak  at  the  interface  of  Al/reconstructed  Si  surface,  leaving 
the  Si  sp3  dangling  bond  little  influenced  by  the  deposited  Al. 

So  far,  we  have  discussed  the  surface  electronic  structures  and  bonding  of  four  Al/p-SiC 
interfacial  systems  through  qualitative  interpretations  of  the  electronic  density  of  states. 
However,  in  order  to  more  quantitatively  elucidate  the  interfacial  bonding  strength  and  the 
difference  in  Al  bonding  to  a  C  terminated  surface  and  to  a  Si  terminated  surface  in  response  to 
surface  dimerizations,  it  is  more  desirable  to  investigate  the  total  energy  differences  between 
these  systems.  In  this  work,  we  have  performed  band  structure  energy  change  calculations  to 
approximate  the  total  energy  changes. 
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3.2.2  The  changes  in  band  structure  energy 


For  either  Al/C  terminated  surface  or  Al/Si  terminated  surface  system  (Fig.2A  and  2B), 
the  Al-Si  or  Al-C  distance  remains  fixed.  Again,  Slater's  atomic  radii  are  used  to  determine  Al-C 
and  Al-Si  distances  as  well  as  C  and  Si  dimer  lengths.  Thus  the  band  structure  energy  change 
from  Al/unreconstructed  surface  to  Al/reconstructed  surface  should  approximate  the  total  energy 
change  to  the  first  order. 


interface  interface 


(A) 


interface  interface 

(B) 

Al:  o  Si:  o  C:  • 


FIG.  2  Band  structure  energy  changes  of  the  system  of  (A)  Al/C  interface  (B)  Al/Si  interface 

The  calculated  band  structure  energy  changes  for  Al/C  terminated  surface  and  Al/Si 
terminated  surface  systems  are  +7.216  eV  and  +2.124  eV,  respectively.  The  results  give  an 
indication  that  the  Al/reconstructed  surface  system  will  be  energetically  unfavorable  compared  to 
the  Al/unreconstructed  surface  system  in  both  Al/C  terminated  and  Al/Si  terminated  cases.  Thus 
Al  deposition  on  a  p-SiC  (001)  reconstructed  surface  may  induce  the  substrate  to  return  to  the 
unreconstructed  surface.  Another  indication  from  these  results  is  that  the  tendency  for  Al 
inducing  C  reconstructed  surface  to  C  ideal  surface  is  stronger  than  that  for  Si  terminated  surface. 
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These  two  findings  are  consistent  with  our  previous  analysis  of  band  structures  and  other 
experimental  and  theoretical  conclusions['^>  20], 

IV.  SUMMARY 


We  have  shown  that  the  present  empirical  tight-binding  method  can  represent  quite  well 
the  p-SiC  (001)  surface  bonding  and  electronic  structure  characteristics  associated  with  their 
corresponding  surface  structures.  The  work  investigating  the  Al/p-SiC(001)  interface  converges 
to  the  conclusion  that  A1  bonding  to  an  unreconstructed  surface  is  much  stronger  and  more 
energetically  favorable  than  A1  bonding  to  a  reconstructed  surface  for  both  Al/C  terminated  p- 
SiC  (001)  and  Al/Si  terminated  p-SiC  (001)  systems.  Thus  A1  deposition  on  P-SiC  (001)  surface 
may  induce  the  substrate  to  return  to  its  ideal  unreconstructed  surface.  Moreover,  it  is  found  that 
Al-C  interaction  is  much  stronger  than  Al-Si  interaction.  It  is  therefore  expected  that  the  A1 
deposition  on  C-rich  surface  may  form  a  better  bonded  interface  than  that  on  the  Si-rich  surface. 
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COMPUTER  SIMULATION  OF  Si  AND  C  ATOMS  ON  SiC  SURFACES 
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Department  of  Physics  and  Astronomy 
UWCC,  Cardiff  CF2  3YB,  UK 

ABSTRACT 

The  molecular  dynamics  method  employing  an  empirical  potential  energy  function  to 
describe  the  Si-C  interaction  has  been  used  to  determine  the  minimum  energy  sites  for  Si 
and  C  adatoms  on  C-terminated  SiC  (001)  substrates.  It  is  found  that  whereas  a  single  C 
adatom  lies  on  the  carbon  dimer  bond,  this  site  only  becomes  energetically  favourable  for 
silicon  adatoms  when  they  interact  to  form  a  dimer  pair. 

INTRODUCTION 

Silicon  Carbide  (SiC)  has  long  been  considered  a  suitable  material  for  devices  requiring 
wide-gap  semiconductors.  Recent  progress  in  growing  high  quality  single  crystal  SiC  on 
Si{001)  substrates  has  provoked  much  interest  in  this  system.  However,  because  of  the  large 
lattice  mismatch  and  different  thermal  expansion,  numerous  defects  are  found  on  the  SiC 
surface.  The  Si  and  C  terminated  cubic  SiC  (001)  surfaces  have  been  studied  by  many 
groups  using  a  variety  of  techniques*’^.  Theoretical  studies  of  this  system  have  included 
a  molecular  orbital  technique  investigation  of  the  SiC/Si  interface  ^  and  a  semi-empirical 
tight-binding  study  of  surface  relaxations  of  the  SiC  surface"*.  To  our  knowledge  there  has 
been  no  theoretical  investigation  of  the  potential  energy  contours  of  the  SiC(OOl)  surface.  As 
such  information  is  valuable  in  determining  both  the  adsorption  sites  and  activation  energies 
for  surface  diffusion,  we  have  performed  simulations  of  the  C-terminated  SiC(OOl)  surface 
with  Si  and  C  adatoms.  However,  for  understanding  the  growth  process,  it  is  important  to 
determine  how  the  interactions  between  adatoms  affects  the  subsequent  adsorption  site.  We 
have  therefore  extended  our  simulations  to  include  two  adatoms  on  the  surface. 

CALCULATIONAL  PROCEDURE 

The  cubic  SiC  substrate  was  constructed  with  the  (001)  face  representing  the  surface 
of  the  zincblende  structure.  The  C-terminated  SiC  (001)  surface  reconstructs  to  a  (2x1) 
structure  with  the  carbon  atoms  dimerising  in  a  manner  akin  to  the  Si(OOl)  (2x1)  surface. 
To  determine  the  possible  adsorption  sites,  a  Si  or  C  adatom  was  placed  on  the  surface  in 
some  initial  configuration  and  the  forces  on  all  the  atoms  calculated.  With  the  exception  of 
the  adatom  all  the  atoms  were  allowed  to  move  until  an  energy  minimum  was  achieved.  The 
adatom  was  constrained  to  move  in  a  direction  perpendicular  to  the  surface.  The  minimum 
energies  for  each  lateral  position  of  the  atom  resulted  in  a  potential  energy  surface  map.  In 
order  to  avoid  the  system  getting  trapped  in  local  minima,  the  adatom  was  periodically  given 
a  small  temperature.  The  minimum  energy  was  then  obtained  by  the  process  of  quenching 
the  system  so  that  the  kinetic  energy  was  reduced  to  zero. 

In  order  to  move  the  atoms  it  is  necessary  to  have  a  scheme  to  enable  the  forces  on 
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each  atoms  to  be  calculated.  Although  it  now  possible  to  perform  such  calculations  using 
ab  initio  total  energy  techniques  these  are  rather  computer  intensive  and  so  restrict  the 
number  of  geometries  that  can  be  investigated.  Semi-empirical  total  energy  functionals  have 
been  shown  to  give  a  good  description  of  the  surface  reconstructions  found  in  semiconductor 
structures  and  also  to  be  useful  in  giving  information  about  the  growth  processes®.  We  have 
therefore  chosen  to  use  similar  potential  energy  functions  to  that  used  to  study  the  Si-Ge 
system.  These  interatomic  potentials  reported  by  Tersoff®  have  a  coordination  dependent 
bonding  term  which  is  a  requisite  for  describing  reconstructed  surfaces. 

RESULTS 

Bulk 

Before  the  surface  simulations  were  performed  calculations  on  the  bulk  SiC  system  were 
carried  out.  The  interatomic  potential  used  gave  a  minimum  lattice  energy  of  -6.2  eV  /atom 
at  a  lattice  parameter  of  4.3Afor  the  ordered  Sio,5Co..5  alloy.  To  ensure  that  this  ordered  phase 
was  the  lowest  energy,  a  silicon  crystal  was  first  constructed  and  then  randomly  chosen  Si 
atoms  were  converted  to  C  atoms  until  there  were  an  equal  number  of  Si  and  C  atoms.  The 
energies  of  these  systems  were  found  to  be  on  average  0.1  eV /atom  higher  than  in  the  ordered 
phase.  Thus  it  was  concluded  that  the  cubic  SiC  structure  favoured  the  ordered  phase  with 
this  potential  energy  function. 


C-terminated  surface 


Figure  1:  Schematic  diagram  of  the  areas  scanned  in  determining  the  potential  energy  sur¬ 
faces  for  the  (001)  (2x1)  SiC  and  Si  reconstructions.  In  the  case  of  the  SiC  reconstruction 
filled  circles  represent  C  atoms  and  unfilled  Si  atoms.  The  square  area  represents  the  scan 
on  SiC  and  the  rectangle  the  scan  on  Si. 
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The  surface  was  modelled  by  allowing  the  C  atoms  on  the  surface  to  relax  to  form  dimer 
bonds,  the  dimer  bond  length  was  found  to  be  l.bAcompared  to  a  Si  dimer  bond  length  of 
2.25Aon  the  Si(OOl)  (2x1)  reconstructed  surface.  The  C  atoms  on  the  surface  also  undergo  a 
substantial  downward  relaxation  of  O.SAcompared  to  the  bulk  terminated  unrelaxed  surface. 

Adatoms 


Once  the  relaxed  (001)  surface  structure  was  established,  an  adatom  was  placed  on  the 
surface  and  the  relaxed  energy  and  adatom  height  for  that  particular  position  was  determined 
in  the  manner  described  above.  This  was  done  for  for  a  mesh  of  121  points  in  the  region 
indicated  in  Figure  1.  Two  sets  of  simulations  were  performed;  one  for  a  C-adatom  and  one 
for  a  Si-adatom.  From  the  potential  energy  surfaces  shown  in  Figure  2,  it  may  be  observed 
that  as  might  be  expected  there  is  a  minimum  energy  configuration  with  the  adatom  above 
the  C-C  dimer.  When  this  happens  the  dimer  opens  out  and  the  C  atoms  move  to  their  bulk 
sites.  However,  unexpectedly  the  Si  adatom  was  found  to  have  a  higher  energy  at  this  site 
than  the  C  adatom.  Although  this  is  the  global  minimum  for  the  C  adatom,  the  Si  adatom 
has  its  global  minimum  at  the  edge  of  the  square  indicated  in  figure  1.  By  way  of  comparison 
we  have  also  calculated  the  potential  energy  surface  for  a  Si  adatom  on  the  Si(OOl)  (2x1) 
reconstructed  surface  for  the  rectangular  region  in  Figure  1.  From  these  results,  shown  in 
Figure  3,  it  may  be  noted  that  the  minimum  energy  site  is  not  on  the  dimer  bond. 


Figure  2(a);  Potential  energy  surface  for  the  Si  adatom  on  the  SiC  (001)  surface.  Dark 
regions  represent  areas  of  low  energy. 
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Figure  2(b):  Potential  energy  surface  for  the  C  adatom  on  the  SiC  (001)  surface 


Figure  3:  Potential  energy  surface  for  the  Si  adatom  on  the  Si  (001)  surface. 
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Adatom  pair 


Following  the  calculations  with  one  adatom,  the  simulations  were  carried  out  for  two 
adatoms.  These  were  placed  on  adjacent  sites  on  the  C-dimer  bonds  and  the  atoms  allowed 
to  relax.  Immediately  the  adatoms  were  found  to  move  towards  each  other  forming  a  dimer 
in  the  opposite  direction  to  the  surface  C-dimers  (Figure  4)  For  the  Si  pair,  the  dimer  bond 
length  was  found  to  be  2.34Awhich  is  very  close  to  the  interatomic  spacing  in  bulk  silicon 
but  larger  than  the  dimer  bond  length  on  the  Si(OOl)  (2x1)  surface. 


Figure  4:  The  minimum  energy  atomic  configuration  for  the  pair  of  Si  adatoms  on  the  SiC 
(001)  surface. The  light  shaded  circles  represent  the  Si  adatom  pair  in  a  plane  above  the  C 
dimers  (dark  shaded  circles). 

CONCLUSION 

We  have  performed  simulations  of  Si  and  C  adatoms  on  the  SiC  (001)  C-terminated 
surface.  The  main  finding  is  that  the  C  adatom  is  more  strongly  bound  to  the  surface  at  the 
bulk  continued  site  than  the  Si  adatom  with  the  latter  having  a  global  mihimum  away  from 
the  dimer  bond.  This  result  is  similar  to  that  found  for  homoepitaxial  growth  of  Si(OOl). 
However,  once  a  second  adatom  is  placed  on  the  surface  it  is  energetically  favourable  for  the 
adatoms  to  pair  up  and  form  a  dimer  in  an  orthogonal  direction.  The  usefulness  of  these 
potentials  in  describing  the  early  stages  of  growth  of  SiC  suggests  that  they  can  be  used  to 
study  the  evolution  of  extended  defects  in  this  system. 
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ABSTRACT 

Using  an  accurate  tight-binding  method,  we  examine  the  structure  and  dynamics  at  a 
C(lll)  step.  We  find  the  H  vibration  frequencies  at  a  step  are  distinguishable  from  the 
flat  surface.  Removal  of  H  from  the  surface  creates  an  unstable  bulk  terminated  diamond 
structure  which  relaxes  to  a  graphitic  layer  and  pulls  away  from  the  bulk.  The  explanation 
for  these  results  can  be  given  in  terms  of  the  relationship  of  the  band  structure  to  the  relaxed 
geometries.  The  addition  of  H  stabilizes  this  surface  and  reverts  it  back  to  sp^  bonding.  The 
addition  of  CH3  near  a  step  is  also  discussed.  These  results  are  important  towards  the 
understanding  of  possible  diamond  growth  mechanisms  that  occur  at  a  step. 

INTRODUCTION 

Even  cleaved  and  polished  diamond  surfaces  in  reality  are  not  flat,  but  are  rough,  and  may 
contain  height  variations  of  hundreds  of  Angstroms.  It  is  not  surprising  then  that  the  C(lll) 
surface  of  diamond  films,  grown  by  chemical  vapor  deposition  (CVD),  contains  grooves  [1], 
hillocks  and  steps  [2,  3].  Hu  et  al.  [1]  used  reflection  electron  microscopy  to  determine  that 
not  only  did  their  surface  consist  of  single  atom  steps,  but  that  epitaxial  growth  involved  the 
lateral  motion  of  these  steps.  In  fact,  diamond  growth  mechanisms  have  been  proposed  that 
begin  with  the  formation  of  a  single  atom  step  on  the  C(lll)  surface  [4,  5].  Until  recently, 
quantum  mechanical  treatments  of  surface  steps  have  been  performed  using  small  clusters, 
which  cannot  realistically  incorporate  the  steric  freedom  introduced  by  a  step.  The  purpose 
of  this  work  is  to  develop  a  better  understanding  of  the  physics  and  chemistry  of  diamond 
at  a  surface  step. 

Incorporation  of  a  step  on  the  surface  in  a  model  calculation  lowers  the  symmetry  as 
compared  to  the  flat  surface.  The  resulting  increase  in  unit  cell  size  severely  limits  the  use  of 
ab-initio  methods  for  a  two-dimensional  periodic  cell.  To  overcome  this  difficulty,  we  employ 
a  parameterized  tight  binding  energy  functional  (PTBF)  that  has  been  optimized  for  both 
the  diamond  and  graphite  phases  of  carbon  [6].  This  approach  is  much  faster  than  ab-initio 
methods  without  much  loss  in  accuracy  and  allows  us  to  consider  the  large  unit  cells  required 
to  model  surface  steps.  Our  PTBF  uses  a  parameterized  Hamiltonian  matrix  to  generate 
the  electronic  levels  and  an  analytical  function  to  model  the  remaining  repulsive  terms.  The 
total  energy  is  written  as: 

^total  ~  ^rep  T  ^bs  T  ^charge'  (1) 

The  repulsive  energy,  Erep,  is  a  functional  of  a  pair  potential  between  the  ions.  The  band- 
structure  energy,  Ebs  is  a  sum  of  the  occupied  eigenvalues  of  an  orthogonal  sp^  basis  Hamil¬ 
tonian.  A  positive  charge  term,  Echarge  is  added  to  account  for  charge  transfer.  The  forms  of 
the  functions  and  the  parameters  for  C  are  described  in  detail  in  ref.  [6].  We  have  successfully 
applied  this  parameterization  to  the  study  of  the  C(lll),  C(IOO)  and  C(llO)  surfaces  [7]  and 
found  that  it  is  in  good  agreement  with  density  functional  (DF)  results,  where  they  exist. 
The  additional  C-H  parameters  were  calculated  from  a  fit  to  DF  forces  and  energies  [8]  of 
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small  hydrocarbons  over  a  range  of  C-H  bond  lengths.  The  parameters  for  the  C-H  bond 
are  given  in  ref.  [7]  along  with  a  comprehensive  description  of  how  we  obtained  them.  These 
parameters  accurately  reproduce  the  vibrations  and  anharmonicity  of  the  H  bond  on  the 
C(lll)  surface. 

The  surfaces  are  modeled  as  slabs  (infinite  in  two  dimensions)  with  at  least  60  C  atoms 
per  unit  cell.  The  steps  in  our  periodic  cells  are  separated  by  seven  surface  C  bond  lengths. 
The  supercells  have  inversion  symmetry  about  the  middle.  The  thickness  was  chosen  such 
that  the  surface  states  on  the  top  and  bottom  would  not  significantly  mix.  For  the  band 
structure  energy,  a  28  A:  point  integration  mesh  in  the  reduced  Brillion  zone  is  used  for 
the  bare  surfaces  and  an  eight  k  point  integration  mesh  is  used  for  the  H  covered  surface. 
Since  the  bare  surface  is  metallic,  we  smear  the  occupation  of  the  levels  with  a  Fermi-Dirac 
distribution  with  a  width  of  0.01  eV. 


HYDROGENATED  SURFACE  STEP 

The  surface  of  a  diamond  film  during  CVD  growth  is  believed  to  be  predominately  H 
covered  due  to  the  presence  of  a  H  atmosphere.  Sun  et  al.  [3]  observed  the  relative  density 
of  the  atomic  steps  on  their  surface  by  monitoring  the  H  stretch  modes  both  parallel  and 
perpendicular  to  the  surface.  They  assumed  the  parallel  component  of  the  stretch  mode 
could  be  attributed  to  the  H  bond  attached  to  the  edge  of  a  surface  step.  Since  a  step  on 
the  (111)  surface  exposes  a  (110)  face,  the  frequency  of  the  stretch  modes  for  these  H  atoms 
should  be  different.  Unlike  the  (111)  surface,  the  (110)  direction  has  H  bonds  attached  to 
nearest  neighbor  atoms.  In  this  geometry,  the  localized  stretching  modes  can  still  couple,  so 
we’d  expect  a  splitting  of  states. 

Shown  below  in  Fig.  1  are  the  four  H  sites  in  our  unit  cell.  Atoms  1  and  2  on  the 
“terrace”  of  the  steps  have  local  geometries  consistent  with  the  C(lll)  surface.  Atoms  3 
and  4  are  on  the  (110)  step  face.  We  calculate  the  H  vibrations  from  the  eigenvalues  of 
the  dynamical  matrix  whose  components  are  determined  by  finite  differencing  of  the  forces. 
The  8  k  point  band  structure  integration  was  necessary  mostly  for  convergence  of  the  highly 
coupled  H  bend  modes.  Our  previous  calculations  [7]  on  the  flat  surfaces  had  indicated  that 
the  H  stretching  modes  on  the  C(llO)  had  a  8  cm“'  splitting  between  nearest  neighbors 
and  was  6  cm“'  and  14  cm“^  higher  than  the  C(lll)  surface,  which  showed  no  mixing  of 
neighboring  H  modes.  In  Fig.  1  we  plot  a  histogram  of  the  stretch  modes  weighted  by  the 
relative  magnitudes  of  the  H  eigenvectors.  H  atoms  3  and  4  contribute  equally  to  the  higher 
frequency  modes  at  2857  and  2865  cm~*.  The  lower  modes  are  from  the  terrace  H  atoms,  but 
are  not  split  due  to  coupling.  The  small  frequency  difference  arises  from  the  slight  difference 
in  the  local  geometry  between  sites  1  and  2.  The  H  stretch  mode  at  2850  cm"'  is  from 
H  bond  1,  at  the  base  of  the  step  and  the  mode  at  2847  cm"'  is  from  H  atom  2,  in  the 
middle  of  the  terrace.  Since  slight  variations  in  local  bonding  would  cause  a  spread  in  these 
frequencies,  this  3  cm"'  difference  may  not  be  experimentally  differentiable. 

The  H  bending  motion  modes  are  more  difficult  to  isolate  since  they  couple  strongly 
to  the  C  lattice  phonons.  Hamza  et  al.  [9]  reported  monohydride  H  bend  frequencies  near 
1290  cm"'  on  the  “flat”  C(lll)  surface.  Our  calculations  [7]  on  the  flat  surface  had  the  H 
bend  modes  centered  around  1210  cm  "'  with  a  splitting  of  ±  162  cm"'.  Fig.  2  show  the  H 
bending  modes  at  a  step.  These  modes  are  more  detailed  than  the  stretch  modes  due  to  the 
additional  degrees  of  freedom  and  the  phonon  coupling.  A  step  breaks  the  symmetry  in  one 
of  the  two  directions  defining  the  plane  of  the  surface.  The  H  motions  can  be  distinguished 
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H  STRETCH  VIBRATIONS  AT  A  C{111)  STEP 


FREQUENCY  (l/cnn) 

Figure  1:  H  stretching  frequencies  at  a  step.  The  magnitudes  of  the  peaks  are  proportional 
to  the  magnitude  of  the  H  eigenvectors  of  the  dynamical  matrix.  See  text  for  identification 
of  the  modes. 

as  bending  in  the  direction  across  a  step  or  along  a  step  (in/out  of  the  page  of  figure  1). 
The  higher  frequencies  at  1361  and  1320  cm"*  are  across  the  step  and  are  from  the  H  atoms 
on  the  (110)  and  (111)  planes  respectively.  The  bending  motion  in  the  direction  along  the 
steps  are  split  for  the  (110)  H  atoms  at  1005  and  1190  cm"'.  The  bending  frequency  of  the 
terrace  atoms  are  not  as  dispersive  and  are  centered  around  1090  cm"*. 

REMOVAL  OF  H 

In  order  to  add  a  hydrocarbon  to  the  diamond  surface,  a  H  atom  needs  to  be  removed  to 
open  a  surface  site.  The  H  can  be  eliminated  by  heating  or  by  abstraction  from  a  collision 
with  a  gas-phase  molecule.  We  removed  one  of  the  4  hydrogens  labeled  in  Fig.  1  and  found 
that  the  structure  with  either  H  atoms  3  or  4  removed  is  slightly  higher  in  energy  by  50  to 
70  meV  than  the  relaxed  structure  with  one  of  the  terrace  atoms  missing  [10].  At  the  high 
temperatures  used  for  film  growth,  it  is  possible  that  many  more  H  bonds  could  be  broken. 

The  starting  configuration  for  the  bare  surface,  shown  at  the  top  of  Fig.  3,  has  bulk 
terminated,  ideal  bond  lengths  and  angles.  We  allow  this  surface  to  relax  using  steepest 
descents.  Upon  complete  relaxation  at  T=0  (no  input  of  additional  energy),  we  find  that  the 
top  layer  forms  a  graphitic-like  sheet  (bottom  of  Fig.  3).  The  relaxed  step  terrace  is  nearly 
flat  and  sp^  bonded.  Fig.  3  has  a  side  view  of  the  step,  indicating  the  new  bond  lengths. 
The  average  bond  length  in  the  surface  plane  is  1.437A,  which  is  close  to  the  bond  length 
of  graphite  (1.42A).  With  the  exception  of  the  one  stretched  bond  of  1.62A  attached  to  the 
bottom  of  the  step,  the  second  layer  has  an  average  bond  length  of  1.50A,  approximately 
half-way  between  graphite  and  diamond.  The  spacing  between  the  first  and  second  layer  has 
increased  to  ~  2.0A.  The  atoms  in  the  second  layer  are  now  essentially  3-fold  coordinated 
since  the  upper  bond  has  stretched  by  almost  30%,  but  their  bonding  has  remained  sp®  in 
character.  It  is  of  interest  to  note  that  transmission  electron  microscopy  images  indicate 
that  when  diamond  is  heated,  the  graphite  that  appears  is  oriented  with  the  c  axis  along  the 
(111)  direction  and  the  a  axis  along  the  (110)  direction  [llj. 

The  explanation  for  this  relaxation  is  given  in  detail  in  ref.  [lOj.  In  summary,  the  band 
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H  BEND  VIBRATIONS  AT  A  C(111)  STEP 


Figure  2:  H  bending  frequencies  at  a  step.  The  magnitudes  of  the  peaks  are  proportional  to 
the  magnitude  of  the  H  eigenvectors  of  the  dynamical  matrix.  See  text  for  explanation  of 
the  modes. 

structure  energy  of  the  surface  is  lowered  by  the  second  layer  atoms  pushing  up  into  the 
surface  plane.  This  forces  an  increase  in  splitting  between  the  bonding  and  antibonding 
surface  states  and  lowers  the  energy  of  the  occupied  levels.  This  phenomena  is  not  observed 
on  the  flat  C(lll)  surface  because  the  cost  of  forming  a  graphite  plane  is  an  increase  in  the 
repulsion  between  the  atoms.  Having  a  step  on  the  surface  provides  the  steric  freedom  to 
overcome  this  cost.  A  Si  stepped  surface  would  not  show  this  behavior  since  Si  does  not  have 
as  strong  tt  bonding.  New  gap  states  appear,  which  are  localized  “surface”  states  in  the  next 
layer,  due  to  the  increase  in  spacing  between  the  first  and  second  layer.  It  is  possible  that 
the  lower  layer  would  continue  to  graphitize  for  the  same  physical  reasons  as  we  describe  for 
the  surface,  and  could  be  tested  with  a  much  larger  unit  cell. 

Exposure  of  a  (2x1)  reconstructed  C(lll)  surface  to  atomic  H  will  revert  the  surface  back 
to  (1x1)  [12,  13].  Similarly,  we  placed  H  atoms  above  the  graphitized  step  approximately 
above  the  original  (bulk  ideal)  surface  bonds.  This  configuration  was  allowed  to  relax  using 
steepest  descents.  The  H  bonds  that  formed  on  the  terrace  and  steps  transformed  the  surface 
back  to  sp^  bonding.  This  result  is  consistent  with  the  calculations  of  Mehandru  et  al.  [15] 
who  reported  that  the  addition  of  H  to  a  planar  graphite  cluster  can  cause  the  C  atoms  to 
buckle  into  chair  configurations  associated  with  sj?  bonding.  All  the  carbon  bond  lengths 
have  returned  to  approximately  the  bulk  diamond  value. 


ADDITION  OF  CHg 

Diamond  growth  can  proceed  by  the  addition  of  methyl  groups  to  the  surface.  Ab-initio 
cluster  calculations  have  been  performed  comparing  the  addition  of  methyl  and  acetylene 
groups  on  the  C(lll)  surface  [14]  .  Fig.  4  shows  the  top  half  of  our  unit  cell  for  the  relaxed 
configurations  of  a  methyl  group  added  to  one  of  the  four  distinct  sites  near  the  step.  The 
CH3  molecules  were  placed  on  the  surface  so  as  to  minimize  the  H-H  repulsions.  Of  the 
configurations  shown,  the  highest  energy  structure  has  the  methyl  group  at  the  edge  of 
the  step  (configuration  c).  Configurations  o  and  6,  with  the  methyl  group  at  the  top  of 
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Figure  3:  Graphitization  of  C(lll)  step  upon  relaxation.  The  ideal  surface  (top)  has  dia¬ 
mond  bond  lengths.  The  relaxed  surface  has  surface  bond  lengths  less  than  1.45  A.  Atoms 
are  darkened  to  highlight  the  transformation  of  the  sp®  chair  configuration  into  graphitic 
hexagons  indicating  sp^  like  bonding.  Bottom  figure  is  side  view  of  the  fully  relaxed  bare 
step  with,  bond  lengths  in  Angstroms. 

the  step,  are  only  slightly  lower  in  energy  by  0.18  and  0.17  eV  respectively  as  compared  to 
configuration  c.  In  these  three  configurations,  the  bond  length  between  the  methyl  group  and 
the  surface  carbon  are  ~  2%  longer  than  the  diamond  bond  lengths  in  qualitative  agreement 
with  ab-initio  results  on  the  C(lll)  flat  surface  [14]. 

The  structure  with  the  CHs  at  the  bottom  of  the  step  is  part  of  the  diamond  growth 
sequence  proposed  by  Huang  and  Frenklach  [5]  and  is  significantly  lower  in  energy  than  the 
other  configurations  by  ~  2.75eV.  This  unusually  large  decrease  in  energy,  as  compared 
with  the  other  3  structures,  is  driven  by  the  lowering  of  the  electronic  energy  of  the  H  atom 
at  the  step  edge.  This  H  atom  is  attracted  to  the  methyl  carbon  atom  ~  1.5 A  away  and 
has  moved  away  from  the  step  edge  by  5%.  We  report  this  finding  since  it  appears  that  the 
H  atom  could  be  pulled  away  from  the  step  at  finite  temperatures  by  the  methyl  carbon, 
opening  another  site  for  additional  hydrocarbons  to  attach,  but  we  would  emphasize  that 
this  result  needs  to  be  tested  by  more  precise  ab-initio  methods  to  insure  that  it  is  not  an 
anomaly  of  our  G-H  parameterization. 
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Figure  4:  The  relaxed  positions  of  four  possible  attachments  of  a  methyl  group  near  a  step. 
The  atoms  shown  are  exactly  half  the  thickness  of  unit  cell  used  in  the  calculation,  which  is 
periodic  in  two  dimensions. 
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ABSTRACT 

A  mass-selected  low  kinetic  energy  (1-50  eV)  ion  source  is  used  to  expose  the  diamond 
(111)  surface  to  ionized  atomic  hydrogen  (H+)  at  controlled  impact  kinetic  energy.  We  report  the 
result  of  20  eV  and  50  eV  kinetic  energy  exposures  as  measured  by  ultraviolet  photoelectron 
spectroscopy  (UPS).  UPS  is  found  to  be  a  useful  probe  of  hydrogen  adsorption  on  diamond. 


INTRODUCTION 

A  clean  diamond  C(1 1 1)  surface  is  unstable  and  is  known  to  reconstruct  to  a  surface  phase 
in  the  form  of  Pandey’s  tc-bonded  chain  structure  with  2x1  symmetry,'  whereas  the  hydrogen 
terminated  surface  (freshly  polished  or  otherwise  hydrogenated)  is  monohydride  terminated^  and 
shows  1x1  symmetry  in  its  LEED  pattern.  In  addition,  the  surface  termination  by  hydrogen 
removes  surface  state  emission  near  the  valence  band  maximum.’ 

Hydrogen  stabilization  of  the  diamond  surface  against  reconsn-uction  is  thought  to  be  a 
key  element  enabling  diamond  growth  by  means  of  low  pressure  chemical  vapor  deposition 
(CVD).  However,  if  every  surface  atom  were  terminated  by  hydrogen,  carbon  deposition  (i.e. 
diamond  growth)  would  be  hindered  due  to  a  lack  of  chemically  active  sites.  The  steady  state 
fraction  of  hydrogen  free  sites  is  thought  to  be  directly  related  to  growth  rate.  The  production  of 
active  sites  during  growth  is  attributed  to  the  abstraction  of  surface-bound  hydrogen  by  gas- 
phase  atomic  hydrogen  (activation  energy  =  8  kcal/mole).^  In  a  typical  diamond  CVD  apparatus, 
chemisorption  of  atomic  hydrogen  competes  with  hydrogen  abstraction  to  maintain  an  almost 
completely  hydrogenated  surface,  with  an  active  surface  site  densit/''^’^  in  the  range  of  1-20% 
monolayer  (ML).  On  the  other  hand,  it  has  been  found  by  Mitsuda  and  coworkers  that  complete 
reversion  to  the  1x1  surface  phase  occurs  at  5%  ML  coverage.^  Ancilotto  and  Selloni  have 
found  similar  results  in  a  first-principles  molecular  dynamics  study  of  hydrogen  on  Si(l  1 1).* 
These  results  suggest  that  a  better  understanding  of  the  mechanisms  of  hydrogen  adsorption  and 
abstraction  that  are  active  in  the  growth  environment  will  lead  to  improvements  in  growth  rates 
and/or  film  quality. 


EXPERIMENT 

The  sample  used  in  this  study  is  a  natural  type  Ilb  diamond,®  polished  on  a  cast  iron  scaife 
with  diamond  grit  in  olive  oil.’  Following  the  polish,  the  sample  was  ultrasonically  cleaned  in 
organic  solvents  and  mounted  in  a  platinum  holder  in  the  UHV  analysis  chamber.  A  chromel- 
alumel  thermocouple,  spot  welded  to  the  platinum  holder  near  the  front  of  the  sample,  was  used 
to  monitor  sample  temperature.  During  anneals,  the  sample  was  heated  by  direct  e-beara 
bombardment  of  the  rear  of  the  platinum  holder. 
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The  hydrogen  beam  was  produced  by  a  Colutron  gun  system  Model  G2  connected  to  the 
analysis  chamber  so  that  the  source  was  located  approximately  1  meter  from  the  sample.  The 
hydrogen  ion  beam  was  accelerated  to  950  eV  and  then  passed  through  the  integral  Einzel 
focusing  lens  and  ExB  velocity  filter.  After  entering  the  analysis  chamber  the  beam  energy  was 
reduced  to  the  desired  level  using  a  simple  two  element  electrostatic  retarding  lens  and  a  retarding 
bias  applied  to  the  sample.  The  kinetic  energy  is  reported  as  the  difference  between  the  voltages 
applied  to  the  source  and  the  sample.  Typical  mass-selected  hydrogen  ion  beam  currents  (H+) 
before  the  retardation  stage  are  in  the  range  of  100-150  nA.  After  the  beam  is  retarded  to  50  eV 
or  20  eV  kinetic  energy,  the  current  drops  to  approximately  20-30  nA.  The  ultraviolet 
photoemission  spectra  (UPS)  were  collected  using  monochromatized  He  I  light  (21.2  eV)  from  a 
resonance  lamp  and  a  100  mm  radius  hemispherical  electron  energy  analyzer. 


RESULTS  AND  DISCUSSION 

The  first  figure  shows  a  spectrum  typical  of  an  as-polished  diamond  C(1 1 1):H  surface  and 
one  for  the  same  surface  after  a  1(X)0°  C  anneal.  The  spectrum  for  the  as-polished  sample  shows 
the  low  kinetic  energy  spike  characteristic  of  the  negative  electron  affinity  (NEA)  of  C(1 1 1):H. 
The  annealed  surface  has  positive  electron  affinity,’®  and  its  spectrum  is  seen  to  lack  the  low 


Figure  1  -  UPS  spectra  of  the  diamond  surface  before  hydrogen  exposures:  (a)  As- 
polished  C(1  ll)lxl:H  and  (b)  After  anneal  to  T>  1000°  C  to  remove  hydrogen. 
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Figure  2  -  UPS  spectra  showing  the  effect  of  hydrogen  beam  exposures  on  the  annealed 
C(1 11)  surface:  (a)  After  anneal  to  T  >  1000°  C  (b)  After  1.5  L  50  eV  exposure 
and  (c)  After  subsequent  1 .5  L  20  eV  exposure. 


kinetic  energy  spike.  Also  this  spectrum  shows  enhanced  emission  2.5  eV  below  the  Fermi  level 
which  is  attributed  to  surface  state  emission.'  The  intensity  of  both  the  surface  state  emission 
and  the  low  kinetic  energy  spike  can  be  used  to  determine  the  state  of  surface  hydrogenation. 

The  second  figure  shows  the  change  in  the  UPS  when  the  annealed  (hydrogen  free) 
surface  is  exposed  to  low  kinetic  energy  hydrogen.  Both  the  1.5  Langmuir  (L)  50  eV  exposure 
and  the  subsequent  1.5  L  20  eV  exposure  cause  the  spectrum  to  become  more  like  the  UPS 
spectrum  of  the  fully  hydrogenated  surface;  the  low  kinetic  energy  spike  is  emerging  and  the 
surface  state  emission  somewhat  decreases. 

The  third  figure  continues  the  sequence  of  spectra.  Spectrum  (a)  in  this  figure  is  the 
spectrum  of  the  1.5  L,  20  eV  hydrogen  beam-exposed  surface  previously  shown  in  figure  2. 
Spectrum  (b)  shows  the  change  when  the  beam-exposed  sample  is  subjected  to  an  exposure  of 
atomic  hydrogen  produced  by  the  conventional  hot  filament  technique.  Hydrogen  gas  is  leaked 
into  the  chamber  to  a  pressure  of  IxlO'^  Torr  and  then  cracked  into  atomic  species  by  a  tungsten 
filament  heated  to  2100°  C.  Spectrum  (c)  shows  a  further  increase  in  the  low  kinetic  energy  spike 
and  another  slight  decrease  in  the  surface  state  emission.  By  comparing  this  spectrum  to  the  as- 
polished  spectrum  (Figure  1)  we  conclude  that  the  hot  filament  exposure  did  not  fully 
hydrogenate  the  surface.  In  contrast,  the  spectrum  taken  after  a  subsequent  hydrogen  beam 
exposure  (20  eV,  1.5  L)  closely  resembles  the  spectrum  from  the  as-polished  sample,  and  we 
conclude  that  the  beam  exposure  has  fully  hydrogenated  the  surface. 
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Figure  3  -  UPS  spectra  showing  the  successful  hydrogenation  of  the  C(1 1 1) 
surface:  (a)  Same  as  Fig.  2  spectrum  C  (c)  After  hot-filament  hydrogen 
exposure  (c)  After  1.5  L  20  eV  H'^  exposure. 


CONCLUSIONS 

We  have  demonstrated  the  adsorption  of  hydrogen  on  diamond  C(  1 1 1 )  from  a  low  kinetic 
energy,  mass-selected  ionized  atomic  hydrogen  beam.  We  find  that  UPS  is  useful  as  a 
fingerprint  of  the  hydrogen  adsorption. 


ACKNOWLEDGEMENTS 

This  work  was  supported  in  part  by  the  National  Science  Foundation  under  grant  number 
ECS-9222368  and  by  Washington  State  University.  D.H.  wishes  to  thank  the  Department  of 
Education  for  fellowship  support. 


REFERENCES 

1.  B.  B.  Pate,  Surf.  Sci.  165,  63  (1986). 

2.  A.  V.  Hamza,  G.  D.  Kubiak,  and  R.  H.  Stulen,  Surf.  Sci.  206,  L833  (1988). 


36 


3.  D.  W.  Brenner,  D.  H.  Robertson,  R.  J.  Carty,  D.  Srivastava  and  B.  J.  Garrison  in 
Computational  Methods  in  Material  Science,  edited  by  J.  E.  Mark,  M.  E.  Glicksman  and  S.  P. 
Marsh  (Mater.  Res.  Soc.  Proc.  278,  Pittsburgh,  PA,  1992),  pp.255-261. 

4.  M.  Frenklach,  Phys.  Rev.  B,  45  (16),  9455  (1992). 

5.  J.  C.  Angus,  et.  al.,  Phil.  Trans.  R.  Soc.  Lond.  A,  342,  195  (1993). 

6.  J.  E.  Butler  and  R.  L.  Woodin,  Phil.  Trans.  R.  Soc.  Lond.  A,  342,  209  (1993). 

7.  Y.  Mitsuda,  et.  al..  Surf.  Sci.  257,  L633  (1991). 

8.  F.  Ancilotto  and  A.  Selloni,  Phys.  Rev.  Lett.  68,  2640  (1992). 

9.  The  single  crystal  sample,  diamond  D5,  was  provided  on  loan  by  Dr.  F.  A.  Raal  of  the 
DeBeers  Diamond  Laboratory,  Johannesburg,  South  Africa. 

10.  F.  J.  Himpsel,  J.  A.  Knapp,  J.  A.  Van  Vechten  and  D.  E.  Eastman,  Phys.  Rev.  B,  20,  624 
(1979). 


EXPOSURE  OF  DIAMOND  TO  ATOMIC  HYDROGEN:  SECONDARY 
ELECTRON  EMISSION  AND  CONDUCTIVITY  EFFECTS 


D.P.  Malta,  J.B.  Posthill,  T.P.  Humphreys,  R.E.  Thomas,  G.G.  Fountain,  R.A.  Rudder,  G.C. 
Hudson,  M.J.  Mantini  and  R.J.  Markunas 

Research  Triangle  Institute,  P.O.  Box  12194,  Research  Triangle  Park,  NC  27709 


ABSTRACT 

Secondary  electron  (SE)  yield  was  enhanced  by  a  factor  of  ~30  and  surface  conductance 
increased  up  to  10  orders  of  magnitude  when  O-terminated  or  non-terminated  natural  diamond 
(100)  surfaces  were  exposed  to  atomic  H.  The  SE  yield  from  atomic  H-exposed  surfaces  was 
spatially  dependent  on  near-surface  microcrystalline  perfection  enabling  defect-contrast  imaging 
in  the  conventional  SE  mode  of  the  scanning  electron  microscope  (SEM).  Ultraviolet 
photoelectron  spectroscopy  (UPS)  on  atomic  H-exposed  surfaces  revealed  an  intense  low  energy 
peak  attributed  to  photoexcitation  of  secondary  electrons  into  unoccupied  hydrogen-induced 
states  near  the  conduction  band  edge  and  their  subsequent  escape  into  vacuum.  The  low  energy 
photoemission  peak,  enhanced  SE  yield  and  enhanced  surface  conductivity  were  completely 
removed  via  high  temperature  annealing  or  exposure  to  atomic  O  creating  the  denuded  or  0- 
terminated  surfaces,  respectively. 


INTRODUCTION 

The  interaction  of  gas  species  with  diamond  surfaces  has  previously  been  studied  in  an 
effort  to  better  understand  diamond  growth  from  the  gas  phase’' Hydrogen  and  oxygen  have 
been  of  particular  interest  since  they  are  often  used  in  chemical  vapor  deposition  (CVD)  diamond 
growth  processes  including  recently  developed  water/alcohol  processes^.  In  addition  to  the  key 
roles  H  and  O  play  as  chemical  reactants  in  the  diamond  growth  process,  studies  indicate  that  the 
presence  of  either  H  or  O  as  a  surface  adsorbate  and/or  as  an  absorbed  species  can  dramatically 
alter  the  physical  properties  of  the  surface.  For  example,  UPS  studies  on  a  C(lll)  surface 
exposed  to  atomic  hydrogen^  have  indicated  that  the  surface  exhibited  negative  electron  affinity 
(NBA)  such  that  the  vacuum  energy  level  was  positioned  below  the  conduction  band  minimum. 
In  this  condition,  free  electrons  could  essentially  "spill"  out  of  the  surface  without  an  energy 
barrier  to  overcome.  This  situation  would  be  favorable  in  applications  such  as  cold  cathode 
emitters  where  enhanced  electron  emission  is  desired  provided  a  sufficient  supply  of  free 
electrons  is  available.  Other  recent  results  indicate  that  SE  emission  from  CVD-grown 
polycrystalline  diamond  can  be  reduced  by  annealing  and  suggest  that  the  emission  reduction  is 
due  to  removal  of  hydrogen  from  the  diamond  film'’.  Others  have  observed  higher  electrical 
conductivity  associated  with  the  presence  of  hydrogen  in  CVD-grown  polycrystalline  diamond 
films'’. 
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We  have  investigated  the  effects  of  subjecting  various  diamond  surfaces  to  atomic  H, 
atomic  O  and  annealing  on  electronic  structure,  secondary  electron  yield  and  surface 
conductance.  Our  results  show  that  these  physical  properties  strongly  depend  on  the  presence  or 
absence  of  H  on  or  near  the  surface  and,  therefore,  define  means  by  which  these  physical 
properties  can  be  controlled.  We  propose  a  mechanism  based  on  these  observations  and  energy 
band  considerations. 


EXPERIMENTAL 

Four  commercially  polished,  nominally  (lOO)-oriented  diamond  crystals,  types  la,  Ib,  Ha 
and  Ilb,  and  a  CVD-grown  diamond  homoepitaxial  layer  were  examined.  The  homoepitaxial 
layer  was  grown  on  a  type  la  C(IOO)  substrate  by  rf-plasma-enhanced  CVD  using  an 
ethanol/water  process  at  ITorr  and  SOW  rf  power  and  a  sample  temperature  of  ~600°C.  All 
diamond  surfaces  were  exposed  to  atomic  H  for  1  min  by  immersion  in  a  H  rf-plasma  at  SOW 
with  a  hydrogen  partial  pressure  of  7mTorr  and  sample  temperature  of  380°C.  The  samples  were 
examined  by  UPS  to  observe  electronic  structure,  SEM  for  imaging  and  to  measure  secondary 
electron  yield  and  two-point  probe  to  measure  surface  conductance.  Samples  were  then 
subjected  to  one  of  the  following:  (a)  annealing  at  ~1000°C  for  15  mins  in  ultra-high  vacuum 
(UHV),  (b)  exposure  to  a  20%O/Ar  rf-plasma  at  SOW  and  7mTorr  with  a  sample  temperature  of 
380°C  for  1  min  or  (c)  immersion  in  hot  Cr0.r/H2S04  for  15  min  followed  by  boiling  aqua  regia 
for  15  min.  The  UPS,  SEM  and  conductanee  measurements  were  then  repeated.  Transfers  to  the 
UPS  chamber  following  rf-plasma  and  annealing  processes  were  done  in-vacuo  via  an  integrated 
UHV  transfer  system. 


RESULTS  and  DISCUSSION 

UPS  on  the  type  lib  (100)  diamond  surface  following  H  plasma  exposure  for  1  min 
revealed  an  intense  low-energy  emission  peak.  Shown  in  Fig.  1  are  the  energy  distribution 
spectra  for  the  H-exposed  (Fig.  la)  and  clean  (annealed.  Fig.  lb)  C(IOO)  surfaces.  Spectra  were 
recorded  in  the  angle-integrated  mode  with  a  21.2eV  light  source  and  an  analyzer  energy 
resolution  of  ~0.2eV.  The  presence  of  the  low-energy  emission  peak  has  been  attributed  to  the 
photoexcitation  of  secondary  electrons  into  unoccupied  H-induced  states  located  near  the 
conduction  band  edge.  These  states  are  believed  to  be  created  by  chemisorbed  H  on  the  surface 
which  was  desorbed  upon  annealing  at  ~1000'’C  in  UHV.  Upon  annealing,  the  low-energy 
emission  peak  was  extinguished  (Fig.  lb). 

Observation  of  diamond  surfaces  in  the  SEM  revealed  that  electron  emission  was  greatly 
enhanced  following  H-plasma  exposure  relative  to  surfaces  that  have  been  exposed  to  an  O- 
plasma,  oxidizing  acid  or  annealed. 
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Figure  1  -  Ultraviolet  photoelectron  emission  spectra  from  a 
type  Ilb  (100)  diamond  surface  (a)  following  1  min  H 
plasma  exposure  and  (b)  following  a  15min  anneal  in 
ultrahigh  vacuum. 


Comparison  of  backscattered 
electron  (BSE)  (high  energy 
electrons)  and  secondary  electron 
(predominantly  E<50eV)  images 
indicated  that  the  enhancement 
was  of  the  lower  energy  secondary 
electrons.  The  total  electron  yield, 
a,  was  deduced  by  measuring  the 
beam  current,  Is  with  a  Faraday 
cup  and  the  specimen  current,  L, 
with  an  electrometer,  and  using 
the  current  balance  relation: 

Ib  =  Olb  +  Is 

(1) 


where 

o  =  5  +  ti 

(2) 

t)  is  the  BSE  yield  and  5  is  the  SE 
yield.  t|  is  small  for  low  atomic 
number  materials  and  on  the  order 
of  0.09  for  carbon  at  3keV^.  For 
large  values  of  o  and  assuming  t| 
didn't  change  upon  atomic  H 
exposure  which  is  supported  by 
BSE  images. 


5  =  (CT  -  B)  ~  (j  since  B  «  ct  (3) 


Total  electron  yield  (and  therefore  secondary  electron  yield)  was  enhanced  by  up  to  a 
factor  of  30  upon  atomic  H  exposure  over  annealed  or  0-treated  surfaces.  Enhancement  was 
greatest  on  the  type  lib  diamond  (Fig.  2)  and  to  a  lesser  extent  on  the  homoepitaxial  film  and 
nitrogen-containing  types  la  and  Ib  crystals  (not  shown),  a  was  as  high  as  37.7  on  one  type  Eh 
crystal  after  H  exposure.  Although  the  type  Ha  crystal  showed  strong  enhanced  emission 
following  H  exposure  as  evidenced  by  qualitative  observation  in  the  SEM,  o  values  measured 
before  and  after  H  exposure  showed  little  change.  It  is  believed  that  poor  conduction  through  the 
highly  insulating  type  Ha  crystal  prohibits  the  use  of  this  method  for  deriving  accurate  yield 
measurements.  The  scatter  observed  in  the  upper  curve  is  believed  to  be  caused  by  some  degree 
of  charging  in  the  semiconducting  type  lib  diamond.  Emission  enhancement  was  reversed  by 
either  high  temperature  annealing,  0-plasma  exposure  or  immersion  in  oxidizing  acid  creating 
either  a  denuded  or  oxygenated  surface.  The  enhanced  yield  observations  are  consistent  with 
UPS  observations  on  type  lib  diamonds. 


TOTAL  ELECTRON  YIELD  Vs.  BEAM  ENERGY 


Beam  Energy  (keV) 

C(100)llb  C(100)llb  C/C(100) 

Acid  Cleaned  H-Plasma  H-Plasma 


Figure  2  -  Total  electron  yield  (a)  as  a  function  of  incident  electron  beam  energy  as  measured  in 
the  scanning  electron  microscope  on  (a)  a  H  plasma-exposed  type  Ilb  (100)  diamond,  (b)  a  H 
plasma-exposed  homoepitaxial  diamond  layer  and  (c)  an  acid-cleaned  type  lib  (100)  diamond. 


Surface  conductance  on  a  type  Ha  diamond  following  high  temperature  annealing  was 
extremely  low  (<lfA  at  lOOV)  and  increased  10  orders  of  magnitude  following  a  1  min  H-plasma 
exposure  (lOpA  at  lOOV)  consistent  with  recent  results  obtained  from  polycrystalline  and 
homoepitaxial  diamond  samples'’’^.  Enhancement  of  surface  conductance  is  attributable  to  the 
creation  of  unoccupied  H-induced  surface  states.  It  is  hypothesized  that  there  is  a  re-alignment  of 
the  surface  Fermi  level  of  the  H-exposed  diamond  surface  upon  metal  contact  allowing  tunneling 
of  electrons  from  the  metal  into  the  H-induced  states. 

The  SE  yield  on  H-exposed  diamond  surfaces  was  found  to  depend  on  the  local  near¬ 
surface  crystalline  perfection.  Imaging  of  these  H-exposed  surfaces  in  the  conventional  SE  mode 
of  the  SEM  resulted  in  large  area  sub-micron  resolution  maps  of  near-surface  defect  structures 
(Fig.  3).  The  characteristic  cellular  dislocation  structure  of  the  type  lib  (100)  crystal  (Fig.  3a)  had 
been  previously  observed  using  other  techniques*.  The  defect  structure  of  the  type  Ila  (100) 
crystal  consisted  of  an  orthogonal  array  of  rows  of  clustered  defects  (Fig.  3b).  Plan  view 
transmission  electron  microscopy  (TEM)  on  a  similar  type  Ha  (100)  crystal  (Fig.  3c)  identified 
the  defects  as  dislocations  and  determined  the  row  directions  to  be  <01 1>.  It  is  believed  that 
defects  lying  near  the  surface  act  as  trap  sites  for  free  electrons  thus  reducing  the  SE  yield  in  their 
immediate  vicinity  thereby  producing  contrast  in  the  SE  image.  SE  imaging  on  annealed  or 
atomic  O-exposed  surfaces  shows  only  typical  topographical  polishing  scratches  (not  shown). 
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CONCLUSION 


Exposure  of  diamond  surfaces  to  atomic  H  via 
immersion  in  an  rf-plasma  discharge  has  been  found  to 
significantly  alter  several  physical  properties  of  the 
surface.  In  particular,  secondary  electron  emission  was 
enhanced  by  a  factor  of  ~30  and  near-surface  defect 
imaging  was  possible  using  secondary  electrons  in  the 
SEM.  Surface  conductance  was  enhanced  by  up  to  10 
orders  of  magnitude.  The  presence  of  a  low  energy 
emission  feature  in  the  UPS  spectrum  indicates  the 
creation  of  H-induced  states  near  the  conduction  band 
edge  associated  with  H  chemisorption  on  the  surface. 
Removal  of  the  H  by  high  temperature  annealing, 
exposure  to  atomic  O  or  immersion  in  oxidizing  acid 
removes  the  low  energy  UPS  emission  peak  and  reverses 
the  secondary  electron  emission  and  surface  conductance 
enhancement.  These  results  have  provided  insight  into 
the  mechanism  by  which  these  physical  properties  are 
altered  as  well  as  means  by  which  they  can  be  controlled. 
Future  work  to  further  investigate  these  mechanisms  will 
employ  secondary  electron  emission  spectroscopy  and 
further  UPS  analysis. 


Figure  3  -  Secondary  electron  SEM  images  (a  and  b)  and  a  plan- view  TEM  image  (c)  of  (100) 
natural  diamond  crystals,  (a)  H  plasma-exposed  type  Ilb  surface  shows  dislocations  clustered 
into  cell  walls  (arrow),  (b)  H  plasma-exposed  type  Ila  surface  shows  orthogonal  rows  of 
clustered  defects,  (c)  TEM  on  type  Ila  (001)  identifies  defects  as  dislocations  and  determines 
row  directions  to  be  <01 1>. 
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ABSTRACT 

The  surface  Fermi  level  position  of  undoped  epitaxial  diamond  layers  is  estimated  from 
contact  potential  difference  between  Au  reference  and  diamond  measured  by  Kelvin  probe 
method.  The  surface  Fermi  level  position  of  the  as-grown  layer  is  located  at  the  energy  of 
0.75  eV  above  the  valence  hand  edge.  Oj  plasma  treatment  leads  to  an  upward  shift  of  the 
surface  Fermi  level  position  to  an  energy  of  1.89  eV  from  the  valence  band  edge.  The  surface 
Fermi  level  is  located  at  an  energy  of  0.97  eV  above  the  valence  band  edge  after  H2  plasma 
treatment.  Reversible  change  in  the  surface  Fermi  level  position  is  found  between  O2  and  H2 
plasma  treatments.  A  change  in  the  band  bending  is  observed  at  the  surface  of  polycrystalline 
diamond  films  treated  with  various  ways  by  X-ray  photoelectron  spectroscopy  (XPS)  analy¬ 
sis.  A  variation  in  the  current-voltage  characteristics  of  epitaxial  and  polycrystalline  dia¬ 
monds  treated  with  O2  and  H2  plasmas  can  be  qualitatively  explained  in  terms  of  a  change  in 
the  band  bending  due  to  the  shift  of  the  surface  Fermi  level  position. 


1.  INTRODUCTION 

There  has  been  an  increasing  interest  in  realizing  electronic  devices  which  can  be  operat¬ 
ed  at  high  temperatures  since  success  in  synthesis  of  diamond  films  by  chemical  vapor  deposi¬ 
tion  (CVD)[1].  This  is  because  diamond  has  superior  properties  such  as  wide  band  gap  and 
high  thermal  conductivity  in  addition  to  semiconducting  property  due  to  boron  doping. 
Moreover,  an  achievement  of  epitaxial  diamond  films  on  diamond  substrates  has  suggested  a 
high  potentiality  of  fabricating  electronic  devices  such  as  field  effect  transistors  (FET's)[2].  It 
is  of  great  importance  to  improve  not  only  bulk  electrical  characteristics  but  also  surface 
properties  in  order  to  realize  high  device  performances.  The  surface  Fermi  level  position 
determines  the  electrical  characteristics  of  semiconducting  thin  layer.  Electrical  characteris¬ 
tics  of  metal-diamond  Schottky  junctions  and  metal-insulator-diamond  diodes  which  are 
necessary  for  FET's  are  also  influenced  by  surface  Fermi  level  pinning.  It  is  substantial  to 
evaluate  the  surface  Fermi  level  position  in  order  to  understand  those  electrical  properties. 
However,  there  arc  very  few  investigations  on  the  role  of  the  surface  Fermi  level  of  diamond. 

This  letter  describes  a  variation  in  the  surface  Fermi  level  position  of  epitaxial  and  poly- 
crystalline  diamond  films  treated  with  various  processes  including  annealing  and  plasma 
treatment.  It  is  also  demonstrated  that  the  surface  Fermi  level  position  can  be  connected  to  the 
change  in  the  current-voltage  (I-V)  characteristics  due  to  such  treatments. 


2.  EXPERIMENTAL 

Single  crystal  and  polycrystallinc  diamond  films  were  used  in  the  present  experiment. 
Undoped  epitaxial  diamond  films  were  grown  on  (100)  high-pressure  synthesized  diamond 
substrates  by  microwave  plasma-assisted  chemical  vapor  deposition  method  using  methane 
(CH4)  and  H2  mixture  gas.  The  diamond  films  were  8  ^m  thick.  The  epitaxial  films  were  used 
to  estimate  the  contact  potential  difference  by  Kelvin  probe  method  and  to  measure  1-V 
characteristics.  Polycrystallinc  diamond  films  were  prepared  on  (111)  p-Si  (4-6  Qcm)  or 
513X4  ceramic  substrates  by  hot-filament  chemical  vapor  deposition.  The  mixture  gas  of 
methanol  (CH3OH)  and  H2  was  utilized  as  a  source  material.  Boron  doping  was  carried  out  by 
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adding  a  proper  amount  of  boron  trioxide  (B2O3)  to  methanol,  by  which  volatile  (€1130)38  is 
formed.  Detailed  deposition  conditions  have  been  presented  elsewhere[3].  Diamond  films 
deposited  on  Si  substrates  were  used  for  XPS  analysis.  On  the  other  hand,  the  electrical 
characteristic  was  measured  on  boron-doped  diamond  films  deposited  on  insulating  813X4 
ceramic  substrates. 

As-grown  epitaxial  diamond  films  were  treated  with  Oj  or  H2  plasma  in  an  inductively 
coupled  remote-plasma  reactor  at  13.56  MHz.  The  plasma  chamber  was  evacuated  to  3  x  10'^ 
Torr  after  setting  the  sample.  The  gas  pressure  and  the  rf  power  were  regulated  at  0.2  Torr  and 
35  W.  The  treatment  temperature  was  368  K.  In  the  case  of  polycrystalline  diamond  films, 
on  the  other  hand,  the  as-deposited  films  were  annealed  at  873  K  for  60  min  in  the  flowing  N2 
gas  prior  to  the  plasma  treatment.  This  process  was  necessary  because  of  unstable  electrical 
properties  of  as-deposited  polycrystalline  films  as  have  been  observed  in  the  measurement  of 
the  temperature  dependence  of  the  electrical  conductance[4].  After  the  preannealing,  O2  or  H2 
remote  plasma  treatment  was  carried  out  at  0.5  Torr,  50  W  and  370  K.  The  treatment  time  was 
10  min. 

The  Kelvin  probe  method  was  used  to  measure  the  contact  potential  difference  (CPD) 
between  an  Au  probe  and  the  diamond  surface.  The  probe  was  vibrated  at  200  Hz.  The  CPD 
signal  was  measured  by  a  lock-in  detection  technique.  If  we  assume  the  work  function  of  Au, 
(pf^{Au),  and  the  electron  affinity  of  diamond,  x(dta)  t<>  6e  5.1  and  2.3  eV,  respectively[5,6], 
the  surface  Fermi  level  position,  Ef-E^.,  with  respect  to  the  valence  band  edge  can  be  estimat¬ 
ed  from  the  relationship 

ErE,=Ej(dia)+x(dia)-0M(Au)-CPD  (1) 

It  should  be  noted  here  that  CPD  includes  a  variation  in  the  work  function  due  to  adatom- 
induced  surface  dipole. 

XPS  analysis  was  performed  on  polycrystalline  diamond  films  deposited  on  Si  in  order  to 
study  chemical  bond  scheme  of  carbon  atoms  at  the  surface  and  surface  band  bending. 

Ti  ohmic  contacts  were  provided  on  the  epitaxial  diamond  films  by  electron  beam  evapo¬ 
ration.  The  current-voltage  characteristics  were  measured  for  the  coplanar  samples,  the  sur¬ 
face  of  which  was  treated  with  plasma. 


3.  RESULTS  AND  DISCUSSION 


Figure  1  shows  the  variation  in  the 
surface  Fermi  level  position  (Ef-Ev)  of 
an  epitaxial  film  with  various  treat¬ 
ments.  An  as-grown  sample  was  treat¬ 
ed  with  O2,  H2,  and  O2  plasmas  in 
sequence.  Kelvin  probe  measurement 
was  carried  out  every  each  plasma 
treatment.  The  measurement  error  was 
±().()5  cV.  The  surface  Fermi  level  is 
located  around  0.75  eV  above  the 
valence  band  edge  in  the  as-grown 
sample.  After  O2  plasma  treatment,  the 
surface  Fermi  level  moves  upward  to 
1.89  eV  above  the  valence  band  edge. 
When  the  sample  is  subsequently  treat¬ 
ed  with  H2  plasma  after  the  O2  plasma 
treatment,  the  surface  Fermi  level  shifts 
back  to  the  valence  band  and  is  located 
at  E^.  +  0.97  eV.  The  second  round  of 
the  O2  plasma  treatment  allows  to 
locate  the  surface  Fermi  level  at  1.54 


Fig.l.  Surface  Fermi  level  position  of  epitaxial 
(liamoml  layers  treated  in  sequence  with 
plasma. 
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eV  above  the  valence  band  edge.  Thus  it  seems  that  the  change  in  the  surface  Fermi  level 
position  is  reversible  between  O2  and  H2  plasma  treatments.  The  incomplete  recovery  of  the 
surface  Fermi  level  position  seen  in  Fig.l  is  possibly  due  to  shortage  of  the  treatment  time. 

Surface  analysis  of  polycrystalline  films  was  performed  by  XPS  measurement  since 
Kelvin  probe  measurement  was  useless  due  to  differently  oriented  facets.  The  Cjj  core  level 
spectra  measured  every  0.1  min  during  Ar  ion  etching  for  the  undoped  diamond  films  treated 
with  O2  or  H2  plasma  after  annealing  are  shown  in  Fig.2.  The  binding  energies  of  the  main 
peak  are  286.9  and  285.8  eV  at  the  surfaces  treated  with  O2  and  H2  plasma  after  annealing, 
respectively.  On  the  other  hand,  the  peak  energy  is  shifted  to  284.4  eV  when  both  samples 
treated  with  O2  and  H2  plasmas  suffer  Ar  ion  etching  for  0.4  min.  As  Mg  K„  (1253.6  eV)  line 
was  used  as  an  excitation  X-ray,  Cjs  photoelectrons  excited  in  the  region  about  2  nm  deep 
from  the  surface  can  be  detected  for  the  escape  angle  of  90°.  This  shift  of  the  binding  energy 
means  that  the  surface  Fermi  level  position  of  the  sample  treated  with  O2  or  H2  plasma  is 
different  from  that  of  the  Ar  ion  etched  sample,  resulting  in  the  different  band  bending.  The 
band  bending  of  the  samples  treated  with  various  ways  can  be  estimated  in  comparison  with 
that  of  the  Ar  ion  etched  sample  as  a  reference. 


(b)  H2  plasma 


BINDING  ENERGY  (eV) 


Fig.2.  XPS  spectra  from  Cjj  core  level  of  (a)  Oj-  and  (b)  H2-plasnia-treated  samples.  XPS 
measurement  was  carried  out  after  Ar  ion  etching  of  0,  0.1, 0.2,  0.3  and  0.4  min. 


47 


Figure  3  indicates  the  change  in  the  band  bending  caused  by  various  treatments  with 
reference  to  that  of  Ar  ion  etched  sample.  The  surface  Fermi  level  position  is  not  estimated 
yet  for  Ar  ion  etched  diamond  films.  The  surface  Fermi  level  of  the  preannealed  sample 
moves  away  from  the  valence  band  edge  in  comparison  with  the  case  of  as-deposited  one. 
When  additionally  treated  with  Fl2  plasma  after  preannealing,  the  surface  Fermi  level  sits 
between  those  of  the  as-deposited  and  preannealed  samples.  There  is  no  difference  of  the 
surface  Fermi  level  position  between  the  preannealed  and  02-plasma-treatcd  samples.  It  is 
noted  that  the  behavior  of  the  surface  Fermi  level  with  O2  and  Hj  plasma  treatments  is  qualita¬ 
tively  the  same  between  polycrystallinc  and  epitaxial  films.  The  surface  Fermi  level  of  boron- 
doped  diamond  films  varied  similar  to  those  shown  in  Figs.2  and  3. 

Figure  4  indicates  the  I-V  characteristics  of  the  epitaxial  diamond  films  treated  with  O2 
and  H2  plasmas  in  comparison  with  that  of  the  as-grown  one.  The  conduction  is  ohmic  in  the 
voltage  range  from  IQ-^  to  10  V.  A  remarkable  variation  in  the  I-V  characteristics  after  these 
treatments  is  possibly  due  to  chemisorption  of  hydrogen  or  oxygen  atoms  rather  than  diffusion 
of  these  atoms  into  the  layer,  because  the  plasma  process  is  carried  out  at  a  temperature  as  low 
as  368  K  and  a  short  treatment  time  of  10  min.  In  other  words,  no  variation  in  the  resistance 
occurs  due  to  hydrogen  passivation  of  traps  in  the  film[7].  The  values  of  the  resistance  are 
estimated  to  be  2.9  x  3.3  x  10'*  and  1.7  x  10^  £2,  respectively,  for  the  samples  as-grown, 
treated  with  O2  plasma  and  treated  with  H2  plasma  subsequently  after  O2  plasma  treatment. 

The  variation  in  the  I-V  characteristics  with  plasma  treatments  indicated  in  Fig.4  can  be 
discussed  in  relation  to  the  results  of  surface  analysis.  The  electrical  resistance  is  increased  by 
O2  plasma  treatment  in  comparison  with  that  of  the  as-grown  sample.  O2  plasma  has  been 
used  as  an  efficient  reactive  ion  etching  process  for  diamond  films|8].  A  simple  inspection 
showed  that  no  significant  variation  in  the  thickness  of  the  diamond  film  was  found  after  O2 
plasma  treatment  for  10  min.  The  resistance  increase  cau.sed  by  O2  plasma  treatment  in  Fig.4 
is  not  associated  with  a  decrease  in  the  geometry  of  the  sample.  Another  candidate  for  ex¬ 
plaining  the  results  of  Fig.4  is  a  contribution  of  graphite  phase.  Graphite  phase  at  the  surface 
can  be  electrically  conductive.  However,  the  XPS  analysis  demonstrated  that  there  existed  no 
graphite  phase  at  the  surface  of  the  as-deposited  and  O2  plasma  treated  polycrystalline 
diamond  films. 


Fig.,1.  Dil  f'crenci;  of  band  bending  from  tlial  of  Fig.4.  Room  Icmperalure  I-V  cliaraclerislics  of 

Ar  ion  etched  sample.  epilaxial  diamond  layers  as-grown,  treated 

willi  O2  plasma  and  treated  witli  Hj  plasma 
after  O2  plasma  Ireatement. 
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Most  plausible  effect  which  gives  a  direct  influence  on  the  surface  electrical  conduction 
is  surface  band  bending  due  to  the  plasma  treatment  as  obtained  by  Kelvin  probe  measure¬ 
ment.  The  surface  Fermi  level  position  is  located  at  0.75,  1.89  and  0.97  eV  above  the  valence 
band  edge  for  the  samples  as-grown,  treated  with  O2  plasma  and  treated  with  H2  plasma  after 
O2  plasma  treatment,  respectively.  The  change  in  the  I-V  characteristics  can  be  explained 
qualitatively  by  the  surface  Fermi  level  position  even  though  other  properties  of  the  diamond 
epitaxial  layer  are  not  known.  In  the  case  that  the  bulk  Fermi  level  position  is  not  changed  by 
plasma  treatment,  the  hole  concentration  in  the  surface  region  where  the  surface  band  bending 
occurs  as  shown  in  Fig.5  reduces  with  increasing  value  of  Ej-E,,,  resulting  in  an  increase  of 
the  surface  resistance.  The  value  of  Ef-Ej,  for  the  02-plasma-treated  sample  increases  in 
comparison  with  that  of  as-grown  one.  This  means  an  increase  of  the  resistance  in  the  surface 
region  of  the  02-plasma-treated  sample.  In  the  case  when  H2  plasma  treatment  is  carried  out 
after  O2  plasma  treatment,  on  the  other  hand,  the  surface  Fermi  level  position  comes  between 
two  values  of  the  as-grown  and  the  02-plasma-treated  samples  in  the  present  experiment. 
The  I-V  characteristic  of  the  H2-plasma-treated  sample  can  be  explained  consistently  due  to 
the  surface  resistance,  the  value  of  which  is  between  those  of  the  as-grown  and  the  02- 
plasma-treated  samples.  A  variation  in  the  resistance  between  O2-  and  H2-plasma-treated 
polycrystalline  films  can  be  also  explained  by  the  band  bending. 
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Ec 

Cl  S 


(a)  O2  plasma 


Ev 

,Ef 

•Ec 

Cl  s 


(b)  H2  plasma 


Fig.5.  Band  diagrams  of  (a)  Oj-plasma-lreated  and  (b)  Hj-plasma-lreated  samples. 


4.  SUMMARY 

It  is  observed  for  the  epitaxial  and  polycrystalline  diamond  films  that  the  surface  Fermi 
level  position  shifts  far  away  from  the  valence  band  edge  due  to  O2  plasma  treatment  in 
comparison  with  that  due  to  H2  plasma  treatment.  I-V  characteristics  have  been  measured  for 
the  epitaxial  diamond  films  treated  with  O2  and  H2  plasmas.  A  variation  in  the  resistance  can 
be  explained  by  a  change  of  the  band  bending. 
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SURFACE  PREPARATION  OF  SINGLE  CRYSTAL  C(OOl)  SUBSTRATES  FOR 
HOMOEPIT AXIAL  DIAMOND  GROWTH 
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ABSRACT 

A  novel  substrate  preparation  procedure  which  can  be  employed  to  remove  the  original  surface 
from  as-received  C(OOl)  natural  diamond  substrates  has  been  developed.  A  description  of  the 
various  substrate  processing  steps  which  includes,  low-energy  ion  implantation  of  C  and  O,  high- 
temperature  annealing,  electrochemical  etching  and  surface  plasmas  treatments  is  presented.  Also 
demonstrated  is  the  growth  of  topographically  excellent  homoepitaxial  films  by  rf-plasma- 
enhanced  chemical  vapor  deposition  using  water/ethanol  mixtures  on  C(OOl)  substrates. 


INTRODUCTION 

Semiconducting  homoepitaxial  diamond  films  are  being  considered  for  the  construction  of 
electronic  devices  which  can  operate  at  high-temperature  and  in  high  radiation  environments.  At 
present,  the  growth  of  single  crystal  diamond  films  with  smooth  topographies  and  low  defect 
densities  depends  largely  upon  the  commercial  availability  of  suitable  single  crystal  substrates 
For-instance,  some  previous  attempts  to  grow  homoepitaxial  diamond  layers  on  various 
chemically  prepared  C(OOl)  substrates  have  resulted  in  surface  morphologies  which  are  not  ideal 
[e.g.,1,2].  It  is  thought  to  be  desirable  to  upgrade  the  surface  quality  of  the  diamond  substrates 
prior  to  homoepitaxial  growth.  In  an  attempt  to  address  this  issue,  we  have  developed  a  novel 
substrate  preparation  procedure  in  which  we  can  effectively  remove  the  surface  and  near-surface 
diamond  layer  associated  with  the  original  as-received  surface.  We  have  simultaneously 
undertaken  to  establish  rigorous  diamond  growth  protocols  so  as  to  best  test  our  diamond 
substrate  preparation  methods.  In  this  paper  we  present  a  detailed  account  of  the  various 
processing  steps  and  techniques  that  have  been  used  to  modify  the  diamond  surface.  An 
assessment  of  the  substrate  surface  quality  includes  an  investigation  of  the  grown  homoepitaxial 
diamond  films  using  water/alcohol  mixtures  on  appropriately  prepared  substrates.  For 
comparison,  corresponding  epitaxial  films  have  also  been  grown  on  as-received  C(OOl)  substrates. 


EXPERIMENTAL  PROCEDURE 

Specific  low-energy  implants  of  C  and  O  ions  at  room  temperature  have  been  used  to 
amorphize  the  near-surface  region  of  several  low-defect  density  C(OOl)  high  resistivity  type  la 
(2mm  X  2mm)  natural  diamond  substrates.  Type  la  crystals  were  chosen  primarily  because  they 
have  been  shown  to  have  lower  dislocation  densities  than  type  II  diamonds  [3,4,5].  A  summary  of 
the  corresponding  ion-implantation  conditions  are  presented  in  Table  I.  Both  single  and  double 
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implants  of  C  and  O  ions  with  energies  of  70  keV  and  180  keV  and  a  fluence  of  5E16  ions-cm'^ 
have  been  employed  in  this  study.  Two  distinct  implant  energies  were  selected  such  that  the 
position  of  the  implant  damage  peak  could  be  varied,  thereby  controlling  the  thickness  of  diamond 
removed. 


Table  I.  Ion  implantation  conditions  and  corresponding  diamond  thicknesses  removed  upon 
annealing  and  EC  etching. 


SAMPLE 

NUMBER 

ION 

SPECIES 

IMPLANT 

ENERGY 

(keV) 

ION 

DOSE 

(ions/cm2) 

DIAMOND  LAYER 
THICKNESS  REMOVED 
UPON  ANNEALING 
AND  EC  ETCHING 
(nm) 

K1 

C 

70 

5E16 

130 

K2 

C 

180 

5E16 

190 

K3 

C 

70  4- 180 

5E16  +  5E16 

250 

K4 

0 

70 

5E16 

115 

K5 

0 

180 

5E16 

119 

K6 

0 

70+180 

5E16  +  5E16 

220 

Following  implantation,  the  crystals  were  subsequently  annealed  for  1  hour  at  1000  °C  in 
flowing  N2  to  graphitize  the  implanted  layer.  Both  Raman  spectroscopy  and  current-voltage  (I- 
V)  techniques  were  employed  to  characterize  the  diamond  surface  following  the  high-temperature 
annealing  step.  In  particular,  an  inspection  of  the  corresponding  Raman  spectrum  showed  the 
presence  of  two  prominent  spectral  features  at  1332  cm'*  and  1580  cm'*  indicative  of  graphite 
formation.  In  addition,  a  significant  reduction  in  the  surface  resistivity  of  the  diamond  surface  was 
also  measured  upon  I-V  probing  of  the  newly  formed  non-diamond  layer.  For-instance,  typical 
surface  resistivity  values  of  10'*  -  10^  Q  m'*  were  routinely  measured  for  the  graphitized  layer 
compared  to  10*^  -  10^**  m'*  for  the  untreated  surfaces  [6,7].  In  order  to  remove  the 

graphitized  layer  a  contactless  electrochemical  (EC)  etching  technique  was  utilized  [8].  EC 
etching  was  performed  by  placing  the  diamond  crystal  in  deionized  water  between  two  Pt 
electrodes  at  a  potential  of  typically  200V  -  400  V.  After  etching  for  a  period  of  typically  24-36 
hrs,  the  crystals  became  optically  transparent  from  visual  inspection.  Further  I-V  measurements 
and  Raman  analysis  confirmed  the  removal  of  the  graphite  layer  with  an  appropriate  increase  in 
the  surface  resistivity,  typically  10  *2  -10  *'*  Q  m'*,  and  the  observation  of  the  1332  cm'*  phonon 
peak  of  diamond  in  the  Raman  spectrum.  Prior  to  homoepitaxial  growth,  the  EC  etched  surfaces 
were  exposed  to  consecutive  Ar/20%  Oj  and  H2  plasmas  treatments  of  50  W  power  at  a  pressure 
of  7  X  10'^  Torr  and  a  substrate  temperature  of  380”C. 

Each  processing  step  was  monitored  using  scanning  electron  microscopy  (SEM),  atomic  force 
microscopy  (AFM)  and  low-energy  electron  diffraction  (LEED)  techniques.  Homoepitaxial  films 
were  subsequently  grown  on  the  prepared  substrates  by  rf-plasma  enhanced  chemical  vapor 
deposition  (CVD)  using  water/ethanol  mixtures  similar  to  that  described  previously  [9].  The 
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growth  rate  is  typically  0.5  |lm-hr‘'  at  a  pressure  of  1  Torr  and  a  substrate  temperature  of 
~600°C.  Corresponding  flow  rates  for  water  and  ethanol  are  12  seem  and  18  seem,  respectively. 


RESULTS  AND  DISCUSSION 

Illustrated  in  Fig.  1(a)  is  the  surface  morphology  of  the  O  ion,  70  keV  energy  implanted 
substrate  (sample  No.  K4)  following  annealing  and  subsequent  EC  etching.  For  comparison,  the 
micrograph  also  shows  a  non-implanted  ('clip')  region  of  this  substrate  which  was  masked  during 
ion  implantation.  Since  this  region  was  unaffected  by  EC  etching,  a  distinct  step  exists  whose 
height  indicates  the  depth  of  diamond  removed  upon  processing.  From  stylus  profilometer 
measurements,  a  step  height  of  ~1 15  nm  was  recorded  The  respective  diamond  layer  thicknesses 
that  have  been  successfully  removed  from  each  of  the  ion-implanted  samples  are  compiled  in 
Table  I.  Clearly,  the  EC  etched  surface  still  exhibits  a  degree  of  surface  roughness.  Further 
examination  of  the  EC  etched  surface  by  AFM  showed  the  presence  of  etch  pits  and  striations  of 
the  order  of  ~50  nm  rms  which  appeared  to  mimic  the  surface  topography  of  the  as-received 
crystal.  Indeed,  similar  surface  topographies  have  also  been  observed  for  each  of  the  implanted 
crystals. 


Fig.  1  (a)  Typical  substrate  surface  morphology  following  ion  implantation,  annealing  and  EC 
etching  (sample  No.  Kl),  (b)  (1x1)  LEED  pattern  following  consecutive  Ar/20%02  and  Hj 
plasma  treatments  for  75  mins  and  5  mins,  respectively. 

Most  apparent  was  the  absence  of  a  LEED  pattern  following  EC  etching.  It  is  suggested  that 
ion-straddling  damage  from  the  tail  of  the  implanted  region  which  cannot  be  removed  upon  EC 
etching  is  responsible  for  the  surface  disorder.  However,  by  exposing  the  EC  etched  surfaces  to 
an  Ar/20%02  plasma  for  typically  75  -  90  mins  duration  and  a  consecutive  5  mins  H2  plasma 
exposure,  the  surface  crystallinity  can  be  restored  as  evidenced  by  the  presence  of  a  sharp  (1x1) 
LEED  pattern  shown  in  Fig  1  (b).  Clearly,  the  diamond  surface  is  aggressively  etched  by  the 
Ar/20%02  plasma  which  subsequently  removes  the  remaining  non-diamond  layer.  The  short  H2 
plasma  exposure  is  primarily  employed  to  make  the  surface  of  the  diamond  more  conductive, 
thereby  preventing  charging  during  LEED  analysis  [7]. 
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Homoepitaxial  diamond  films  of  different 
thicknesses  were  deposited  on  each  of  the 
processed  samples.  A  representative  example 
of  the  epilayer  surface  morphology  that  has 
been  routinely  observed  for  each  crystal  is 
shown  in  Fig.  2.  Clearly  evident  is  a  degree  of 
surface  roughness  which  is  associated  with  the 
presence  of  flat-top,  crystallographically- 

oriented  hillocks  that  are  ~5|xm  in  lateral  size. 
These  features  are  quite  distinct  from  the 
pyramid-like  hillocks  observed  in  some 
previous  studies  [1,2].  In  comparison,  these 
morphological  features  are  apparently  absent 
from  the  untreated  or  non-implanted  surfaces 
where  the  epitaxial  layer  appears  to  be 
smoother.  However,  as  illustrated  in  Fig  2(c), 
by  continuing  the  growth  sequence  for  an 
additional  48  hrs  (total  epilayer  thickness 

~26um),  the  flat  hillock  growth  features 

appear  to  coalesce  resulting  in  a  smooth 
surface  morphology.  The  observed 
morphological  growth  features  may  be 
attributed  to  the  nucleation  on  residual 

impurities  that  results  from  implantation.  It  is 
not  currently  known  how  these  flat  hillocks 
relate  to  the  microstructure  of  the  diamond 
epilayer,  and  it  is  possible  that  they  are  benign. 


Fig.  2  SEM  micrograph  of  a  homoepitaxial 
diamond  layer  grown  on  sample  No.  K6:  (a) 
Epilayer  of  ~2|j.m  thickness  showing 
corresponding  morphologies  on  both  the 
processed  and  untreated  surfaces,  (b) 
processed  surface  only,  and  (c)  following 
~26p.m  of  growth. 
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For  comparison,  epitaxial  diamond  films  have  be  grown  on  as-received  untreated  C(OOl) 
substrates.  Shown  in  Fig.  3  is  the  smooth  surface  morphology  obtained  after  ~0.5pm  of  growth 
as  well  as  after  ~10pm  growth.  We  have  observed  smooth  diamond  homoepitaxial  topographies 
after  50+|xm  of  growth. 


Fig.  3  SEM  topographical  image  of  a  diamond  homoepitaxial  fdm  grown  on  an  as-received 
C(OOl)  substrates  with  epilayer  thicknesses  of  (a)  -0.5  |im  and  (b)  -10  jim,  respectively 


CONCLUSIONS 


We  have  demonstrated  that  our  low-temperature,  water/ethanol  diamond  homoepitaxial 
growth  process  requires  minimal  substrate  preparation  to  achieve  excellent  surface  topographies. 
Additionally,  we  have  shown  how  to  damage,  remove,  and  recover  a  single  crystal  diamond 
surface  which  will  be  suitable  for  homoepitaxy.  This  could  be  an  important  process  for  diamond 
single  crystal  recycling  or  for  manufacture  of  well-controlled  step  heights.  The  presence  of  flat 
hillocks  on  such  a  grown  surface  is,  however,  still  tm  issue  that  requires  resolution.  Nevertheless, 
the  planarizing  effect  of  extended  diamond  homoepitaxial  growth  does  eliminate  these  hillocks. 
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ABSTRACT 

The  reconstruction  of  the  C(IOO)  surface  and  its  reaction  with  CH-  are  studied  by  a  cluster 
model  at  several  theoretical  levels  [1-13].  For  the  reconstruction  oi  the  C(IOO)  surface,  the 
calculated  surface  dimer  bond  length  is  found  to  be  very  sensitive  to  the  level  of  theoretical 
treatment  and  the  spin  state.  A  single-determinant  SCF  treatment  gives  a  closed-shell  singlet 
state,  higher  in  energy  than  the  triplet  state,  and  with  a  dimer  length  of  1.401  A,  0.279  A  shorter 
than  the  triplet.  The  correct  ground  state  is  a  singlet,  but  a  multi-determinant  wavefunction  is 
required  for  its  description.  At  the  Cl  level,  the  surface  dimer  bond  length  in  the  ground  state  is 
found  to  be  1.508  A  and  the  energy  decrease  on  dimer  formation  with  respect  to  the  ideal  C(IOO)- 
1x1  surface  is  2.28  eV  per  dimer.  For  the  reaction  of  CH2  with  C(IOO),  no  barrier  is  found  for 
the  chemisorption  of  CH„  on  the  surface  and  the  reaction  is  highly  exothermic.  The  surface  is 
converted  from  C(100)-2xT  to  C(100)-lxl  upon  CH2  chemisorption. 

1.  INTRODUCTION 

The  openness  of  the  ideal  C(IOO)  surface  and  the  nature  of  its  surface  sites  would  make  this 
a  preferred  surface  for  diamond  film  growth.  However,  the  ideal  1x1  surface  readily  undergoes 
reconstruction  to  form  a  dimerized  C(100)-2xl  structure.  This  dimerized  surface  can  readily  add 
one  hydrogen  per  carbon,  but  unlike  Si(lOO),  the  distance  between  adjacent  carbon  atoms  on  the 
surface  is  too  short  to  accommodate  two  additional  hydrogens.  The  dimerized  surface 
apparently  does  not  readily  add  carbon  from  hydrogen  rich  CVD  processes,  for  example,  from 
typical  sources  containing  95%  hydrogen  and  5%  methane.  Dosing  the  C(100)-2xl  surface  with 
oxygen  has  been  investigated  as  a  means  of  preventing  surface  dimerization  in  order  to  achieve 
low  temperature  epitaxial  growth  of  diamond. 

It  is  important  to  determine  whether  there  are  fundamental  energy  barriers  to  the  reaction 
of  CH  species  with  C(100)-2xl  or  whether  difficulties  in  the  growth  of  films  of  high  quality  are 
due  to  other  factors.  In  this  paper,  we  consider  the  reaction  of  CH2  with  the  C(100)-2xl  surface 
and  calculate  from  first-principles  quantum  mechanics  the  energetics  of  the  adsorption  process 
and  determine  whether  energy  barriers  exist. 

Although  LEED  experiments  have  shown  dimer  formation  on  the  clean  C(IOO)  surface, 
questions  regarding  the  details  of  the  dimerization  remain  to  be  answered  [14-17],  e.g.,  the  C-C 
dimer  bond  length  and  whether  the  dimer  is  symmetric  or  asymmetric.  Several  theoretical 
calculations  on  the  C(IOO)  surface  reconstruction  have  been  carried  out  [18-30].  The  results  vary 
considerably,  with  calculated  dimer  bond  lengths  ranging  from  1.38  A  to  1.67  A  and  calculated 
dimer  bond  energies  from  0.82  eV  to  7.86  eV.  It  would  be  desirable  to  carry  out  ab  initio 
calculations,  treating  the  electron  correlation  properly,  on  the  surface  reconstruction  of  the 
C(IOO)  surface.  The  present  study  describes  the  C(IOO)  surface  by  a  cluster  model  and  treats  the 
system  using  self-consistent-field  (SCF)  and  configuration  interaction  (Cl)  methods. 

The  paper  is  organized  as  follows.  Section  2  gives  a  brief  review  of  the  general  theory. 
Section  3  and  4  report  the  results  of  C(IOO)  surface  reconstruction  and  its  reaction  with  CH2, 
respectively,  and  Section  5  summarizes  the  conclusions. 
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2.  THEORY  AND  COMPUTATIONAL  METHOD 


In  this  work,  calculations  are  carried  out  for  the  full  electrostatic  Hamiltonian  of  the  system, 
with  wavefunctions  constructed  by  SCF  and  Cl  expansions.  There  are  no  empirical  parameters 
in  all  calculations. 

For  N  electrons,  Q  nuclei 
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SCF  and  Cl  calculations  are  performed.  Cl  wavefunctions  are  generated  from  an  initial  SCF 
configuration,  or  from  multiple  parent  configurations  in  the  case  of  stretched  or  broken  bonds,  by 
one-  and  two-particle  excitations  from  the  main  components  of  the  wavefunction  to  give 
expansions  of  the  form 


„  ,  k  k  k , 
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In  the  latter  treatment,  the  objective  is  to  treat  the  surface  region  with  sufficient  accuracy  to 
describe  bond  formation,  while  at  the  same  time  coupling  the  surface  region  to  the  bulk  lattice. 
In  the  Cl  calculations,  the  occupied  and  virtual  orbitals  of  the  SCF  solution  are  transformed 
separately  to  obtain  orbitals  with  varying  degrees  of  localization  about  the  surface  carbon  atoms 
undergoing  dimerization.  This  unitary  transformation  of  orbitals  which  is  based  upon  exchange 
maximization  with  the  valence  orbitals  of  atoms  in  the  dimer  region  of  the  cluster  enhances 
convergence  of  the  configuration  interaction  (Cl)  expansion.  In  the  Cl  expansion,  aU 
configurations  arising  from  single  and  double  excitations  with  an  interaction  energy  greater  than 
2  X  10  °  Hartree  with  the  parent  configuration  are  explicitly  retained;  contributions  of  excluded 
configurations  are  estimated  using  second-order  perturbation  theory.  Details  of  the  theory  have 
been  reported  elsewhere  [31-33]. 


3.  RECONSTRUCTION  OF  THE  C(IOO)  SURFACE 


The  cluster  Cj^2^20’  model  the  C(  100)  surface  and  is  studied  by  the 

SCF  and  multi-parent  configuration  interaction  method  using  orbital  localization.  In  the 
calculations,  all  atoms  beneath  the  first  layer  are  fixed  which  leaves  only  one  variable,  the  Cj-C^ 
rotation  angle  a.  Unless  mentioned  explicitly,  the  Cj-C^  bond  length  is  fixed  at  the  constant  value 
of  1.544  A,  the  nearest  neighbor  C-C  bulk  distance. 

The  cluster  is  first  treated  at  the  SCF  level.  The  energy  change  on  reconstruction,  as  a 


Fig.  la,b  Top  and  side  views  the  cluster.  All  the  peripheral  dangling  bonds  of  the 

boundary  atoms  are  saturated  by  H  atoms  (not  shown  in  the  figures). 
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Fig.  2  The  SCF  energies  as  a  function  of  a  and  spin  states.  SCFO,  SCFl  and  SCF2  represent  the 
SCF  energies  for  the  spin  states  S  =  0,  1  and  2,  respectively. 


C-C  Tilting  Angle  (Deg.) 

Fig.  3  The  Cl  energies  as  a  function  of  a  and  spin  states.  CIO,  CIl  and  CI2  represent  the  Cl 
energies  for  the  spin  states  S  =  0,  1  and  2,  respectively. 

function  of  the  angle  of  rotation  about  the  second  layer  atoms,  a,  is  shown  in  Fig.  2  for  three  spin 
states,  S  =  0,  S  =  1  and  S  =  2,  of  the  pair  of  carbon  atoms  C,  -  C„.  For  the  ideal,  unreconstructed 
C(100)-lxl  surface  where  a  =  0,  the  lowest  energy  is  that  of  the^igh  spin  state  S  =  2.  The  singlet 
and  triplet  states  are  0.78  eV  and  0.81  eV  higher  in  energy  than  the  high  spin  state  S  =  2  at  the 
SCF  level.  In  the  calculation  of  a  dimer  bond  energy,  the  lowest  energy  at  a  =  0  is  taken  as  the 
reference.  Because  of  the  number  of  broken  bonds  and  the  interaction  of  the  dangling  bond 
orbitals  at  a  =  0,  the  SCF  treatments  are  not  expected  to  produce  accurate  energies,  but  these 
values  are  interesting  to  compare  with  the  Cl  results. 

When  a  increases,  the  energy  of  the  singlet  state  S  =  0,  as  shown  in  Fig.  2,  increases  at  first 
and  then  decreases  to  a  minimum  at  a  =  39.0°.  The  corresponding  dimer  bond  length  is  1.401  A. 
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Fig.  4  The  Cl  energy  as  a  function  of  C-surface  distance  for  the  chemisorption  of  CH^  on  the 
reconstructed  C(100)-2xl  surface. 


Fig.  5  The  Cl  energies  as  a  function  of  a  and  C-surface  distance. 


The  increase  in  energy  at  the  beginning  of  the  rotation  is  an  artifact  of  the  SCF  calculation  which 
will  disappear  in  the  Cl  treatment.  For  the  triplet  state  S=  1,  the  energy  decreases  monotonicaUy 
and  reaches  a  minimum  at  a =28.2°.  The  corresponding  dimer  bond  length  of  1.680  A  is  also 
close  to  the  value  of  1.698  A  found  in  the  previous  section.  For  the  high  spin  state  S  =  2,  the 
energy  increases  sharply  with  the  C ^-C^  rotation,  suggesting  that  no  dimers  can  be  formed  for  this 
high  spin  state. 

Next,  the  cluster  is  treated  at  the  Cl  level  with  emphasis  on  the  dimer  region.  The 

energy  change  on  reconstruction,  as  a  function  a,  is  depicted  in  Fig.  3.  Compared  to  the  SCF 
result  shown  in  Fig.  2,  the  configuration  interaction  treatment  gives  similar  results  for  S  =  1  and 
S=2  states,  but  a  dramatically  different  result  for  the  S=0  state. 
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For  the  ideal,  unreconstructed  C(100)-lxl  surface  where  a  =  0,  the  lowest  energy  is  that  of 
the  singlet  state.  The  triplet  and  the  higher  spin  state  S  =  2  are  0.51  eV  and  0.95  eV  higher  in 
energy  than  the  singlet  state  at  the  Cl  level.  Vi^en  a  increases,  the  Cl  energy  of  the  singlet  state 
S  =  0  decreases  monotonically  and  reaches  a  minimum  of  -2.23  eV  at  a  =  34.3°.  The  lowest  state 
is  for  S  =  0  corresponding  to  a  strong  interaction  between  the  interior  dangling  bonds  and  a  weak 
coupling  of  the  exterior  dangling  orbitals.  If  the  latter  two  orbitals  are  triplet  coupled,  the  energy 
increases  by  0.31  eV  and  the  minimum  is  shifted  to  a =27.5°.  Similar  to  the  S  =  2  curve  in  Fig.  2, 
as  a  increases,  the  energy  of  the  high  spin  state  S=2  increases  sharply  due  to  the  Pauli  repulsion 
of  electrons  in  the  inward  directed  hybrid  orbitals,  suggesting  that  no  dimers  can  be  formed  for 
this  high  spin  state,  whereas  the  energies  of  the  S  =  1  and  S  =  0  spin  states  decrease. 

The  results  above  are  calculated  with  the  fixed  Cj-C^  distance.  We  now  relax  this  parameter 
and  calculate  the  change  in  the  cluster  structure  and  energy.  The  C. -C^  distance  is  optimized  to 
be  1.564  A  and  the  dimer  bond  length  C^-C^  1.508  A.  Compared  to  the  result  for  the  fixed  C^-C^ 
distance,  the  relaxed  C^-C^  distance  increases  by  0.02  A  and  the  dimer  bond  length  decreases  by 
less  than  0.01  A.  The  totaf  energy  is  lower  by  0.05  eV,  shifting  the  dimer  bond  energy  to  2.28  eV. 
Most  of  the  calculated  dimer  bond  energies  reported  in  the  literature  [18,20,23,28-30]  are  around 
4  eV,  which  is  considerably  larger  than  our  value  of  2.28  eV.  Probably,  one  of  the  main  reasons 
for  the  discrepancies  with  larger  calculated  dimer  bond  energies,  lies  in  the  extraordinary  stability 
of  the  singlet-coupled  dangling  orbitals  in  the  unreconstructed  geometry  which  is  the  reference 
state  for  the  dimer  bond  energy  calculation.  Singlet-coupling  of  these  orbitals  lowers  the  energy 
by  0.95  eV  from  the  high  spin,  S=2,  state  of  the  unreconstructed  C(100)-lxl  geometry.  The 
present  Cl  calculations  show  that  a  minimum  of  four  determinants  with  optimized  orbitals  are 
required  to  describe  this  state. 

4.  REACTION  OF  CH^  WITH  C(IOO) 

For  the  chemisorption  of  CH2  on  C(IOO),  we  first  calculate  the  total  energy  of  the  system  as 
a  function  of  C-surface  distance  on  the  reconstructed  C(100)-2xl  surface  and  then  relax  the 
surface  atoms  to  their  equilibrium  geometry.  As  a  CH„  approaches  the  reconstructed  surface, 
the  Cl  energy,  shown  in  Fig.  4,  decreases  monotonically  oy  4.7  eV  and  then  increases  at  the  C- 
surface  distance  of  1.4  A,  suggesting  that  there  is  no  barrier  to  the  chemisorption  of  CH.  on  the 
C(100)-2xl  surface. 

Fig.  5  shows  the  Cl  energy  of  CH^/C  j2H2g  as  a  function  of  C-surface  distance  and  a,  the  C  J-C2 
rotation  angle.  The  energy  decreases  considerably  when  a  is  changed  from  35°  to  20°  and  to 
10°,  su^esting  that  the  surface  is  de-reconstructed  with  the  chemisorption  of  CH2.  The  lowest 
energy  is  6.2  eV  with  respect  to  the  reference  energy  of  CH2+  ^j2^20  ~  ^-2°,  corresponding 

to  a  dimer  bond  length  of  2.23  A.  The  energy  increases  slightly  when  a  is  decreases  from  10°  to 
0°,  the  ideal  C(100)-lxl  surface.  It  is  the  singlet  coupling  of  the  dangling  bond  orbitals  that 
prevents  a  complete  return  to  the  1x1  geometry  for  this  single  CH2  dimer  system. 

5.  CONCLUSION 

The  conclusions  of  our  C(IOO)  surface  reconstruction  studies  can  be  summarized  as  follows: 
the  calculated  dimer  bond  length  is  sensitive  to  spin  state  and  to  the  level  of  theoretical 
treatment.  The  correct  ground  state  is  a  singlet,  but  a  multi-determinant  wavefunction  is 
required  for  its  description.  The  calculated  dimer  length  in  the  ground  state  is  1.508  A  and  the 
energy  decrease  on  dimer  formation  with  respect  to  the  ideal  C(IOO)  surface  is  2.28  eV  per 
dimer.  The  important  conclusion  of  this  work  is  that  there  is  no  activation  barrier  for  the 
addition  of  CH2  to  the  C(100)-2xl  surface,  neither  in  the  approach  of  the  fragment  toward  the 
surface  nor  in  breaking  the  C-C  surface  dimer.  However,  full  coverage  of  the  surface  by  addition 
of  CH2  to  parallel  surface  dimers  is  not  possible  without  strong  steric  repulsion  of  hydrogen  and 
thus  hydrogens  must  be  stripped  from  the  surface  for  epitaxial  growth  to  continue.  This  difficulty 
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would  be  avoided  in  the  carbon  rich  limit  of  CH  and  C  deposition  and  activation  barrier 
calculations  for  these  species  are  planned. 
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ABSTRACT 


Studies  of  diamond  heteroepitaxy  on  silicon  indicate  that  C-C  surface  species  act  as  nucleation 
precursors.  We  have  investigated  the  conversion  of  the  Si(lOO)  2x1  surface  to  SiC  using  C2H4  to 
obtain  an  understanding  of  how  C-C  species  may  be  formed  and  to  determine  the  effect  of  an  0- 
adlayer  on  enhancing  or  selecting  the  reaction  channel  which  leads  to  these  species.  Under 
appropriate  conditions,  the  interaction  between  C2H4  and  the  clean  silicon  surface  yields  both  SiC 
and  C-C  species.  The  presence  of  an  0-adlayer  significantly  reduces  the  activity  of  silicon  and 
enhances  the  formation  of  sp2  and  sp^  C-C  species.  These  results  provide  key  insights  into 
diamond  nucleation  conditions  in  conventional  growth  processes. 


INTRODUCTION 


The  initiation  and  control  of  nucleation  are  central  issues  in  the  heteroepitaxial  growth  of 
diamond  on  silicon.  Numerous  studies  have  suggested  that  C-C  species  formed  on  the  surface 
during  the  initial  stage  of  deposition  play  a  critical  role  in  the  nucleation  process.  ^2  The  research 
described  in  this  paper  is  aimed  at  understanding  the  nature  of  these  C-C  species  and  the  factors 
controlling  their  formation.  Ultimately,  this  information  may  provide  a  key  to  controlling 
nucleation  and  improving  thin  film  quality. 

Evidence  of  the  importance  of  C-C  species  in  diamond  nucleation  is  provided  by  the  work 
of  Stoner  et  al.2  In  studies  of  bias  enhanced  nucleation  of  diamond  on  silicon,  they  performed  x- 
ray  photoelectron  spectroscopy  (XPS)  analyses  as  a  function  of  bias  time.  Following  the 
evolution  of  the  Si  2p  and  C  1  s  XPS  peaks,  they  observed  the  formation  of  SiO^  and  SiC  within 
the  first  minute,  but  after  5  minutes,  the  SiOx  species  disappeared,  and  a  C-C  species  was  formed. 
The  estimated  thickness  of  the  C-C  species  was  never  greater  than  -0.9  nm,  and  its  concentration 
(relative  to  the  SiC  peak)  remained  approximately  constant  over  the  next  1.5  hrs  until  it 
dramatically  increased.  Based  on  Auger  electron  spectroscopy  and  Raman  analyses,  this  increase 
coincided  with  the  formation  of  diamond  nuclei. 

Stoner  et  al.2  hypothesized  that  the  C-C  species  was  "responsible  for  the  nucleation  of 
diamond  and  that  the  SiC  merely  acted  as  a  temporary  but  critical  host  on  which  the  carbon  could 
accumulate  until  clusters  of  the  appropriate  size  and  structure  required  for  diamond  nucleation 
developed."  Although  not  conclusive,  the  results  of  Stoner  et  al.  suggest  that  the  C-C  species 
was  due  to  the  selective  removal  of  Si  from  the  SiC  film  by  hydrogen  ions  in  the  plasma. 
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Motivated  by  these  results,  we  have  performed  ultrahigh  vacuum  (UHV)  studies  to 
investigate  the  conversion  of  the  Si(lOO)  2x1  and  oxygen  covered  silicon  (Si/O-adlayer)  surfaces 
to  Sic  using  C2H4.  We  have  also  investigated  the  formation  of  C-C  species  resulting  from  the 
interaction  of  hydrogen  ions  with  SiC.  These  results  will  be  reported  elsewhere.^  This  paper 
focuses  on  the  silicon  conversion  studies.  To  some  extent,  this  represents  a  reexamination  of 
previous  work  by  one  of  us  (CDS)'*  and  Yates  and  coworkers.-'’  This  paper,  however,  describes 
new  results  which  are  relevant  to  the  formation  of  the  C-C  nucleation  precursors,  the  use  of  an  O- 
adlayer  to  enhance  or  select  the  reaction  channel  leading  to  the  formation  of  C-C  surface  species, 
and  the  nucleation  of  diamond. 


EXPERIMENTAL 


The  experimental  apparatus  used  in  these  studies  comprises  a  UHV  growth  and  analysis 
chamber  with  multiple  effusive  molecular  beam  sources  for  introducing  reactive  gases  and  a 
heated  sample  manipulator.  Analytical  techniques  available  within  the  chamber  include  Auger 
electron  spectroscopy  (AES)  and  low  energy  electron  diffraction  (LEED). 

Considerable  attention  was  given  to  establishing  AES  analysis  conditions  which  minimize 
electron  beam  damage  and  to  obtaining  reliable  standard  spectra  for  SiC,  graphite,  and  diamond. 
These  results  will  be  discussed  in  detail  elsewhere.*^  C-KLL  spectra  obtained  after  a  growth 
sequence  were  acquired  in  the  N(E)  mode  and  integrated  numerically  after  background 
subtraction  to  provide  the  peak  area.  In  addition,  the  C-KLL  spectra  were  resolved  into  SiC, 
sp2-C  and/or  sp^-C  components  using  factor  analysis  and  standard  spectra  for  SiC,  graphite,  and 
diamond.  In  a  similar  application,  factor  analysis  has  been  used  recently  by  Fuchs  et  al.^  to 
determine  the  sp2/sp3  ratio  in  diamond  and  diamond-like  carbon  films. 

The  Si  samples  were  n-type  electronic  grade  materials  with  a  (100)  orientation  and  a 
resistivity  of  5  ohm-cm.  Prior  to  growth,  samples  were  cleaned  using  Ar"'’  bombardment  and 
annealed  for  15  min  at  1100  K  to  restore  crystal  order  and  produce  the  2x1  surface 
reconstruction.*  The  C2H4  used  in  these  experiments  was  research  purity  (99.99%)  supplied  by 
Matheson. 

In  a  typical  growth  experiment,  the  Si  sample  was  cleaned  and  annealed,  heated  to  the 
desired  temperature,  exposed  to  C2H4  for  a  specified  time,  and  analyzed  using  AES.  Following 
analysis,  the  exposure  to  C2H4  was  continued,  or  the  sample  was  cleaned,  annealed,  and 
reexposed  to  C2H4.  Because  analyses  could  not  be  performed  while  maintaining  the  sample 
temperature,  experiments  were  performed  to  verify  that  thermal  cycling  did  not  appreciably  alter 
the  results. 

For  growth  on  the  Si/O-adlayer  surface,  the  adlayer  was  formed  using  electron  stimulated 
adsorption. 9  Under  normal  AES  analyses  conditions,  the  partial  pressure  of  H2O  (~10‘  *0  Torr) 
was  not  a  significant  contributor  to  surface  contamination.  When  the  electron  beam  current  was 
increased  by  a  factor  of  10  to  100,  however,  physisorbed  H2O  was  dissociated  and  reacted  to 
form  the  0-adlayer.  Using  the  scanning  capability  of  the  electron  gun,  the  0-adlayer  was  formed 
over  small  areas  (-500  pm  x  500  pm),  while  the  rest  of  the  surface  remained  in  the  2x1 
configuration.  Thus,  multiple  experiments,  on  the  2x1  surface  and  on  the  0-adlayer,  could  be 
performed  simultaneously. 
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RESULTS 


Figure  1  shows  a  plot  of  the  C-KLL 
Auger  peak  area  versus  C2H4  fluence 
obtained  for  growth  at  1000  K  and  a  C2H4 
flux  of  13  ML  s"^  (1  ML  =  10'5  cm"2). 
Previous  XPS  studies'*  for  temperatures  in 
this  range  have  shown  the  interaction 
between  the  Si(lOO)  and  C2H4  forms  SiC 
by  a  two-dimensional,  layer-by-layer  growth 
process.  This  reaction  was  found  to  be  first 
order  in  C2H4  fluence  with  a  reaction 
efficiency  of  1,6  xlO"^.  The  Si  required  for 
continued  reaction  and  growth  in  this 
process  is  provided  by  out-diffusion  and 
segregation.  Based  on  these  considerations, 
the  thickness  of  the  SiC  film  represented  in 
Figure  1  is  5  nm  (~  10  times  the  C-KLL 
electron  mean  free  path)  after  the  first 
exposure  (IxlO^  ML)  indicated.  Thus,  this 


plot  represents  changes  in  composition  of  the  near-surface-layers  of  the  growing  thin  film  rather 


than  changes  in  film  thickness.  The  nature  of  these  changes  can  be  understood  by  examining  the 


Si-LMM  and  C-KLL  Auger  transitions. 

Si-LMM  Auger  peaks  (not  shown  here  for  brevity)  are  representative  SiC  with  an  adlayer 


due  to  segregated  silicon.  The  C-KLL 
spectra  shown  in  Figure  2,  in  comparison 
with  the  SiC  reference  spectrum,  are 
enhanced  and  broadened  on  the  low  kinetic 
energy  side  of  the  main  peak.  Based  on 
analyses  of  C-KLL  spectra  of  graphite  and 
diamond,  this  is  consistent  with  the 
formation  C-C  species.*^  *®  Thus,  for 
growth  at  1000  K,  the  C-KLL  spectra 
indicate  that  SiC  is  the  dominant  reaction 
product.  However,  C-C  species  are  also 
formed  in  the  near-surface-layers,  even  at 
relatively  low  fluences,  and,  as  growth 
continues,  the  contribution  from  these  C-C 
species  increases. 

Insight  into  the  nature  of  the  C-C 
species  may  be  obtained  through  factor 
analysis  of  the  C-KLL  peak  shapes.  These 
results  are  given  in  Figure  3  which  shows 
the  carbon  species  distribution  as  a  function 
of  C2H4  fluence.  Initially,  the  distribution  is 
a  nearly  equal  mixture  of  SiC  and  sp^-C 
bonds.  As  growth  continues,  however,  the 
SiC  component  decreases  and  the  sp2-C 
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component  increases,  reaches  a  maximum, 
and  decreases.  For  fluences  greater  than  ~5 
xlO^  ML,  sp3-C  species,  appear  and 
continue  to  increase. 

Although  a  significant  fraction  of  the 
carbon  bonds  formed  at  1000  K  may  be 
characterized  as  sp2  or  sp^  species,  SiC 
formation  is  still  a  dominant  reaction 
channel.  As  a  means  of  reducing  the  activity 
of  Si  and  enhancing  the  formation  of  C-C 
species,  the  effect  of  an  0-adlayer,  formed 
on  the  clean  Si(lOO)  2x1  surface  prior  to  the 
beginning  of  the  growth  process,  has  been 
investigated. 

Figure  4  shows  a  plot  of  C-KLL 
Auger  peak  area  versus  C2H4  fluence  for  a 
typical  growth  sequence  on  the  Si/0- 
adlayer.  From  these  data,  differences  in 
growth  on  the  Si(lOO)  2x1  and  Si/O-adlayer  are  immediately  apparent.  The  nature  of  these 
differences  can  be  understood  by  examining  the  Si-LMM  spectra  shown  in  Figures  5. 

As  seen  in  Figure  5,  the  Si-LMM  spectra  are  characteristic  of  the  silicon  substrate  with  an 
SiOx  overlayer  and  indicate  only  very  limited  SiC  formation.  Although  the  intermediate  spectra 
are  not  shown,  the  Si/SiO^  peaks  are  uniformly  attenuated  as  the  fluence  increases  to  a  value  of 
-12x10^  ML.  Beyond  this,  the  Si-LMM  intensity  remains  essentially  unchanged.  Continued 
observation  of  the  substrate  Si-LMM  peaks  throughout  the  growth  sequence  is  an  indication  that 
AES  is  sampling  the  entire  thickness  of  the  growing  film.  Thus,  the  attenuation  of  the  Si-LMM 
peaks  may  be  used  to  calculate  the  reaction  efficiency.  If  the  growing  film  is  assumed  to  have  a 
uniform  thickness,  this  leads  to  an  initial  (i.e.  <  5x10^  ML)  reaction  efficiency  of -7.9x10"^.  This 
is  clearly  a  function  of  fluence  based  on  the  shape  of  the  C-KLL  area  versus  fluence  plot. 

The  "turnover"  in  the  C-KLL  area 
versus  fluence  plot  (for  fluences  greater  than 
~20x104  ML)  may  be  due  to  desorption  of 
C-species  from  the  surface.  This  does  not 
seem  likely,  however,  since  the  resultant 
increase  in  intensity  of  the  Si-LMM  substrate 
peaks  is  not  observed.  A  more  probable 
explanation  is  the  coalescence  and 
subsequent  growth  of  three-dimensional 
clusters.  This  would  reduce  the  rate  of 
increase  of  the  C-KLL  peak  area,  while  the 
accompanying  increase  in  surface  roughness 
would  decrease  the  observed  C-KLL  area. 

From  the  onset  of  growth  on  the 
Si/O-adlayer,  the  C-KLL  spectra  shown  in 
Figure  6  are  dominated  by  C-C  species,  and 
as  the  C2H4  fluence  increases,  the  C-C 
contribution  appears  to  increase.  The  nature 
of  these  peak  shape  changes  is  illustrated  in 
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Figure  7  which  shows  the  factor  analyses  of 
the  C-KLL  peak  shapes.  In  this  case,  the 
equivalent  peak  area  rather  than  the 
percentage  of  each  species  has  been  plotted 
as  a  function  of  C2H4  fluence. 

Throughout  the  growth  sequence  on 
the  0-adlayer,  these  data  indicate  that  the 
sp2  and  sp3  species  account  for  -90%  of  the 
C-species  formed.  The  sp^  component 
increases  with  C2H4  fluence,  reaches  a 
maximum  at  -12x10'^  ML,  and  then 
decreases.  The  sp^  component  shows  similar 
behavior,  however,  the  initial  rate  is 
somewhat  slower  and  the  turnover  occurs  at 
a  slightly  higher  C2H4  fluence.  As  indicated 
above,  the  decrease  in  C-KLL  peak  area  for 
each  of  these  species  is  most  likely  due  to  the 
conversion  to  cluster  growth  and  surface 
roughening  rather  than  desorption  of  C- 
species.  The  SiC  component  accounts  for 
about  10%  of  the  C-species  formed  and  remains  essentially  constant  throughout  the  growth 
sequence.  This  is  consistent  with  a  low  level  of  SiC  formation  indicated  by  the  Si-LMM  spectra. 


CONCLUSIONS 

This  study  provides  three  key  results. 

First,  for  growth  at  1000  K  on  the  Si(lOO) 

2x1  surface,  C-C  species  are  a  component  of 
the  reaction  product.  Further,  a  non- 
negligible  fraction  of  these  species  are  sp^-C 
bonds.  Second,  the  0-adlayer,  in  limiting 
the  activity  of  Si,  has  opened  a  new  reaction 
channel  or  allowed  the  observation  of  a 
channel  which  is  normally  obscured  by  SiC 
formation.  Third,  after  initially  reacting  to 
form  a  uniform  layer,  the  sp^  and  sp^ 
species  coalesce  and  grow  as  clusters.  This, 
combined  with  the  accompanying  increase  in 
surface  roughness,  accounts  for  the 
subsequent  reduction  in  C-KLL  peak  area. 

Based  on  the  diffusion/segregation 
model  of  SiC  formation,'*'"  silicon  is  depleted  from  the  near  surface  layers  to  support  the 
segregated  Si-adlayer.  It  is  this  adlayer  which  reacts  with  the  incident  hydrocarbon  to  form  SiC. 
The  silicon  then  segregates  (presumably  by  place  exchange)  and  the  reaction  continues.  When  the 
film  is  sufficiently  thin  or  the  temperature  sufficiently  high,  silicon  depletion  from  the  near  surface 
layers  is  compensated  by  bulk  or  grain  boundary  diffusion,  and  stoichiometry  is  maintained.  For 
thicker  films  and/or  lower  temperatures  (e  g.  1000  K),  silicon  depletion  can  not  be  made-up,  and 
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Figure  6.  C-KLL  spectra  for  selected  fluences  for 
the  growth  sequence  shown  in  Figure  4. 
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Figure  5.  Si-LMM  spectra  for  selected  fluences 
for  the  growth  sequence  shown  in  Figure  4. 
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the  near-surface-layers  become  increasingly 
C-rich,  The  C-C  species  observed  for 
growth  on  the  Si(lOO)  2x1  are  formed,  we 
believe,  as  a  result  of  this  process. 

The  reaction  on  the  Si/O-adlayer 
surface  is  distinctly  different.  The  activity 
of  silicon  is  substantially  reduced,  and  SiC 
formation  is  not  a  factor.  The  C-C  species 
are  formed  by  direct  interaction  of  the 
hydrocarbon  with  the  surface.  The  fact  that 
coalescence  and  conversion  to  a  cluster 
growth  mechanism  are  observed  emphasizes 
the  importance  of  adspecies-adspecies 
interactions.  Further,  since  adspecies- 
adspecies  interactions  are  enhanced  by 
increased  surface  coverage,  this  suggests 
the  importance  of  high  activity  hydrocarbon 
species  (e  g.  produced  in  a  conventional 
deposition  plasma). 

In  the  work  of  Stoner  et  al.,^  the  formation  of  C-C  nucleation  precursors  may  have  been 
enhanced  by  silicon  depletion  (from  SiC)  by  the  hydrogen  plasma.  Our  studies  of  hydrogen  ion 
interactions  with  SiC  indicate  that  this  does  occur.^  The  present  work,  however,  indicates  that 
C-C  species  would  be  formed  directly  as  a  result  of  the  formation  of  the  SiC  layer,  and  the  brief 
appearance  of  an  SiO^  layer  may  have  played  an  important  role  in  initiating  or  enhancing  the 
formation  of  the  C-C  nucleation  precursors.  Indeed,  had  the  oxide  layer  not  been  rapidly 
removed,  nucleation  and  growth  may  have  been  much  different.  The  presence  of  an  oxide  layer 
might  have  reduced  the  induction  period  or  altered  the  film  morphology. 
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Figure  7.  C-species  distribution  versus  fluence 
for  the  growth  sequence  shown  in  Figure  4. 
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ABSTRACT 

Two  wet  chemical  cleaning  processes  (a  conventional  chromic  acid  clean  and  an 
electrochemical  etch)  and  a  H-plasma  exposure  have  been  employed  to  clean  natural  type  Ilb 
semiconducting  diamond  C(OOl)  wafers.  The  effects  of  these  processes  on  the  diamond 
surface  have  been  assessed  and  compared.  As  evidenced  by  Auger  electron  spectroscopy 
(AES),  an  oxygen  free  surface  could  be  obtained  following  annealing  to  900°C  for  the 
electrochemical  process  compared  to  1050°C  for  the  chromic  acid  etch.  In  addition,  the 
technique  of  Atomic  Force  Microscopy  (AFM)  demonstrated  the  presence  of  oriented  pits  on 
the  surface  of  samples  electrochemically  etched  for  long  times  at  high  currents.  Furthermore, 
heteroepitaxial  Cu  films  have  been  grown  on  the  diamond  substrates  cleaned  by  a  process  as 
described  above.  By  means  of  Ultraviolet  Photoemission  Spectroscopy  (UPS)  a  Schottky 
barrier  height  of  <I>b  =  1-0  eV  was  measured.  Furthermore,  the  presence  a  negative  electron 
affinity  (NEA)  has  been  determined. 


INTRODUCTION 

The  goal  for  the  preparation  of  diamond  surfaces  is  to  remove  non  diamond  carbon  and  any 
surface  contaminants.  A  commonly  used  cleaning  method  involves  boiling  of  the  samples  in 
chromic  acid  and  aqua  regia.  Recently,  a  different  approach  based  on  electrochemical  etching 
to  remove  conductive  surface  layers  has  been  proposed  [1].  Each  of  these  processes  is  indeed 
suitable  to  remove  non  diamond  carbon  [1, 7,  8].  However,  both  procedures  lead  to  an  oxygen 
terminated  diamond  surface.  In  order  to  remove  these  surface  contaminations  it  is  therefore 
necessary  to  employ  an  additional  cleaning  technique.  A  very  common  approach  involves 
annealing  of  the  diamond  crystals  in  UHV.  Indeed,  several  publications  have  examined  the 
effects  of  annealing  on  the  diamond  C(OOl)  surface  [2-5].  Furthermore,  temperature 
programmed  desorption  studies  have  investigated  the  correlation  of  the  removal  of  oxygen  and 
hydrogen  with  surface  reconstruction  [2-4].  Two  different  configurations  for  the  bonding  of 
oxygen  on  a  (1x1)  surface  have  been  suggested  [3].  Arguments  for  a  monohydride  terminated 
surface  [4,  5]  or  a  hydrogen  free  surface  [2]  after  annealing  to  ~  1(X)0°C  have  been  presented. 

Semiconductor  surfaces  with  a  work  function  such  that  the  vacuum  level  lies  below  the 
conduction  band  minimum  exhibit  a  negative  electron  affinity  (NEA).  Therefore,  electrons  in 
the  conduction  band  can  escape  freely  from  such  a  surface.  For  wide  bandgap  semiconductors 
(like  diamond)  the  conduction  band  minimum  is  likely  to  be  close  to  the  vacuum  level.  In 
particular,  different  surface  preparation  methods  can  influence  whether  a  diamond  surface 
exhibits  a  NEA  [5].  Photoemission  spectroscopy  is  found  to  be  a  suitable  method  to  detect  a 
NEA.  Electrons  that  get  excited  from  the  valence  band  into  the  conduction  band  by 
photoemission  may  quasi-thermalize  to  the  conduction  band  minimum.  In  case  of  an  NEA 
surface  they  can  readily  be  emitted.  Photoemission  spectra  display  these  NEA  electrons  as  a 
sharp  feature  at  the  low  energy  end  of  the  spectrum  [9, 10]. 

In  this  study  we  performed  comparative  annealing  studies  of  natural  diamond  C(OOl) 
crystals  cleaned  by  either  of  the  two  wet  chemical  procedures.  Following  the  anneal,  a  H 
plasma  clean  at  370°C  has  been  employed.  Indeed,  the  environment  of  a  H  plasma  may  be 
comparable  to  the  one  of  diamond  growth  at  low  temperatures  [6].  Furthermore,  interfacial 
properties  of  hetero-epitaxially  grown  Cu  films  on  diamond  C(OOl)  are  presented. 


EXPERIMENTAL  DETAILS 

Several  natural  type  lib  single  crystal  diamond  C(IOO)  substrates  have  been  used  in  this 
study  on  the  influence  of  different  cleaning  techniques  on  the  surface  properties.  The  two 
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chemical  cleaning  processes  are  described:  A  clean  employing  chromic  acid  (Cr03:H2S04) 
(boiling  for  15  min.),  aqua  regia  (SHChlHNOj)  (boiling  for  15  min.)  followed  by  deionized 
(DI)  water  (rinsing).  Or  an  electrochemical  etching  procedure  [1].  For  this  process  the 
samples  were  suspended  between  two  Pt  electrodes  in  DI  water  as  electrolyte.  A  DC-voltage 
of  350  V  was  applied  between  the  two  electrodes.  A  typical  etch  lasted  3  hours.  A  constant 
current  of  about  0.5  mA  was  measured.  After  each  of  the  two  cleaning  processes  the  samples 
were  blown  dry  with  N^,  mounted  on  a  molybdenum  sample  holder  and  transferred  into  the 
UHV  system.  In  addition,  the  diamond  wafers  were  annealed  successively  to  temperatures  of 
900"C  and  1050"C  for  15  minutes  each.  The  base  pressure  in  the  annealing  chamber  was  ~  lx 
10-10  JQJ.J.  gjjj  j.Qjg  to  ~  4  X  10"^  Torr  and  6  x  10"*  Torr  during  the  two  anneals,  respectively. 
Following  the  latter  anneal,  a  hydrogen  plasma  etch  has  been  employed.  For  this  purpose  the 
diamond  crystal  was  heated  to  370°C  and  exposed  to  a  remotely  excited  H  plasma.  The  details 
of  the  plasma  system  are  described  elsewhere  [13].  The  H  pressure  in  the  plasma  chamber  was 
held  at  50  mTorr.  A  number  of  techniques  have  been  employed  to  analyze  the  samples 
subsequent  to  each  cleaning  step  including  in-situ  low  energy  electron  spectroscopy  (LEED), 
in-situ  Auger  electron  spectroscopy  (AES)  in-situ  ultraviolet  photoemission  spectroscopy 
(UPS)  and  ex-situ  atomic  force  microscopy  (AFM).  In  particular,  21.21  eV  Hel  radiation  has 
been  used  to  facilitate  the  photoemission  measurements.  In  order  to  overcome  the  work 
function  of  the  electron  analyzer,  a  bias  of  2.0  V  has  been  applied  to  the  sample.  Therefore  it 
was  possible  to  detect  low  energy  electrons  emitted  from  a  NEA  surface. 

Furthermore,  thin  Cu  films  of  1,  2,  4  A  thickness  were  grown  on  diamond  crystals  cleaned 
by  chromic  acid.  For  this  purpose  a  Cu  filament  has  been  employed.  In  order  to  desorb 
adsorbed  gas  contaminants  the  sample  was  annealed  to  800°C  for  15  minutes.  Prior  to 
deposition  50A  of  Cu  has  been  evaporated  to  liberate  any  foreign  material  from  the  filament. 
During  growth  the  temperature  of  the  sample  was  maintained  at  500°C  (pressure  ~  2  x  10"’ 
Torr).  ITie  deposited  thickness  of  the  Cu  was  determined  by  a  quartz  crystd  oscillator. 


RESULTS  AND  DISCUSSION 

Following  either  of  the  two  wet  chemical  cleaning  procedures  the  as-loaded  diamond 
crystals  exhibited  a  comparable  unreconstructed  (1x1)  LEED  pattern.  Furthermore,  AES 
spectra  showed  peaks  indicative  of  the  presence  of  oxygen  on  all  samples.  Upon  heating  to 
900°C  a  reduction  of  the  surface  oxygen  (Fig.  la)  was  observed  for  diamond  substrates  cleaned 
by  employing  chromic  acid.  However,  the  LEED  pattern  remained  unchanged.  Following  an 
anneal  to  1050°C  the  amount  of  oxygen  on  the  surface  dropped  below  the  detection  limit  of  the 
AES  instrument.  A  reconstructed  (2x1)  LEED  pattern  appeared.  In  addition,  a  sharp  low 
energy  peak  attributed  to  a  NEA  surface  was  seen  in  UPS  spectra  following  the  last  annealing 
step.  The  reconstructed  (2x1)  LEED  pattern  and  the  NEA  could  be  retained  following  a 
hydrogen  plasma  exposure  (Fig.  2). 

In  comparison,  AeS  spectra  of  the  as-loaded  electrochemically  etched  samples  displayed 
features  indicative  of  the  presence  of  SiO^  surface  impurities.  However,  following  a  UV 
ozone  exposure  and  an  HP  dip  these  contaminations  could  no  longer  be  detected  (Fig.  lb). 
Also  the  amount  of  fluorine  was  below  the  detection  limit  of  the  AES  equipment.  After 
annealing  to  900‘C  no  oxygen  could  be  observed  by  means  of  AES.  Again,  a  2x1  surface 
reconstruction  could  be  observed.  Furthermore,  a  NEA  effect  was  detected  by  means  of  UPS. 
No  changes  in  the  AES  spectrum  nor  in  the  LEED  pattern  were  seen  upon  heating  to  1050°C. 
Also,  the  NEA  surface  could  be  retained. 

It  is  reasonable  to  assume  that  the  appearance  of  a  NEA  and  a  reconstructed  (2x1)  surface 
can  be  attributed  to  the  removing  of  oxygen  as  discussed  in  other  studies  [2-4].  Indeed,  it  is 
remarkable  that  an  oxygen  free  diamond  C(001)  surface  can  be  obtained  at  lower  temperatures 
following  an  electrochemical  etch  and  a  HF  dip  compared  to  a  conventional  approach.  The 
higher  annealing  temperature  required  to  remove  the  surface  oxygen  from  the  samples  cleaned 
conventionally  may  be  attributed  to  oxidization  of  the  diamond  surface  by  chromic  acid. 
Although  the  mechanism  of  the  electrochemical  etch  is  not  well-understood  it  may  be 
suggested  from  these  experiments  that  this  process  in  combination  with  the  HF  dip  is  less 
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Fig.l.  Auger  spectra  as  a  function  of  annealing  temperature,  a)  Diamond  C(OOl)  following 
chromic  acid  clean.  The  as  loaded  surface  exhibits  features  indicative  of  oxygen  which  can 
be  reduced  at  900°C  and  removed  at  1050°C.  b)  Diamond  C(OOl)  following  electrochemical 
etching.  The  as  loaded  surface  exhibits  features  indicative  of  oxygen  which  can  be  removed 
at900‘C. 


Fig.  2.  Photoemission  spectrum  of  diamond  C(OOl)  (cleaned  by  chromic  acid)  subsequent 
to  1050°C  anneal  and  H-plasma  exposure. 


oxidizing  than  a  conventional  chromic  acid  clean.  However,  we  have  not  established  whether 
fluorine  plays  a  role  in  lowering  the  annealing  temperature  required  to  remove  oxygen  from  the 
diamond  C(OOl)  surface. 

Since  the  diamond  crystals  still  exhibit  a  (2x1)  reconstructed  configuration  and  a  NBA 
following  a  H-plasma  etch,  it  can  be  suggested  that  the  (2x1)  reconstruction  is  associated  with 
a  monohydride  terminated  surface.  Previously  Hamza  et  al.  suggested  a  monohydride 
terminated  surface  following  annealing  to  ~  1000"C  based  on  electron-simulated  desorption 
time-of-flight  measurements  [4].  Indeed,  the  results  presented  here  provide  further  evidence 
for  this  explanation.  However,  Yang  et  al.  argue  that  a  dihydride  terminated  surface  is 
energetically  unlikely  due  to  stearic  hindrance  of  the  H  atoms.  Therefore,  they  propose  that  a 
monohydride  terminated  surface  evolves  into  a  free  surface  upon  heating  to  ~  1(X)0°C  [2]. 

Due  to  polishing  with  diamond  grit  all  the  samples  used  in  this  study  exhibited  straight 
groves  with  a  depth  of  ~  30  A  as  evidenced  by  AFM  (Fig.  3a).  Features  of  this  kind  are 
common  for  polished  diamond  substrates.  Following  a  chromic  acid  clean  no  changes  in 
surface  morphology  of  the  wafers  could  be  detected.  Even  after  boiling  the  substrates  in 
chromic  acid  and  aqua  regia  for  2  hours  each  no  altering  of  the  surface  was  seen.  Also,  AFM 
images  of  electrochemically  etched  crystals  did  not  reveal  any  changes  either.  However,  after 
an  extended  electrochemic^  etch  lasting  12  hours  at  ~  50  mA  scattered  pits  could  be  detected 
on  the  diamond  surface.  These  etch  pits  were  found  to  be  oriented  along  the  <110> 
crystallographic  directions,  as  shown  in  Fig.  3b.  In  addition,  larger  amounts  of  SiOj  were 
detected  on  these  surfaces  by  means  of  AES.  In  other  experiments  it  has  been  demonstrated 
that  layers  of  graphite  and  damaged  amorphized  diamond  could  be  removed  from  surfaces  by 
means  of  this  electrochemical  etching  procedure  [7, 8].  Therefore,  we  suggest  that  the  etch  pits 
mark  the  location  of  defects  in  the  diamond.  These  defects  may  be  intrinsic  to  the  natural 
diamond  or  due  to  damage  from  polishing.  It  can  be  suggested  that  this  electrochemical 
etching  procedure  may  be  employed  to  assess  the  crystalline  quality  of  other  wide  bandgap 
semiconductors. 

As  evidenced  by  UPS  the  crystals  annealed  to  800°C  exhibited  a  positive  electron  affinity 
(PEA).  However,  following  deposition  of  Cu  a  distinctive  low  energy  peak  could  be  observed 
(Fig.  4).  This  feature  has  been  attributed  to  a  negative  electron  affinity  (NEA)  surface. 
Furthermore,  a  value  <50=  1.0  eV  for  the  Schottky  barrier  height  has  been  measured  from  the 
UPS  spectra.  The  electron  affinity  %  induced  after  Schottky  barrier  formation  can  be 
calculated  according  to  the  equation  [14]: 


X  =  (<I>m+^b)-Eo  (1) 

By  using  the  values  for  the  metal  work  function  of  copper  =  4.65  eV  for  the  (001)  surface, 
the  bandgap  of  diamond  Ec=  5.45  eV  and  the  measured  Schottky  barrier  height,  an  electron 
affinity  of  x  =  +  0.2  eV  is  determined.  This  finding  obviously  stands  in  contrast  to  the 
appearance  of  a  metal  induced  NEA  feature  found  in  the  UPS  spectra.  Indeed,  for  Ti  or  Ni 
grown  on  diamond  C(lll)  a  metal  induced  NEA  has  been  observed  by  means  of  UPS  that 
could  be  explained  according  to  the  simple  work  function  model  [11,  12].  Possible 
explanations  may  include  non  uniformities  in  the  Cu  films  due  to  epitaxial  growth,  changes  in 
the  Cu  work  function  for  thin  layers  and  impurities.  Indeed,  these  Cu  layers  were  shown  to  be 
epitaxial  and  exhibited  an  island  morphology  [7,  8].  Clearly,  future  experiments  will  have  to 
determine  the  actual  work  function  of  these  thin  Cu  films,  and  the  relation  of  surface 
preparation  to  the  Schottky  barrier  and  diamond  electron  affinity. 


CONCLUSIONS 

A  conventional  chromic  acid  clean  and  an  electrochemical  etch  have  been  compared  as 
surface  preparation  processes  for  p-type  semiconducting  natural  diamond  C(OOl)  substrates. 
Following  a  900°C  anneal  the  removal  of  surface  oxygen,  a  (2x1)  reconstruction  pattern  and  a 
NEA  effect  were  observed.  However,  for  samples  cleaned  using  chromic  acid  these  effects 
were  seen  only  upon  heating  to  1050°C.  The  (2x1)  configuration  and  the  NEA  were  retained 
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subsequent  to  a  H-plasma  etch.  Furthermore,  samples  electrochemically  etched  for  long  times 
at  high  currents  displayed  oriented  pits  on  the  surface  as  evidenced  by  AFM.  Following  Cu 
deposition  a  metal  induced  NBA  and  a  Schottky  barrier  height  of  have  been 

observed  by  means  of  UPS. 


Fig.  4.  UPS  spectra  of  diamond  C(OOl)  cleaned  by  chromic  acid  and  of  Cu  deposited  on  C(OOl). 
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ABSTRACT 

We  report  photoemission  measurements  from  the  (111)2x1  diamond-titanium  monoxide 
(TiO)  interface.  Submonolayer  deposition  of  TiO  on  the  (1 1 1)2x1  diamond  surface  modifies  the 
electron  affinity  of  the  surface  from  positive  to  negative.  No  change  in  the  band  bending  was 
observed  as  a  result  of  the  TiO  deposition.  Total  electron  yield  measurements  from  the  diamond- 
TiO  interface  were  also  performed.  The  yield  spectra,  as  expected  for  a  negative  electron  affinity 
(NEA)  surface,  have  emission  thresholds  that  are  in  good  agreement  with  the  absorption 
coefficient  of  diamond.  To  further  understand  the  emission  properties  of  NEA  (111)  diamond 
surfaces  we  also  compare  the  electron  yield  photo-excitation  spiectra  of  the  diamond-TiO  interface 
with  the  yield  spectra  of  hydrogenated  (1 1  l)lxl:H  diamond  surfaces. 


INTRODUCTION 

Negative  electron  affinity  (NEA)  semiconductor  surfaces,  that  is  surfaces  with  the  vacuum 
level  lying  below  the  conduction  band  minimum  (CBM),  have  been  used  over  the  years  to  create 
efficient  electron  emitters  for  use  in  devices  such  as  photo-cathodes  and  electron  multipliers  which 
are  essential  tools  to  both  science  and  technology.  Semiconductor  surfaces  (e.g.  Si,  GaAs,  GaP) 
have  been  engineered  to  have  NEA  by  combining  heavy  p-type  doping  and  thin  cesium  surface 
coatings.'  A  NEA  semiconductor  surface  makes  it  possible  to  observe  conduction  band  electrons 
with  kinetic  energies  as  low  as  the  conduction  band  minimum  escaping  into  the  vacuum.  This 
gives  us  the  opportunity  to  study  the  electronic  properties  of  the  semiconductor  for  near  band  gap 
excitation  photon  energies. 

The  as-polished  (111)1x1  :H  diamond  surface,  which  is  known  to  be  hydrogen 
terminated2.3,4^  was  found  to  exhibit  NEA  over  a  decade  ago.^  In  contrast  the  hydrogen-free 
(111)2x1  reconstructed  diamond  surface  has  positive  electron  affinity.^  Van  der  Weide  et.  al.^ 
have  recently  showed  that  the  argon  plasma  treated,  hydrogen-free,  (111)  diamond  surface  can  be 
activated  to  NEA  by  deposition  of  a  thin  layer  of  Ti. 

Total  electron  yield  measurements  (number  of  emitted  electrons  per  incident  photon)  from  the 
as-polished  (111)1x1  :H  diamond  (type  Ila)  surface  reveals  an  oscillatory  structure  for  near  band 
gap  excitation  photon  energies.*  The  oscillations  are  approximately  evenly  spaced  by  160  meV. 
In  order  to  better  understand  the  mechanism  responsible  for  this  oscillatory  structure  we  recently 
performed  additional  experiments^  which  are  briefly  summarized  here.  We  found  that  close 
examination  of  the  total  electron  yield  thresholds  suggests  that  a  significant  component  of  the 
electron  yield  is  due  to  exciton  induced  electron  emission;  that  is  that  excitons  break  up  at  the 
surface  due  to  the  NEA  potential  step  and  emit  their  electrons.  The  photo-excited  electrons 
thermalize  via  a  Fan  phonon  cascade  mechanism'®  to  the  CBM  or  to  exciton  levels  depending  on 
the  excitation  photon  energy.  We  concluded  that  the  oscillatory  structure  is  due  to  the  difference  in 
the  surface  escape  probabilities  between  CBM  electrons  and  electrons  originating  from  exciton 
states,  and  is  present  only  when  the  band  bending  is  small  (~  0.1  eV). 

In  order  to  further  test  previous  experimental  observations  from  the  (111)  diamond  surface, 
we  attempted  to  activate  the  extensively  studied"  (111)2x1  diamond  surface  to  NEA  by 
deposition  of  a  thin  layer  of  TiO.  The  choice  of  TiO  was  made  based  on  the  experiments  by  van 
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der  Weide,^  and  the  fact  that  addition  of  oxygen  on  a  cesium  activated  NEA  surface  enhances  its 
NEA  properties.! 

It  is  the  purpose  of  this  paper  to  present  the  results  of  our  photoemission  experiments  from  the 
diamond-TiO  interface.  The  experiments  include  electron  energy  distribution  curves  (EDC)  and 
total  electron  yield  measurements.  Data  taken  from  the  diamond-TiO  surface  are  compared  with 
those  from  the  (11 1)1x1  :H  and  (111)2x1  diamond  surfaces.  Analysis  of  our  data  finds  that  the 
(111)2x1  diamond-TlO  surface  has  negative  electron  affinity  with  0.5  eV  downward  band 
bending. 


EXPERIMENTAL  CONDITIONS 

The  experimental  results  discussed  in  this  paper  are  from  work  performed  on  the  (1 1 1)  surface 
of  a  type  Ilb  diamond  single  crystal*^.  The  surface  was  mechanically  polished  on  a  cast  iron 
wheel  using  diamond  grit  and  olive  oil,  and  cleaned  ultrasonically  with  methyl-ethyl-ketone, 
acetone,  and  alcohol.'!  The  photoemission  experiments  were  performed  in  our  ultra  high  vacuum 
system  with  a  working  pressure  of  TxlO'lO  Torr  (with  He-lamp  operation)  and  a  base  pressure  of 
3xl0‘!!!  Torr.  The  sample  was  mounted  in  platinum  foil  suspended  by  a  single  platinum  wire. 
Heating  up  to  1100  °C  could  be  accomplished  via  electron  bombardment  from  a  tungsten  filament 
mounted  behind  the  diamond  by  the  application  of  a  positive  voltage  (about  1  KV)  to  the  sample. 
The  NEA  of  the  as-polished  (1 1 1)  diamond  surface  was  transformed  to  a  positive  electron  affinity 
when  we  reconstructed  the  surface. 

Deposition  of  TiO  was  achieved  by  resistive  heating  of  a  Ti  wire- wrapped  tungsten  filament. 
The  film  thickness  was  monitored  with  a  quartz  crystal  rate  monitor.  XPS  (A1  Ka)  was  used  to 
monitor  the  surface  cleanliness  and  TiO  stoichiometry.  The  substrate  was  at  room  temperature 
during  the  evaporations. 

A  Hg-Xe  arc-lamp  was  employed  as  a  source  for  near  band  gap  radiation.  The  photon  energy 
was  selected  with  the  use  of  a  1  m  normal  incidence  monochromator  (McPherson  225)  and 
refocused  at  the  sample  position  into  a  1  mm  x  2  mm  rectangular  spot.  The  excitation  spectra  are 
always  normalized  with  respect  to  the  photo-yield  of  sodium  salicylate'^.  The  energy  resolution 
of  the  monochromator  was  less  than  or  equal  to  50  meV.  The  UPS  measurements  were  made 
using  UV  light  from  a  He  resonance  lamp  (hv=21.218  eV).  The  He  lamp  radiation  was  refocused 
at  the  sample  position  into  a  spot  approximately  1.5  mm  in  diameter. 

The  total  electron  yield  measurements  were  performed  at  room  temperature,  using  a  retarding 
field  analyzer  equipped  with  a  position  sensitive  multi-channel  plate  detector.  The  electron  energy 
distribution  measurements  were  taken  with  a  hemispherical  electron  energy  analyzer,  operated 
with  0.16  eV  resolution. 


RESULTS  AND  DISCUSSION 

In  figure  1  we  show  electron  EDCs  from  the  as-polished  (11  l)lxl:H  diamond  surface,  and 
the  (111)2x1  reconstructed  diamond  surface.  The  EDC  from  the  as-polished  (111)  diamond 
surface  is  consistent  with  results  reported  elsewhere,’  ’  with  the  key  characteristic  being  the  high 
intensity  peak  at  the  low  kinetic  energy  (about  -16  eV  binding  energy)  which  indicates  a  NEA 
surface.  It  also  shows  the  absence  of  surface  state  emission  in  the  part  of  the  spectrum 
corresponding  to  the  top  of  the  valence  band.  The  position  of  the  valence  band  maximum  (VBM) 
is  found  to  be  0.4  eV  below  the  Fermi  level.  Heating  of  the  sample  up  to  1000  °C  results  in 
hydrogen  desorption,  surface  reconstruction,  and  surface  state  emission  at  an  energy  2.5  eV 
below  the  Fermi  level  (fig.l).  The  low  kinetic  energy  emission  threshold  increases  by  0.7  eV  as 
compared  to  the  (1 1 1)1x1  :H  as-polished  surface  indicating  that  the  electron  affinity  has  become 
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Figure  1.  Comparison  of  the  EDCs  from  as-polished  (11 1)1x1  :H  and  reconstructed  (111)2x1 
diamond  surfaces  at  hv=21.218  eV.  Note  both  the  change  in  the  downward  band 
bending  and  the  shift  of  the  low  energy  emission  threshold. 


positive.  By  taking  into  account  the  increase  in  the  Fermi  level  pinning  position  by  0.5  eV  upon 
reconstmction  of  the  surface,  we  calculate  an  increase  in  the  electron  affinity  of  1.2  eV. 

Successive  evaporations  of  TiO  onto  the  positive  electron  affinity  (11 1)2x1  reconstructed 
diamond  surface  resulted  in  lowering  of  the  electron  affinity.  Figure  2  shows  the  variations  of  the 
EDCs  from  the  diamond-TiO  interface  with  the  thicknesses  of  the  TiO  film.  Our  data  show  that 
the  low  kinetic  energy  threshold  moves  towards  lower  energies,  while  simultaneously  the 
intensity  of  the  threshold  emission  increases  as  the  TiO  film  thickness  becomes  higher.  No 
change  in  the  band  bending  was  observed  during  the  TiO  deposition.  Therefore,  the  valence  band 
maximum  lies  0.9  eV  below  the  Fermi  level  as  in  the  case  of  the  (11 1)2x1  diamond  surface. 
After  a  total  of  3.5  A  TiO  deposition,  the  low  energy  threshold  is  about  16.1  eV  below  the  VBM 
emission.  Therefore  the  low  energy  threshold  lies  below  the  CBM  (hv-Egap=15.73  eV,  where 
Egap=5. 4910.005  eV'^),  indicating  a  NEA  surface.  Furthermore,  we  see  that  for  increasing  TiO 
thickness  the  Fermi  level  emission  becomes  more  pronounced.  At  the  same  time,  the  diamond 
features  (e.g.  surface  states)  become  weaker  due  to  the  small  inelastic  mean  free  path  of  the 
emitted  electrons. 

It  is  known  that  re-hydrogenation  of  the  (1 1 1)2x1  reconstructed  diamond  surface  removes  the 
surface  states  and  restores  both  the  symmetry  and  the  electron  affinity  of  the  surface  back  to  that 
seen  from  the  as-polished  (lll)lxl:H  diamond  surfacel^.  However,  re-hydrogenation  of  the 
(111)2x1  surface  does  not  restore  the  increase  of  the  downwards  band  bending  seen  upon 
reconstruction.  This  behavior  of  the  Fermi  level  pinning  position  has  also  been  observed  by  Pate 
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et.  al.l5  in  C  Is  spectra.  Therefore,  much  like  the  TiO  results  reported  here,  the  re-hydrogenated 
(lll)lxl:H  diamond  surface  has  NEA  and  an  additional  downward  band  bending  of  0.5  eV 
when  compared  to  the  as-polished  (1 1  l)lxl:H  diamond  surface. 

In  fig.  3  total  electron  yield  measurements  from  the  NEA  diamond-TiO  surface  (curve  B)  are 
presented  and  compared  with  yield  spectra  from  both  the  as-polished  (111)1x1  :H  diamond 
surface  (curve  A)  and  the  re-hydrogenated  (1 1  l)lxl:H  surface  (curve  C).  In  both  cases  A  and  B, 
which  exhibit  the  additional  0.5  eV  downward  band  bending,  the  electron  yield  does  not  have  the 
oscillatory  structure  observed  from  the  as-polished  (lll)lxl;H  diamond  surface.  Close 
examination  of  the  diamond-TiO  yield  thresholds  shows  that  they  are  in  good  agreement  with  the 
diamond  photo-absorption  coefficient  reported  by  Clark  et.  al..*^  This  verifies  that  indeed  the 
surface  is  NEA.  The  strongest  threshold  observed  in  the  total  electron  yield  curves  is  at  5.54  eV. 
This  value  corresponds  to  excitation  of  a  valence  band  electron  to  the  exciton  level  with 
simultaneous  emission  of  a  transverse  optical  (TO)  phonon.  The  emission  at  hv<5.5  eV  from  the 
diamond-TiO  surface  (curve  B)  is  thought  to  be  due  to  direct  photoemission  from  the  TiO  layer. 

The  insert  in  figure  3  shows  the  curves  A  and  B  normalized  to  the  same  intensity  at  about 
hv=5.6  eV  (curves  A'  and  B'  respectively),  just  below  the  threshold  for  electron  excitation  to  the 
conduction  band  with  simultaneous  emission  of  a  TO  phonon.  Curve  C  was  not  included  in  the 
insert  for  presentation  purposes;  its  normalization  results  in  a  curve  very  similar  to  B'.  The 
normalized  curves  demonstrate  that  data  taken  from  surfaces  with  similar  downward  band 
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Figure  2.  Effect  of  TiO  deposition  on  the  positive  electron  affinity  (11 1)2x1  diamond  surface. 

Note  the  variation  in  the  low  energy  emission  threshold  with  the  TiO  film  thickness, 
which  demonstrates  the  change  of  the  electron  affinity  from  positive  to  negative.  No 
additional  change  of  the  surface  band  bending  as  a  result  of  the  TiO  deposition  is 
observed. 
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Figure  3.  Total  electron  yield  spectra  from  the  A)  as-polished  (1 11)1x1  :H  diamond  surface,  B) 
the  TiO-(l  11)2x1  diamond  interface,  and  C)  the  re-hydrogenated  (11 1)1x1  :H  diamond 
surface.  In  the  insert  the  curves  A'  and  B'  show  the  yield  spectra  A  and  B  normalized 
to  the  same  intensity  at  5.6  eV.  Note  that  besides  the  absence  of  the  oscillations  in  the 
curve  B',  the  yield  spectra  A'  and  B’  also  differ  in  shape. 


bending  have  very  similar  shape;  the  yield  curve  from  the  as-polished  surface  is  found  to  have  a 
different  shape,  besides  exhibiting  an  oscillatory  structure.  The  shape  of  the  electron  yield 
spectrum  from  the  as-polished  diamond  surface  is  consistent  with  exciton  induced  emission  being 
the  dominant  yield  component.^  A  more  detailed  analysis  of  the  functional  form  of  the  electron 
yield  will  be  included  in  a  future  publication. 


CONCLUSIONS 

Deposition  of  TiO  on  the  positive  electron  affinity  (1 11)2x1  reconstructed  diamond  surface 
results  in  a  NEA.  This  was  verified  by  observing  that  the  low  energy  emission  threshold  of  the 
electron  EDCs  moved  toward  lower  energies,  and  below  the  CBM,  upon  deposition  of  TiO.  In 
addition,  as  expected  for  electron  emission  from  a  NEA  surface,  the  total  electron  yield  thresholds 
are  found  to  be  in  good  agreement  with  the  diamond  photo-absorption  thresholds.  Comparison 
of  the  yield  spectra  taken  from  the  diamond-TiO  interface  with  those  taken  from  the  as-polished 
(lll)lxl:H,  and  the  re-hydrogenated  (lll)lxl:H  diamond  surfaces  showed  a  great  similarity 
with  the  latter  only.  Both  the  diamond-TiO  interface  and  the  re-hydrogenated  (11 1)1x1  :H 
diamond  surface  exhibit  an  additional  0.5  eV  downward  band  bending  as  compared  to  the  as- 
polished  (lll)lxl:H  diamond  surface.  We  suggest  that  the  characteristic  difference  in  the 
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functional  form  of  the  electron  yield  of  the  as-polished  diamond  surface  arises  from  the  fact  that, 
in  this  case,  the  dominant  component  of  the  total  electron  yield  is  solely  due  to  exciton  induced 
electron  emission. 
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ABSTRACT 

This  study  presents  the  results  of  surface  investigation  of  the  heteroepitaxial  AlN/SiC  interface. 
The  analytical  tools  employed  included  UPS,  XPS,  Auger  spectroscopy,  and  DEED.  The  surface 
electronic  states  were  characterized  by  uv  photoemission  obtained  at  surface  normal.  Conclusions 
drawn  from  this  study  are  that  the  AlN/SiC  structure  results  in  a  negative  electron  affinity  surface 
which  is  extremely  sensitive  to  defect  density.  The  surface  Fermi  level  is  found  to  be  near  the 
middle  of  the  AIN  gap,  and  a  possible  band  alignment  between  the  AIN  and  SiC  is  presented. 

A.  INTRODUCTION 

The  semiconductor  industry  is  presently  limited  in  device  application  by  the  materials  used  in 
device  fabrication.  Novel  materials  are  being  sought  to  replace  Si  and  Ge  based  devices.  Devices 
are  needed  which  operate  at  higher  temperatures,  powers,  and  frequencies  than  before.  Radiation 
hardness  is  also  a  valued  trait.  Potential  materials  are  diamond,  SiC,  AIN,  and  GaN.  These  wide 
bandgap  semiconductors  have  the  properties  needed  to  realize  these  goals.  Of  these  materials  SiC 
appears  most  advantageous  [1].  This  material  which  can  be  readily  grown  and  working  devices 
have  been  made  of  SiC  [2]. 

The  material  studied  was  an  aluminum  nitride  (AIN)  film  grown  epitaxially  on  a  6H  silicon 
carbide  (SiC)  substrate.  AIN  has  a  direct  optical  band  gap  of  6.2  eV  and  a  wurtzite  hexagonal 
structure  with  an  a-axis  lattice  constant  of  3.11  A.  The  growth  was  achieved  by  molecular  beam 
epitaxy  (MBE).  The  epitaxial  growth  is  confirmed  by  RHEED  measurements  [3].  SiC  can  be 
used  as  a  substrate  for  the  growth  of  AIN  due  to  the  close  lattice  match  (3. 08 A  vs.  3. 11  A).  This 
allows  for  the  manufacturing  of  novel  structures  such  as  Negative  Electron  Affinity  (NEA) 
surfaces  for  UV  and  X-ray  detectors  and  cold  cathode  emitters.  The  possibility  for  NEA  based 
vacuum  collector-emitters  also  exists  [4].  The  phenomenon  of  a  negative  electron  affinity  (NEA) 
occurs  at  a  semiconductor  surface  when  the  vacuum  energy  level  lies  below  the  conduction  band 
edge.  Since  the  bonding  of  common  semiconductors  are  based  on  sp3  hybridization,  the  valance 
band  develops  from  bonding  levels  and  the  conduction  band  from  the  antibonding  atomic  orbitals. 
Since  wide  band  gap  semiconductors  have  common  bonding  origin,  the  NEA  phenomenon  is  more 
likely  to  occur  for  these  materials.  The  consequence  of  a  f^A  surface  is  that  any  electrons  from 
the  valence  band  promoted  into  the  conduction  band  can  escape  from  the  material.  Thus,  having  an 
NEA  surface  enhances  cathode  operation  (emission). 

B.  EXPERIMENTAL  PROCEDURE 

The  presence  of  a  NEA  can  be  determined  by  ultraviolet  photoemission  spectroscopy  (UPS).[5- 
7]  This  technique  involves  directing  21.2  eV  light  (the  He  I  resonance  line)  to  the;surface  of  the 
sample  and  detecting  the  spectrum  of  the  emitted  photo  excited  elecurons  as  a  function  of  electron 
kinetic  energy.  Typically,  UPS  is  used  to  obtain  a  profile  of  the  valence  band  (VB)  electronic 
states.  As  such,  most  studies  of  UPS  of  semiconductors  present  data  of  the  most  energetic 
electrons  emitted  from  the  surface.  Electrons  scattered  to  lower  energy  and  secondary  electrons 
will  be  displayed  in  the  spectra  at  lower  kinetic  energies.  In  addition,  for  a  semiconductor  which 
exhibits  a  NEA  surface,  a  distinctive  peak  may  be  observed  at  the  low  kinetic  energy  (highest 
binding  energy)  end  of  the  photoemission  spectra.  Fig.  1  depicts  a  schematic  representation  of  the 
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photoemission  spectra  from  a  semiconductor  with  a  negative  or  positive  electron  affinity.  The  low 
kinetic  energy  feature  is  due  to  secondary  electrons  which  (quasi)  thermalize  to  the  conduction 
band  minimum. 

The  sharp  features  typical  of  a  NEA  have  been  observed  from  spectra  of  (111)  and  (100) 
diamond  surfaces  [5-9].  In  the  studies  of  diamond,  a  correlation  was  made  between  the  presence 
of  hydrogen  and  the  NEA  peak  [6,7].  In  addition,  it  was  also  shown  that  thin  metal  layers  such  as 
Ti  or  other  low  workfunction  metals  could  induce  a  NEA  on  the  diamond  surface  [9,10].  These 
measurements  verify  that  the  surface  dipole  can  be  influenced  by  surface  processing  and  that  the 
effects  contribute  to  the  observation  of  a  NEA. 

For  the  AIN  UPS  studies  presented  here,  the  SiC  substrate  is  important  for  two  reasons.  The 
first  is  that  from  wide  bandgap  semiconductors  there  would  be  charging  problems,  and  the 
photoemission  would  be  quickly  quenched.  The  reason  for  this  is  that  with  such  a  large  band  gap, 
the  AIN  acts  as  an  insulator  and  will  charge  up.  This  problem  is  avoided  by  growing  a  thin  layer 
of  AIN  on  a  conducting  doped  SiC  substrate.  The  n-type  SiC  substrates  used  in  this  study,  being 
more  conductive  than  bulk  AIN,  provide  a  source  of  electrons  for  photoemission.  The  second 
benefit  of  the  SiC  substrate  is  the  small  lattice  mismatch  between  SiC  and  AIN  (3.08  A  vs.  3.11 
A).  The  small  lattice  mismatch  enables  heteroepitaxial  growth. 


1.  A  schematic  of  the  difference  in  the  photoemission 
spectra  of  a  semiconductor  with  a  positive  or  negative 
electron  affinity. 


The  AlN/SiC  sample  was  deposited  on  the  SiC  substrate  by  a  modified  gas  source  MBE  system. 
The  substrate  was  a  vicinal  wafer  of  6H  polytype  (0001)  (oriented  3-4  degrees  towards  [1120]) 
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SiC  which  resulted  in  the  growth  of  hexagonal  {2H)  AIN.  The  MBE  system  consists  of  three 
parts:  a  load  lock  (base  pressure  of  5  xlO'^  Torr),  a  transfer  tube  (base  pressure  of  1x10’ ^0  Torr), 
which  also  was  used  for  degassing  the  substrates,  and  the  growth  chamber  (base  pressure  of  5x 
IQ- 11  Torr).  Knudson  effusion  cells  with  BN  crucibles  and  Ta  wire  heaters  were  charged  with  6N 
pure  aluminum.  Ultra-high  purity  nitrogen,  fuither  purified  by  a  chemical  purifier,  was  used  as  the 
source  gas.  The  nitrogen  gas  was  excited  by  an  ECR  plasma  source,  which  was  designed  to  fit 
inside  the  2.25  inch  diameter  tube  of  the  source  flange  cryoshroud.  The  details  of  the  system  can 
be  found  elsewhere.  [11] 

The  SiC  substrates  were  obtained  from  Cree  Research  Inc.  Prior  to  loading  into  the  chamber,  the 
substrates  were  cleaned  by  a  standard  degreasing  and  RCA  cleaning  procedure.  After  undergoing  a 
degassing  procedure  in  UHV  (700  °C  for  30  minutes),  the  substrates  were  transferred  into  the 
deposition  chamber.  Epitaxial  AIN  films  were  deposited  under  the  conditions  shown  below  in 
Table  I.  The  films  examined  were  roughly  100  A  thick. 


Table  I.  Deposition  Conditions  for  MBE  AIN  film  growth. 


Nitrogen  pressure: 
Microwave  power: 
Aluminum  cell  temp: 
Substrate  temperature: 
Deposition  Rate: 


2x10-4  Torr 
SOW 
1120°C 
1100°C 
1000 A/hr 


The  samples  were  transported  in  air  to  the  surface  analysis  system.  The  analysis  system  is  made 
up  of  several  chambers  linked  by  a  linear  UHV  transfer  line.  The  details  of  the  system  are 
described  elsewhere.[8,10]  Among  the  capabilities  available  are  UPS,  XPS,  LEED,  hydrogen  and 
argon  plasma  cleaning,  thermal  programmed  desorption,  and  Auger  Spectroscopy. 

The  UPS  chamber  has  a  base  pressure  of  2x10'  Toit.  Operating  conditions  involve  pressures 
up  to  1x10"^  Torr,  but  the  higher  pressure  is  due  to  the  helium  inflow  and  does  not  contaminate  the 
sample.  The  UPS  system  utilizes  a  helium  resonance  lamp  (the  He  I  line)  to  provide  a  source  of 
21.2  eV  light.  Photoemitted  electrons  are  measured  with  a  50  mm  mean  radius  hemispherical 
electron  analyzer  operated  at  a  0.15  eV  energy  resolution  and  a  2°  angular  resolution.  The  analyzer 
(VSW  HA50)  is  mounted  on  a  double  goniometer  and  can  be  tilted  with  respect  to  the  sample  in 
two  independent  directions.  The  AlN/SiC  samples  were  fastened  with  tantalum  wire  to  a 
molybdenum  sample  holder.  The  sample  holder  is  biased  by  up  to  4  V  to  allow  low  energy 
electrons  to  overcome  the  work  function  of  the  analyzer.  The  Fermi  level  of  the  system  (sample 
and  analyzer)  is  determined  by  UPS  measurement  of  the  sample  holder  with  no  sample  bias  (i.e. 
grounded).  The  sample  holder  can  be  heated  to  1 150  "C. 


C.  RESULTS 

The  UPS  measurements  were  carried  out  on  the  AlN/SiC  sample  as  loaded,  and  after  anneals  of 
700  C  and  1000  C.  Auger  Electron  Spectroscopy  (AES)  and  Low  Energy  Electron  Diffraction 
(LEED)  were  also  performed  on  the  sample  as-loaded,  and  after  the  anneals.  The  UPS  data  for  the 
as-loaded  A1N/Si(7  sample  are  displayed  in  Fig.  2.  The  spectra  were  obtained  with  different 
sample  bias  to  overcome  the  workfunction  of  the  analyzer.  In  the  figure,  all  spectra  have  been 
displaced  by  the  applied  bias  so  that  the  Fermi  level  aligns.  Two  aspects  indicate  the  presence  of 
the  NEA.  The  first  is  the  detection  of  a  low  energy  peak  clearly  observable  with  a  sample  bias  of 
3.0  Volts,  with  onset  occurring  at  a  bias  of  1.5  Volts.  The  two  low  energy  peaks  of  roughly  the 
same  height  present  at  the  3.0  Volt  bias  are  attributed  to  the  normal  secondary  emission  typical  of 
UPS  while  the  low  energy  feature  is  attributed  to  electrons  thermalized  to  the  conduction  band 
minimum.  This  second  peak  is  considered  as  the  NEA  peak  since  the  electron  count  drops  off  so 
quickly.  The  large  (~3V)  bias  is  needed  because  the  workfunction  of  the  AIN  is  apparently  less 
than  that  of  the  analyzer.  The  analyzer  workfunction  is  between  4  and  5  eV. 
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2.  The  uv-photoemission  of  from  AIN  on  6H-SiC.  The  spectra 
were  obtained  at  different  sample  bias  to  overcome  the  workfunction 
of  the  electron  analyzer. 

The  second  indication  of  the  NEA  is  that  the  width  of  the  photoemission  spectra  are  consistent 
with  the  model  described  in  Fig.  1.  Here  the  width  W  =  hv  -  Eg  where  W  extends  from  the  low 
energy  limit  to  the  valence  band  maximum.  We  have  used  this  relation  to  determine  the  position  of 
the  vdence  band  maximum  in  the  spectrum  obtained  with  a  3V  bias.  The  low  energy  limit  was 
determined  by  linear  extrapolation  of  the  back  edge  to  zero  intensity.  Then  using  the  band  gap  of 
AIN  as  6.2  eV  and  the  2 1 .2  eV  photon  energy,  the  valence  band  maximum  should  then  occur  at 
15.0  eV  above  this  limit.  The  vertical  line  labeled  Valence  Band  was  obtained  in  this  way.  As  is 
evident  from  the  spectra,  the  valence  band  emission  extends  to  this  energy.  We  also  note  that  the 
results  indirectly  verify  that  the  band  gap  of  the  AIN  film  is  the  same  as  the  bulk  value  of  6.2  eV. 
As  mentioned  earlier,  the  Fermi  level  is  determined  from  the  onset  of  electron  emission  from  a 
metal  sample. 

The  effect  of  annealing  in  vacuum  was  explored.  After  annealing  to  700  and  1000  °C  the 
photoemission  spectra  showed  a  decrease  in  the  relative  intensity  of  the  NEA  related  peak  (Fig.  3). 
Auger  Electron  Spectroscopy  (AES)  of  the  as-loaded  surface  showed  oxygen  and  carbon 
contaminates  in  addition  to  the  A1  and  N  signals.  After  an  anneal  of  700  °C  the  AES  showed  a 
small  reduction  of  the  oxygen  and  a  similar  scale  increase  in  the  surface  carbon,  a  trend  that 
continued  with  the  1000  °C  anneal.  A  LEED  pattern  was  not  visible  from  the  sample  as  loaded  or 
after  the  anneals  of  700  °C  and  1000  °C  .  We  note  that  after  a  short  H-plasma  clean  a  faint  1x1 
pattern  was  visible  with  an  electron  beam  energy  of  80  eV  and  the  C  signal  was  removed.  The  lack 
of  a  LEED  pattern  for  the  as-loaded  and  the  annealed  samples  is  possibly  related  to  the  carbon  and 
oxygen  on  the  surface.  The  reduction  of  the  NEA  related  features  indicates  that  the  effect  is  related 
to  the  surface  structure  and  termination  of  the  AIN. 
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Energy  Below  The  Fermi  Level  (eV) 


3.  The  uv-photoemission  spectra  of  the  AIN  on  6H- 
SiC  as-loaded  and  after  vacuum  annealing  at  the  indicated 
temperatures.  All  spectra  were  obtained  with  a  sample 
bias  of  3.0  V. 


The  second  sample  investigated  was  capped  with  a  thin  (<10A)  layer  of  silicon  to  prevent 
oxidation  during  transit.  While  the  processing  parameters  were  similar  [14],  the  photoeraission 
spectra  were  different  as  can  be  seen  in  fig.  4.  A  peak  sharper  than  that  of  the  NEA  surface  in 
fig.2  appeared  with  a  bias  of  3.0  Volts,  but  the  width  of  the  spectra  was  not  consistent  with  the 
known  band  gap.  As  such  we  do  not  believe  this  to  be  a  NEA  surface.  We  attribute  this  to  the 
presence  of  the  silicon.  Even  after  two  plasma  exposures,  one  of  which  was  a  deep  etching 
exposure,  we  were  unable  to  remove  all  of  the  silicon. 
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4.  The  uv-photoemission  spectra  of  the  second  AIN  on  6H-SiC  sample  studied. 
This  spectrum  was  obtained  with  a  sample  bias  of  3,0  V 


In  comparison  to  the  UPS  spectra  obtained  from  diamond  surfaces  which  exhibit  a  NEA,  [3-8] 
the  feature  in  diamond  is  significantly  sharper  than  that  observed  here  for  the  AIN.  There  are 
several  possible  causes  that  could  contribute  to  a  broader  signature.  These  could  be  related  to  a 
more  disordered  surface  or  to  the  intrinsic  properties  of  the  AIN  (e.g.  direct  bandgap).  Future 
research  will  explore  these  issues. 

The  last  point  that  we  address  in  this  report  is  the  position  of  the  Fermi  level  in  the  AIN.  From 
Fig.  1,  it  is  evident  that  the  surface  Fermi  level  occurs  at  ~3.5  eV  above  the  valence  band 
maximum.  This  is  near  the  center  of  the  6.2  eV  bandgap.  From  this  data  we  suggest  a  possible 
band  alignment  of  AIN  and  SiC.  Here  we  have  assumed  that  there  is  no  band  bending  in  the  AIN 
or  in  the  SiC  near  the  interface.  Because  of  the  wide  band  gap  of  the  AIN,  it  seems  unlikely  that 
there  is  significant  band  bending  in  the  thin  film.  The  bulk  Fermi  level  of  the  SiC  has  been 
determined  from  the  doping  level  of  the  substrates  to  be  -0.3  eV  below  the  SiC  conduction  band 
edge[12].  The  results  are  suti'marized  in  Fig.  5.  The  band  offsets  are  -0.8  eV  at  the  valence  band 
and  2.4  eV  at  the  conduction  band.  The  largest  uncertainty  in  this  proposed  band  offset  is 
probably  in  the  band  bending  in  the  SiC.  Such  band  bending  would  result  in  an  increase  in  the 
magnitude  of  the  valence  band  offset  and  a  decrease  in  the  conduction  band  offset.  While  we  are 
not  aware  of  any  calculations  of  the  heterojunction  band  offsets  of  wurtzite  AIN  on  6H-SiC,  there 
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has  been  a  calculation  of  the  offsets  of  the  (1 10)  interfaces  of  cubic  AlN/SiC  [13].  The  theoretical 
results  also  indicate  a  type  1  offset  with  band  discontinuities  of  1.5  eV  at  the  valence  band  and  -1.2 
eV  at  the  conduction  band.  This  is  qualitatively  similar  to  the  results  presented  in  Fig.  5. 


Band  Relation  for  AIN/SiC 


5.  A  schematic  of  the  possible  band  alignment  of  AIN  on  6H-SiC. 
The  text  describes  the  assumptions  and  related  measurements. 


D.  CONCLUSIONS 

In  summary,  we  have  observed  features  in  the  UPS  spectra  indicative  of  a  NEA  surface  on  as- 
loaded  and  annealed  AIN  on  SiC.  The  measurements  were  made  possible  by  the  development  of 
MBE  heteroepitaxial  growth  of  AIN  on  6H-SiC.  The  NEA  features  are  dependent  on  surface 
processing.  The  surface  Fermi  level  of  the  AIN  is  found  to  be  -3.5  eV  above  the  valence  band 
maximum,  and  we  have  suggested  a  model  for  the  band  offsets  assuming  no  band  bending. 
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ABSTRACT 

Application  of  surface  science  methods  to  single  crystal  diamond  surfaces  requires  the 
preparation  of  clean,  well-ordered  surfaces  and  accurate  measurement  of  substrate  temperature. 
Cleaning  of  diamond  (100)  in  H2SO4/HNO3/HCIO4  produced  several  infrared  absorption  features 
between  1025  and  1275  cm*',  as  observed  by  infrared  multiple-intemal-reflection  spectroscopy. 
These  modes  are  assigned  to  surface  hydroxyl  and  bridge-bonded  oxygen.  Heating  an  oxidized 
surface  to  ca.  1 130  "C  caused  disappearance  of  a  surface  hydroxyl  mode  centered  at  1080  cm'i. 

We  show  by  atomic  force  microscopy  that  an  as-polished  diamond  (100)  sample  is  covered  by 
grooves  and  ridges  several  nm  in  height,  implying  a  modest  density  of  atomic  steps.  The  surface 
of  a  diamond  that  underwent  etching  via  numerous  adsorption/desoiption  experiments  in  ultrahigh 
vacuum  and  was  acid  cleaned  several  times  was  essentially  unchanged,  indicating  a  minimal 
perturbation  of  the  surface  topography.  The  capability  of  Fizeau  interferometry  for  accurate 
measurement  of  single-crystal  diamond  temperatures  is  demonstrated. 

INTRODUCTION 

Surface  science  methods  have  contributed  greatly  toward  an  atomic  level  understanding  of 
the  growth  and  processing  of  semiconductor  materials,  particularly  silicon,  and  methods  for 
preparation  of  clean,  well-ordered  surfaces  are  well  established.  Diamond  presents  a  number  of 
technical  challenges  for  surface  science  studies.  Surface  preparation  is  difficult  because  diamond 
cannot  be  sputtered  without  extensive,  irreversible  surface  damage. Several  groups  have  applied 
mechanical  polishing  followed  by  heating  to  ca.  1400  K  in  ultrahigh  vacuum  (UHV)  to  removed 
adsorbed  gases.^"’^  However,  polishing  leads  to  a  surface  of  complex  topography®  whose 
annealing  behavior  in  ultrahigh  vacuum  has  not  been  adequately  characterized.  Several  groups 
have  included  an  acid  treatment  in  the  cleaning  procedure  in  order  to  remove  graphite  and  metal 
contaminants,5'l2  but  the  effect  of  these  treatments  on  the  surface  chemistry  of  diamond  has 
received  only  limited  attention  to  date.13,14 

Measurement  of  accurate  sample  temperatures  poses  an  additional  problem  for  diamond,  as 
direct  attachment  of  a  thermocouple  is  difficult  and  optical  pyrometry  is  inapplicable.  Typically  a 
thermocouple  is  attached  to  the  sample  support.  However,  the  desorption  temperatures  for 
hydrogen  from  diamond  (100)  and  (1 1 1)  reported  by  various  groups4-6.9,ll,l2  differ  by  as  much 
as  several  hundred  degrees,  and  variable  thermal  contact  with  the  sample  seems  the  most  likely 
explanation  for  the  discrepancies.  Two  methods  for  measuring  accurate  diamond  temperatures 
have  been  demonstrated  recently,  although  each  has  drawbacks.  Yang  et  al.  obtained  calibrated 
sample  temperatures  by  optical  pyrometry  on  a  sputter-deposited  tungsten  film  on  the  back  side  of 
a  diamond  sample,^’!^  and  Smentkowski  and  Yates  obtained  accurate  temperature  readings  using 
a  thermocouple  embedded  in  a  hole  drilled  sideways  in  a  diamond  sample. 
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In  this  paper  we  report  the  effect  of  acid  treatments  on  the  surface  chemistry  and  topography 
of  diamond  (100),  as  studied  by  infrared  spectroscopy  and  atomic  force  microscopy,  and 
demonstrate  an  alternative  method  for  obtaining  calibrated  temperatures  via  Fizeau  interferometry. 

ACID  CLEANING:  INFRARED  SPECTROSCOPY 

We  have  investigated  the  surface  chemistry  of  acid  cleaning  of  diamond  (1(X))  by  infrared 
multiple-intemal-reflection  spectroscopy.  The  apparatus  and  procedures  have  been  described 
elsewhere.^-’^d?  Briefly,  collimated  light  from  a  Fourier-transform  infrared  spectrometer  is 
focused  through  a  differentially-pumped  KBr  window  onto  one  beveled  edge  of  a  15x3x0.22 
mm3  diamond  internal  reflection  element  (IRE)  inside  an  ultrahigh  vacuum  chamber.  After 
undergoing  approximately  33  internal  reflections  from  each  face  to  enhance  sensitivity  to  surface 
species,  the  infrared  light  is  transmitted  through  the  opposite  beveled  edge  of  the  diamond  IRE  and 
is  collected  and  focused  onto  a  detector.  Diamond  is  effectively  opaque  at  this  long  path  length  for 
frequencies  between  1600  and  2800  cm'l,  preventing  the  observation  of  C=0  stretching  modes, 
and  the  sensitivity  is  greatest  at  frequencies  below  1500  cm'*. 

In  one  experiment,  the  diamond  IRE  became  slightly  graphitized  following  experiments  in 
UHV  and  was  removed  from  the  apparatus  and  boiled  in  a  3:4:1  solution  of  H2S04jTIN03/ 
HC104*8  for  50  minutes.  The  ratio  of  FTIR  spectra  taken  before  and  after  the  acid  treatment  is 
shown  in  Fig.  1(a).  The  primary  band  at  1020-1 150  cm'*  is  assigned  to  surface  hydroxyl  (-OH) 
groups,^’*?  based  on  the  spectmm  of  1-adamantanol.*^  The  weaker  feature  near  1230  cm'*  is 
assigned  to  surface  ether  (C-O-C)  groups,  based  on  ab  initio  self-consistent-field  calculations^**  of 
2-oxaadamantane  and  bioxaadamantane.*^ 


Fraquency  (cnrr 


(a)  (b) 

FIG.  1.  Infrared  spectra  of  species:  (a)  formed  by  boiling  slightly  graphitized  diamond  (100)  in 
3:4:1  H2SO4/HNO3/HCIO4  or  (b)  removed  by  heating  oxidized  sample  to  =1400  K  in  UHV. 

In  a  second  experiment,  the  diamond  IRE  was  treated  with  the  same  acid  solution  and  then 
placed  in  the  UHV  chamber.  The  chamber  was  baked  out  and  the  sample  was  heated  to 
approximately  1400  K  in  UHV.  The  ratio  of  FTIR  spectra  taken  before  and  after  the  final  heating 
step  is  shown  in  Fig.  1(b).  The  primary  mode  centered  near  1080  cm'*,  assigned  to  hydroxyl 
groups,  corresponds  to  surface  species  most  likely  formed  during  the  acid  treatment  that  desorbed 
upon  heating.  The  sharp  features  in  the  spectrum  are  not  reproducible  and  presumably  are 
scanning  artifacts. 
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Figs.  1(a)  and  1(b)  indicate  that  acid  treatment  results  in  formation  of  surface  oxides  on 
diamond  (1(X)),  in  agreement  with  earlier  infrared*^  and  x-ray  photoelectron  spectroscopy results 
on  powder  and  polycrystalline  diamond.  We  attribute  the  disappearance  of  surface  hydroxyl 
groups  upon  heating  to  1400  K  to  desorption  as  CO,  CO2  and  H2,  based  on  previous  temperature- 
programmed  desorption  studies  of  diamond  (100)^  and  diamond  powder.^l  Each  cycle  of 
oxidation  and  heating  in  UHV  therefore  results  in  etching  of  roughly  one  monolayer  of  diamond. 

SURFACE  TOPOGRAPHY:  ATOMIC  FORCE  MICROSCOPY 

We  have  examined  the  surface  topography  by  atomic  force  microscopy  (AFM)  on  two 
separate  diamond  (100)  samples:  one  as  received  from  the  vendor  (Harris  Diamond  Corp.)  and 
the  other  after  extensive  experiments  over  the  course  of  two  years,  including  heating  in  ultrahigh 
vacuum  (UHV),  numerous  adsorption/desorption  cycles,  and  several  acid  treatments  to  remove 
graphitic  carbon  and  metal  contamination.’^.l^  AFM  scans  were  performed  with  a  Park  Scientific 
Instruments  AFM  using  a  2.5  |im  piezoelectric  scanner  under  null  force  conditions  with  a  Si3N4 
tip.  The  tip  radius  is  estimated  as  3(X3  nm,  and  the  force  constant  was  approximately  0.37  N/m. 
Images  of  the  two  specimens  are  shown  in  Fig.  2. 


(a)  (b) 

FIG.  2.  Atomic  force  microscopy  images  of  diamond  (100)  samples:  (a)  as  received  from 
vendor;  (b)  after  UHV  and  acid  cleaning  experiments  over  the  course  of  several  years. 


The  as-received  diamond  (100)  sample  is  seen  to  be  covered  by  grooves  and  ridges  with  a 
peak-to-peak  amplitude  of  10-30  A.  Local  slopes  were  found  to  be  in  the  range  of  1-2°.  These 
local  slopes  imply  terrace  widths  in  the  range  of  30-50  A  if  surface  roughness  on  a  lateral  length 
scale  of  1-100  nm  is  small.  The  observation  of  CH2  modes  by  Struck  and  D’Evelyn'^  on  the 
sample  shown  in  Fig.  2(b)  is  suggestive  of  additional  roughness  on  the  atomic  scale,  but  we  were 
unable  to  achieve  the  resolution  necessary  to  observe  atom-high  steps  in  the  present  study.  The 
groove-and-ridge  morphology  is  strongly  suggestive  of  a  chemical  polishing  mechanism.*'22 

The  surface  of  the  diamond  (100)  sample  that  had  undergone  prolonged  treatments  both  in 
UHV  and  in  hot  acid  (Fig.  1(b))  is  qualitatively  the  same  as  the  as-received  specimen.  The  fact 
that  it  is  not  greatly  smoother  indicates  that  very  little  annealing  of  diamond  (100)  occurs  in  UHV 
at  temperatures  up  to  1400  K.  Surface  oxides  are  formed  both  by  the  acid  treatments  and  by  water 
adsorption  in  UHV^  which  desorb  upon  heating  to  1400  K  as  CO  and/or  002,^’^*  thus  etching  the 
surface  by  up  to  a  monolayer  (0.9  A).  The  fact  that  the  character  of  the  surface  topography  is 
essentially  unchanged  indicates  either  that  at  most  several  nm  diamond  were  removed  by  the  series 
of  treatments  or  that  the  material  removal  was  approximately  conformal,  i.e.,  the  amount  of 
diamond  etched  was  essentially  the  same  at  terrace  and  step  sites  across  the  surface. 
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The  surface  topography  shown  in  Fig.  1  is  qualitatively  similar  to  that  reported  by  Couto  et 
al.^  by  scanning  tunneling  microscopy  on  boron-doped  diamond  (100),  polished  in  a  direction  of 
easy  abrasion,  but  is  much  smoother.  The  latter  authors  observed  peak-to-peak  amplitudes  about  a 
factor  of  ten  larger  and  reported  local  slopes  as  high  as  30°.  The  discrepancy  is  presumably  due  to 
differences  in  the  extent  of  polishing  applied  to  the  diamonds.  This  variability  also  implies  that 
different  polishing  procedures  may  result  in  surfaces  of  very  different  atomic  step  density.  We 
note  that  even  smoother  diamond  (100)  surfaces  can  be  grown  by  chemical  vapor  deposition 
(CVD),  although  care  must  be  taken  to  avoid  formation  of  penetration  twins  and  growth 
hillocks.23-27  Flat  diamond  (100)  facets  have  also  been  prepared  by  treatment  in  a  hydrogen 

plasma.28 

TEMPERATURE  MEASUREMENT  BY  FIZEAU  INTERFEROMETRY 

We  have  applied  optical  Fizeau  interferometry  to  the  measurement  of  sample  temperature  of 
three  separate  natural  diamond  substrates,  with  (100),  (110),  and  (111)  orientation.  The  diamond 
substrates  were  held  inside  a  hot-filament  CVD  reactor  between  two  mullite  tubes  and  heated  by 
rhenium  wires  embedded  in  the  mullite  in  10  Torr  of  H2.  The  sample  temperature  was  monitored 
independentiy  by  a  chromel-alumel  thermocouple  cemented  to  the  mullite  support. 

Collimated  light  from  a  HeNe  laser  was  reflected  at  near-normal  incidence  from  the  back 
side  of  the  diamond  substrate.  The  existence  of  a  slight  wedge  angle  between  the  back  and  front 
faces  of  the  substrate  causes  interference  in  the  light  reflected  from  the  two  faces,  producing  a 
spatial  fringe  pattern.  At  each  lateral  position  on  the  substrate,  a  fringe  index  m  =  2nd  cos6/  A 
can  be  defined  where  n  =  2.39  is  the  index  of  refraction  of  diamond,  d  is  the  local  thickness, 
which  was  about  100  |im  for  these  samples,  flis  the  angle  of  incidence  (=  0°),  and  A  is  the 
wavelength  of  light  (633  nm).  The  local  value  of  m  determines  the  degree  of  constructive  versus 
destructive  interference  between  the  two  reflected  beams:  the  intensity  is  a  minimum  if  m  is  an 
integer  and  a  maximum  at  half-integer  values  of  m.  Changes  in  d  and/or  n  due  to  a  change  in 
temperature  (or  to  growth^^’^O)  alter  the  local  value  of  m  across  the  substrate,  causing  the  fringe 
pattern  to  propagate  laterally.  In  these  experiments  the  fringe  pattern  image  was  projected  onto  a 
CCD  video  array  and  the  output  recorded  on  videotape.  Analysis  of  the  data  was  performed  by 
measuring  the  fringe  positions  as  displayed  on  a  video  monitor  as  a  function  of  temperature.  The 
results  from  the  three  samples  are  summarized  in  Fig.  3. 

Movement  of  the  Fizeau  fringes  is  seen  to  be  quite  sufficient  for  temperature  measurement: 
the  ca.  100-pm-thick  samples  yielded  motion  of  0.01  -  0.06  fringe/degree  for  temperatures 
between  25  and  1100  °C.  A  shift  of  0.1  fringe  can  readily  be  measured  with  a  stable  system, 
resulting  in  a  temperature  resolution  of  2-10  °C  for  a.  lOO-pm-thick  sample,  or  0.2-1  °C  for  a 
1-mm-thick  sample.  Even  with  modest  temperature  resolution,  this  technique  could  be  used  to 
calibrate  a  thermocouple  attached  to  a  sample  support,  as  with  pyrometry.^ 

The  rate  of  fringe  movement  with  tempierature  is  directly  related  to  changes  in  the  thickness 
and  index  of  refraction:  X/(2nd  cosff)  dm/dT  =  a  +  n'ld/i/t/T,  where  a  is  the  thermal  expansion 
coefficient.  The  data  shown  in  Fig.  3  imply  values  of  1.7  x  lO"^  at  25  °C  to  6  x  10'^  at  1000  °C 
for  this  quantity,  substantially  larger  than  literature  values.31-32  jhe  reason  for  this  discrepancy  is 
not  understood,  but  is  most  likely  due  to  the  behavior  of  «(T).  We  are  also  unable  at  present  to 
determine  whether  the  differences  in  the  rate  of  fringe  movement  between  the  samples  reflect  real 
differences  in  their  physical  properties  or  merely  variations  in  the  thermal  contact  between  the 
heated  mullite  tubes  and  the  diamonds.  Further  experiments  will  be  necessary  to  determine  the 
behavior  of  n(T)  at  elevated  temperature,  but  it  is  clear  that  Fizeau  interferometry  can  be  used  to 
obtain  calibrated  temperature  measurements  of  diamond. 
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FIG.  3.  Movement  of  Fizeau  fringes  upon  heating  of  diamond  substrates  with  (100),  (1 10), 
or  (1 1 1)  orientation. 
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ABSTRACT 

An  overview  of  enabling  materials  technologies  required  for  fabrication  of  electronic 
devices  on  diamond  is  presented.  Emphasis  is  placed  on  electronic  doping  of  diamond  by 
boron  ion  implantation.  Van  der  Pauw  resistivity  and  Hall  Effect  measurements  were  used 
to  determine  the  net  carrier  concentration,  carrier  mobility  and  resistivity  of  natural  and 
synthetic  diamonds  implanted  under  various  conditions.  The  measured  results  for  a  range 
of  implantation  conditions  and  post-annealing  temperatures  are  discussed  in  the  context 
of  a  model  developed  by  J.F.  Prins'.  The  requirements  placed  on  ohmic  contacts  to 
diamond,  and  a  process  for  fabricating  ohmic  contacts,  is  discussed  briefly.  Finally, 
current-voltage  characteristics  of  a  simple  MISFET  fabricated  on  ion  implanted  natural 
diamond  are  presented  and  analyzed. 

‘J.F.  Prins,  Physical  Review  B,  38  (1988)  5576. 


INTRODUCTION 

The  potential  use  of  semiconducting  diamond  as  an  electronic  material  has  been 
discussed  by  several  authors.  In  this  paper  we  present  an  overview  of  two  fundamental 
issues  in  the  fabrication  of  diamond  electronic  devices,  dopant  incorporation  via  ion 
implantation  (specifically  boron  ion  implantation  to  produce  a  p-type),  and  ohmic  contact 
formation  (particularly  with  respect  to  the  measurement  of  specific  contact  resistance).  We 
conclude  with  an  evaluation  of  the  electrical  characteristics  of  both  a  single  insulated  gate 
FET  and  a  simple  source-follower  circuit  fabricated  in  diamond  using  these  technologies. 


p-TYPE  DOPING  BY  BORON  ION  IMPLANTATION 

Prins'  proposed  that,  by  performing  the  implantation  at  low  temperature  (77  K)‘  ‘' 
to  inhibit  the  migration  of  the  interstitials  out  of  the  implanted  region,  the  percentage  of 
implanted  boron  atoms  incorporated  into  the  diamond  lattice  on  substitutional  sites  can 
be  increased.  Prins'  has  further  noted  that  a  low  temperature  implantation  of  carbon  ions 
in  a  prescribed  ratio  relative  to  the  boron  ion  dose  would  create  a  vacancy  rich  region  for 
the  subsequent  boron  implantation  and  annealing  procedures.  (Although  mechanisms  may 
differ,  co-implantation  has  been  used  to  improve  the  implantation  doping  process  for  other 
materials,  e.g.  the  use  of  Be/F  co-implantation  has  been  shown^  to  increase  the  activation 
efficiency  of  Be  dopants  in  AlGaAs/GaAs  structures).  During  a  rapid  post  implant  anneal, 
the  recombination  of  carbon  self-interstitials  and  vacancies  reduces  radiation  damage  while 
boron  combining  with  vacancies  produces  electrically  active  dopant  incorporation.  This 
was  indicated'  by  optical  transmission  and  electrical  resistance  measurements  of  diamonds 
implanted  with  various  ratios  of  carbon  and  boron  ions.  Further  confirmation  was 
obtained  by  Sandhu,  et  af  by  using  additional  optical  absorption  and  electrical  resistance 
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measurements  of  natural  insulating  (Type  IIA)  diamonds  that  were  co-implanted  with 
boron  and  carbon  ions. 

More  recently,  Prins^^  has  shown  that  the  carbon  self-interstitialA'acancy 
recombination  rate  and  the  boron  interstitialA’acancy  combination  rate  exhibit  different 
dependencies  on  the  annealing  temperature,  rather  than  the  simple  equi-rate  models 
assumed  previously'’"'.  The  sheet  resistance  for  diamond  implanted  with  a  fixed  carbon 
dose  was  demonstrated  to  increase  by  over  seven  orders  of  magnitude  as  the  annealing 
temperature  was  increased  from  850°C  to  1075°C.  The  self-interstitialA'acancy 
recombination  rates  increased  continuously  with  increasing  annealing  temperature 
throughout  this  temperature  interval.  For  boron-implanted  diamond,  however,  the  sheet 
resistance  is  at  a  minimum  for  an  annealing  temperature  of  approximately  1000°C,  and 
increases  by  over  five  orders  of  magnitude  as  the  annealing  temperature  is  increased  from 
1000°C  to  1100°C.  This  indicates  that  the  boron  acceptor  activation  efficiency  is 
maximized  by  annealing  the  implanted  samples  at  approximately  1000  °C.  Subsequent 
annealing  at  higher  temperatures  can  then  provide  for  further  reductions  in  the  radiation 
damage. 

We  have  directly  measured  both  the  carrier  concentration  and  the  hole  mobility  as 
a  function  of  temperature  for  natural  type  lla  diamond  implanted  with  either  boron  or 
carbon,  or  co-implanted  with  boron  and  carbon,  at  substrate  temperatures  of  77,  300,  or 
800  K.  Natural  type  Ila  diamonds,  5mm  x  5mm  x  0.25mm  or  4mm  x  4mm  x  0.25mm  in 
size,  with  a  (100)  orientation,  were  used  throughout  this  study.  The  implantation 
conditions  were  selected  to  allow  verification  of  the  approach  suggested  by  Prins  [1].  In 
both  cases  a  tri-level  implant  procedure  was  used  to  provide  an  approximately  uniformly 
doped  p-type  layer  of  about  2000  A  in  thickness,  as  subsequently  confirmed  by  SIMS 
measurements  performed  at  Charles  Evans  &  Associates  on  a  separately  implanted  test 
sample.  Implantation  of  "B  and  '^C  was  performed  in  a  400  kV  custom  ion  implanter  at 
Hughes  Research  Laboratories.  "B  ions  were  produced  from  BF,  gas  in  an  electron- 
bombardment  ion  source;  '^C  ions  were  produced  from  a  CO  gas  source.  The  ion  beam 
was  mass  separated  at  full  energy  by  using  a  double  focussing  magnet.  Neutrals  were 
removed  and  the  beam  electrostatically  scanned  to  provide  a  uniform  implant  at  7°  from 
the  (100)  axis.  The  fluence  was  determined  by  integrating  the  net  positive  charge  striking 
the  target,  which  is  biased  and  isolated  from  ground  potential  through  a  current  integrator. 
The  target  chamber  was  evacuated  to  about  10’*  Torr  using  a  cryopump.  The  diamonds 
were  mounted  on  a  temperature  controlled  sample  holder  for  the  specified  implantation 
conditions.  Six  diamonds  were  implanted  at  the  temperatures,  doses,  and  conditions 
indicated  in  Table  I.  Ion  current  densities  were  controlled  to  complete  the  desired 
implantation  dose  in  time  intervals  between  60  and  600  s. 

After  implantation,  the  samples  were  immediately  removed  from  the  implantation 
stage,  placed  in  a  quartz  furnace  preheated  to  990°C  and  annealed  under  flowing  dry 
nitrogen  to  remove  implantation  damage  and  activate  the  implanted  boron.  In  all  but  one 
case  the  annealing  time  was  10  min.  For  the  low  dose,  low  temperature  boron 
implantation,  a  60  min  anneal  was  used  to  determine  whether  additional  annealing  time 
would  improve  the  activation  efficiency  and  mobility.  Tlie  samples  were  cleaned  by  etching 
in  a  boiling  saturated  solution  of  CrO,  in  sulfuric  acid  to  remove  any  potential  graphitized 
layers  resulting  from  the  implantation  process.  The  diamonds  were  then  rinsed  in 
deionized  water,  boiled  in  acetone,  rinsed  with  methanol,  then  blown  dry  by  using  dry 
nitrogen.  The  samples  were  then  loaded  into  an  ultra-high  vacuum  chamber  (base 
pressure  ~  1x10  ®  Torr)  for  ohmic  contact  metallization. 
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Contacts  were  defined  on  the  sample  corners  by  using  a  stainless  steel  shadow  mask. 
The  contact  metallization  consisted  of  100  A  of  Mo  deposited  by  electron  beam 
evaporation,  followed  by  1500  A  of  Au  deposited  from  a  resistively  heated  boat.  After 
removal  from  the  vacuum  chamber,  the  samples  were  baked  at  120°C  for  20  min,  then 
annealed  for  6  min  at  960°C  in  a  dry  hydrogen  ambient  (dew  point  <  -60°C).  This 
process,  discussed  below,  has  previously  been  shown  to  yield  ohmic  contacts’.  Gold  wires 
were  then  wire  bonded  between  the  Mo/Au  evaporated  contacts  and  the  gold  contact  pads 
of  a  chip  carrier  and  mounted  in  the  high  temperature  van  der  Pauw  resistivity/Hall  effect 
measurement  apparatus. 

Table  I.  Ion  Implantation  Conditions 


Implant 

Species 

Ion  Energy 
(keV) 

Implant  Dose 
(cm’) 

Implant 

Temperature  (K) 

Anneal 
Time  (min) 

12C+ 

120 

3.0  X  10'^ 

77 

10 

60 

2.1  X  10'^ 

1.5  X  10*^ 

‘’C"  +  “B'" 

120 

3.0  X  10'‘ 

77 

10 

60 

2.1  X  10“ 

30 

1.5  X  10“ 

100 

3.0  X  10“ 

50 

2.1  X  10“ 

25 

1.5  X  10“ 

iiB+ 

100 

3.0  X  10“ 

77 

10 

50 

2.1  X  10“ 

25 

1.5  X  10“ 

UB+ 

100 

3.0  X  10*’ 

77 

60 

50 

2.1  X  10*’ 

25 

1.5  X  10*’ 

iiB+ 

100 

3.0  X  10“ 

300 

10 

50 

2.1  X  10“ 

25 

1.5  X  10“ 

iiB+ 

100 

3.0  X  10“ 

800 

10 

50 

2.1  X  10“ 

25 

1.5  X  10“ 

Electronic  transport  measurements  were  made  in  a  specially  constructed  quartz 
chamber  (described  in  reference  8)  with  a  high  purity  argon  ambient  maintained  at  a  dew 
point  of  less  than  -60  °C  (as  monitored  by  a  hygrometer  in  the  gas  exhaust  line).  The 
sample  was  radiatively  heated  by  furnace  coils  surrounding  the  quartz  chamber  to  a 
maximum  temperature  of  790°C.  Hall/resistivity  measurements  were  then  made  as  a 
function  of  sample  temperature.  Measurements  were  carried  out  in  a  magnetic  field  of 
0.95  Tesla  with  injected  currents  of  between  1  nA  and  10  ^A. 
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The  sheet  resistance  data  shown  in  Fig.  1  indicate  that  the  lowest  resistance  is 
achieved  by  co-implanting  with  carbon  and  boron  at  low  temperature.  The  resistance  for 
this  sample  is  more  than  an  order  of  magnitude  lower  than  that  of  the  sample  implanted 
with  boron  at  low  temperature.  The  sample  implanted  with  an  order  of  magnitude  lower 
boron  dose,  but  annealed  for  60  min,  exhibited  a  significantly  increased  resistance  but  was 
still  superior  to  that  obtained  for  the  sample  implanted  with  a  full  boron  dose  at  300  K. 
The  room  temperature  boron  implant  produced  a  lower  sheet  resistance  than  the  low 
temperature  carbon  implant,  while  the  800  K  boron  implant  exhibited  the  highest  sheet 
resistance  among  all  the  implanted  samples.  The  fact  that  the  high  temperature  boron 


Fig  1.  Sheet  resistance  as  a  function  of  inverse  temperature  for  the  implantation 
conditions  specified  in  Table  I. 

implant  produces  the  highest  resistance  corroborates  nuclear  reaction  analysis  results’ 
which  showed,  by  direct  boron  depth  profiling,  that  most  of  the  boron  implanted  at  670 
K  migrated  out  of  the  implant  region.  Additionally,  it  has  been  shown’  that  while  boron 
implantation  at  370  K  results  in  a  somewhat  greater  concentration  of  boron  in  the  implant 
region  than  does  implantation  at  670  K,  implantation  of  boron  at  90  K  results  in 
significantly  greater  boron  concentrations  than  either  the  370  or  670  K  implantations.  The 
increased  sheet  resistance  of  the  800  K  boron  implantation  over  the  low  temperature 
carbon  implantation  observed  in  this  work  is  presumably  caused  by  a  reduction  in 
electrically  active  lattice  defects  produced  in  the  course  of  the  high  temperature  implant, 
an  indication  that  the  10  min  activation  anneals  do  not  remove  all  residual  lattice  damage. 
Prins‘  ‘*  has  shown  that  after  activating  the  boron,  a  higher  temperature  anneal  over  a 
longer  time  period  will  further  reduce  the  number  of  residual  defects. 

The  carrier  concentration  data,  summarized  in  Fig.  2,  indicates  that  the  low 
temperature  carbon  plus  boron  co-implantation  procedure  produces  an  increase  in  the  total 
number  of  holes  of  almost  two  orders  of  magnitude  over  that  obtained  with  boron  alone. 
The  reduced  dose  boron  implant  does  provide  fewer  carriers,  but  due  to  the  increased 
annealing  time,  the  amount  of  reduction  is  less  than  the  order  of  magnitude  decrease 
expected  from  the  decrease  in  the  dose.  The  300  K  boron  implant  produced  a  measurable 
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hole  concentration,  but  the  density  was  approximately  an  order  of  magnitude  lower  than 
that  of  the  sample  implanted  with  an  equal  boron  dose  at  77  K.  Neither  the  sample  that 
was  implanted  with  carbon  at  77  K  nor  the  sample  implanted  with  boron  at  800  K 
produced  a  measureable  carrier  concentration. 

Measurements  of  the  carrier  mobility  showed  that  the  carbon  plus  boron  co¬ 
implanted  sample  exhibits  a  significant  decrease  in  the  hole  mobility  relative  to  samples 
implanted  with  boron  alone.  In  all  cases  the  measurements  showed  considerable  variation, 
but  repeated  trials  and  repeated  measurements  at  each  temperature  were  used  to  obtain 
reliable  data.  As  with  measurements  of  the  carrier  concentration,  neither  the  carbon  only 
implant  nor  the  800  K  boron  implant  produced  a  measurable  hole  mobility. 

In  initial  calibration  runs  of  the  system,  Hall/van  der  Pauw  resistivity  measurements 
were  made  on  a  natural  type  Ilb  semiconducting  diamond.  The  temperature  dependence 
of  the  free  hole  concentration  vs  temperature  was  equivalent  to  that  obtained  by  Collins 
et.  and  indicated  a  hole  activation  energy  of  0.33  eV.  The  measured  mobility  of 


1000/T  (K  ’) 

Fig  2.  Net  carrier  concentration  as  a  function  of  inverse  temperature  for  the  implantion 
conditions  specified  in  Table  I. 

this  sample  was  400  cmW-s  at  300  K.  This  is  lower  than  the  values  previously 
reported’"'",  but  within  the  range  reported  by  others’^"  for  synthetic  diamond.  The  lower 
mobility  values  may  be  indicative  of  a  higher  defect  density  in  our  sample  relative  to  that 
measured  by  Collins".  Vavilov,  et.  al.^*  reported  room  temperature  mobilities  of  between 
200-700  cmW-s  for  natural  diamond  implanted  with  40  keV  boron  ions  at  room 
temperature  and  vacuum  annealed  at  1400°C  for  two  hours.  Consequently,  it  is  reasonable 
to  expect  that  a  better  optimized  set  of  implantation  and  annealing  conditions  would 
improve  the  hole  mobility.  This  was  subsequently  tested  by  annealing  an  implanted  sample 
at  1450  °C  for  one  hour.  Figure  3  shows  the  measured  sheet  resistance  as  a  function  of 
inverse  temperature  for  the  implanted  and  annealed  samples.  The  sheet  resistance  is 
significantly  lower  for  the  sample  recei-ving  the  1450°C  anneal,  in  agreement  with  the 
observations  of  Prins’^.  The  net  carrier  concentration  determined  by  the  Hall  effect 


measurements  is  plotted  in  Fig.  4  as  a  function  of  inverse  temperature.  The  effect  of  the 
1450  °C  anneal  is  to  increase  the  net  carrier  concentration  by  approximately  one  order  of 
magnitude.  Prins'^  has  suggested  that  the  reduction  in  sheet  resistance  following  a  second 
higher  temperature  anneal  is  due  to  a  reduction  in  compensating  donors.  We  observe  only 
a  relatively  small  change  in  mobility  (105  cmW-s  us.  55  cmW-s),  indicating  that  the 
primary  effect  is  indeed  one  of  reduced  compensation. 

Since  the  sample  implanted  with  carbon  plus  boron  received  a  total  implant  dose 
twice  that  of  the  sample  implanted  with  boron  alone  this  reduction  in  mobility  is  not 
surprising.  With  the  increase  in  activation  associated  with  the  carbon  pre-implant, 
however,  this  might  be  controlled  by  reducing  both  the  carbon  and  boron  implant  doses. 
Alternatively,  it  is  possible  to  design  an  equally  effective  implantation  scheme  using 
suitably  tailored  multi-energy  boron  implants.  This  has  also  been  noted  by  Prinsl 


Fig  3.  Sheet  resistance  as  a  function  of  inverse  temperature  for  a  diamond  implanted  with 
boron  at  77  K  and  annealed  at  990°C  (♦)  and  subsequently  annealed  at  1450°C  (•). 


Fig  4.  Net  carrier  concentration  as  a  function  of  inverse  temperature  for  a  diamond 
implanted  with  boron  at  77  K  and  annealed  at  990°C  (  ♦  )  and  subsequently  annealed  at 
1450°C  (•). 
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OHMIC  CONTACT  CHARACTERIZATION 


The  development  of  ohmic  electrical  contacts  is  an  integral  stage  in  the  growth  of 
a  new  materials  technology.  A  low  contact  resistance  is  the  primary  requirement  for  such 
contacts.  However,  strong  adhesion  and  the  ability  to  withstand  the  high  temperatures  for 
which  diamond  devices  are  intended  are  also  required.  The  formation  of  low  resistance 
ohmic  contacts  to  any  wide  bandgap  semiconductor  is  a  difficult  problem  due  to  the  large 
potential  barrier  which  arises  when  a  metal  is  deposited  on  the  semiconductor.  To  further 
complicate  the  problem,  diamond  has  a  large  surface  state  density,  effectively  pinning  the 
Fermi  level  far  from  the  band  edges.  In  spite  of  these  difficulties,  techniques  have  been 
developed  to  produce  ohmic  contacts  to  p-type  semiconducting  diamond.  Ohmic  contacts 
produced  via  a  solid  state  annealing  process  have  been  studied  extensively’  and  are 
believed  to  satisfy  the  requirements  noted  above.  In  this  process  a  thin  film  of  a  transition 
metal  carbide  forming  metal  is  deposited  on  the  diamond  surface.  Annealing  at  high 
temperature  (950°C)  leads  to  the  formation  of  a  carbide  layer  at  the  interface.  This  layer 
provides  an  intimate  contact  to  the  diamond  and  promotes  good  adhesion. 

Ohmic  contacts  may  be  characterized  by  measuring  the  series  resistance  arising  at 
the  contact-semiconductor  junction,  R,,.  Normalizing  the  contact  resistance  to  the  contact 
area  gives  rise  to  the  specific  contact  resistance,  r,..  For  the  ideal  case  of  uniform  current 
flow  perpendicular  to  the  contact,  we  have  r,,=R,yA,  with  A  being  the  contact  area.  In 
reality,  however,  the  current  flow  is  rarely  perpendicular,  and  the  finite  resistance  of  the 
semiconductor  leads  to  current  crowding^'*.  Measurement  techniques'®*’  have  been 
developed  to  allow  the  current  crowding  and  bulk  resistance  of  the  semiconductor  to  be 
deconvolved  from  R^,  thereby  uniquely  determining  the  specific  contact  resistance. 
Conceptually,  the  simplest  technique  is  that  of  Cox  and  Strack'’  in  which  contacts  are 
made  to  both  the  front  and  back  sides  of  the  sample.  The  primary  advantages  of  this 
technique  are  the  ease  in  processing  the  contacts  and  the  simplified  analysis  due  to  the 
geometry.  However,  due  to  the  semi-insulating  nature  of  bulk  diamond,  there  is  a  large 
series  resistance  contribution  to  the  total  resistance  from  the  substrate  itself.  In  practice, 
this  limits  the  method  of  Cox  and  Strack  to  contact  resistances  of  10  '  fl-cm^  or  greater  on 
typical  type  Ilb  diamond.  A  second  technique  utilizes  an  array  of  contact  pads  of  equal 
size,  but  varying  separation,  contacting  a  thin  conducting  layer.  The  contact  resistance  in 
these  structures  is  analyzed  using  the  transmission  line  model'®.  The  primary  drawback  to 
transmission  line  model  measurements  is  the  need  to  perform  a  mesa  etch  in  order  to 
reduce  the  analysis  of  current  flow  between  contacts  to  a  two  dimensional  problem. 

A  technique  for  eliminating  the  mesa  etch  requirement  from  the  transmission  line 
model  measurement  has  been  demonstrated®’.  This  approach  is  based  on  use  a  circular 
test  pattern  consisting  of  a  central  dot  and  concentric  ring  contacts.  The  measurements 
are  interpreted  using  a  circular  transmission  line  model.  We  have  chosen  to  use  this 
method  for  determining  r,,.  The  geometry  of  the  circular  transmission  line  test  pattern  is 
outlined  in  Fig.  5. 

Two  heavily  doped  diamond  samples  were  obtained  by  growing  homo-epitaxial 
layers  with  a  large  boron  concentration  on  type  Ila  insulating  diamond  substrates.  The 
first  sample  consisted  of  a  diamond  film  with  a  high  boron  concentration  and  about  4  /jlixi 
in  thickness  grown  epitaxially  on  a  <100>  type  Ila  insulating  diamond  substrate  with  the 
dimensions  of  5  x  5  x  0.25  mm®.  The  second  sample  consisted  of  a  6  /rm  thick  diamond 
film  with  a  high  boron  concentration  grown  epitaxially  on  a  <110  >  type  Ila  substrate,  also 
5  X  5  X  0.25  mm®.  These  films  were  grown  at  MIT  Lincoln  Labs.  The  lightly  doped 
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samples  consisted  of  two  irregularly  shaped  type  Ilb  (naturally  boron  doped)  diamonds 
thinned  to  44  and  50  thickness,  and  a  5  x  5  x  0.25  mm’  type  lib  diamond  window. 


To  =  n.7  fim — *- 
r,'  =20.4(im — ► 
=32.5iim — ^ 


Fig.  5.  Schematic  representation  of  the  circular  transmission  line  contact  pattern 

used  in  determination  of  the  specific  contact  resistance. 

The  samples  were  cleaned  using  Decontam,  deionized  water,  and  methanol, 
sequentially.  The  samples  were  then  coated  with  photoresist  and  patterned  using  standard 
photolithographic  techniques.  Samples  were  baked  at  120°C  for  20  minutes  following 
photoresist  patterning  and  loaded  into  an  ion  pumped  ultra-high  vacuum  system  (base 
pressure  1  x  10  ®  Torr).  Electron  beam  evaporation  was  used  for  deposition  of  the  carbide 
forming  metal  (either  Ti  or  Mo).  The  thickness  of  the  carbide  forming  metal  was  ~  100 
A.  Subsequently,  1500  A  of  Au  was  deposited  from  a  resistively  heated  boat  onto  the 
surface  of  the  Ti  or  Mo  without  breaking  vacuum  to  prevent  oxidation  prior  to  annealing, 
as  well  as  to  reduce  the  resistance  in  the  contact  metallization.  The  pressure  during 
evaporation  was  2  x  10  ’  Torr.  Film  thicknesses  were  determined  using  a  crystal  monitor 
during  deposition.  After  deposition  a  lift-off  process  was  used  to  remove  undesired  metal, 
leaving  contact  structures  as  shown  in  Fig.  5.  The  dimensions  (in  the  notation  of  Reeves^) 
were  =  X2=AAlYf„  and  r2=5.58r(,  with  r,,  =11.7  fiin. 

Following  patterning,  the  contact  structures  were  characterized  using  a  current 
source  and  digital  multimeter.  The  measurements  consisted  of  placing  tungsten  probes  on 
the  inner  dot,  the  central  ring,  and  the  outer  ring.  The  total  resistance  between  the  central 
ring  and  the  inner  dot,  and  the  central  ring  and  the  outer  ring  were  measured.  The  end 
resistance  was  determined  by  passing  a  current  through  the  central  ring  and  the  inner  dot 
and  measuring  the  voltage  between  the  central  ring  and  the  outer  contact.  This  result  was 
checked  by  switching  contact  pairs  and  remeasuring.  Using  these  three  results,  the  specific 
contact  resistance  can  be  calculated  as  described  by  Reeves^.  After  probing,  the  samples 
were  baked  at  120°C  for  approximately  20  minutes  and  then  annealed  in  a  purified 
hydrogen  ambient  at  950°C.  Anneal  times  were  2  minutes  for  Ti  and  6  minutes  for  Mo. 
After  annealing,  the  samples  were  remeasured. 

The  results  of  the  specific  contact  resistance  measurements  are  summarized  in  Table 
ll.  As  expected,  contacts  to  the  highly  doped  epitaxial  films  (epi-<100>  and  epi-<110>) 
exhibit  the  lowest  specific  contact  resistances.  Both  the  titanium-  and  molybdenum-based 
metallizations  showed  excellent  results  as  deposited,  with  little  or  no  improvement  upon 
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annealing.  Contacts  formed  by  placing  tungsten  probe  tips  on  the  diamond  surface  showed 
only  a  slight  deviation  from  linearity.  Contacts  formed  by  the  Ti  films  were  highly  linear. 
This  may  be  due  to  the  highly  doped  nature  of  these  layers.  The  measured  value  of 
specific  contact  resistances  after  annealing  are  more  than  satisfactory  for  device  fabrication. 
Lightly  doped  diamond  (represented  by  the  "thin"  and  "thick"  samples)  are  much  more 
difficult  to  contact,  but  are  still  adequate  for  larger  devices.  Fig.  6  shows  the  contribution 
of  the  contact  resistance  to  the  total  device  resistance  for  two  different  sized  devices. 
Clearly,  for  larger  devices  the  requirements  on  the  specific  contact  resistance  are  much  less 
stringent.  Non-ohmic  behavior  was  observed  for  the  as-deposited  contacts  in  these 
samples,  with  ohmic  behavior  observed  after  annealing. 


Fig  6.  The  contribution  of  the  contact  resistance  to  the  total  device  resistance  for  two 
different  sized  devices.  The  top  curve  is  for  a  circular  MISFET  with  a  source  to  drain 
separation  of  12  /xm,  a  gate  length  of  2  jum  and  a  gate  width  of  314  /rm.  The  bottom  curve 
is  for  a  circular  MISFET  with  a  source  to  drain  separation  of  400  ^m,  a  gate  length  of  200 
fim  and  a  gate  width  of  approximately  2460  ftm.  In  both  cases  the  channel  was  assumed 
to  be  undepleted  (Vg=  0  V).  The  sheet  resistance  was  assumed  to  be  a  uniform  10''  lin  '. 


Table  II 

Specific  Contact  Resistance  Results  for  Various  Samples 


Sample 

Conducting 
layer  thickness 
inm) 

Metal 

Na  (cm'^) 
at  300  K 

r^  (fl-cm^) 
as  deposited 

r^  (Sl-cm^) 
Post  Anneal 

epi-<100> 

4 

Ti, 

Mo 

5x10'’ 

3.2x10’ 

1.8x10’ 

epi-<110> 

6 

Ti, 

Mo 

7x10*’ 

7.6x10’ 

2x10’ 

thin  type  Ilb 

44,  50 

Mo 

(a)  10" 

over-ranged 

1.2x10’ 

thick  type 
lib 

250 

Mo 

(a)  10" 

over-ranged 

1.4x10’ 

(a)  Representative  value  from  other  type  lib  diamond  samples. 


105 


FABRICATION  AND  TESTING  OF  A  MISFET 


To  investigate  the  effectiveness  of  ion  implantation  for  electronic  device 
applications,  an  implanted  diamond  was  used  to  fabricate  a  Metal  Insulator  Gate  Field 
Effect  Transistor  (MISFET).  This  structure  was  selected  to  eliminate  the  gate  leakage 
problem  observed  in  diamond  MESFET  fabrication^*.  A  circular  geometry  that  consisted 
of  a  central  drain  contact  400  fim  in  diameter,  with  concentric  200  ^m  wide  gate  and 
source  contacts  1000  jim  and  1600  ixm  in  diameter  was  chosen  to  eliminate  the  need  for 
a  mesa  etch. 

A  tri-level  boron  implant  procedure  was  used  to  provide  an  approximately  uniformly 
doped  p-type  layer  of  about  2000  A  in  thickness  in  a  natural  type  Ila  diamond  sample. 
The  implantation  energies  were  100  keV,  50  keV  and  25  keV,  with  doses  of  3.0  x  lO'Vcm^ 
2.1  X  l()‘Vcm^  and  1.5  x  lO'Vcm^  respectively.  The  substrate  was  maintained  at  77  K 
during  the  implantation  procedure.  After  implantation,  the  sample  was  annealed  under 
flowing  dry  nitrogen  at  990°C  to  remove  implantation  damage  and  activate  the  implanted 
boron.  The  annealing  time  was  10  min.  TTie  sample  was  then  cleaned  by  etching  in  a 
heated  saturated  solution  of  CrOj  in  sulfuric  acid  to  remove  any  potential  graphitized 
layers  resulting  from  the  implantation  process.  The  diamond  was  then  rinsed  in  deionized 
water,  acetone,  and  methanol,  and  blown  dry  using  dry  nitrogen. 

MISFETs  were  then  fabricated  using  procedures  described  elsewhere^^.  In  brief, 
source  and  drain  ohmic  contacts,  consisting  of  a  bilayer  structure  of  100  A  of  Mo 
deposited  on  the  diamond  and  capped  with  1600  A  of  Au,  were  defined  by  a  lift-off 
process’'^^  and  annealed  at  960  °C  in  a  dry  hydrogen  environment.  The  gate  insulator, 
consisting  of  an  SiOj  film  approximately  1000  A  thick,  was  deposited  by  indirect  plasma 
enhanced  chemical  vapor  deposition  at  a  temperature  of  300°C.  The  gate  metal,  also 
defined  by  a  lift-off  process  was  a  100  A  Ti/1600  A  Au  bilayer  structure^.  Ti  was  selected 
as  the  gate  metal  to  provide  good  adhesion  to  the  gate  insulator,  with  the  Au  cap  to 
prevent  oxidation  of  the  Ti  and  to  lower  the  gate  resistance.  All  metallizations  were 
deposited  in  an  ultra-high  vacuum  system  with  a  pressure  during  deposition  of  less  than 
7x10  ®  Torr. 

Four  devices  were  fabricated  on  the  sample.  The  room  temperature  depletion  mode 
transistor  characteristics  were  obtained  for  gate  voltages  between  0  and  12  V.  Three 
devices  showed  nearly  identical  performance,  the  fourth  device  had  a  drain  current  roughly 
a  factor  of  two  higher  for  a  given  drain  and  gate  bias  condition.  As  shown  in  Fig  7,  drain 
current  saturation  is  observed  over  the  entire  range  of  Vq  and  current  pinch-off  is  achieved 
between  gate  voltages  of  10  to  12  V.  The  transconductance  was  measured  to  be  28 
/iS/mm.  Although  not  shown  here,  the  source-to-drain  resistance  increased  from  8.3  kO 
to  1.1  Mn  following  deposition  of  the  gate  oxide,  indicating  that  the  deposited  oxide  causes 
the  channel  layer  to  be  partially  depleted.  This  allows  "enhancement"  mode  operation  of 
the  device  under  negative  gate  bias  conditions.  The  "enhancement"  mode  transistor 
characteristics  are  shown  in  Fig.  7b  for  gate  bias  between  0  and  -6  V.  The 
transconductance  in  this  mode  was  measured  to  be  48  /rS/mm. 

Two  of  the  devices,  operating  in  the  depletion  mode,  were  contacted  with  probes 
and  connected  in  the  driver-active  load  configuration.^  An  active  load  is  employed  in 
place  of  a  passive  load  (resistor)  whenever  it  is  desired  to  operate  at  a  high  current  (for 
example,  in  order  to  obtain  a  high  transconductance)  with  small  power  dissipation.  If  both 
transistors  have  identical  I-V  characteristics,  the  voltage  gain  of  the  pair  is 
where  is  the  transconductance  and  is  the  output  resistance  in  saturation.  A  parasitic 


106 


(1) 


z*. 


2 


resistance,  shown  with  dashed  lines  in  the  figure,  is  a  consequence  of  the  blanket  implant 
process  doping  the  diamond  between  devices,  and  has  a  value  of  approximately  10  kQ. 
(The  sheet  resistance  of  the  implanted  layer  is  about  10  knQ  ’.)  The  transistors  were 
connected  in  such  a  way  as  to  place  this  parasitic  resistor  across  the  power  supply  rather 
than  across  the  output.  The  circuit  was  tested  at  room  temperature  under  dc  conditions. 
A  gain  of  approximately  2  was  measured  over  a  wide  range  of  Vdq.  This  gain 

was  lower  than  had  been  expected,  based  on  the  individual  device  characteristics  shown  in 
Fig.  7  and  equation  (1).  The  most  likely  cause  for  the  lower  than  expected  gain  is 
mechanical  damage  to  the  gate  oxide  resulting  from  the  contacting  probes. 

Currently,  efforts  are  under  way  to  reduce  the  parasitic  resistance,  primarily  by 
utilizing  a  selective  area  implant. 


DRAIN  VOLTAGE  (V) 
(a) 


DRAIN  VOLTAGE  (V) 
(b) 


Fig.  7  (a)  Room  temperature  current-voltage  characteristics  of  a  diamond  MISFET 

operating  in  depletion  mode,  (b)  Room  temperature  current-voltage 
characteristics  of  the  device  with  negative  gate  bias  applied,  operating  in 
"enhancement"  mode. 
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CONCLUSIONS 


Although  further  development  is  needed,  the  enabling  technologies  of  ion 
implantation  into  diamond,  and  ohmic  contact  formation  to  semiconducting  diamond  have 
been  demonstrated.  These  technologies  have  been  used  in  the  fabrication  of  MISFET 
devices  exhibiting  both  current  saturation  and  complete  channel  pinch-off,  with  two  such 
devices  being  connected  to  form  a  simple  demonstration  circuit. 

ACKNOWLEDGEMENTS 

The  work  discussed  here  was  supported  by  the  Naval  Command,  Control,  and  Ocean 
Surveillance  Center  RDT&E  Division  Independent  Research  program  (Dr.  Alan  Gordon) 
and  the  Office  of  Naval  Research  (Mr.  Max  Yoder)  under  BMDO/IST  funding. 

REFERENCES 

1  J.F.  Prins,  Phys.  Rev.  B,  38,  5576  (1988). 

2  J.F.  Prins,  Phys.  Rev.  B,  44,  2470  (1991). 

3  J.F.  Prins,  Nuc.  Instr.  and  Meth.,  B59,  1387  (1991). 

4  J.F.  Prins,  Phys.  Rev.  B,  39,  3764  (1989). 

5  G.S.  Sandhu,  M.L.  Swanson,  and  W.K.  Chu,  Appl.  Phys.  Lett.  55,  1397  (1989). 

6  R.A.  Kiehl,  P.E.  Hallali,  J.  Yates,  M.A.  Tischler,  R.M.  Potemski,  and  F.  Cardone, 

IEEE  Electron  Device  Lett.,  12,  530  (1991). 

7  K.L.  Moazed,  J.R.  Zeidler,  and  M.J.  Taylor,  J.  Appl.  Phys.,  68,  2246  (1990). 

8  J.R.  Zeidler,  C.A.  Hewett,  and  R.G.  Wilson,  Phys.  Rev.  B,  47,  2065  (1993). 

9  R.A.  Spits,  T.E.  Derry,  J.F.  Prins,  and  J.P.F.  Sellschop,  Nucl.  Instr.  and  Meth. 
B59/60,  1366  (1991). 

10  A.T.  Collins  and  E.C.  Lightowlers,  in  The  Properties  of  Diamond,  edited  by  J.E. 
Field  (Academic  Press:  New  York,  1979),  pp  79-109. 

11  A.T.  Collins  and  A.W.S.  Williams,  J.  Phys.  C:  Solid  St.  Phys.,  4,  1789  (1971). 

12  N.  Fujimori,  H.  Nakahata,  and  T.  Imai,  Jap.  J.  Appl.  Phys.,  29(5),  824  (1990). 

13  P.I.  Baranskii,  V.G.  Malogolovets,  V.I.  Torishnii,  and  G.V.  Chipenko,  Sov.  Phys. 

Semicond.,  21(1),  45  (1987). 

14  V.S.  Vavilov,  M.A.  Gusasyan,  M.L  Guseva,  T.A.  Karatygina,  and  E.A.  Konorova, 
Sov.  Phys.  Semicond.,  8(4),  471  (1974). 

15  J.F.  Prins,  Materials  Science  Reports,  7,  271  (1992). 

16  S.S.  Cohen  and  G.Sh.  Gildenblat,  in  VLSI  Electronics  Microstructure  Science, 
Vol.l3,  ed.  N.G.  Einspruch,  Academic  Press,  Inc.,  New  York,  pp.  87-133  (1986). 

17  C.-Y  Ting  and  C.Y.  Chen,  Solid-State  Electronics,  14,  433-438  (1971). 

18  H.H.  Berger,  Solid-State  Electronics,  15,  145-158  (1972). 

19  R.H.  Cox  and  H.  Strack,  Solid-State  Electronics,  10,  1213-1218  (1967). 

20  G.K.  Reeves,  Solid-State  Electronics,  23,  487-490  (1980). 

21  G.  Sh.  Gildenblat,  S.A.  Grot,  C.W.  Hatfield,  and  A.R.  Badzian,  IEEE  Elect.  Dev. 
Lett.,  12,  37  (1991). 

22  C.R.  Zeisse,  C.A.  Hewett,  R.  Nguyen,  J.R.  Zeidler,  and  R.G.  Wilson,  IEEE  Elect. 
Dev.  Lett.,  12,  602  (1991). 

23  J.R.  Zeidler,  C.A.  Hewett,  R.  Nguyen,  C.R.  Zeisse,  and  R.G.  Wilson,  Diamond  and 
Related  Materials,  2,  1341  (1993). 


108 


DIAMOND  FIELD-EFFECT  TRANSISTORS 


DAVID  L.  DREIFUS,  ALISON  J.  TESSMBR,  JOSEPH  S.  HOLMES,  CHIEN-TEH  KAO, 
DEAN  M.  MALTA,  LINDA  S.  PLANO,  AND  BRIAN  R.  STONER 

Kobe  Steel  USA  Inc.,  Electronic  Materials  Center,  79  TW  Alexander  Drive,  Research  Triangle 
Park,  NC  27709 


ABSTRACT 

Metal-oxide-semiconductor  field-effect  tfansistors  (FETs)  have  been  fabricated  using  B-doped 
diamond  thin  films  deposited  on  polyctystalline,  (100)  highly-oriented,  and  single  cryst^  diamond 
insulating  substrates.  Diamond  films  were  grown  using  a  microwave  plasma  chemical  vapor 
deposition  technique.  Various  electrical  and  materials  characterization  techniques  were  employed 
to  confirm  that  the  films  exhibited  properties  suitable  for  FET  fabrication.  Devices  with  gate 
lengths  and  widths  of  2  p.m  and  314  (im  respectively,  were  processed  using  standard 
photolithography.  Silicon  dioxide  was  used  as  the  gate  dielectric.  Current-voltage  characteristics 
of  these  devices  have  been  measured  during  variable  temperature  cycling  in  air.  Devices  fabricated 
on  the  randomly  oriented  polycrystalline  diamond  substrates  have  been  operated  to  285°C.  Field- 
effect  transistors  fabricated  using  the  highly-oriented  diamond  substrates  have  been  characterized  to 
400°C.  Single  crystal  diamond  devices  exhibited  saturation  and  pinch-off  of  the  channel  current  at 
temperatures  up  to  500°C.  These  devices  have  been  biased  in  amplifier  circuit  configurations  that 
have  been  characterized  from  20  Hz  to  1  MHz.  Single  crystal  FETs  exhibited  voltage  gain  over  an 
extended  temperature  range.  Transconductances  as  large  as  1.7  mS/mm  have  been  observed.  The 
electronic  properties,  fabrication  technologies,  and  performance  of  devices  fabricated  on  the  three 
diamond  substrate  materials  will  be  discussed  and  compared. 


INTRODUCTION 

There  have  been  many  publications  describing  the  virtues  of  diamond’s  unique  combination  of 
properties  such  as  its  wide  bandgap,  high  breakdown  field,  high  thermal  conductivity,  high 
electron  and  hole  mobilities,  and  radiation  hardness.*'*  Several  theoretical  analyses  suggest  that 
diamond  devices  could  potentially  exhibit  performance  superior  to  that  of  devices  fabricated  from 
other  materials  such  as  Si  and  GaAs.^’  *  Hence,  diamond  has  been  regarded  as  a  suitable  material 
for  electronic  devices  operating  under  hostile  conditions  such  as  high  temperature,  high  power, 
high  radiation,  and  high  frequencies.*'^  A  great  deal  of  excitement  has  been  generated  by  reports 
of  working  transistors  fabricated  from  single  crystal  diamond.'- ^' ’*’ ^'**  The  performance  of 
diamond  transistors,  however,  has  varied  greatly,  depending  on  device  structure,  starting  material, 
doping  technique,  and  device  processing  technologies.  Many  of  the  reported  devices  were 
fabricated  on  material  grown  by  chemical  vapor  deposition  (CVD)  on  single  crystal,  natural 
diamond  substrates.  In-situ  doping*- ion  implantation'*-  *°,  and  solid-state  diffusion" 
methods  have  all  been  employed  to  form  the  device  active  areas. 

In  contrast,  there  have  been  reports  that  refute  the  optimistic  outlook  for  diamond  electronic 
devices.*^'*"*  In  these  latter  reports,  authors  indicate  that  many  unresolved  issues  need  to  be 
addressed,  such  as  the  availability  of  a  suitable  large-area  substrate,  the  lack  of  low  activation 
energy  dopants,  the  state  of  diamond  device  process  technologies,  and  the  growth  of  high  quality 
doped  diamond  layers. 

To  date,  the  combination  of  elevated  temperature  operation,  saturation,  and  complete  pinch-off 
of  the  active  channel  has  not  been  reported.  On  planar  devices,  gate  electrode  failure  and  peripheral 
leakage  currents  have  prevented  proper  device  operation  above  100°C,''  although  some  modulation 
has  been  seen  at  temperatures  up  to  350°C.^  Device  transconductance  has  been  limited  to  less  than 
100  |lS/mm. 

Another  limiting  factor  for  the  previously  reported  devices  is  that  they  are  all  fabricated  using 
single  crystal  diamond  substrates.  While  this  is  not  a  problem  as  far  as  device  operation  itself  is 
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concerned,  it  is  a  severe  limitation  in  terms  active  device  area  and  cost.  This  is  due  to  the  small  size 
and  high  cost  of  available  high  quality  natural  and  synthetic  diamond  substrates.  Ideally,  large  area 
single  crystal  diamond  or  alternate  substrates  on  which  diamond  can  be  grown  heteroepitaxially 
would  be  desirable.  Although  initial  hetero-nucleation  results  on  SiC*^  and  Ni'®  indicate  that  this 
may  be  possible,  true  heteroepitaxy  has  not  yet  been  realized  except  on  single  crystals  of  cubic- 
gjsj  17, 18  Unfortunately,  cubic-BN  is  currently  as  difficult  to  produce  in  large-area  single  crystals 
as  diamond.  Thus,  natural  and  synthetic  high-temperature,  high-pressure  material  remain  the  sole 
sources  of  substrates  for  monocrystalline  diamond  films. 

The  economic  viability  and  the  availability  of  polycrystalline  diamond  films  have  many  groups 
trying  to  fully  characterize  the  electronic  properties  of  these  films.^’  Polycrystalline  diamond 
films  have  been  deposited  over  large  areas  using  a  variety  of  deposition  techniques.^^"^^  Boron- 
doped  semiconducting  diamond  films  can  be  easily  obtained.^'  The  doping 

concentrations  can  be  accurately  controlled  by  changing  the  gas  phase  chemistry  in  CVD 
processing.  Although  the  effects  of  grain  boundaries  upon  electrical  properties  have  not  been  fully 
assessed,  it  is  worthwhile  to  investigate  the  possibilities  of  electronic  devices  made  of 
polycrystalline  diamond  films,  and  also  interesting  to  compare  electrical  properties  between 
polycrystalline  and  single  crystal  diamond  films.  Promisingly,  the  first  operation  and  subsequent 
enhanced  performance  of  FETs  fabricated  using  polycrystalline  diamond  films  has  been 
reported.^^’  Furthermore,  an  engineered  polycrystalline  material  in  which  the  individual  grains 
are  highly-oriented  with  respect  to  the  substrate  and  adjacent  grains  has  been  recently  synthesized. 
This  (lOO)-oriented  material  shows  promise  for  becoming  a  potential  substrate  material  for 
diamond  electronic  devices.^'*  The  individual  grains  in  highly-oriented  polycrystalline  diamond  are 
aligned  such  that  only  low-angle  grain  boundaries  are  present.  The  electrical  properties  of  this 
material  have  already  been  shown  to  be  superior  to  randomly-oriented  polycrystalline  diamond. 

In  this  work,  depletion-mode  metal-oxide-semiconductor  field-effect  transistors  (MOSFETs) 
have  been  demonstrated  for  single  crystal  and  highly-oriented  polycrystalline,  and  randomly- 
oriented  polycrystalline  diamond.  The  devices  exhibit  well-behaved  characteristics,  including 
saturation  and  complete  pinch-off  of  the  channel  currenL  Variable  temperature  operation  has  been 
observed  and  single  crystal  devices  have  been  operated  at  temperatures  as  high  as  500°C.  Large 
drain-to-source  currents  and  transconductances  have  also  been  demonstrated.  These  results 
provide  experimental  evidence  in  support  of  the  viability  of  active  diamond  electronic  devices. 


EXPERIMENTAL 

In  order  to  bench-mark  the  performance  of  diamond  FETs,  a  systematic  approach  was 
undertaken  in  which  device  modeling  and  electrical  and  materials  characterizations  were  used  to 
provide  iterative  feedback  for  the  growth  of  device-quality  p-type  diamond  layers.  Device 
modeling  was  employed  to  determine  the  effects  of  materials  parameters  and  device  structure.  The 
materials  parameters  required  for  the  simulations  were  obtained  from  the  published  literature.^- 
Sensitivity  analyses  were  performed  and  correlated  with  existing  published  data  and  the  measured 
electrical  properties.  Initially,  single  crystal  diamond  material  was  selected  for  the  proof  of  concept 
devices  in  order  to  eliminate  the  effects  of  grain  boundaries  on  device  performance.  Growth 
conditions  were  optimized  using  feedback  from  measurements  such  as  variable-temperature  van 
der  Pauw  Hall-effect  and  capacitance-voltage  (C-V)  techniques.  Device  fabrication  technologies 
were  standardized  to  reduce  process-induced  variations  on  device  performance.  Polycrystalline 
diamond  layers  were  grown  separately  in  earlier  experimentation.  Again,  the  layers  were 
characterized  and  then  processed  into  FETs.  Boron-doped  layers  were  grown  on  single  crystal 
diamond  substrates  and  characterized  prior  to  device  fabrication.  Transistors  were  processed  and 
characterized  using  variable-temperature  current-voltage  (I-V)  measurements.  A  second  set  of 
diamond  thin  films  were  then  grown  on  single  crystal  substrates  along  with  several  highly-oriented 
substrates.  Devices  were  characterized  individually  and  then  configured  to  form  simple  circuits. 
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Growth  and  Characterization  of  Diamond  Films 


Highly-oriented  and  randomly-oriented  polycrystalline  diamond  and  natural  single  crystal 
diamond  substrates  were  used.  The  highly-oriented  and  randomly-oriented  polycrystalline 
substrates  consisted  of  15-40  pm  of  undoped  diamond  growth  on  5  mm  x  5  mm  high-resistivity  Si 
substrates.  The  techniques  for  producing  these  films  have  been  published  previously.*^' 
Insulating,  type  Ila,  (100)-oriented,  4  mm  x  4  mm  x  0.25  mm  natural  stones  were  purchased  from 
Harris  Diamond.  Boron-doped  diamond  thin  films  were  deposited  on  all  three  diamond  substrates 
using  a  microwave  plasma  assisted  CVD  technique.  Highly-oriented  polycrystalline  insulating 
diamond  substrates  were  placed  adjacent  to  single  crystal  diamond  substrates  and  were  exposed  to 
identical  deposition  conditions.  In  a  separate  experiment,  B-doped  layers  were  deposited  on  the 
randomly-oriented  diamond  substrates  used  for  FET  fabrication.^^  Scanning  electron,  Raman,  and 
secondary  ion  mass  spectroscopic  techniques  were  used  to  evaluate  the  structural  properties  of  the 
homoepitaxial  films.  The  thictaesses  of  the  deposited  layers  were  measured  using  cross-sectional 
scanning  electron  microscopy  (SEM)  and  surface  profilometry  of  selected-area  deposited  regions 
on  single  crystal  diamond.  Thickness  measurements  were  not  performed  on  either  the  highly- 
oriented  or  randomly  oriented  diamond  layers. 

Electrical  characterization  of  the  B-doped  layers  was  performed  using  variable  temperature  van 
der  Pauw  Hall-effect  measurements.  The  doped  layers  were  selectively  deposited  using  sputtered 
Si02  to  mask  the  edges  of  the  substrate  so  that  the  p-type  layer  would  be  isolated  in  the  center  of 
the  samples  to  avoid  peripheral  current  leakage  currents  at  the  sample  edges.  The  Si02  was 
removed  in  HE  following  growth,  and  the  films  were  subsequently  annealed  at  600  °C  for  30  min. 
under  vacuum  at  10’’^  Torr  in  order  to  dissociate  hydrogen  from  the  film  surface.  After  annealing, 
the  sample  was  boiled  in  a  solution  of  Cr03  +  H2SO4  at  200  °C  to  remove  graphite  which  may 
have  formed  during  growth  or  annealing.  Finally,  the  film  was  cleaned  in  Aqua  Regia  and 
standard  RCA^®  solutions  to  prepare  the  surface  prior  to  deposition  of  the  electrical  contacts.  A 
van  der  Pauw  contact  configuration  was  used  for  Hall-effect  measurements  which  were  performed 
between  -193  °C  and  325°C.  Device  layers  were  screened  such  that  only  the  ones  with  the 
expected  properties  were  processed  into  FETs.  After  the  devices  were  completed,  capacitance- 
voltage  (C-V)  measurements  were  performed  on  the  gate  electrodes  in  order  to  determine  the  local 
electronic  properties  within  the  active  channel  region  beneath  the  device.  A  Hewlett-Packard 
4284A  LCR  Meter  was  employed  for  C-V  measurements. 


Device  Fabrication 

Devices  were  fabricated  using  a  three-step  photolithographic  process.  Concentric-ring 
geometry  devices  were  employed  to  avoid  the  need  for  a  mesa  definition  step  and  eliminate  the 
possibility  of  peripheral  surface  leakage  currents.  A  schematic  cross-section  of  the  fabricated 
device  is  shown  in  Figure  1.  As  indicated,  current  flows  radially  in  the  device.  Patterning  of  the 
device  structures  was  achieved  using  standard  UV  contact  lithography.  Source  and  drain  contacts 


Figure  1.  Schematic  cross-section  of  a  single  crystal  concentric-ring  diamond  field-effect 
transistor.  Note  that  the  current  flows  radially  from  the  Source  to  the  Drain  contacts. 
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were  made  using  2000A-thick  Au  metallization.  The  gate  dielectric  layer  consisted  of  750  A  of 
Si02  which  was  deposited  using  a  low-temperature  CVD  process.  The  gate  electrode  consisted  of 
2OO0A  of  Al.  A  lift-off  technique  was  employed  to  delineate  the  metal  electrodes.  The  gate  length, 
width,  and  source-to-drain  spacing  were  2  pm,  314  pm,  and  12  pm  respectively. 


Device  Characterization 

Diamond  FETs  were  characterized  as  a  function  of  temperature.  A  probe  station  with  a 
custom-built  hot  stage  was  used  to  characterize  the  devices  from  room  temperature  to  550°C.  Static 
I-V  measurements  of  the  ohmic  and  insulating  contacts,  as  well  as  the  overall  device  behavior, 
were  made  using  a  Hewlett-Packard  4145B  Semiconductor  Parameter  Analyzer.  Devices  were 
then  configured  into  amplifier  and  digital  logic  circuits.  The  ac  behavior  was  observed  on  a 
Tektronix  2232  digital  storage  oscilloscope.  A  Philips  PM5138  Function  Generator  and  the 
HP4284A  LCR  Meter  were  used  to  provide  sinusoidal  inputs  for  the  amplifier  circuits.  Variable 
frequency  measurements  of  diamond  amplifiers  were  made  from  20  Hz  to  1  MHz.  Synchronous 
TTL  logic  signals  were  generated  using  custom-built  circuits  formed  from  commercially  available 
Si  digital  logic  circuits.  Digital  signals  were  observed  using  the  Tektronix  oscilloscope  and  a 
Hewlett  Packard  1661  AS  Portable  Logic  Analyzer  on  loan  from  HP.  The  behavior  of  the  various 
circuits  was  measured  as  a  function  of  temperature  up  to  400°C. 


RESULTS  AND  DISCUSSION 

Device  Modeling 

A  schematic  representation  of  a  simulated  diamond  FET  is  shown  if  Figure  2(a).  The  contour 
lines  beneath  the  gate  electrode  represent  the  depletion  region  resulting  from  drain  and  gate  biases 
of  -40  V  and  20  V,  respectively.  An  example  of  simulated  room  temperature  1-V  characteristics  is 
shown  in  Figure  2(b).  Sensitivity  analyses  were  performed  and  the  results  are  to  be  published 
elsewhere.^’ 


Growth  and  Characterization  of  Diamond  Films 

Post  deposition  analyses  of  the  diamond  layers  were  performed.  Scanning  electron,  Raman, 
and  secondary  ion  mass  spectroscopic  techniques  were  used.  The  surface  morphologies  of  the 
various  diamond  materials  were  viewed  using  scanning  electron  microscopy  (SEM).  For  the  case 
of  homoepitaxial  diamond  layers,  the  surface  was  practically  featureless.  The  morphology  of  the 
randomly-oriented  layers  exhibited  well-faceted  polycrystalline  diamond  with  grain  sizes  on  the 
order  of  a  few  microns.  A  smoothing  of  the  surface  was  observed  for  the  case  of  the  highly- 
oriented  diamond  material  as  grains  coalesced  in  the  final  stages  of  growth.  Micrographs  of 
surface  morphology  of  the  two  polycrystalline  materials  are  shown  in  Figures  3  (a)  and  (b).  In  all 
three  materials,  a  well-defined  peak  at  1332  cm’^  was  observed  in  the  Raman  spectra,  indicating 
the  presence  of  diamond.  A  photoluminescence  background  was  observed  in  both  the  highly- 
oriented  and  randomly-oriented  diamond  layers,  but  was  non-existent  in  the  homoepitaxial 
diamond  layers.  Secondary  ion  mass  spectroscopy  (SIMS)  was  used  to  determine  the  impurity 
concentration  of  the  randomly-oriented  polycrystalline  diamond  layers  grown  at  the  same  time  as 
the  FET  active  layers.  Uniform  atomic  B  concentrations  throughout  the  p-type  layers  were 
obtained. 


Electrical  Characterization 

Prior  to  device  fabrication,  the  samples  were  evaluated  such  that  only  the  those  with  the 
expected  electrical  properties  were  used  in  the  device  fabrication.  Hall-effect  measurements  were 
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performed  to  correlate  the  electronic  transport  with  the  crystallographic  properties.  The  measured 
temperature-dependent  carrier  concentrations  and  mobilities  were  consistent  with  the  properties 
published  for  polycrystalline*®’  and  homoepitaxiaP"*’  ^®’  diamond.  For  the  first  set  of 

single  crystal  films,  room  temperature  carrier  mobilities  of  400-500  cm^A^^s  were  measured  for 


(a)  randomly-oriented  diamond  (b)  highly-oriented  polycrystalline  diamond 


Figure  3.  The  surface  morphology  of  B-doped  diamond  layers  deposited  onto  (a)  randomly- 
oriented,  (b)  highly-oriented  insulating  diamond  substrates. 


single  crystal  films  with  atomic  B  concentrations  in  the  range  between  1-10x10'^  cm‘3.  Room 
temperature  measurements  on  similar  polycrystalline  and  highly-oriented  diamond  layers  yielded 
mobilities  in  the  range  of  20-50  cm^A^'s  and  125-175  cm^/V's  respectively.  The  larger  carrier 
mobilities  measured  in  the  highly-oriented  diamond  layers  are  attributed  to  the  presence  of  only 
low-angle  grain  boundaries.^"*’  ^‘*  A  comparison  of  the  temperature  dependent  behavior  of  the 
carrier  concentrations  and  mobilities  for  p-type  diamond  layers  deposited  simultaneously  on  all 
three  substrates  is  shown  in  Figures  4(a)  and  (b).  Note  that  the  carrier  concentration  is  very  similar 
among  the  three  materials,  however,  the  mobility  varies  significantly.  Growth  conditions  were 
subsequently  optimized  to  provide  higher  quality  epitaxial  device  layers.  The  carrier  mobilities  of 
the  homoepitaxial  samples  used  in  the  device  fabrication  were  all  above  1000  cmW*s.  Carrier 
mobilities  in  excess  of  1300  cmW*s  for  films  containing  atomic  B  concentration  of  2x10’^  cm'^ 
have  since  been  achieved  on  type  Ha  substrates."**  Additionally,  carrier  mobilities  as  large  as  280 
cmW*s  have  been  measured  for  highly-oriented  diamond  layers. 
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Figure  4.  Comparisons  of  (a)  carrier  concentrations  and  (b)  carrier  mobilities  for  randomly- 
oriented,  single  crystal,  and  highly-oriented  B-doped  diamond  layers  that  were  deposited  onto  the 
various  substrates  at  the  same  time. 


Device  Characteristics 

Current-voltage  measurements  were  made  on  the  processed  devices.  Optical  micrographs  of 
completed  devices  fabricated  on  all  three  substrates  are  shown  in  Figures  5(a-c).  It  is  apparent 
from  the  micrographs  that  the  substrate  morphology  has  been  replicated  in  the  subsequent 
depositions  of  the  doped  active  layers.  The  drain-to-source  and  gate-to-source  currents  between 
electrodes  were  measured  to  evaluate  the  properties  of  the  ohmic  contacts  and  the  insulating 
properties  of  the  gate  dielectric.  Linear  I-V  behavior  was  observed  for  the  ohmic  contacts,  while 
the  gate  current  was  less  than  InA  in  all  cases.  Capacitance-voltage  measurements  were  made  on 
selected  MOS  gates  on  homoepitaxial  diamond  layers.  From  the  slope  of  l/C^  vs.  V, 
uncompensated  acceptor  concentrations  were  determined.  These  results  were  in  good  agreement 
with  the  values  for  atomic  B  concentration  as  determined  by  SIMS. 

The  FET  dc  characteristics  for  devices  fabricated  from  the  three  materials  were  measured  as  a 
function  of  temperature  on  a  probe  station  with  a  custom-built  hot  stage.  Devices  fabricated  from 
randomly-oriented  polycrystalline  diamond  were  measured  from  room  temperature  to  285°C, 
where  they  failed  due  to  catastrophic  breakdown  of  the  gate  dielectric.  This  failure  mechanism  had 
been  reported  previously.^  The  current-voltage  characteristics  of  randomly-oriented  polycrystalline 
diamond  FETs  operating  at  150°C  and  250°C  are  shown  in  Figures  6(a)  and(b)  respectively. 
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(a)  randomly-oriented  diamond 


(c)  single  crystal  diamond 


Figure  5.  Optical  micrographs  of  diamond  field-effect  transistors  fabricated  using  (a)  randomly 
oriented,  (b)  highly-oriented  diamond  layers,  and  (c)  type  Ha  single  crystal. 


Complete  pinch-off  of  the  channel  current  was  not  possible  above  room  temperature.  A  parasitic 
leakage  path  through  the  underlying  Si  substrate  was  suspected.  An  activation  energy  of  1.0  eV 
was  determined  for  the  temperature  dependence  of  the  parallel  resistance.  This  is  typical  of  values 
observed  for  conduction  in  undoped  polycrystalline  diamond.'*^"^® 

The  first  active  device  fabricated  using  HOD  films  has  been  demonstrated.  The  individual 
grain  sizes  are  much  larger  than  the  gate  length  of  the  device.  Thus  the  drain-to-source  current  is 
expected  to  traverse  only  one  or  perhaps  two  grain  boundaries  as  it  flows  radially  in  the  device. 
MOSFETs  have  been  shown  to  exhibit  operation  consistent  with  depletion-mode  devices. 
Maximum  transconductance  of  100  |i.S/mm  was  determined  from  the  measured  characteristics. 
Although  the  drain-to-source  currents  are  low,  the  characteristics  of  highly-oriented  polycrystalline 
diamond  MOSFETs  are  significandy  improved  as  compared  to  devices  fabricated  from  randomly- 
oriented  polycrystalline  diamond.^^’  Transistors  fabricated  from  the  highly-oriented  diamond 
were  characterized  to  a  temperature  of  400°C  before  gate  failure  was  observed.  Drain-to-source 
characteristics  for  devices  operating  at  25°C  and  325°C  are  shown  in  Figures  7(a)  and  (b). 


Figure  6.  Drain-to-source  current-voltage  characteristics  of  a  randomly-oriented  polycrystalline 
diamond  field-effect  transistor  operating  at  (a)  ISO^C  and  (b)  250°C. 


(a) 


Figure  7.  Drain-to-source  current-voltage  characteristics  of  a  highly-oriented  polycrystalline 
diamond  field-effect  transistor  operating  at  (a)  25°C  and  (b)  350°C. 


Devices  fabricated  from  single  crystal  diamond  were  tested  to  a  temperature  550°C  before 
current  leakage  prevented  proper  device  operation.  This  represents  the  highest  temperature 
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operation  reported  for  an  active  electronic  device  fabricated  from  diamond.  For  the  case  of  the 
single  crystal  and  highly-oriented  polycrystalline  diamond  devices,  both  saturation  and  pinch-off  of 
the  channel  current  were  observed  at  elevated  temperatures.  Current-voltage  characteristics  for 
single  crystal  diamond  FETs  operating  at  350°C  and  500°C  are  shown  in  Figures  8(a)  and  (b) 
respectively.  Other  MOSFETs  fabricated  on  similar  single  crystal  diamond  films  exhibited  drain- 
to-source  currents  of  8  mA  and  a  maximum  transconductance  in  excess  of  1.7  mS/mm.  It  is 
interesting  to  note  that  similar  characteristics  were  observed  for  early  demonstrations  of  SiC 
FETs."*’ 

Devices  were  tested  during  multiple  temperature  cycling.  After  several  cycles,  thermal 
expansion  of  the  probe  tips  relative  to  the  substrate  resulted  in  scratching  and  subsequent  removal- 
of  contact  metallizations.  To  avoid  damage  to  the  device  patterns  in  subsequent  experimentation, 
the  probes  were  removed  prior  to  changes  in  temperature.  Removal  of  the  probes  from  the  contact 
pads  was  adopted  whenever  the  temperature  was  changed  to  avoid  damage  to  the  device  patterns. 

Single  crystal  diamond  FETs  were  also  biased  in  simple  amplifier  and  digital  logic  circuit 
configurations.  A  schematic  diagram  of  a  common-source  diamond  amplifier  is  shown  in 
Figure  9(a).  The  time-dependent  sinusoidal  input  and  resultant  output  voltages  for  a  diamond 
amplifier  operating  at  300°C  are  shown  in  Figure  9(b).  The  gain  characteristics  were  measured  at 
various  temperatures  and  frequencies.  The  frequency  response  for  a  diamond  amplifier  operating 


’as 

(b) 


Figure  8.  Drain-to-source  current-voltage  characteristics  of  single  crystal  diamond  field-effect 
transistor  operating  at  (a)  350°C  and  (b)  500°C. 


Figure  9.  Single  crystal  diamond  amplifier  circuit  showing  (a)  a  schematic  diagram  of  a  common- 
source  diamond  amplifier  and  (h)  the  input  and  output  voltages  as  a  function  of  time  at  250°C. 


at  75°C  and  250°C  is  shown  in  Figure  10.  Note  that  the  characteristics  follow  a  well-behaved  roll¬ 
off  at  20  dB/decade.  This  behavior  is  seen  in  amplifiers  fabricated  from  other  materials  in  which 
the  frequency-dependent  behavior  is  dominated  by  a  resistance-capacitance  time  constant. 

Multiple  diamond  MOSFETs  were  configured  into  digital  logic  circuits  and  operated  to  400°C. 
Circuit  behavior  will  be  presented  elsewhere.'*® 


Figure  10.  Voltage  gain  as  a  function  of  frequency  for  a  diamond  amplifier  operating  at  75°C  and 
250°C. 


SUMMARY 

Metal-oxide-semiconductor  field-effect  transistors  (FETs)  have  been  fabricated  using  B-doped 
diamond  thin  films  deposited  on  randomly-oriented  polycrystalline,  (100)  highly-oriented 
polycrystalline,  and  single  crystal  insulating  diamond  substrates.  Devices  fabricated  on  the 
randomly-oriented  polycrystalline  diamond  substrates  have  been  operated  to  285°C.  Field-effect 
transistors  fabricated  using  the  highly-oriented  diamond  substrates  have  been  characterized  to 
400°C.  Single  crystal  diamond  devices  exhibited  saturation  and  pinch-off  of  the  channel  current  at 
temperatures  up  to  500°C.  These  devices  have  been  biased  in  amplifier  circuit  configurations  that 
have  been  characterized  from  20  Hz  to  1  MHz.  Single  crystal  FETs  exhibited  voltage  gain  over  an 
extended  temperature  range.  Transconductances  as  large  as  1.7  mS/mm  have  been  observed  that 
are  similar  to  the  early  demonstrations  of  SiC  FETs.  The  high  temperature  operation  of  active 
diamond  electronic  devices  supports  the  claims  that  diamond  could  be  used  at  elevated 
temperatures. 
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ABSTRACT 

Diamond  is  suitable  for  use  as  an  ionizing  particle  detector  for  high  rate,  high  ra¬ 
diation,  and/or  chemically  harsh  environments.  A  sampling  calorimeter,  a  detector 
measuring  the  total  energy  of  an  incident  particle,  consisting  of  20  alternating  layers 
of  diamond  and  tungsten  has  been  constructed  and  tested.  The  diamond  for  the 
detector  layers  was  grown  by  chemical  vapor  deposition  with  an  averaged  thickness 
of  500  /rm.  The  active  area  of  each  layer  was  3x3  cm'’  with  ohmic  contacts  on  op¬ 
posite  faces  forming  a  metal-insulator-metal  structure.  The  calorimeter  was  tested 
with  electrons  of  energies  up  to  5.0  GeV.  The  response  of  the  diamond/tungsten  cal¬ 
orimeter  was  found  to  be  linear  as  a  ftmction  of  incident  energy.  A  direct  comparison 
of  diamond/tungsten  and  silicon/ tungsten  calorimeters  was  made. 

I.  introduction 

High  luminosity  hadron  colliders  such  as  CERN’s  LHC  will  require  high  performance 
detectors  with  fast  rise  and  recovery  times  that  can  survive  in  an  extreme  radiation  envi¬ 
ronment.  Detectors  based  on  diamond  hold  great  promise  for  calorimeters  and  tracking 
detectors  for  this  purpose.  Diamond  has  a  large  bandgap  (5.5  eV)  and  is  radiation  hard. 
High  carrier  mobilities  (1800cm^/V-s  for  electrons  and  1200cm^/V-s  for  holes)  provide 
a  very  fast  charge  collection  time  (2  ns  over  300/im)[l].  As  an  added  advantage,  poly¬ 
crystalline  diamond  grown  by  chemical  vapor  deposition  (CVD)  in  large  area  wafers  is 
potentially  inexpensive. 

Figure  1  illustrates  the  principle  of  operation  of  diamond  as  an  ionizing  radiation  de¬ 
tector.  An  electric  field  is  applied  across  the  diamond  via  electrodes  in  ohmic  contact[l] 
with  the  surface.  A  charged  particle  passing  through  the  diamond  creates  electron-hole 
(e-h)  pairs  in  the  material.  The  e-h  pairs  separate  due  to  the  applied  field,  inducing  a 
signal  on  the  electrodes.  Since  diamond  is  an  excellent  insulator,  the  leakage  current  is 
negligible  even  for  fields  >  10^  V/cm.  As  a  result,  the  fabrication  of  a  device  is  very 
simple  with  no  need  for  a  reverse  biased  p-n  junction.  We  present  performance  measure¬ 
ments  of  a  calorimeter  using  diamond  detectors  based  on  the  principles  described  above. 
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Amplifier 


Fig.  1:  Schematic  of  diamond  detector  operation. 

These  measurements  are  compared  with  measurements  of  a  silicon-tungsten  calorimeter 
of  similar  configuration. 

II.  CALORIMETER  DESIGN  AND  BEAM  CONDITIONS 

A  sampling  calorimeter  counts  the  number  of  electron-positron  pairs  produced  via 
photons  from  bremsstrahlung  interactions  occurring  in  the  layers  of  material  used  as  a 
radiator.  The  energy  of  an  electron  or  photon  incident  on  the  calorimeter  can  be  shown 
to  be  proportional  to  the  total  number  of  pairs  sampled  in  the  electromagnetic  shower. 

The  diamond  and  silicon  calorimeters  used  in  these  tests  were  constructed  with  twenty 
layers  of  alternating  3.2  mm  thick  pieces  of  tungsten  radiator  (1.0  Ao)  and  detector  planes. 
Each  detector  plane  was  made  of  either  a  diamond  or  silicon  assembly  mounted  on  a 
1.6  mm  thick  G-10  PC  board  with  associated  amplifier  electronics.  The  diamond  detectors 
were  grown  by  Norton  Diamond  Films,  Inc.  [2]  with  an  average  thickness  of  500  fim.  The 
silicon  detectors  were  uniformly  300  fim  thick.  The  active  area  of  each  detector  assembly 
measured  3.0  x  3.0  cm^  and  was  segmented  into  three  channels  defined  by  1.0  x  3.0  cm^ 
strips.  Two  additional  planes  of  silicon  were  mounted  in  front  of  each  calorimeter  with 
their  strips  oriented  perpendicular  to  each  other.  These  two  planes  were  used  to  align 
the  calorimeters  in  the  beam  and  to  provide  coarse  beam  position  information.  The 
diamond  and  silicon  detectors  were  coupled  to  charge-sensitive  amplifiers  having  a  gain 
of  30mV/fC.  The  amplifier  signal  was  then  shaped  using  a  2.7 /xs  peaking  time.  The 
resulting  pulses  were  digitized  in  a  LeCroy  1885F  Fastbus  ADC  [3]. 

The  data  presented  in  this  report  were  taken  at  the  IT4  beam  line  at  the  TRISTAN 
accumulator  ring  at  KEK.  The  energy  response  of  the  calorimeter  was  measured  by  using 
six  different  beam  momenta  over  the  entire  available  range  0. 5-5.0  GeV/c.  The  fractional 
momentum  resolution  (a-p/P),  determined  from  a  previous  experiment,  varied  between 
4.9%  for  the  0.5  GeV/c  beam  and  1.3%  for  the  5.0  GeV/c  beam. 

III.  CALIBRATION 

The  absolute  gain  of  individual  detector  elements  was  determined  by  removing  the 
tungsten  from  between  the  detector  planes  and  using  the  electron  beam  as  a  source  of 
minimum  ionizing  particles  (MIP’s).  The  calibration  events  were  carefully  selected  to 
ensure  that  no  showering  occurred  at  or  before  the  detector  layer  undergoing  calibration. 
Figure  2  shows  typical  pedestals  and  signals  (hatched  regions)  for  both  detectors  after 
calibration. 
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Fig.  2:  Single  particle  signals  for  typical  diamond  and  silicon  detectors  (shaded  regions) 
in  units  of  MIP’s.  The  unshaded  regions  are  noise  signals  from  empty  events. 

Signals  from  diamond  detectors  are  intrinsically  smaller  than  those  for  silicon  due 
to  the  higher  electron-hole  (e-h)  creation  energy  (13.0  eV  for  diamond  versus  3.6  eV 
for  silicon).  This  is  somewhat  compensated  by  diamond’s  greater  density  (3.5g/cm^  for 
diamond,  2.3g/cm^  for  silicon).  Therefore,  the  mean  energy  loss  of  0.5  GeV  electrons,  as 
calculated  from  the  restricted  energy  loss  formula  [4),  implies  3600  and  7800  e-h  pairs  are 
created  for  each  100  /rm  of  diamond  and  silicon  traversed,  respectively.  Furthermore,  for 
the  diamonds  used,  not  all  the  charge  was  collected.  The  collection  distance  is  a  measure 
of  the  amount  of  charge  collected  and  is  defined  as  the  average  distance  electrons  and 
holes  separate  due  to  the  applied  field.  The  average  collection  distance  over  all  diamond 
layers  was  42  fim. 

The  average  measured  signal/noise  for  the  two  detector  types  was  2.1:1  for  diamond 
and  26:1  for  silicon.  Combining  the  signal/noise  information,  the  number  of  electrons  pro¬ 
duced  and  the  collection  distance  (for  the  diamond  detectors)  gives  an  average  electronic 
noise  of  712  and  450  electrons  for  diamond  and  silicon,  respectively. 

IV.  DATA  ANALYSIS 

The  response  of  the  calorimeter  for  each  event  was  determined  by  summing  the 
pedestal-subtracted,  gain- corrected  signals  from  all  the  channels.  By  accepting  events 
where  only  the  center  strips  in  the  front  two  pieces  of  silicon  were  hit,  a  maximum  ac¬ 
cepted  spot  size  of  1.0  X  1.0  cm^  was  defined  which  ensured  that  the  shower  was  roughly 
centered  in  the  calorimeter.  Figure  3a  shows  the  calorimeter  response  distributions  for 
both  calorimeters  to  4  GeV  electrons.  As  shown,  there  was  a  small  constant  background 
evident  on  the  low  side  of  the  peak  of  the  calorimeter  response  spectrum.  This  background 
was  attributed  to  scraping  of  the  beam  in  the  collimator  upstream  of  the  calorimeter. 
Therefore,  in  the  final  calculation  of  the  mean  and  rms,  events  were  rejected  where  the 
calorimeter  response  was  more  than  three  standard  deviations  below  the  mean.  Also,  an 
estimate  was  made  of  the  broadening  of  the  response  spectrum  due  to  this  scraping  effect 
(~  2.5%).  After  determining  the  mean  and  rms  for  the  data  at  each  energy,  the  beam 
energy  spread  [6]  and  the  broadening  due  to  scraping  were  subtracted  in  quadrature  from 
the  rms.  Both  calorimeters  were  treated  in  the  same  manner  except  for  the  corrections 
presented  below. 
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Fig.  3:  Calorimeter  response  to  4  GeV  electrons  for  both  calorimeters  (a)  and  relative 
calorimeter  gain  as  a  function  of  time  since  the  application  of  the  bias  voltage  (b).  The 
solid  line  corresponds  to  a  fit  to  an  exponential  (t=380  min)  plus  a  constant. 


Two  effects  were  observed  in  the  diamond  calorimeter  which  required  corrections. 
First,  one  of  the  side  strips  in  layer  16  (16  Xo  deep  in  the  calorimeter)  was  very  noisy. 
Therefore,  the  signal  from  this  channel  was  replaced  by  the  average  of  the  signals  in  the 
corresponding  strips  in  layers  14  and  18.  Second,  there  was  a  systematic  variation  of  the 
diamond  calorimeter  gain  in  the  first  part  of  the  electron  calibration  and  in  the  5  GeV 
data  that  immediately  followed.  Figure  3b  shows  the  normalized  calorimeter  response 
as  a  function  of  time  after  the  diamond  bias  voltage  was  turned  on  for  data  taking'. 
The  data  were  corrected  for  this  time  dependence  resulting  in  a  3%  shift  in  the  mean 
calorimeter  response  at  5  GeV.  The  time  dependent  correction  was  negligible  for  data  at 
other  energies  which  were  taken  later.  The  effect  of  this  time  dependence  on  the  energy 
resolution  fit  parameters  was  less  than  their  uncertainties. 

The  response  of  each  calorimeter  was  found  to  be  linear  in  the  electron  beam  energy. 
Linear  fits  of  the  energy  response  yield  the  following  results: 

ediiimond(MIP's)  =  (66.19  ±  0.26)  •  Ebeam  =  10.84/5  do/ 
e.iiicon(MIP's)  =  (65.96  ±  0.26)  •  FIs.,,,. 


Plots  of  the  energy  resolution  {(TeIE)  as  a  function  of  incident  electron  energy  are 
shown  for  the  diamond  and  the  silicon  calorimeters  in  Figure  4.  The  solid  lines  are  fits  to 
a  function  of  the  form: 
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(1) 


The  values  for  the  fit  parameters  along  with  their  a-re  summarized  Table  1. 

V.  CALORIMETER  SIMULATION 

A  simulation  of  each  calorimeter  using  EGS4  [7]  was  performed  to  compare  with  the 
measured  resolutions  and  to  determine  the  amount  of  lateral  and  longitudinal  energy  loss. 

'For  8  hours  prior  to  data  taking,  the  diamond  bias  voltage  was  cycled  on  and  off  repeatedly  to  test 
the  calorimeter  and  fix  minor  problems  with  the  electronics. 
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Table  1:  Fitted  resolutions  for  the  diamond  and  the  silicon  calorimeters. 


Detector  A  (%GeV)  B  (%GeVt)  C  (%)  xVD-O-F. 


Diamond(data) 

8.35  ±  0.73 

19.20 

±0.52 

2.2  ±  1.3 

0.04/3 

Diamond(EGS) 

2.94  ±  0.56 

18.62 

±0.15 

1.33  ±  0.49 

3.26/3 

Silicon(data) 

4.00  ±  0.85 

19.73 

±0.19 

0.0  ±1.6 

2.21/3 

Silicon(EGS) 

1.6  ±0.67 

20.578 

±  0.047 

0.00  ±0.91 

2.82/3 

Fig.  4;  Energy  resolution  (cte/E)  of  diamond-tungsten  and  silicon-tungsten  calorimeters 
as  a  function  of  energy.  Inset  contains  residuals  for  the  fits  discussed  in  the  text. 

Since,  in  the  analysis,  events  were  accepted  where  the  incident  beam  struck  a  1.0  X  1.0  cm^ 
square  centered  in  each  calorimeter,  the  simulation  generated  events  where  the  incident 
electrons  were  uniformly  populated  over  this  region.  The  resolutions  given  by  the  EGS 
simulation  are  given  in  Table  1.  The  lateral  energy  leakage  was  18%  and  independent  of 
the  beam  energy.  Fluctuations  on  the  lateral  leakage  varied  approximately  as  3.4%/\/E 
(1.6%  at  5  GeV).  The  longitudinal  energy  leakage  depended  on  the  beam  energy  reaching 
1.4%  at  5  GeV.  The  fluctuations  on  the  longitudinal  leakage  were  1.1%  and  independent 
of  the  beam  energy. 

VI.  DISCUSSION 

Both  the  diamond  and  the  silicon  calorimeter  resolutions  as  a  function  of  incident  elec¬ 
tron  energy  were  fit  to  the  resolution  function  given  in  equation  1.  The  three  parameters 
determined  from  the  fits  describe  terms  which  vary  as  1/E,  I/'/E  and  a  constant. 

The  l/E  term  arises  from  effects  which  produce  a  constant  width  to  a  calorimeter 
response  (ite).  The  simulations  of  both  calorimeters  indicate  approximately  2%/i?  which 
is  attributed  to  the  high  energy  tail  of  the  Landau  distribution  for  single  tracks  [5]. 
An  additional  contribution  arises  from  electronic  noise  in  each  of  the  detector  channels. 


By  adding  the  single  channel  noise  for  all  the  channels  in  quadrature,  we  estimate  the 
contribution  to  the  IfE  term  due  to  electronic  noise  at  (7±1)%/jB  and  (0.9±0.1)%/jB  for 
diamond  and  silicon,  respectively.  Adding  the  electronic  noise  contributions  in  quadrature 
to  the  EGS  results  bring  the  IjE  term  in  the  diamond  and  silicon  EGS  resolutions  into 
reasonable  agreement  with  the  data. 

The  Ijy/E  dependence  arises  from  counting  statistics  on  the  number  of  particles  pass¬ 
ing  through  the  detector  layers.  As  noted  above,  the  lateral  leakage  also  contributes  to 
this  term,  however,  its  contribution  of  3.4%/VE  to  the  overall  resolution  is  negligible 
when  compared  with  the  «  IQVoIVE  of  the  contained  portion  of  the  shower. 

The  constant  term  arises  from  sources  whose  contributions  to  the  width  of  the  energy 
distributions  vary  linearly  with  the  energy.  From  the  simulations,  fluctuations  in  the 
longitudinal  leakage  are  seen  to  contribute  approximately  1.1%.  In  both  calorimeters, 
there  is  good  agreement  between  the  simulation  and  data  for  the  constant  term. 

VII.  SUMMARY  OF  RESULTS 

We  have  constructed  and  successfully  operated  simple  diamond-tungsten  and  silicon- 
tungsten  calorimeters  with  1.0  A^o  sampling  frequency.  Results  from  exposure  of  these 
calorimeters  to  electron  beams  ranging  between  0. 5-5.0  GeV  show  that  both  detectors 
have  a  linear  response  in  beam  energy  and  comparable  energy  resolutions.  The  energy 
resolutions  of  the  diamond  and  the  silicon  calorimeters  were  found  to  be: 


Diamond 


(Te  (8.35  ±  0.73)% 

E  ~  E 


(19.20  ±  0.52)% 

Ve 


e  (2.2  ±  1.3)% 


Silicon 


<te  (4.00  ±  0.85)% 

E  ~  E 


(19.73  ±  0.19)% 

Ve 


e  (0.0  ±1.6)% 


(2) 

(3) 


When  the  electronic  noise  and  beam  related  backgrounds  are  taken  into  account  these 
results  are  in  agreement  with  EGS  simulations  of  both  calorimeters. 
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ABSTRACT 

The  planarization  of  rough  polycrystalline  diamond  films  synthesized  by  DC  arc  discharge 
plasma  jet  CVD  was  attempted  using  KrF  excimer  laser  pulses.  The  effects  of  laser  incidence 
angle  and  reaction  gases  (ozone  and  oxygen)  on  etching  rate  were  studied.  The  temperature 
change  of  diamond  and  graphite  with  different  laser  fluences  was  calculated  by  computer 
simulation  to  explain  the  etching  behavior  of  diamond  films.  The  calculated  threshold  energy 
density  for  etching  of  pure  crystalline  diamond  was  about  1.7  J/cm^.  However,  the  threshold 
energy  density  was  affected  by  the  angle  of  laser  incidence.  Preferential  etching  of  a  particular 
crystallographic  plane  was  observed  through  scanning  electron  microscopy.  The  etching  rate  of 
diamond  with  ozone  was  lower  than  that  with  oxygen.  Also,  the  etching  rate  of  diamond  films 
at  normal  laser  incidence  was  lower  than  that  of  films  tilted  at  45°  for  laser  fluences  above  2.3 
J/cm^.  When  the  angle  of  incidence  was  80°  to  the  diamond  surface  normal,  the  peak-to-valley 
surface  roughness  was  significantly  reduced,  from  30  pm  to  0.5  pm. 


INTRODUCTION 

CVD  diamond  has  recently  received  much  attention  for  its  remarkable  properties.  It  is  the 
hardest  natural  material  and  is  chemically  inert,  has  high  wear  resistance,  high  optical 
transparency  fi'om  the  inlfrared  to  the  ultraviolet,  and  the  highest  thermal  eonductivity  at  room 
temperature.  Therefore,  diamond  films  have  great  potential  in  mechanical,  optical,  and 
microelectronic  applications. 

Planarization  of  the  diamond  surface  is  essential  for  its  applications  because  CVD  diamond 
films  generally  have  high  roughness.  The  conventional  method  for  planarization  of  diamond  is 
mechanical  polishing  with  diamond  powder.  But  this  technique  requires  a  long  time  to  achieve 
planarization.  Many  alternative  techriiques,  such  as  ^  ion  beam  [1,2],  polishing  with  hot  plate 
[3],  and  laser  irradiation  [4-6]  have  been  reported.  Among  these  many  techniques,  planarization 
of  diamond  films  by  laser  irradiation  is  particularly  effective  due  to  its  fast  processing  at  room 
temperature  without  any  contacts  and  the  size  and  shape  limitations. 

A  general  etching  mechanism  for  diamond  using  laser  pulses  has  been  proposed  by  Rothschild 
[7].  This  involves  a  combined  photochemical  and  thermal  transformation  of  the  initial  diamond 
crystal  to  graphite  followed  by  sublimation  or  chemical  reaction  of  the  transformed  solid. 

The  photon  energy  of  the  KrF  laser  (A,=248  nm,  E=5.0  eV)  is  lower  than  the  bandgap  energy 
of  diamond  (E=5.4  eV).  Therefore,  diamond  can  not  absorb  the  incoming  laser  energy  on  its 
surface  effectively.  However,  impurities  [8]  and  defects  in  or  around  the  diamond  crystal  grains 
as  well  as  graphitization  of  the  diamond  surface  during  laser  irradiation  [7]  can  absorb  more 
energy,  leading  to  an  increase  in  the  etching  rate  of  diamond. 

In  this  experiment,  the  effects  of  laser  incidence  angle  and  reaction  gases  (oxygen,  ozone)  on 
etching  rate,  surface  morphology,  and  roughness  of  diamond  films  were  studied.  Also,  the  surface 
temperature  change  with  respect  to  laser  fluence  was  calculated  by  computer  simulation. 
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EXPERIMENTAL 

A  free-standing  diamond  film  (~500  gm 
thick)  synthesized  by  arc  discharge  plasma 
jet  CVD  procured  from  Westinghouse 
Electric  Co.  is  shown  in  Fig.  1.  The  peak-to- 
valley  surface  roughness  of  the  free-standing 
diamond  films  was  about  30  pm. 

The  diamond  films  were  irradiated  with 
20  ns  pulses  from  a  KrF  excimer  laser  at  a 
repetition  rate  of  20  Hz  with  fluences  of  I'-A 
J/cm^.  The  size  of  the  rectangular  beam  spot 
was  2  mm  x  1  mm.  Laser  irradiation  of  the 
diamond  surface  occured  at  45“  to  the 
surface  normal.  The  camber  was  held  at  100 
torr,  but  since  the  diamond  surface  was  so 
close  to  the  gas  nozzle  and  the  gas  was 
directly  blown  onto  the  film  surface,  we  neglected  the  pressure  effects  on  the  laser  processing. 
Other  irradiations,  taken  at  normal  incidence  and  at  80“  to  the  film  surface  normal,  were  done 
outside  chamber.  Oxygen  gas  was  directly  blown  onto  the  sample  surface  through  a  flexible  tube. 

Surface  roughness  was  measured  by  a  Dektak  surface  profilometer,  which  uses  a  mechanical 
stylus.  The  etching  rate  was  obtained  from  the  value  of  the  etching  depth  divided  by  the  number 
of  laser  pulses.  The  film  surfaces  were  examined  by  scanning  electron  microscope. 


Fig.  1.  Surface  moiphology  of  the  original 
free-standing  diamond. 


RESULTS  AND  DISCUSSION 


Figure  2(a)  shows  the  surface  of  a  CVD  diamond  film  irradiated  at  normal  incidence  with  a 
laser  fluence  of  3.5  J/cm^  for  2  min.  5  sec..  The  irradiated  surface  was  much  smoother  than  the 
original  diamond  surface.  A  laser-induced  periodic  structure,  which  is  called  'ripple',  was 
developed  on  the  film  surface.  The  period  of  the  surface  ripple  was  approximately  10  pm,  which 
is  much  wider  than  the  wavelength  of  the  laser.  Irradiation  with  lower  fluence  of  1.5  J/cm^  did 
not  result  in  a  periodic  structure.  The  reason  for  ripple  formation  might  be  that  interference  of 
the  incident  laser  beam  and  scattered  light  on  the  irregular  surface  produces  a  sinusoidal 
component  of  spatial  variation  in  the  light  intensity  falling  on  the  diamond  surface,  resulting  in 
a  variation  in  etching  rate  [9].  The  ripple  surface  is  more  readily  developed  at  higher  beam 
intensities.  As  shown  in  Fig.  2(b),  formation  of  graphite  or  amorphous  carbon,  which  did  not 
fully  react  with  oxygen  during  illumination,  took  place  around  the  irradiated  area.  When  laser 
incidence  was  set  at  45“  to  the  diamond  surface  normal  with  laser  fluences  of  1  to  4  J/cm^ 
roughness  of  the  irradiated  surfaces  was  not  significantly  improved. 

Shown  in  Fig.  3  is  the  etching  rate  of  the  CVD  diamond  films  plotted  versus  laser  fluence 
for  films  irradiated  at  different  angles  (0“,  45“)  using  different  gases  (oxygen  and  ozone).  The 
etching  rate  of  diamond  irradiated  at  45“  using  o>tygen  was  higher  than  that  at  normal  incidence 
above  fluence  of  2.3  J/cm^.  The  measured  threshold  energy  for  etching  at  45“  incidence  was 
around  1.7  J/cm^.  Different  etching  rates  at  different  angles  appear  as  a  result  of  preferential 
etching.  Most  ctystals  have  an  octahedral  shape  formed  by  (111)  planes.  Compared  to  the 
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Fig.  2.  Surface  morphologies  of  diamond  films  observed  by  scanning  electron  microscope. 

(a)  normal  irradiation  to  the  diamond  surface(E=3.5  J/cm^,  2  min.  5  sec),  (b)boundary  area  of  (a). 


relatively  defect-fi'ee  (100)  planes,  the  (1 1 1)  planes  have  many  more  defects  and  impurities  which 
can  absorb  more  laser  energy,  causing  more  heating  and  sublimation,  which  results  in  faster 
etching  rates.  Microscopically,  the  laser  li^t  at  45“  incidence  shines  more  intensively  (1 1 1) 
planes  than  at  normal  incidence. 

To  explain  the  lower  threshold  energy  at  normal  incidence  than  at  a  45“  incidence,  a 
geometrical  factor  should  be  taken  into  consideration.  Laser  light  at  45“  to  the  diamond  surface 
normal  shines  flat  on  the  surface  of  diamond  facets  on  which  thermal  energy  can  difiiise  any 
directions.  Normally  incident  laser  light  shines  on  a  non-planar  surfaces  having  a  cone  shape 
which  results  in  a  geometrical  limitation  of  heat  flow.  Therefore,  normal  incidence  causes  heat 
confinement  as  well  as  intensified  absorption  near  tips,  leading  to  hi^er  local  temperature  [6] 
and  resulting  in  initiation  of  etching  of  materials  at  lower  laser  fluences. 

Consequently,  etching  rate  of  diamond  films  with  lower  laser  fluences  (below  2.3  J/cm^)  was 


Fig.  3.  Etching  rate  of  diamond  films  versus  Fig.  4.  The  calculated  surface  temperature 
laser  fluence  at  different  angles  (0“:  normal  of  diamond  and  graphite  versus  laser  fluence 
incidenee,  45“)  under  different  gas  by  computer  simulation, 
atmospheres  (oxygen,  ozone). 
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mainly  controlled  by  geometrical  factor  causing  heat  confinement,  but  above  2.3  J/cm^,  by  energy 
sensitivity  of  a  plane. 

Figure  4  shows  surface  temperature  plotted  versus  laser  fluence  calculated  using  SLIM 
(Simulation  of  Laser  Interactions  with  Materials),  a  software  package  developed  by  John  Viatella 
and  Rajiv  Singh  [10].  The  simulation  assumed  a  single  laser  pulse  and  a  planar  surface,  which 
is  similar  to  the  condition  at  45“  incidence.  The  sublimation  temperature  of  graphite  is  around 
4000  K  and  the  graphitization  temperature  of  diamond  is  around  900  K.  The  laser  fluence 
satisfying  both  these  surface  temperature  which  we  call  the  threshold  energy  density,  was  1.7 
J/cml  This  calculated  value  perfectly  matched  the  experimental  data  at  45“  laser  incidence  as 
seen  in  Fig.  3.  Based  on  the  (lata  in  Fig.  4,  we  theorize  that  diamond  is  not  directly  etched  away 
but  transforms  to  graphite,  which  then  sublimates,  thereafter  forming  CO  and  COj. 

Fig.  5  presents  SEM  images  showing  how  the  diamond  surface  changed  as  a  function  of  time. 
A  fluence  of  2.1  J/cm^  was  applied  at  an  angle  of  incidence  of  80“  to  the  surface  normal.  The 
original  rough  surface  of  the  CVD  diamond  film  (Fig.  1)  was  progressively  more  etched  away 
as  time  passed,  as  shown  in  Fig.  5(a,  b,  and  c).  The  peak-to-valley  surface  roughness  was 
significantly  reduced,  going  from  30  pm  to  0.5  pm.  As  shown  in  Fig.  5(d),  which  is  a  magnified 
image  of  Fig.  5(c),  preferential  etching  in  accordance  with  ciystal  plane  orientation  was  observed. 


Fig.  5.  Surface  morphology  changes  of  diamond  films  as  a  function  of  time  of  (a)  2  min.,  (b) 
4  min.,  and  (c)  6  min.  with  fluence  of  2.1  J/cm^  at  80“  incidence  to  the  diamond  surface  normal, 
(d)  is  the  magnified  image  of  (c). 
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F.fFect  of  oznne  gas 

Etching  rates  of  diamond  tilted  at  45“  were  measured  with  fluences  of  1  to  4  J/cm^  (shown 
in  Fig.  3)  using  ozone  produced  hy  an  ozonizer.  The  oxygen  feed  gas  flowed  through  a  narrow 
gap  between  two  concentric  tube  electrodes  with  a  hi^  DC  voltage  (6  kV)  applied  to  these  two 
electrodes  to  produce  the  ozone. 

The  etching  rate  using  ozone  was  lower  than  that  using  oxygen.  The  surface  of  the  diamond 
film  processed  in  ozone,  shown  in  Fig.  6(a),  was  router  in  comparison  with  that  processed  in 
oxygen  (Fig.  6(b)).  There  are  several  possible  reasons  for  this;  Under  oxygen  atmosphere,  the 
incident  photon  energy  can  be  delivered  to  the  film  surface  without  much  energy  loss  because 
the  KrF  laser  energy  (E=5.0  eV)  is  not  used  up  for  the  dissociation  of  the  Oj  bond  (E=5.1  eV). 
Few  amounts  of  atomic  oxygen,  if  any,  are  near  the  film  surface.  On  the  other  hand,  under  ozone 
atmosphere,  some  of  the  incident  photon  energy  is  absorbed  by  ozone  due  to  its  high  absorption 
coefficient  (cc=290  cm"')  [11].  Namely,  ozone  gas  blocks  some  amounts  of  the  incoming  laser 
light  and  lowers  the  laser  energy  density  on  the  surface,  which  results  in  an  decrease  of  etching 
rate.  Also,  ozone  (O3)  begins  to  thermally  decompose  at  temperature  above  50“C  and  completely 
decomposes  at  230“C  [12].  This  means  that  ozone  simply  plays  a  role  of  supplying  atomic 
oxygen,  because  the  surface  temperature  of  the  diamond  is  very  high  during  illumination.  The 
etching  rate  of  (1 1 1)  planes  will  be  more  enhanced  by  atomic  oxygen  compared  to  using  oxygen. 
In  other  words,  use  of  ozone  will  promote  the  preferential  etching  of  certain  planes,  resulting  in 
a  rough  surface. 

CONC3LUSIONS 

The  planarization  of  rough  polycrystalline  diamond  films  synthesized  by  DC  arc  discharge 
plasma  jet  CVD  was  attempted  using  KrF  excimer  laser  pulses.  The  calculated  threshold  energy 
density  for  etching  of  pure  crystalline  diamond  was  about  1 .7  J/cml  The  threshold  energy  density 
was  affected  by  the  angle  of  laser  incidence.  Preferential  etching  of  a  particular  crystallographic 
plane  was  observed.  The  etching  rate  of  diamond  films  at  normal  laser  incidence  was  lower  than 
that  of  films  tilted  at  45“  for  fluences  above  2.3  J/cml  Also,  the  etching  rate  of  diamond  with 
ozone  was  lower  than  that  with  oxygen.  When  the  angle  of  incidence  was  80“  to  the  film  surface 
normal  under  oxygen  atmosphere,  the  peak-to-valley  roughness  was  significantly  reduced,  from 
30  pm  and  0.5  pm. 


Fig.  6.  SEM  images  of  diamond  surfaces  at  45“  incidence  under  (a)  ozone  and  (b)  oxygen 
atmospheres  with  fluence  of  2.2  J/cm^. 
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ABSTRACT 

The  breakdown  electric  field  of  4H-SiC  as  a  function  of  doping  was  measured  using  pn 
junction  rectifiers,  with  maximum  voltages  of  1130  V  being  achieved.  4H-SiC  vertical  power 
MOSFET  structures  have  shown  specific  on-resistances  of  33  mfl-cm^  for  devices  capable  of 
blocking  150  V.  A  current  density  of  100  A/cm^  was  achieved  at  a  drain  voltage  of  3.3  V. 
Thyristors  fabricated  in  SiC  have  also  shown  blocking  voltages  of  160  V  and  100  A/crr?  at  3.0  V. 
High  temperature  operation  was  measured,  with  the  power  MOSFETs  operating  to  300°C,  and  the 
thyristors  operating  to  500°C. 

Submicron  6H-  and  4H-SiC  MESFETs  have  shown  good  I-V  characteristics  to  Vj  =  40  V, 
with  an  I<jss  of  200-300  mA/mm.  The  maximum  operating  frequencies  (fmax)  achieved  for  6H-SiC 
MESFETs  is  13.8  GHz,  with  small-signal  power  gains  of  9.8  dB  and  2.9  dB  at  5  GHz  and 
10  GHz,  respectively.  4H-SiC  MESFETs  have  demonstrated  an  RF  output  power  density  of 
2.8  W/mm  at  1.8  GHz.  This  is  the  highest  power  density  ever  reported  for  SiC  and  is  2-3  times 
higher  than  reported  for  comparable  GaAs  devices. 

INTRODUCTION 

Silicon  carbide  has  been  projected  to  have  tremendous  potential  for  high  voltage  solid-state 
power  devices  with  very  high  voltage  and  current  ratings  because  of  its  high  electric  breakdown 
field  of  4x10®  V/cm'  and  high  thermal  conductivity  of  4.9  W/cm-K.2  The  high  breakdown  field 
allows  the  use  of  much  higher  doping  and  thinner  layers  for  a  given  voltage  than  is  required  in  Si 
devices,  resulting  in  much  lower  specific  on-resistances  for  unipolar  devices.^  6H-SiC  has 
received  the  most  attention  for  high  power  devices  since  it  was  the  first  commercially  available 
polytype  in  wafer  form.  Another  polytype  that  shows  even  more  potential  for  high  power 
operation  is  4H-SiC,  because  the  electron  mobility  in  4H-SiC  is  about  twice  as  high  as  that  of 
6H-SiC."^  Moreover,  6H-SiC  exhibits  a  high  degree  of  mobility  anisotropy,  having  a  mobility  in 
the  (0001)  direction  that  is  l/5th  that  in  the  basal  plane,®  yielding  a  lOx  advantage  for  4H-SiC  over 
6H-SiC  for  vertical  power  devices. 

Silicon  carbide  has  also  received  increased  attention  because  of  its  potential  for  high  power 
mierowave  devices.  The  combination  of  high  electric  breakdown  field,  high  satarated  electron  drift 
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velocity  of  2,0x10^  cm/sec,®  and  high  thermal  conductivity  will  allow  very  high  power  operation  at 
high  frequency,  and  the  wide  bandgap  should  also  allow  SiC  FETs  to  have  significant  RF  output 
power  at  high  temperatures  J  Submicron  MESFETs  in  6H-SiC  have  recently  demonstrated 
desirable  microwave  performance.*'^  As  is  the  case  for  power  devices,  the  higher  electron 
mobility  of  4H-SiC  makes  it  even  more  promising  for  high  power,  high  frequency  operation. 

This  paper  presents  recent  data  on  several  types  of  power  devices  that  have  been  fabricated  in 
both  6H-SiC  and  4H-SiC  that  confirm  the  potential  of  this  material  for  both  high  power  and  high 
frequency  applications.  Both  4H  and  6H-SiC  diodes  have  demonstrated  breakdown  voltages 
greater  than  1 100  V.  High  voltage  rectifiers  and  switches  such  as  power  MOSFETs  and  thyristors 
have  been  demonstrated  for  high  temperature  applications.  All  these  devices  had  relatively  small 
active  areas  in  order  to  insure  good  yield  because  of  the  presence  of  micropipe  defects  (about 
100  cm'2)  that  can  cause  device  failure.  *0  However,  they  show  promise  for  much  larger  power 
devices  as  the  material  quality  is  improved.  High  frequency  MESFETs  have  been  fabricated  in 
both  4H  and  6H-SiC  and  have  demonstrated  very  high  RF  output  power  densities. 

POWER  DEVICE  STRUCTURES 
PN  Junction  Rectifiers 

Vertically  oriented  pn  junction  diodes  have  been  previously  fabricated  in  6H-SiC  and  have 
been  characterized  as  a  function  of  doping,'  with  blocking  voltages  as  high  as  2000  V  being 
reported.  * '  The  forward  bias  characteristics  show  that  the  6H-SiC  rectifiers  have  a  built-in 
potential  of  about  2.6  V  and  the  rated  current  of  100  mA  (68  A/cm^)  was  obtained  at  3.0  V.  A 
1400  V  6H-SiC  pn  junction  rectifier  exhibited  about  1  jiA  leakage  current  at  a  reverse  voltage  of 
about  1375  V,  near  the  onset  of  avtdanche  breakdown. '2  The  reverse  bias  leakage  current  at 
1300  V  was  140  nA  (9.3xl0'5  A/cm^),  and  was  15  nA  (1.0xl0"5  A/cm^)  at  1100  V.  Although 
both  the  pn  junction  diodes  and  packages  need  further  improvement  for  high  voltage  passivation, 
they  have  been  proven  to  be  reliable  at  high  temperature.  These  devices  have  successfully  passed 
1000  hour  reverse  blocking  tests  at  350°C. 

In  this  research,  4H-SiC  substrates  were  used  to  study  the  electric  breakdown  field  of  4H  pn 
junction  diodes.  The  4H  substrates  were  n-type  (4-10x10'*  cm'*)  and  both  Si-face  and  C-face 
wafers,  as  well  as  p+n  and  n+p  diode  structures  were  investigated.  The  low  doped  epitaxial  layer 
thicknesses  ranged  from  0.5  |i,m  to  15  p,m,  with  corresponding  doping  levels  in  the  range  of 
2.2x10'*  to  8x10'*  cm'*.  The  diodes  were  mesa  terminated  by  RIE,  using  NF3,  through  the 
epitaxial  layers.  The  wafers  were  oxidized  to  form  a  passivating  Si02  layer.  Al/Ti  ohmic 
contacts'*  were  then  patterned  on  the  top  p- layer  and  Ni  ohmic  contacts  deposited  on  the  n-type 
substrate,  after  which  the  contacts  were  annealed.  Good  avalanche  breakdown  characteristics  were 
observed  for  all  of  the  diode  data  points  shown  in  Fig.  1,  except  for  the  lowest  doped  sample. 
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While  there  is  some  scatter  in  the  data,  no  statistical  difference  was  observed  in  the  breakdown 
fields  of  either  Si-  or  C-face  samples,  or  p+n  or  n+p  samples.  As  shown  in  Fig.  1,  a  doping  of 
1.4x10'®  should  have  a  breakdown  voltage  of  1000  V,  corresponding  to  an  electric  breakdown 
field  of  2.2x10®  V/cm.  The  highest  breakdown  field,  5.2x10®  V/cm,  was  observed  at  high 
doping.  The  I-V  characteristics  of  the  highest  voltage  4H-SiC  diode  are  shown  in  Fig.  2.  In 
forward  bias,  the  built-in  potential  was  2,8  V.  In  reverse  bias,  this  diode  showed  low  leakage 
rectification  to  1 130  V.  The  doping  near  the  junction  was  8x10'®  cm-®  and  the  layer  was  15  pm 
thick,  which  should  have  supported  a  higher  voltage.  However,  it  is  possible  that  the  doping 
decreased  through  the  epilayer,  causing  the  depletion  region  to  punch-through  to  the  n+  substrate. 


Power  MOSFETs 


Silicon  carbide  vertical  power  MOSFETs  possess  a  strong  advantage  over  those  made  in 
silicon  because  the  high  voltage  layer  (drain-drift  region)  may  use  a  lOx  higher  doping  level  and 
one-tenth  the  thickness  for  a  given  voltage  due  to  the  much  higher  breakdown  field  of  SiC. 
Ultimately,  this  could  translate  into  specific  on-resistances  that  are  as  low  as  l/300th  that  of 
equivalent  Si  devices.®  The  first  vertical  UMOS  power  MOSFET  structures  fabricated  in  6H-SiC 
were  recently  reported  by  Palmour,  et  al.'®  These  devices  had  specific  on-resistances  (Rds(on))  of 
38  mn-cm®  and  could  operate  at  drain  voltages  of  50  V.  The  devices  failed  at  higher  voltages  due 
to  gate  oxide  breakdown.  The  6H-SiC  MOSFETs  withstood  current  densities  of  190  A/cm® 
(0.32  A/cm  of  gate  periphery).  The  maximum  transconductance  (gmax)  was  6.75  mS/mm  and  the 
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Figure  1;  Breakdown  voltage  and  electric  Figure  2:  I-V  characteristics  of  an  1 130  V 
breakdown  field  as  a  function  of  background  4H-SiC  mesa  p'^n  diode, 
doping  for  4H-SiC  pn  junction  diodes. 
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threshold  voltage  was  Vg  =  3.7  V.  These  devices  were  operated  to  300°C,  with  good  I-V 
characteristics  throughout  that  range. 

This  same  UMOS  design,  shown  in  Fig.  3,  has  now  been  applied  to  4H-SiC.  The  design 
utilized  n+  source  fingers  ion  implanted  into  an  epitaxially  grown  p-type  channel  layer.  The 
n-  drain  epilayer  was  isolated  using  a  reactive  ion  etched  mesa.  The  active  area  of  this  device  was 
6.7x10-4  cm2  gate  periphery  was  4  mm. 

The  I-V  characteristics  of  one  of  these  devices  is  shown  in  Figure  4.  This  device  blocked 
80  V  on  the  drain  and  could  withstand  current  densities  as  high  as  368  mA  (550  AJcrtfi  and 
0.92  A/cm  of  gate  periphery)  and  power  densities  greater  than  10  kW/cm^.  A  drain  current  of 
134  mA  (200  PJcrcfi)  was  obtained  at  Vj  =  3.5  V,  which  corresponds  to  an  Rds(on)  of 
17.5  mI2-cm2  at  a  gate  bias  of  +  16  V.  The  gmax  for  this  device  was  about  40  mS  (10  mS/mm). 
The  channel  mobility  for  the  device  shown  in  Fig.  6  was  about  20  cm^/V-sec. 

A  higher  voltage  4H-SiC  UMOS  device  is  shown  in  Figure  5.  This  device  blocked  150  V  and 
could  achieve  a  drain  current  of  67  mA  (100  A/cm^)  at  Vj  =  3.3  V  and  Vg  =  +18  V.  This 
corresponds  to  an  Rds{on)  of  33  mfl-cm^.  The  gmax  of  this  device  was  about  20  mS  (5  mS/mm). 
The  channel  mobility  for  this  device  was  about  7-12  cm^/V-sec.  The  highest  blocking  voltage 
achieved  to  date  with  these  4H  devices  was  180  V,  but  the  devices  on  that  wafer  had  a  higher 
Rds(on)  of  74  mn-cm2. 

The  4H-SiC  UMOS  devices  were  characterized  as  a  function  of  temperature.  The  I-V  curves 
for  a  different  80  V  MOSFET  at  room  temperature  are  shown  in  Fig.  6(a).  This  particular  device 
had  a  much  higher  Rds(on)  of  55  mfl-cm^  at  room  temperature  than  the  best  devices  shown  in 
Figs.  4  &  5,  because  it  had  a  higher  threshold  voltage  of  about  6.3  V.  The  drain  current  and 
transconductance  at  Vg  =  +18  V  increased  dramatically  with  a  temperature  increase  from  room 


Figure  3:  Cross-sectional  view  of  the  n-channel  4H-SiC  UMOS  vertical  MOSFET  device 

design.  The  drain-drift  layer  was  mesa  isolated. 
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DRAIN  VOLTAGE  (V) 


Figure  4:  I-V  characteristics  of  an  80  V 
4H-SiC  vertical  UMOS  power  MOSFET 
structure.  (A  =  6.7x10''*  cm^). 


Figure  5:  I-V  characteristics  of  a  150  V 
4H-SiC  vertical  UMOS  power  MOSFET 
structure.  (A  =  6.7x10"'*  cm^). 


temperature  to  150°C,  as  shown  in  Fig.  6(b).  These  increases  were  primarily  due  to  the  decrease 
in  threshold  voltage  to  4.9  V.  The  drain  current  increased  by  a  factor  of  almost  two  and  the 
transconductance  increased  from  11.9  mS  (2.98  mS/mm)  to  18  mS  (4.5  mS/mm).  It  is  assumed 
that  these  increases  were  due  to  the  reduction  in  threshold  voltage  to  4.8  V  because  the  Rds(on) 
remained  very  stable,  showing  a  very  slight  decrease  to  53  mn-cm^.  These  trends  continued  up  to 
300°C,  as  shown  in  Fig.  6(c).  The  threshold  voltage  decreased  to  4.4  V  at  this  temperature,  which 
resulted  in  increases  in  the  drain  current  and  transconductance  to  about  174  mA  and  25  mS 
(6.25  mS/mm),  respectively.  The  Rds(on)  actually  increased  to  86  mfl-cm^  at  300°C.  It  was 
found  that  these  devices  had  low  lifetimes  at  temperatures  above  300°C,  exhibiting  gate  oxide 
failure  during  measurement.  This  problem  will  require  further  development. 


Thyristors 

Bipolar  power  device  structures  have  also  been  recently  reported  in  6H-SiC.12  Bipolar 
junction  transistors  (npn)  had  collector  voltages  as  high  as  200  V  and  current  gains  as  high  as 
10.4.  Additionally,  pnpn  thyristors  were  also  demonstrated  to  have  forward  breakover  voltages  as 
high  as  100  V,  with  a  500  |iA  trigger  current  required  for  an  8  V  breakover.  Unfortunately,  the 
thyristors  had  a  very  high  specific  on-resistance  of  126  mii-cm^  once  the  breakover  voltage  was 
reached.  This  was  due  to  the  high  resistivity  of  the  p-type  substrate  used.  Both  the  BJTs  and 
thyristors  operated  very  well,  if  not  better,  at  elevated  temperatures  up  to  400°C.  As  the  temp¬ 
erature  of  the  thyristors  was  raised,  both  the  required  trigger  current  and  the  resistance  reduced 
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dramatically.  At  350°C,  the  thyristors  showed  much  better  operation,  with  a  trigger  current  of 
150  pA  for  an  8  V  breakover  and  a  specific  on-resistance  of  1 1  mn-cm^.  It  is  assumed  that  the 
greatly  decreased  resistance  was  due  to  a  much  higher  carrier  concentration  in  the  p-type  substrate 
at  high  temperatures,  because  the  A1  p-type  dopant  is  not  fully  ionized  at  room  temperature. 

Subsequently,  the  same  structure  was  applied  to  the  opposite  polarity  thyristor,  which  allows 
the  use  of  much  lower  resistivity  n-type  substrates.'"*  The  device  structure  of  the  6H-SiC  npnp 
thyristors  is  shown  in  Figure  7.  They  utilized  a  mesa  structure,  with  all  of  the  doping  being  done 
in-situ  during  epitaxy.  The  area  of  the  device  was  l.OSxlO'^  cm^  and  the  device  periphery  was 
terminated  using  a  reactive  ion  etched  mesa.  These  devices  showed  forward  and  reverse  voltages 
of  160  V  with  no  gate  current.  As  shown  in  Figure  8,  the  forward  breakover  voltage  was  reduced 
to  -6  V  with  a  trigger  current  of  -200  pA.  The  improved  performance  of  this  device  is  revealed  by 
the  much  lower  voltage  drop  of  3.0  V  for  105  mA  (100  A/cm^).  With  a  built-in  voltage  of 
2.65  V,  this  corresponds  to  a  specific  on-resistance  of  3.6  mti-cm^. 

These  npnp  devices  have  now  been  successfully  operated  at  high  temperatures.  The  I-V 
characteristics  of  an  npnp  thyristor  as  a  function  of  temperature  are  shown  in  Fig.  9.  This  device 
required  a  gate  trigger  current  of  -250  pA  for  a  breakover  voltage  of  -7  V  at  room  temperature,  as 
shown  in  Fig.  9(a).  The  forward  breakover  voltage  with  no  gate  current  was  about  -120  V,  and 
the  voltage  drop  for  100  A/cm^  was  3.0  V.  When  the  device  was  heated  to  350°C,  the  gate  current 
required  for  a  -7  V  breakover  dropped  to  -150  pA,  as  shown  in  Fig.  9(b).  The  built-in  voltage  at 
350°C  decreased  to  about  -2.0  V,  but  the  bulk  resistance  increased  10  mn-cm^  due  to  decreasing 
mobilities  with  increasing  temperature.  These  offsetting  effects  meant  that  the  voltage  drop  for 
100  A/cm2  was  still  about  -3.0  V.  This  thyristor  operated  well  to  as  high  as  500°C,  as  shown  in 


p’  6H-SiC 


n’eH-SiC 


n*  6H-SiC  substnte 


Cathode  Contia 


Figure  7:  Cross-sectional  view  of  the  npnp 
6H-SiC  thyristor  device  design.  The  outer 
perimeter  was  mesa  isolated. 
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Figure  8:  Forward  bias  I-V  characteristics  of 
a  vertical  6H-SiC  npnp  thyristor  at  25°C. 

The  active  area  was  1.05x10"^  cm^. 


CATHODE  VOLTAGE  (VI 


Forward  bias  current-voltage  characteristics  of  a  6H-SiC  npnp  thyristor  at  (a)  27°C, 
(b)  350°C,  and  (c)  500°C.  The  area  of  the  device  was  l.OSxlO’^  cm'^. 


Fig.  9(c).  The  forward  breakover  voltage  with  no  gate  current  was  still  above  -100  V  and  the 
leakage  current  at  -100  V  was  only  -43  jlA  (4xl0‘2  A/cm^).  The  forward  breakover  voltage  with  a 
gate  current  of  -150  )iA  was  reduced  to  about  -3.0  V.  The  built-in  voltage  at  500°C  was  further 
decreased  to  -1.8  V  and  the  specific  on-resistance  was  still  about  lOrntf-cm^,  resulting  in  a 
voltage  drop  of  -2.75  V  for  a  current  density  of  100  A/cm^. 

HIGH  FREQUENCY  SiC  MESFETs 

Both  6H-  and  4H-SiC  MESFETs  have  been  fabricated  using  the  same  basic  device  design. 
The  MESFET  utilized  a  two  fingered  design  with  each  gate  finger  being  166  |im,  for  a  total  gate 
width  of  332  |im.  The  cross-sectional  design,  shown  in  Figure  10,  was  also  similar  for  both 
polytypes,  with  n+  source  and  drain  regions  formed  by  epitaxial  growth  and  reactive  ion  etching 
and  annealed  Ni  source  and  drain  contacts.  The  n-type  channel  doping  was  1-2.5x10’’^  cm-3  and 
was  isolated  from  the  substrate  by  a  p-type  epilayer  with  a  doping  of  about  1-5x10^5  cm-^. 

As  mentioned  previously,  4H-SiC  shows  more  promise  for  power  microwave  devices  than 
6H-SiC  because  of  the  much  higher  electron  mobility.  The  typical  I-V  characteristics  of  the  first 
reported  4H-SiC  high  frequency  MESFETs  are  shown  in  Fig.  1 1(a).  The  drain  current  density  at 
Yds  =  25  V  is  about  300  mA/mm,  with  a  maximum  transconductance  in  the  range  of  38- 
42  mS/mm.  The  high  frequency  characteristics  of  one  of  these  devices  is  shown  in  Fig.  11(b). 
The  gate  length  was  0.7  pm,  and  the  source-gate  and  gate-drain  spacing  were  0.3  pm  and  0.8  pm, 
respectively.  As  shown  in  Fig.  11(b),  the  fmax  for  this  device  was  12.9  GHz  and  the  ft  was 
6.7  GHz.  The  small-signal  power  gain  was  9.3  dB  at  5  GHz,  and  2.2  dB  at  10  GHz.  The 
measurement  conditions  were  Yds  =  30  Y,  Ids  =  78  mA,  Ygs  =  +1  Y,  and  Igs  <  1  pA. 
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Figure  10:  Cross-sectional  view  of  a  4H-SiC  MESFET  utilizing  epitaxially  grown  n+  source 

and  drain  mesas. 
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Figure  11:  (a)  Current-voltage  characteristics  of  a  4H-SiC  MESFET  and  (b)  small-signal 

parameters,  MSG/MAG  and  H21,  as  a  function  of  frequency,  for  a  4H-SiC 
MESFET  with  a  gate  length  and  width  of  0.7  pm  and  332  pm,  respectively. 


The  output  power  was  also  measured  in  Class  A  operation  on-wafer  using  an  ATN  LPl 
On-Wafer  Load  Pull  System.  The  measured  gain,  output  power,  and  power  added  efficiency  at 

1.8  GHz  are  plotted  in  Fig.  12.  The  maximum  output  power  29.72  (0.937  W)  was  achieved  with 
6.7  dB  gain,  12.7%  power  added  efficiency,  and  15.4%  drain  efficiency  using  an  input  power  of 
23  dBm.  The  maximum  power  density  was  2.8  W/mm  which  is  the  highest  reported  to  date  for  a 
SiC  MESFET.  By  reducing  the  drive  level  to  21  dBm  the  gain,  power  added  efficiency,  and  drain 
efficiency  improved  to  8.15  dB,  14.8%,  and  17%,  respectively,  but  the  output  power  decreased  to 
29.15  dBm  (2.5  W/mm). 

Small-signal  RF  measurements  were  also  performed  on  some  earlier  6H-SiC  devices,  which 
demonstrated  a  lower  f^ax  of  10  GHz.*  However  some  more  recent  6H-SiC  devices  with  smaller 
dimensions  and  improved  fabrication  have  yielded  small-signal  RF  results  that  are  superior  even  to 
those  of  the  4H-SiC  devices.  The  typical  I-V  characteristics  of  one  of  these  devices  is  shown  in 
Fig.  13(a).  The  gate  length  of  this  device  was  0.5  (im,  and  the  source-gate  and  gate-drain  spacing 
were  0.3  pm  and  0.8  pm,  respectively.  The  drain  current  density  at  Yjs  =  30  V  is  about 
240  mA/mm,  with  a  maximum  transconductance  in  the  range  of  38  mS/mm.  The  high  frequency 
characteristics  of  one  of  these  devices  is  shown  in  Fig.  13(b).  The  f^ax  for  this  device  was 
13.5  GHz  and  the  ft  was  8.1  GHz.  The  small-signal  power  gain  was  9.8  dB  at  5  GHz,  arid 

2.9  dB  at  10  GHz.  The  measurement  conditions  were  Vus  =  40  V,  Ijs  =  74.1  mA,  Vgs  =  -3  V, 
and  Igs  =  9.6  pA.  RF  power  measurements  have  not  yet  been  performed  for  these  newer  6H-SiC 
devices,  but  it  is  anticipated  that  it  will  be  significantly  higher  than  the  1  W/mm  measured  on  the 
older  6H-SiC  MESFETs.  However,  it  is  likely  that  they  will  still  not  have  as  high  a  power  density 
as  was  observed  for  the  4H-SiC. 


142 


Figure  12:  RF  power  performance  of  a  0.332  mm  gate  width  4H-SiC  MESFET  at  1.8  GFlz. 

The  measurement  conditions  were  Vds=  54  V,  Vgs  =  -2  V,  and  Ijs  =  77.4  mA. 
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Figure  13:  (a)  Current- voltage  characteristics  of  a  6H-SiC  MESFET  and  (b)  small-signal 

parameters,  MSG/MAG  and  H21,  as  a  function  of  frequency  for  a  6H-SiC 
MESFET  with  a  gate  length  and  width  of  0.5  pm  and  332  pm,  respectively. 


CONCLUSIONS 

A  variety  of  power  device  structures  have  now  been  demonstrated  in  both  6H  and  4F[-SiC, 
showing  promise  for  both  DC  and  RF  operation.  For  pn  junction  rectifiers,  power  MOSFETs, 
and  thyristors  in  SiC,  the  level  of  doping  allowed  for  a  given  voltage  is  much  higher  than  in  Si  and 
the  layer  thickness  is  about  1/lOth  that  required  for  Si.  This  is  a  particularly  strong  advantage  for 
unipolar  power  MOSFETs,  where  it  will  eventually  result  in  dramatically  lower  on-resistances  than 
for  Si  devices  of  equivalent  size,  or  allow  dramatically  smaller  SiC  device  sizes  for  the  same  on- 
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resistance.  All  of  these  devices  have  the  ability  to  operate  at  high  temperatures,  although  the  power 
MOSFETs  are  currently  limited  by  oxide  breakdown  at  temperatures  above  300°C. 

Very  promising  results  have  now  been  demonstrated  for  both  6H  and  4H-SiC  MESFETs  for 
microwave  operation.  The  f^ax  for  MESFETs  fabricated  in  4H-SiC  is  12.9  GFIz  and  an  RF 
power  density  of  2.8  W/mm  was  measured  at  1.8  GHz,  surpassing  the  output  power  capability  of 
comparable  GaAs  MESFETs  by  a  factor  of  2-3.  More  recent  6H-SiC  MESFETs  have  now 
reached  an  fmax  of  13.8  GHz,  the  highest  value  reported  to  date  for  a  SiC  FET.  When  a 
comparable  4H-SiC  design  is  completed  it  should  surpass  the  frequency  of  these  6H  devices 
because  of  the  higher  electron  mobility  of  4H-SiC. 
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ABSTRACT 

Electron  cyclotron  resonance  (ECR)  plasma  etching  of  single  crystal  6H-SiC  has  been 
investigated  using  a  CF4/O2  gas  mixture  and  compared  to  conventional  reactive  ion  etching 
(RIE)  in  a  radio  frequency  (13.56  MHz)  reactor.  The  use  of  ECR  results  in  higher  etch  rates, 
lower  levels  of  bias  and  smoother  etched  surfaces  than  rf-RIE.  ECR  etch  rates  exceeding  100 
nm/min  have  been  obtained  at  a  substrate  bias  of  -100  V.  Etch  rate  and  surface  morphology 
have  been  studied  as  a  function  of  pressure,  bias  and  power.  Auger  electron  spectroscopy  shows 
that  ECR  etching  leaves  no  residues  unlike  rf-RIE  which  leaves  residues  containing  Al,  F,  O  and 
C.  The  current-voltage  and  capacitance-voltage  measurements  of  Schottky  diodes  show  that 
there  is  far  less  damage  induced  by  ECR  etching  compared  to  rf-RBE. 


INTRODUCTION 

An  important  issue  for  SiC  device  fabrication  is  the  development  of  suitable  dry  etching 
techniques,  since  SiC  is  relatively  inert  to  most  chemical  solutions.  In  the  past  decade, 
conventional  reactive  ion  etching  (RIE)  of  SiC  has  been  demonstrated  in  capacitively-coupled, 
radio  frequency  (rf)  plasma  reactors.  There  are  many  reports  on  rf-RIE  of  SiC  in  a  variety  of 
fluorinated  gas  mixtures  [1-5].  However,  some  problems  are  typically  encountered.  In 
particular,  rough  surface  morphologies  often  result  due  to  micromasking  effects.  While,  addition 
of  H2  to  the  gas  mixture  can  suppress  the  formation  of  micromasking  residues,  it  also  suppresses 
SiC  etching  [4].  Moreover,  the  high  rf  power  densities  needed  for  obtaining  adequate  etch  rates 
lead  to  high  biases  on  the  substrate,  which  in  turn  causes  lattice  damage  to  the  underlying 
semiconductor  material  due  to  energetic  ion  bombardment.  Recently,  electron  cyclotron 
resonance  (ECR)  plasmas  have  received  attention  for  electronic  materials  processing  applications 
[6],  as  they  offer  advantages  such  as  high  plasma  density  and  low  ion  energy.  A  preliminary 
study  has  shown  that  ECR  plasmas  provide  an  attractive  means  of  etching  SiC  [7].  In  this  paper 
we  report  on  ECR  plasma  etching  of  single  crystal  6H-SiC  using  a  CF4/O2  mixture  and  compare 
these  results  to  rf-RIE.  Etch  rate,  surface  morphology  and  selectivity  have  been  evaluated.  The 
surface  composition  after  etching  was  studied  by  Auger  electron  spectroscopy.  The  degree  of 
etch-induced  damage  was  assessed  by  current-voltage  (I-V)  measurements  of  Schottky  diodes 
fabricated  on  the  etched  surfaces. 


EXPERIMENTAL 

This  study  employed  a  load-locked  multipolar  ECR  plasma  system  utilizing  a  2.45  GHz 
excitation  source  with  an  rf  (13.56  MHz)  substrate  biasing  capability.  This  system  can  perform  in 
an  ECR  plasma  mode  or  in  a  capacitively-coupled  rf  plasma  mode.  In  the  ECR  mode,  substrate 
bias  is  adjusted  independently  of  the  microwave  plasma  power  by  varying  the  rf  power,  and  the 
substrates  sit  approximately  15  cm  below  the  ECR  discharge.  In  the  RIE  mode  the  plasma  is 
generated  by  rf  power  applied  to  an  aluminum  substrate  holder.  The  chamber  was  evacuated 
below  1x10"^  Torr  prior  to  initiating  gas  flow.  The  etch  gas  was  pre-mixed  CF4/O2  (5:1)  at  a 
flow  of  50  seem.  Two  different  masking  materials,  Al  and  indium-tin-oxide  (ITO),  have  been 
tested.  The  patterns  were  defined  photolithographically  using  a  lift-off  process. 
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Etch  depths  were  measured  using  a  Dektak  stylus  profilometer.  The  surface  morphology  after 
etching  was  examined  by  scanning  electron  microscopy.  The  surface  composition  of  etched  SiC 
samples  were  analyzed  by  Auger  electron  spectroscopy  (AES)  and  scanning  Auger  microscopy 
(SAM).  The  samples  were  loaded  into  the  AES  system  immediately  after  being  taken  from  the 
etching  chamber  to  minimize  exposure  to  air.  An  unetched  control  sample  was  cleaned  by  a 
standard  RCA  process  [8]  and  dipped  in  a  dilute  HE  immediately  before  analysis.  Elemental 
concentrations  were  quantified  using  tabulated  relative  sensitivity  factors. 

The  samples  used  for  electrical  measurements  consisted  of  a  10  pm  thick  6H-SiC  epilayer 
(n=5xlO*5/cm3)  grown  on  a  (0001)  Si-terminated  6H-SiC  substrate  with  n=2xl0'^/cm3.  Ta 
ohmic  contacts  were  evaporated  onto  the  sample  backsides  and  annealed  at  850°C.  After 
plasma  etching  the  samples  were  transferred  to  an  ultra-high  vacuum  metallization  system  where 
250  pm  diameter  Pd  Schottky  contacts  were  deposited  by  e-beam  evaporation  through  a  stainless 
steel  shadow  mask,  A  control  sample  was  RCA-cleaned  and  dipped  in  dilute  HE  before 
deposition.  Schottky  barrier  height  and  ideality  factor  were  determined  from  TV  measurements. 


RESULTS  AND  DISCUSSIONS 

A1  has  been  widely  used  in  conventional  rf-RlE  as  an  etch  mask,  as  it  is  not  reported  to  etch 
significantly  in  typical  E-containing  plasmas.  However,  in  our  ECR  experiments  A1  did  not 
endure  well  for  deep  etching.  ITO  fdms  endured  far  better,  particularly  at  low  levels  of  bias.  In 
the  ECR  plasma  at  -lOOV  bias  the  selectivities  of  SiC  etching  with  respect  to  ITO  and  A1  are 
approximately  40:1  and  10:1,  respectively.  Because  the  ECR  process  uses  considerably  lower 
bias  than  rf-RIE,  the  erosion  of  A1  is  likely  to  be  due  to  a  chemical  effect  rather  than  to 
sputtering.  Perhaps  either  the  ECR  plasma  creates  F-containing  species  which  are  more  reactive 
or  in  much  larger  concentration  than  do  typical  rf  plasmas,  or  residues  which  form  in  the  rf-RIE 
processes  effectively  protect  the  A1  mask  from  attack  by  reactive  species. 

The  etch  rates  of  SIC  using  rf-RIE  at  25  mTorr  are  shown  in  Fig.  1  for  rf  power  varying  from 
lOOW  to  300W  (0.20  W/cm^  to  0.59  W/cm^).  These  results  are  comparable  to  what  has  been 
reported  previously  for  rf-RIE  of  SiC  [1-5],  A  rough  surface  morphology  results  at  all  power 
levels,  as  shown  in  Fig.  2a,  due  to  a  high  density  of  micromasked  regions.  This  micromasking  is 
also  consistent  with  previous  reports  which  have  shown  that  the  micromasking  is  caused  by  A1 
which  sputters  from  the  reactor  electrode  and  redeposits  in  clusters  on  the  etched  surface  [4,  5]. 
These  reports  also  show  that  micromasking  can  be  suppressed  by  H2  addition  to  the  gas  mixture. 
Similarly,  we  obtain  smooth  surfaces  (Fig.  2b)  by  using  a  gas  mixture  of  CF4/O2/H2  in  a  ratio  of 
5:1:1.  This  H2  addition  leads  to  nearly  a  three-fold  reduction  in  the  etch  rate  as  shown  in  Fig.  1. 
For  a  given  power  density,  the  addition  of  H2  had  no  effect  on  the  substrate  potential  which  was 
approximately  -270  V  and  -520  V  at  power  densities  of  0.20  and  0.59  W/cm^,  respectively. 
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Fig.  1 .  Variation  in  SiC  etch  rate  with 
power  for  rf-RIE  at  25  mTorr. 
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Fig.  2.  SiC  with  ITO  mask  etched  by  rf-RIE  in  CF4/O2  (a)  without  H2,  (b)  with  H2  added. 


Results  for  ECR  etching  are  shown  in  Fig  3.  The  etching  rate  is  directly  proportional  to  the 
applied  microwave  power  as  shown  in  Fig.  3a  for  two  different  levels  of  substrate  bias.  The 
increase  in  etch  rate  with  microwave  power  can  be  attributed  to  two  factors:  (1)  Higher  power 
leads  to  a  higher  density  of  excited  species  which  react  with  the  SiC  surface,  and  (2)  higher 
power  results  in  higher  ion  densities,  which  in  turn  leads  to  enhanced  energetic  ion  bombardment 
and  removal  of  etch  products  adsorbed  on  the  SiC  surface.  Most  notable  about  ECR  etching 
compared  to  rf-RIE  is  that  dramatically  higher  rates  are  obtained  at  much  lower  levels  of  bias. 

The  variation  in  the  SiC  etch  rate  with  applied  bias  for  the  ECR  plasma  (2  mTorr  and  500  W) 
is  shown  in  Fig.  3b.  The  rate  is  approximately  proportional  to  the  substrate  bias  in  the  range  of 
-20  to  -150  V.  Further  increases  in  bias  appear  to  have  less  of  an  effect  on  the  etch  rate.  This 
result  may  be  explained  if  the  desorption  of  etch  products  is  rate-limiting  at  low  bias.  In  this 
case  the  increase  in  bias  leads  to  a  proportional  increase  in  the  energy  of  ions  bombarding  the 
sample  surface,  and  therefore  to  an  increase  in  the  rate  of  sputter-induced  desorption  of  the  etch 
products.  At  high  levels  of  bias  the  desorption  of  etch  products  may  become  less  rate-limiting 
and  the  increase  in  rate  may  also  be  due  to  the  onset  of  physical  sputtering  of  the  SiC. 
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Figure  3.  ECR  etch  rate  of  SiC,  variation  with  (a)  power  and  (b)  applied  bias. 
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Fig.  4.  ITO  masked  SiC  etched  by  CF4/O2  ECR  plasma  with  bias  of  (a)  ^0  V  and  (b)  -100  V. 


Figure  4  shows  SEM  micrographs  of  SiC  samples  etched  by  ECR  plasmas  at  500  W  with 
two  different  levels  of  applied  bias,  -40  V  and  -100  V.  The  surfaces  are  smooth  and  the  pattern 
profiles  show  highly  anisotropic  etching.  Moreover,  we  have  observed  no  micromasking  effects 
in  the  ECR  etching  experiments  over  the  entire  range  of  parameters  tested.  This  result  is 
attributable  to  the  low  pressure  which  is  characteristic  of  the  ECR  process  and  which  facilitates 
the  effective  desorption  and  removal  of  etch  products  with  negligible  redeposition.  At  high 
substrate  bias,  a  notable  feature  is  the  formation  of  a  trenched  region  at  the  base  of  the  etched 
side-walls.  This  trenching  effect  is  strongly  dependent  on  the  bias  and  can  be  attributed  to 
enhanced  ion  bombardment  at  the  base  of  the  side-wall  pattern  due  to  the  deflection  of  ions 
impinging  on  the  sidewalls  at  low  angles  [9].  In  our  experiments  trenching  has  not  been 
observed  at  bias  of  less  than  approximately  -50  V.  Trenching  is  readily  observable  at  -70  V  and 
is  acute  at  -100  V.  Bias  also  increases  the  etch  anisotropy.  At  low  bias  significant  undercutting 
of  the  mask  occurs,  while  at  -lOOV  etching  is  highly  anisotropic. 

The  AES  results  are  summarized  in  Table  I.  AES  spectra  of  SiC  etched  by  rf-RIE  at  a  power 
density  of  0.6  W/cm^  show  significant  amounts  of  Al,  F,  O  and  C  on  the  sample  surface. 
Furthermore,  these  impurities  are  localized  at  the  top  of  the  micromasked  protrusions,  indicating 
that  a  residue  which  contains  these  elements  is  responsible  for  the  micromasking  effect.  Large 
amounts  of  Al,  F  and  O  are  also  detectable  on  the  sidewalls  of  the  etched  patterns.  SAM 
measurements  show  that  Al  and  F  are  uniformly  distributed  over  the  ITO  mask,  unlike  on  the 
etched  surface  where  they  are  clustered.  With  addition  of  H2,  there  is  large  reduction  of  the 
surface  Al  content  from  26%  to  8.8%  and  the  F  signal  disappears.  The  reduction  of  these 
impurities  coincides  with  an  improvement  in  surface  morphology  and  the  suppression  of 
micromasking.  However,  significant  amounts  of  Al,  F  and  O  are  still  detectable  on  the  sidewalls, 
indicating  that  even  with  H2  addition  there  is  still  a  tendency  for  residue  formation. 

Table  I.  AES  atomic  concentration  data  (%)  for  unetched,  ECR-etched,  and  rf-RIE  SiC  surfaces. 


Method 

Sample 
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Si 
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Al 

N 

unetched 

SiC  surface 

53.4 

40.8 

3.1 

- 

- 

2.6 

rf-RIE 

SiC  surface 

43.8 

25.1 

3.3 

1.8 

26.0 

_ 

(noH2) 

SiC  side-wall 

38.6 

16.1 

3.8 

2.4 

39.1 

_ 

rf-RIE 

SiC  surface 

45.4 

39.4 

6.4 

__ 

8.8 

_ 

(H2  added) 

SiC  side-wall 

39.9 

27.7 

9.7 

2.0 

20.1 

- 

ECR  etched 

SiC  surface 

58.1 

41.9 

_ 

— 

_ 

_ 

(-20  V) 

SiC  side-wall 

63.0 

34.9 

2.1 

- 

_ 

_ 

I 


148 


Residual  O  and  N  impurities  are  observed  on  the  unetched  sample  surface  and  most  likely 
originate  from  the  cleaning  solutions.  No  impurities  other  than  Si  and  C  are  detectable  on  the 
ECR  etched  surface.  The  ECR  etched  surface  appears  to  be  carbon-rich,  but  contamination  from 
atmospheric  hydrocarbons  during  sample  exposure  to  air  may  in  part  be  the  origin  of  the  excess 
C.  The  sidewalls  are  much  more  carbon-rich  with  63  at%  carbon  and  35  at%  silicon. 
Interestingly,  no  A1  or  E,  and  very  little  O  are  detected  on  the  sidewalls,  which  indicates  that 
there  is  not  an  appreciable  tendency  for  residues  to  form  during  ECR  etching. 

Schottky  diode  I-V  characteristics  are  very  sensitive  to  the  metal-semiconductor  interface 
quality.  Assuming  a  thermionic  emission  model  [10],  the  barrier  height  (4>)  was  determined 
from  the  measured  diode  saturation  current.  The  effective  Richardson  constant  for  SiC  was 
taken  to  be  72  A-K^/cm^  based  on  an  electron  effective  mass  of  0.60.  For  each  sample 
approximately  15  to  20  diodes  were  measured.  Out  of  these  a  small  number  on  each  sample 
exhibited  unusually  high  leakage  currents  which  were  presumed  to  be  related  to  defects  in  the  as- 
grown  SiC  layers.  Disregarding  the  outlying  characteristics.  Fig.  5  shows  I-V  characteristics 
which  are  representative  of  Schottky  diodes  fabricated  on  as-grown,  rf-RIE  (-510  V, 
0.59W/cm2)  and  ECR  (-100  V,  800W)  etched  surfaces.  For  these  samples  approximately  500 
nm  of  material  was  etched  away,  and  for  rf-RIE  H2  was  added  to  obtain  a  smooth  surface.  Most 
notable  is  the  large  increase  in  the  reverse  bias  leakage  current  for  the  etched  samples.  This 
increase  is  approximately  two  orders  of  magnitude  for  ECR  etched  samples  and  approximately 
six  orders  of  magnitude  for  the  rf-RIE  samples.  The  Schottky  diodes  on  the  as-grown  sample 
show  average  values  of  0  =  1.05  ±  0.02  eV  and  n  =  1.34  ±  0.08,  with  the  errors  representing  the 
standard  deviations.  The  high  ideality  factor  may  arise  from  the  presence  of  a  thin  interfacial 
layer  between  the  Schottky  contact  and  the  SiC.  The  existence  of  such  a  layer  is  consistent  with 
AES  results  showing  O  and  N  on  the  RCA-cleaned  SiC  surface.  Schottky  diodes  on  the  rf-RIE 
sample  all  show  high  leakage  currents  with  average  values  of  ©  =  0.637  ±  0.004  and  n  =  1.27  ± 
0.03.  The  very  high  leakage  current  and  low  barrier  height  are  consistent  with  the  occurrence  of 
significant  lattice  damage  to  the  SiC  caused  by  rf-RIE.  In  contrast,  Schottky  diodes  on  the  ECR 
etched  surface  show  values  of  ©  =  0.874  ±  0.002  and  n  =  1.09  ±  0.05.  The  barrier  height  is 
lower  than  that  of  the  as-grown  sample,  but  much  higher  than  that  of  the  rf-RIE  sample.  This 
result  together  with  the  fact  that  less  degradation  is  seen  in  the  leakage  currents  suggests  that  the 
ECR  etching  process  is  far  less  damaging  to  the  underlying  SiC  than  the  rf-RIE  process. 


BIAS  (V) 


Fig.  5.  Current-voltage  characteristics  of  Pd  Schottky  diodes  on  (a)  RIE  etched, 
(b)  ECR  etched  at  -100  V,  and  (c)  unetched  SiC  samples. 
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SUMMARY 


Smooth,  anisotropic,  residue-free  dry  etching  of  6H-SiC  has  been  demonstrated  using 
ECR  plasmas  with  a  CF4/O2  gas  mixture.  BCR  plasma  etching  of  SiC  is  far  more  selective  with 
respect  to  ITO  masks  than  A1  masks.  Etch  rates  in  excess  of  100  nm/min  are  obtained  with 
relatively  low  bias  (-100  V).  Etching  at  bias  higher  than  -70  V  is  highly  anisotropic,  but 
trenches  form  at  the  bases  of  the  etched  sidewalls.  Etching  at  low  bias  (less  than  -50  V)  is  less 
anisotropic  and  without  trench  formation.  High  bias  ECR  etching  appears  to  be  useful  for 
processes  such  as  deep  mesa  etching,  while  low  bias  etching  is  well  suited  for  shallow  recess 
etching  of  active  device  layers.  The  AES  analysis  of  etched  surfaces  show  that  there  are  no 
residues  on  the  ECR  etched  surfaces.  In  contrast,  conventional  rf-RIE  processes  using  the  same 
gas  mixture  yields  residues  which  contain  Al,  F,  O,  and  C.  Upon  addition  of  H2  to  this  process 
residue  formation  is  suppressed  on  the  etched  surfaces  but  persists  on  the  side-wall  features. 
Current-voltage  measurements  of  Pd  Schottky  diodes  indicate  that  ECR  etching  induces  far  less 
damage  to  the  SiC  than  conventional  rf-RIE. 
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ABSTRACT 

In  SiC  junctions,  it  is  usual  to  find  the  ideality  factor  n=2  (or  slightly  higher)  in  6H-SiC 
and  n>2  and  temperature  dependent  for  3C-SiC.  However,  the  recombination  current  yields  an 
ideality  factor  no  higher  than  2.  This  value  can  be  slightly  increased  by  considering  the  Poole- 
Frenkel  effect  (PEE),  so  that  the  6H-SiC  junction  characteristics  can  be  properly  fitted.  On  the 
other  hand,  3C-SiC  junction  characteristics,  which  are  quite  different  from  the  ideal  ones,  cannot 
be  satisfactorily  explained  on  the  basis  of  this  model  and  the  multitunnel  capture-emission 
mechanism  is  proposed  as  the  responsible  for  this  behavior. 


ESITRODUCTION 

Silicon  Carbide  is  a  wide  bandgap  semiconductor  for  all  of  its  polytype  structures;  the 
most  common  are  3C-SiC  and  6H-SiC  with  2.2  and  2.9  eV,  respectively.  This  property,  along 
with  other  excellent  physical  and  electronic  properties  [1],  render  it  a  promising  material  for 
use  in  high-temperature  and  high-power  devices  among  many  other  applications.  Superior 
electrical  device  results  have  been  reported  about  6H-SiC  because  the  technology  for  producing 
substrates  and  epitaxial  layers  in  this  polytype  is  more  advanced  compared  to  3C  polytype  [2]. 

Since  SiC  is  a  large  gap  semiconductor,  the  recombination  process  is  expected  to  be 
predominant  over  diffusion  in  a  p-n  junction  at  room  temperanire  and  low  forward  voltages. 
Therefore,  it  is  expected  the  current-voltage  relationship  given  by  [3]: 

J  =  q  —  njexp(qV/nkT)  (1) 

T 

where  q  is  the  electron  charge,  W  the  depletion-layer  width,  t  the  effective  lifetime,  the 
intrinsic  carrier  density,  k  the  Boltzmann’s  constant,  T  the  absolute  temperamre  and  n  the 
ideality  factor  whose  value  should  be  2. 


THE  POOLE-FRENKEL  EFFECT  ON  6H-SIC  JUNCTIONS 

The  Poole-Frenkel  effect  (PEE)  [4]  is  the  enhancement  of  the  carrier  emission  rate  from 
the  traps  by  the  electric  field  due  to  the  lowering  of  the  effective  potential  barrier  as  illustrated 
in  Fig.  1.  This  effect  is  present  only  when  the  trap  behaves  like  a  Columbic  well,  i.e.,  the 
emission  of  electrons  or  holes  ionizes  the  trap. 

This  effect  can  be  modeled  through  the  modification  of  the  hole  recombination  time  for 
an  acceptor-like  trap  (equivalently  the  electron  recombination  time  for  a  donor-like  trap): 
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=  ’p(O)  exp 
=  ^«(0) 


kT 


(2) 


where  t^(0)  and  t^(0)  are  the  hole  and  electron  recombination  time  in  absence  of  electric  field, 
e  is  the  dielectric  constant  of  the  material  and  F  the  electric  field. 

Simulation  results  are  been  carried  out  by  using  MEDICI  [5]  with  the  introduction  of  the 
expressions  given  by  the  equation  2  in  the  classical  Shockley-Read-Hall  generation-recombination 
rate.  Both  experimental  data  [6]  and  simulation  results  with  and  without  PFE  are  shown  in 
Fig.  2. 

The  recombination  current  dominates  up  to  2.3  V  at  300  K.  The  dominance  of  this 
current  occurs  up  to  lower  voltage  bias  as  the  temperature  increases  since  the  diffusion  current 
increases  faster  than  the  recombination  current.  In  the  range  where  the  recombination  mechanism 
plays  a  significant  role  in  determining  the  forward  characteristics,  a  difference  between  the 
characteristics  with  and  without  the  PFE  can  be  pointed  out  but  when  the  diffusion  current  is 
important  no  difference  is  observed.  In  all  curves,  the  best  agreement  with  experiments  is 


Figure  1.  Energy-band  diagram  around  a  trap.  The  dashed  line  denotes  the 
effective  potential  well  of  an  acceptor-like  trap. 
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Figure  2.  Forward 
characteristics  of  a 
6H-SiC  diode  as  a 
function  of 
temperature.  Measured 
data  (symbols)  are 
taken  from  [6] .  The 
lines  are  simulation 
results  with  (solid  lines) 
and  without  (dashed 
lines)  the  Poole-Frenkel 
effect. 


FORWARD  VOLTAGE  (  Volts  ) 


obtained  when  the  PFE  is  included.  PFE  has  more  importance  at  low  temperamre  and  low 
forward  bias  (the  electric  field  is  higher)  as  expected  from  the  equation  (2).  At  room 
temperature,  unless  PFE  is  considered,  the  computed  level  of  the  current  at  low  forward  bias 
is  up  to  one  order  lower  than  the  experimental  values;  this  difference  diminishes  as  the 
temperatures  increases  and  even  at  high  temperature,  experimental  and  simulated  results  are  in 
good  agreement  and  there  is  no  significant  difference  between  including  PFE  or  not. 

PFE  can  adequately  justify  the  J-V  characteristics  of  6H-SiC,  that  almost  follow  the  ideal 
curves.  However,  3C-SiC  junction  characteristics  [7]  do  not  correspond  to  the  expected  from 
the  classical  mechanisms,  even  including  PFE;  any  other  mechanism  associated  to  the  large  gap 
of  3C-SiC  cannot  be  accepted  as  the  responsible  for  this  behavior  since  6H-SiC  possesses  a 
larger  gap  and  exhibits  a  quasi-ideal  behavior.  It  seems  more  probable  that  this  anomalous 
behavior  in  3C-SiC  can  be  related  to  localized  states,  since  a  relationship  between  the  general 
crystal  quality  and  the  ideality  factor  has  been  observed  and  it  is  well  known  that  the  3C-SiC 
technology  generates  a  large  amount  of  defects  which  do  not  appear  in  6H-SiC  [8]-[9]. 


THE  MULTITUNNEL  CAPTURE-EMISSION  EFFECT  ON  3C-SIC  JUNCTIONS 

It  can  be  thought  that  high  levels  of  current  can  be  obtained  if  a  very  active 
recombination  mechanism  as  a  consequence  of,  for  example,  a  large  density  of  traps  is  assumed. 
This  can  be  modeled  by  a  very  small  recombination  time  (t-^)  that,  according  to  the  equation 
(1),  gives  rise  to  large  current  density.  However,  we  have  previously  proved  [10]  that  the 
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generation-recombination  rate,  and  as  a  consequence  the  current  density,  saturates  and  the  limit 
value  lies  below  the  experimental  current  density  data.  Therefore,  a  different  conduction 
mechanism  should  be  considered  in  order  to  explain  these  characteristics. 

Several  aspects  can  be  mentioned  in  the  3C-SiC  junction  characteristics  [7], 
[11]-[12].  The  ideality  factor  is  much  higher  than  2  and  depends  on  temperature  but  the 
magnitude  of  q/nkT  shows  a  slight  temperature  dependence  and,  moreover,  a  large  excess  of 
current  is  exhibited  at  low  forward  bias  and  room  temperature.  These  facts,  which  can  also  be 
found  in  tunnel  diode,  suggest  that  the  dominant  mechanism  in  3C-SiC  diodes  should  involve 
tunneling.  Several  models  based  on  tunneling  processes  have  been  proposed  in  the  literature. 
Band-to-band  tunnelling  [13]  can  be  discarded  because  it  is  neither  energetically  probable  in  the 
structures  considered  here  nor  fits  the  appropriate  functional  dependence.  Since  it  is  widely 
recognised  that  a  large  amount  of  defects  are  present  in  3C  epilayers  which  may  deeply  affect 
the  diode  characteristics,  trap-assisted  tunneling  is  suggested  to  explain  the  behavior  of  these 
diodes.  In  particular,  the  multimnnel  capture-emission  process  [14]  could  be  the  cause  for  the 
behavior  of  3C-SiC  junctions.  In  this  process,  shown  in  Fig.  3,  the  carriers  use  the  localized 
energy  levels  in  the  gap  as  steps  to  mnnel  through  the  gap  and  when  the  tunneling  rate  from  one 
step  to  other  is  smaller  than  the  emission  or  capture  coeficient,  the  carrier  is  released  from  a 
localized  state  to  the  band  or  recombinated  with  another  carrier. 
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The  current- voltage  relationship  based  on  the  multitunneling  capture-emission  process  is 
given  by: 

exp(y4  V)  (3) 

where  B  is  a  constant,  AE  is  related  to  the  energy  level  of  the  traps  (when  the  emission  process 
is  involved)  or  to  the  Fermi  level  position  (when  a  capture  process  is  involved)  at  the  point 
where  the  carriers  are  released  from  a  localized  state  to  the  bands  and,  finally,  ^  is  a 
temperature-independent  constant. 

Experimental  J-V  curves  along  with  the  ones  corresponding  to  equation  (3)  are  plotted 
in  Fig.  4.  The  linear  region  in  the  semilogarithmic  plot  can  be  fitted  to  this  exponential  curve 
with  these  parameters: 

A  =  9.00 
B  =  5.22  A.cm'^ 

AE  =  0.42  eV 

The  values  of  AE  are  deep  enough  to  be  related  to  the  Fermi  level  in  this  structure  where 
the  carrier  concentration  is  about  10^^  cm‘^.  Therefore,  it  should  be  admitted  that  this  value 
corresponds  to  an  effective  the  trap  energy  level  in  the  gap  from  where,  after  tunnelling  through 
many  other  traps,  the  emission  of  the  carrier  to  the  band  occurs.  The  AE  values  are  related  to 
energy  levels  of  impurities  or,  more  probably,  to  defects  and  imperfections  associated  with  the 
cubic  structure  of  3C-SiC.  This  situation  may  be  possible  in  the  3C-SiC  since  its  cubic  network 
is  considered  as  a  ‘strained’  crystal  which  grows  on  Si  or  hexagonal  SiC  and,  as  a  consequence, 
many  crystallographic  defects  are  expected  to  be  present  [15]. 


J  =  B  exp 


AE 

'Tt 


Figure  4.  Forward 
characteristics  of  a 
3C-SiC  diode  as  a 
function  of 
temperature. 
Measurement  data 
(symbols)  are  taken 
from  [7] .  Dashed 
lines  are  the 
analitycal  curves 
calculated  according 
equation  (3). 
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CONCLUSIONS 


Crystallographic  defects  appear  to  be  a  possible  cause  for  the  non-ideal  behavior  of 
3C-SiC  p-n  diodes  since,  in  comparison,  6H-SiC  p-n  diodes  exhibit  normal  characteristics.  In 
order  to  improve  the  diode  characteristic,  a  technological  effort  should  be  done  so  that  the 
amount  of  defects  and  crystal  imperfections  can  be  reduced. 
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PROPERTIES  OF  MOS  STRUCTURE  FABRICATED  ON  3C-SiC  GROWN  BY 
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ABSTRACT 

We  report  the  fabrication  and  the  characterization  of  Metal  Oxide  Semiconductor  (MOS) 
structure  fabricated  on  thermally  oxidized  3C-SiC  grown  by  reactive  magnetron  sputtering. 
The  structure  and  the  composition  of  the  Si02  layer  was  studied  by  cross-sectional 
transmission  electron  microscopy  (XTEM)  Auger  electron  spectroscopy  (AES).  Homogeneous 
stoichiometric  Si02  layers  formed  with  a  well-defined  interface  to  the  faceted  SiC(lll)  top 
surface.  Electrical  properties  of  the  MOS  capacitor  have  been  analyzed  by  employing  the 
capacitance  and  conductance  techniques.  C-V  curves  shows  the  accumulation,  depletion  and 
deep  depletion  phases.  The  capacitance  in  the  inversion  regime  is  not  saturated  ,  as  usually 
observed  for  wide-bandgap  materials.  The  unintentional  doping  concentration  determined  from 
the  l/C^  curve  was  found  to  be  as  low  as  2.8  x  10'^  cm-^.  The  density  of  positive  charges  in  the 
grown  oxide  and  the  interface  states  have  been  extracted  by  using  high-frequency  C-V  and 
conductance  techniques.  The  interface  state  density  has  been  found  to  be  in  the  order  of  10'' 
cm-2-eV-i. 


INTRODUCTION 

Cubic  type  silicon  carbide  (SiC)  and  its  heterojunction  with  silicon  are  attracting  a  great 
deal  of  attention  due  to  its  potential  applications  in  semiconductor  science  and  technology.  TTie 
growing  interest  for  SiC  stems  from  its  advantageous  properties  such  as  high  electron  mobility, 
high  breakdown  electric  field,  large  bandgap,  high  thermal  and  chemical  stability.  High 
temperature  gas  sensors[l],  heterojunction  bipolar  transistors[2],  solar  cells  [3]  and  power 
devices[4]  are  among  the  most  commonly  proposed  applications  for  cubic  silicon  carbide 
layers. 

For  the  production  of  cubic  SiC  layers,  several  deposition  techniques  such  as  CVD[5] . 
PECVD[6]  and  MBE[7]  have  been  used.  In  spite  of  the  large  lattice  mismatch  (20  %),  the 
epitaxial  3C-SiC  layers  have  been  grown  by  using  these  techniques.  As  an  alternative  method, 
the  ultra  high  vacuum  reactive  magnetron  sputtering  (RMS)  has  proven  to  be  successful  i  i 
growing  3C-SiC  layers  on  the  silicon  substrate[8,9].  RMS  offers  low  temperature  growing 
conditions  which  is  highly  desirable  for  integration  of  3C-SiC  devices  with  silicon  based 
technology.  The  electrical  and  structural  properties  of  3C-SiC  layers  grown  by  RMS  have  been 
well  investigated  and  shown  to  be  suitable  for  device  production[9,10,ll].  P-n  junction 
diodes[12],  heterojunction  diodes[13]  and  light  emitting  diodes[14]  have  already  been 
produced  and  operated  successfully. 

This  paper  presents  the  first  report  on  the  metal  oxide  semiconductor  capacitor  fabricated 
on  3C-SiC  layer  produced  by  the  RMS  technique.  Successful  operation  of  MOS  devices  is 
crucial  particularly  in  high  temperature  gas  sensors  which  make  use  of  the  shift  in  the  flat  band 
voltage  as  a  result  of  the  gas  detection.  Similarly,  the  electrical  properties  of  the 
oxide/semiconductor  interface  play  important  roles  in  the  metal-oxide-field  effect  transistors 
(MOSFET).  In  addition,  the  interface  properties  of  Si02/SiC  is  important  for  the  surface 
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passivation  in  devices  like  heterojunction  bipolar  transistors.  It  is  now  well  known  that  Si02 
layers  can  be  thermally  grown  on  SiC  without  degrading  the  underlying  crystal!  15- 19],  It  has 
been  reported  that  good  quality  interfaces  with  relatively  low  density  of  defect  states  could  be 
produced  for  both  CVD  grown  3C-SiC[16-18]  and  bulk  6H-SiC[15].  In  this  paper,  we  present 
the  chemical,  structural  and  electrical  properties  of  MOS  structure  produced  on  RMS-grown 
3C-SiC. 

EXPERIMENTAL 


3C-SiC  layers  were  deposited  on  Si(lll)  substrates  by  reactive  magnetron  sputtering  of 
elemental  silicon  in  mixed  Ar/CH4  plasmas.  The  films  were  deposited  on  Si(lll)  substrates 
kept  at  a  temperature  of  850  °C.  The  base  pressure  in  the  deposition  chamber  was  less  than 
2x10-*  Torr.  Details  of  the  growth  technique  and  the  analysis  of  the  grown  SiC  layers  were 
published  previously [9].  It  was  already  shown  that  shown  that  the  SiC  layer  grown  at  this 
temperature  has  a  relatively  sharp  interface  to  the  silicon  substrate  and  a  good  crystal  quality. 


In  order  to  get  a  smooth  surface  prior  to 
oxidation,  the  samples  were  first  mechanically 
polished  using  0.1  |J.m  diamond  paste. 
Following  a  standard  RCA  cleaning  process 
in  the  clean  room  environment,  the  oxidation 
process  was  carried  out  at  1200  “C  for  45 
minutes.  This  oxide  layer  was  etched  away 
using  buffered  HF  in  order  to  remove  the 
mechanical  damage  created  by  polishing.  The 
samples  were  then  again  cleaned  and  oxidized 
at  1200  °C  for  90  min.  Following  the 
oxidation  the  samples  were  annealed  at  the 
same  temperature  for  30  min.  The  thickness 
of  the  oxide  layer  was  determined  by 
ellipsiometry.  Part  of  the  oxide  layer  was 
removed  by  buffered  HF  and  TaSi2  was  then 
sputtered  as  ohmic  contact.  Small  pieces  from 
the  same  sample  were  cut  and  prepared  for 
XTEM  and  AES  study.  In  order  to  define  the 
electrodes,  a  shadow  mask  with  circular  holes 
with  an  area  of  4.42x1 0’^  cm'2  was  used  and 
A1  was  then  evaporated  on  the  oxide  layer. 
The  composition  of  the  Si02  layer  was 
characterized  by  Plasma  Therm  scanning 
Auger  electron  spectroscopy  in  combination 
with  sputter  etching  to  remove  surface 
contaminant.  For  AES  analysis,  four  different 
samples  were  oxidized  in  similar  conditions. 
These  samples  are  (1)  3C-SiC  grown  by 
CVD,  (2)  3C-SiC  grown  by  RMS,  (3)  6H-SiC 
from  CREE  and  (4)  a  Si  substrate  piece.  For 
XTEM  analysis  a  Philips  CM  20  UT 
microscope  was  used. 


RESULTS  AND  DISCUSSION 


Electron  Energy  E(eV) 


For  the  MOS  capacitors  studied  in  the 
present  work,  the  oxide  thickness  was 


Figure  1  AES  spectrum  of  four 
different  SiC  samples 
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Figure  2  XTEM  images  showing  two  representative  regions  of  Si02/SiC  interface. 

measured  to  be  160  nm  by  ellipsiometry.  Figure  1  shows  the  AES  spectrum  for  the  similarly 
processed  four  different  samples.  As  can  be  seen  from  Fig.  1,  only  intense  peaks  belonging  tc 
Si  and  O  were  observed.  The  tiny  carbon  peaks  observed  in  all  samples  are  just  above  the 
noice  level  of  the  measurement  and  indicate  small  amount  of  carbon  presence  in  the  grown 
layers.  Some  of  the  carbon  signal  is  likely  to  result  from  the  system  contamination  since  we 
observe  the  carbon  signal  in  Si  sample  in  which  carbon  concentration  is  expected  to  be  below 
the  detection  limit  of  AES.  These  results  show  that  chemically  good  quality  Si02  layer  were 
grown  on  SiC  samples  and  C  atoms  were  flushed  out  probably  in  the  form  of  CO[20].  The 
Sii  vv  to  Oifi  I  peak  height  ratios  were  observed  to  be  same  for  all  samples,  indicating  same 
chemical  composition. 

Figure  2a  and  2b  are  high  resolution  XTEM  images  from  representative  areas  of  the 
interface  between  Si02/SiC  film  with  {111}  stacking  faults  a)  parallel  to  the  film/substrate 
surface  and  b)  inclined  to  the  surface  and  emerging  through  the  film.  In  both  cases,  the 
oxide  was  homogeneous  with  an  atomically  rough  interface  to  SiC.  The  interface  was 
continues,  except  at  emerging  stacking  faults  where  local  dents  of  oxide  formed  in  the  SiC  as 
indicated  by  the  arrow  in  Fig.  2b.  This  is  probably  the  reason  for  relatively  high  oxidation  rate 
observed  in  this  work.  The  presence  of  the  stacking  faults  were  observed  in  the  nonoxized  SiC 
prepared  in  similar  condition.  Their  amount  was  almost  equal  to  that  measured  in  the  sample 
used  here.  It  is  therefore  most  likely  that  these  stacking  faults  formed  during  the  deposition  of 
SiC,  and  not  related  to  the  oxidation  process. 

Figure  3a  shows  typical  C-V  and  G-V  curves  measured  at  IMHz  for  the  MOS  capacitor. 
From  the  C-V  curves  we  see  that  the  sample  is  n-type  and  accumulation  and  depletion  are 
present  as  expected.  Unlike  the  silicon  MOS  capacitors  the  C-V  curve  is  not  saturated  at  a 
constant  value  for  negative  biases,  showing  that  SiC  is  not  completely  inverted  due  to  the  low 
minority  carrier  generation  rate  of  SiC.  This  behavior  was  consistently  observed  in  MOS 
capacitors  produced  on  CVD  grown  3C-SiC  and  6H-SiC[15-19].  As  shown  in  Figure  3b,  the 
plot  of  1/C2  vs  gate  voltage  yielded  a  straight  line  confirming  the  deep  depletion  behavior  for 
the  negative  biases.  The  dopant  concentration  in  the  SiC  layer  was  found  to  be  2.8x10^5  cm-^ 
from  1/C^  vs  Vq  curve  analyzed  in  the  deep  depletion  region. 

The  expected  flat  band  capacitance  for  the  present  Si02/SiC  MOS  capacitor  was 
calculated  by  using  the  method  described  in  ref.[22].  In  this  calculations,  the  intrinsic  carrier 
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Figure  3.  a)  Plot  of  IMHz  C-V  and  G-V  curves  from  SiC-MOS  capacitor,  b)  1/C^  plot  from 

the  same  sample. 


concentration  of  SiC  at  room  temperature  was  taken  to  be  6  cm-3[19].  As  denoted  in  Figure  2 
the  shift  in  the  flat  band  voltage  is  along  the  negative  voltage  direction,  indicating  that  oxide 
layer  contains  positive  ion  charges  as  usually  observed  in  silicon  MOS  devices.  On  the  other 
hand  the  C-V  curve  exhibits  a  hysteresis  indicating  that  there  are  significant  amounts  of 
electron  trap  centers  in  the  grown  oxide  layer[23].  Since  the  effect  of  trapped  electrons  and  the 
positive  oxide  charges  cancels  each  other  in  a  C-V  curve  their  amount  can  not  be  determined 
exactly  from  the  shift  in  the  flat  band  voltage.  However,  an  estimation  for  the  positive  oxide 
charges  could  be  made  by  taking  the  curve  that  sweeps  the  voltage  axis  from  the  negative 
values  to  the  positive  ones.  The  effect  of  trap  centers  on  the  C-V  characteristics  is  expected  to 
be  minimum  for  this  sweep  direction.  By  using  the  relation[22]  Qo==Cox(Wms-AVpB)  the 
amount  of  positive  oxide  charges  was  found  to  be  1.5x10*’  cm-2.  In  the  above  equation,  Qq 
represents  the  density  of  the  oxide  charges  per  square  cm,  C^x  is  the  oxide  capacitance  per 
square  cm,  is  the  work  function  difference  between  A1  gate  and  SiC  and  AVpg  is  the  shift 
in  the  flat  band  voltage.  Wms  was  taken  to  be  -0.3  eV  in  this  calculation[22]. 

Interface  states  located  at  the  Si02/SiC  interface  play  important  roles  in  devici 
operations.  In  many  devices  their  density  should  be  kept  below  certain  values  in  order  to  have 
successful  operation.  Th  conductance  technique,  which  is  known  to  be  most  accurate  in  the 
such  analysis,  was  used  to  determine  the  density  of  interface  states  in  the  present  Si02/SiC 
structure.  In  this  calculation,  the  density  of  interface  states  was  derived  from  the  relation[24] 
Dit  =  (Git/w)p/(qAfi3)  ,  where  is  the  interface-state  density,  w  is  the  frequency  of  the 
measurements  and  A  is  the  gate  area,  f^  is  a  parameter  that  depends  on  the  fluctuation  in  the 
surface  potential.  By  following  the  method  described  by  J.  R.  Brews  [24]  and  using  this 
equation,  the  interface-state  density  was  found  to  be  3.4  10^'  cm-^eV-^  at  a  point  0.14  eV  below 
the  conduction  band  edge.  In  this  calculation,  the  surface  potential  for  each  applied  bias  was 
derived  from  the  IMHz  C-V  curve[22].  This  interface  state  value  is  close  to  what  have  been 
measured  for  CVD  grown  3C-SiC  and  6H-SiC.  Although  the  measured  interface  density  may 
be  sufficiently  low  for  the  operation  of  certain  devices,  it  is  highly  desirable  to  pull  its  value 
below  lO”  cm-2  eV"’.  In  order  to  do  this,  the  oxidation,  annealing  and  processing  conditions 
should  be  investigated  and  optimized.  Such  an  investigation  for  the  RMS  grown  SiC  layers  is 
under  way. 
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SUMMARY 


This  work  has  shown  that  MOS  capacitors  could  be  fabricated  and  operated  successfully 
on  3C-SiC  layers  produced  by  reactive  magnetron  sputtering.  No  contamination  has  been 
detected  at  the  Si02/SiC  interface  within  the  resolution  of  TEM  and  AES.  A  relatively  high 
oxidation  rate  was  observed  at  the  region  where  stacking  faults  were  located.  The  electrical 
properties  of  the  grown  oxide  layer  and  its  interface  with  SiC  have  been  studied  by  capacitance 
and  conductance  techniques.  The  amount  of  positive  charges  located  in  the  oxide  has  been 
estimated  by  using  the  flat  band  voltage  of  the  high  frequency  C-V  curve.  The  density  of 
interface  states  determined  for  one  single  point  in  the  bandgap  was  shown  to  be  in  the  same 
order  with  those  measured  for  SiC  grown  by  other  techniques. 
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ABSTRACT 

Availability  of  optoelectronic  components  operating  in  the  UV-Visible  part  of  the 
spectrum  opens  several  exciting  and  important  system  applications.  Solid  state 
ultraviolet  and  blue-green  lasers  can  increase  the  optical  data  storage  density  of 
CDROMAVORM  and  magneto-optical  disks  by  a  factor  of  four.  They  are  also  ideally 
suited  for  environmental  pollutant  identification  and  monitoring.  On  the  other  hand, 
solid  state  ultraviolet  detectors  that  do  not  respond  to  visible  or  IR  radiation  are  highly 
desirable  for  various  commercial  systems.  These  include  medical  imaging,  industrial 
boiler  systems,  fire/flame  safeguard  systems  around  oil  and  gas  installations  and  several 
militaiy  applications.  A  key  requirement  for  these  ultraviolet  laser  and  sensor  devices 
is  the  availability  of  a  semiconductor  material  system  with  high  quality  controlled 
doping  and  fabrication  technology. 

AIxGai-xN  and  IruGai-xN  for  which  the  direct  bandgap  can  be  tailored  from  the 
visible  to  the  deep  UV  is  such  a  material  system.  Ours  and  several  other  research 
groups  (nationally  and  internationally)  have  been  developing  AlxGai-xN  materials  and 
processing  technologies  over  the  past  several  years.  Recently,  by  employing  innovative 
approaches,  significant  advances  have  been  made  in  heteroepitaxy  of  AlxGai-xN  on 
sapphire  substrates.  Also,  controlled  n  and  p-type  doping  has  been  achieved.  Several 
high  performance  devices  that  form  the  basis  of  exciting  future  research  have  been 
demonstrated.  These  include  high  responsivity  visible  blind  ultraviolet  sensors,  basic 
transistor  structures  and  high  power  blue  light  emitting  diodes.  These  pave  the  way  for 
future  research  leading  to  exciting  products  such  as  blue-green  lasers  and  UV-imaging 
arrays.  The  demonstrated  transistor  stractures  are  foundation  for  building  AlxGai-xN 
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-GaN  based  high  power,  high  frequency  and  high  temperature  electronic  components. 
In  this  paper,  we  will  summarize  some  of  our  recent  work  and  reflect  on  the  potential 
and  the  issues  in  AlxGai-xN-InxGai-xN  based  device  development. 

introduction 

AlxGai-xN  and  InxGai-xN  are  wide  direct  bandgap  III-V  semiconductors  with 
bandgaps  varying  from  6.2eV  (x  =  1)  to  3.4eV  (x  =  0)  for  AJxGai-xN  and  3.4eV  (x  =  0) 
to  1.95eV  (x  =  1)  for  In  xGai-xN. 

Pioneering  research  was  carried  out  by  Pankove  and  coworkers  in  the  1970’s  aimed  at 
developing  the  materials  and  device  technologies  for  GaN  and  AlxGai-xN  [1].  We 
have  recently  demonstrated  MESFET  and  HEMT  devices  based  on  the  AlxGal-XN 
material  system  [2].  Recent  Monte  Carlo  simulations  predict  high  values  for  peak 
velocity,  vp,  saturation  velocity,  Vs,  and  electron  mobility,  fi,  in  GaN  (vp  =  2.7  x  10^ 
m/s,  vs  ~  1.5  X  10^  m/s,  and  ft  =  1000  cm^V'^s’^  at  room  temperature  in  GaN  doped  at 
10  cm'  )  [3].  These  values  combined  with  a  wide  energy  gap  and  fairly  good  thermal 
conductivity  make  GaN/AlGaN  heterostructures  quite  attractive  for  microwave  and 
millimeter  wave  devices  with  a  wide  operation  temperature  range. 

InxGai-xN  is  an  ideal  candidate  for  active  layers  in  optical  devices  such  as  light 
emitting  diodes  (LED’s)  and  lasers  in  the  blue-green  regions  of  the  electromagnetic 
spectrum.  Using  high  quality  GaN  layers,  we  have  previously  demonstrated 
photopumped  ultraviolet  stimulated  emission  in  both  the  edge  emitting  (cavity  length 
2  mm)  and  vertical  cavity  (cavity  length  1.5  fim)  configuration  [4].  Amano  et  al.  have 
also  demonstrated  stimulated  emission  at  room  temperature  from  optically  pumped 
2.15  mm  long  GaN  cavities  in  the  edge-emitting  configuration  [5].  Nakumara  et  al. 
have  recently  reported  on  the  fabrication  of  an  efficient  blue  LED  based  on  a 
GaN/InGaN  double  heterostructure  [6].  Veiy  recently  Amano  et  al.  reported  on 
stimulated  emission  from  InGaN/GaN  double  heterostructures  [7].  They  used  edge 
emission  geometry  and  their  cavities  were  1  mm  long. 

In  this  paper,  we  now  describe  our  recent  efforts  in  developing  electronic  and 
optoelectronic  devices  based  on  the  AlxGai-xN/InxGai-xN  material  systems.  This 
includes  (a)  the  demonstration  of  a  0.25  //m  gate  length  AlGaN/GaN  HFET  with  the 
cutoff  frequency  fr  ~  11  GHz  and  the  maximum  oscillation  frequency  fmax  =  35  GHz 
and  (b)  the  observation  of  vertical  cavity  (perpendicular  to  the  epilayer  i.e  surface 
emission)  stimulated  emission  from  an  Ino.25GaNo.75N/GaN  single  heterojunction 
(SH). 
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HFET  based  on  GaN-AIGaN  Heterostructures 


triethylgallium  (TEG),  and  ammonia  (NH3)  were  used  as  the  precursors.  Typical 

growth  conditions  were  similar  to  those  described  earlier  [2],  As  before[2]  we  used 

refractory  metals  (TiAu  &  TiW)  for  the  source-drain  and  gate  contacts.  The  GaN 

17 

layer  was  unintentionally  doped  with  a  background  carrier  concentration  of  1  x  10 
cm"^.  The  thickness  of  the  AlGaN  layer  in  our  heterojunction  was  250  A.  From  the 
measured  device  threshold  voltage  Vt  =  -  2V,  we  estimate  the  doping  of  the  AlGaN 
layer  to  be  of  the  order  of  3.5  to  4  x  10  cm'  .  The  nominal  gate  length  Lg  was  0.25  ^m 
and  the  distances  between  the  source  and  drain  and  the  gate  contact  were  0.75  ^m 
each. 

For  a  device  with  a  gate  length  and  width  of  0.25  and  150  nm  respectively,  Figures 
2(A)  and  2(B)  show  the  measured  source-drain  current  voltage  characteristics  and  the 
transconductance  as  a  function  of  the  gate  bias  at  different  drain  biases.  As  seen  from 
Figure  2(A),  the  device  conductance  at  low  drain  biases  is  only  weakly  dependant  on 
the  gate  bias  for  a  wide  range  of  values.  This  implies  large  source  and  drain  series 
resistances,  Rs  and  Rd,  which  we  estimate  to  be  30  Q/mm  from  the  source-drain  I-V 
characteristics.  We  also  observe  a  nonlinearity  in  the  drain  I-V  curves  indicating  a 
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Figure  2.  (A)  Source  to  drain  ouput  current  -  voltage  characteristics  (-2  <  Vg  <  1  V step 
=  -0.5  V)  and  (B)  transconductance  versus  gate  bias. 


non-ohmic  behavior  for  low  drain  biases.  The  device  characteristic  curves  were 
analyzed  using  the  universal  HFET  model[3]  (which  was  modified  in  order  to  account 
more  accurately  for  very  large  series  resistances).  The  fitting  of  the  model  to 
experimental  data  yielded  Rs  =  Rd  =  28  £2/mm  width  which  was  in  good  agreement 
with  the  simple  estimate  made  above.  The  model  also  shows  the  maximum  current  in 
our  device  to  be  limited  to  approximately  60  mA/mm  gate  width.  This  limitation  may 
be  caused  either  by  defect  states  at  or  near  the  AlGaN/GaN  interface  or  by  the 
properties  of  the  non-ideal  source  and  drain  contacts.  In  Figure  3  we  plot  the 
measured  gate  current-voltage  characteristics.  As  seen  the  tum-on  voltage  for  the  gate 
leakage  current  is  around  4  V.  This  makes  possible  the  design  of  normally-off  devices 
for  applications  in  digital  integrated  circuits  operating  at  elevated  temperature. 

From  the  estimated  values  of  the  source  resistances  for  our  device,  the  maximum 
device  transconductance  (gmax)  must  be  smaller  than  or  equal  to  1/Rs  =  33  mS/mm. 
This  number  is  in  a  good  agreement  with  the  maximum  measured  transconductance  of 
27  mS/mm  (at  room  temperature).  Hence,  we  conclude  the  extrinsic  transconductance 
for  our  0.25  pm  gate  device  to  be  limited  by  the  series  resistance.  Also  from  Figure 
2(B),  the  maximum  measured  transconductance  corresponds  to  the  extrinsic 
gate-to-source  bias  Vgs  =  -0.5  V.  The  threshold  voltage,  Vt,  is  approximately  equal  to 
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Figure  3.  Gate  current  -  voltage  characteristics. 

-2  V.  The  drain  saturation  current  (Isat)  at  Vgs  =  -0.5  V  is  roughly  4  mA  ( =  27 
mA/mm).  Such  a  current  leads  to  the  voltage  drop  of  0.75  V  across  the  series 
resistance.  Hence,  the  intrinsic  gate-source  voltage  swing,  Vgt  =  Vgs  -  Vt  -  IsatRs  = 

-  0.5  +  2  -  0.75  =  0.75  V.  Using  this  we  estimate  the  concentration  of  the  two 
dimensional  electron  gas,  ns,  at  the  source  as: 

Hs  =  (£VGT)/q(di+Ad)  =  1,24X  Eq.  (1) 

Here  q  is  the  electronic  charge,  c  and  di  are  the  dielectric  permittivity  and  thickness  of 
the  AlGaN  layer,  and  Ad  is  the  effective  thickness  of  the  two  dimensional  electron  gas 
which  we  estimate  to  be  approximately  50  A.  At  Vgt  =  0.75  V,  the  effective  electron 
velocity  Veff  at  the  source  end  of  the  device  is  given  by: 

Veff  =  Ids/qOsW  =  13.500  (m/s)  Eq.  (2). 

Since  electron  velocity  increases  from  the  source  to  drain  the  above  value  of  veff 
translates  to  a  minimum  cutoff  frequency  fr  of: 

'  fr  =  Veff/atL  =  12000/(2jt  X2.5  X  10'^)  =  8.5(GHz)  Eq.  (3) 
In  Figure  4(A)  we  plot  the  measured  values  of  the  current  gain  as  a  function  of 
frequency  for  our  0.25  /im  gate  length  HFET  device.  As  seen  the  measured  fr  value  of 
11  GHz  (using  6  dB/octave  rolloff)  agrees  well  with  the  estimated  lower  bound  of  8.5 
GHz.  From  the  data  of  Figure  4(B),  describing  the  measured  gain  versus  frequency, 
we  also  estimate  a  value  of  35  GHz  for  the  maximum  oscillation  frequency  for  our 
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Figure  4.  Results  of  the  measurements  of  (A)  fr  and  (B)fmax. 


device.  The  relatively  high  value  of  fmax  is  explained  by  a  very  low  parasitic  output 
conductance  in  the  saturation  regime  (see  Figure  2(B)). 

Stimulated  Emission  from  InGaN-GaN  Heterojunctions 

Samples  in  this  study  were  deposited  using  a  low  pressure  MOCVD  system. 
Triethylgallium,  trimethylindium  and  ammonia  were  used  as  the  precursors.  Prior  to 
deposition  of  the  heterostructure  a  thin  50  nm  AIN  buffer  layer  was  grown  on  the 
sapphire  substrate.  The  heterojunction  for  the  study,  as  shown  in  Figure  5,  consisted  of 
a  4  ftm  thick  GaN  layer  followed  by  a  0.1  /<m  thick  Ino.zsGao.vsN  layer.  The  GaN  layer 
was  deposited  at  1050°  C  and  76  torr  and  the  Ino.25Gao.75N  layer  at  875°  C. 

Cross-section  transmission  electron  microscopy  (XTEM)  was  used  to  establish  the 
single  crystal  nature  of  the  heterojunction  layers.  The  In  mole  fraction  ’x’  of  our 
InxGai-xN  films  was  determined  using  X-ray  diffraction  spectra  shown  in  Figure  6. 
Room  temperature  low  power  (10  mW  cw)  photoluminescence  measurements  using  a 
HeCd  laser  (325  nm)  showed  a  characteristic  emission  spectra  peaking  at  415  nm 
(violet).  The  peak  emission  energy  corresponds  to  a  band-edge  transition  from 
Ino.25Gao.75N  assuming  a  linear  interpolation  of  bandgap  energies  between  GaN  (3.4 
eV)  and  InN  (1.95  eV).  The  alloy  compositions  from  x-ray  and  photoluminescence 
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Figure  5.  Schematic  and  lasing 
geometry  for  InGaNIGaN  hetero¬ 
structure. 


Figure  6.  X-ray  spectra  for  an  InGaNI 
GaN  single  heterostructure. 


measurements  are  in  good  agreement. 

Pulsed  photopumping  measurements  were  performed  on  the  as-grown  samples  at 
room  temperature  using  the  geometry  of  Figure  5.  A  nitrogen  laser  at  337.1  nm  with  a 
peak  power  of  1.5  mJ  per  pulse  and  a  pulse  length  of  0.5  ns  with  a  repetition  rate  of  10 
Hz  was  used  for  these  measurements.  Emission  spectra  were  detected  perpendicular 
to  the  epilayer  surface  using  a  synchronous  monochromator  and  boxcar  integrator 
system.  For  the  surface  emitting  configuration,  the  dependence  of  the  violet  emission 
intensity  (at  415  nm)  on  pump  power  intensity  is  shown  in  Figure  7.  This  is  similar  to 
that  observed  in  high  quality,  single  crystal  GaN  deposited  on  sapphire  substrates  [4,5]. 
Similar  to  Amano  et.al.  [7]  we  feel  this  nonlinear  rise  in  emission  intensity  is  indication 
of  onset  of  stimulated  emission.  For  our  0.1  pm  thick  Ino.25Gao.75N  film,  the  threshold 
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for  stimulated  emission  (at  415  nm)  is  estimated  to  be  about  2  MW/cm  .  In  Figure  8 
we  plot  the  spontaneous  (using  a  10  mW  cw  HeCd  laser)  and  the  room  temperature 

9 

stimulated  emission  signal  (at  a  pump  power  of  5  MWcm"  ).  As  seen  the  linewidth  of 
the  purple  emission  also  narrows  dramatically,  from  20  to  1.5  nm,  at  the  onset  of 
stimulated  emission. 
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OUTPUT  INTENSITY  (ARB) 


Figure  7.  Total  optical  output  power  from  a  Figure  8.  Plotted  are  the  (A )  spon- 

single  InGaNIGaN  heterostructure  as  a  taneous  surface  emission  and  (B) 

function  of  excitation  power.  stimulated  surface  emission. 

In  summary  we  report  the  fabrication  and  the  high  frequency  characterization  of  a 
GaN/AlGaN  heterojunction  FET.  For  a  0.25  ;<m  gate  length  device  (gate  width  150 
fim)  and  a  source-drain  separation  of  2  /rm  we  measured  fr  and  fmax  values  of  11  and 
35  GHz  respectively.  To  the  best  of  our  knowledge  this  is  the  first  report  of  high 
frequency  characterization  for  a  GaN/AlGaN  HFET  device. 

We  have  also  demonstrated  for  the  first  time  room  temperature  violet  stimulated 
emission  from  a  Ino.25Gao.75N/GaN  heterojunction  in  the  surface  emitting 
configuration.  The  quality  of  the  material  was  high  enough  to  yield  stimulated  emission 
with  a  cavity  length  of  4.1  /<m  (0.1 //m  Ino.25Gao.75N  on  4^m  GaN)  and  mirror 
reflectivities  of  about  20%.  This  work  represents  a  significant  step  toward  the 
realization  of  high  frequency  devices  based  on  GaN/AlGaN  heterostructures  and 
violet/blue  injection  lasers  based  on  GaN/InGaN  heterojunctions.  This  work  was 
partially  supported  by  Air  Force  Contract  F49620-93-C-0059  and  F33615-92-C-1078 
monitored  by  Dr.  Gemot  Pomrenke  and  Dr.  Paul  Shriver.  It  was  also  supported  by 
Office  of  Naval  Research  Grant  N00014-92-C-0090  and  N00014-91-C-0065  and  was 
monitored  by  Mr.  Max  Yoder. 
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ABSTRACT 

High-brightness  InGaN/AlGaN  double-heterostructure  (DH)  blue-light-emitting  diodes 
(LEDs)  with  a  luminous  intensity  of  1.2  cd  were  fabricated  successfully  for  the  first  time.  As  an 
active  layer,  a  Zn-doped  InGaN  layer  was  used.  The  peak  wavelength  and  the  full  width  at  half¬ 
maximum  of  the  electroluminescence  were  450  nm  and  70  nm,  respectively.  The  forward 
voltage  was  as  low  as  3.6V  at  20  mA. 


INTRODUCTION 

Much  research  has  been  done  on  high-brightness  blue-light-emitting  diodes  (LEDs)  for  use 
in  full-color  displays  or  full-color  indicators  with  the  characteristics  of  high-reliablility  and  high¬ 
speed.  For  those  puiposes,  II-VI  materials  such  as  ZnSe,  SiC  and  III-V  nitride 
semiconductors  such  as  GaN  have  been  investigated  intensively  for  a  long  time.  However,  it 
was  impossible  to  obtain  high-brightness  blue  LEDs  with  a  brightness  over  1  cd.  Among  these 
semiconductors  there  has  recently  been  great  progress  in  the  crystal  quality,  p-type  control  and 
growth  method  of  GaN  films  and  GaN  devices  [1-5].  For  practical  applications  of  short- 
wavelength  optical  devices,  such  as  laser  diodes  (LDs),  a  double  heterostructure  (DH)  is 
indispensable  for  III-V  nitrides.  The  ternary  III-V  semiconductor  compound,  InGaN,  is  one 
candidate  as  the  active  layer  for  blue  emission  because  its  band  gap  varies  from  1.95  eV  to  3.40 
eV,  depending  on  the  indium  mole  fraction  [6].  Recently,  relatively  high-quality  InGaN  films 
were  obtained  by  Yoshimoto  et  al.,  using  a  high  growth  temperature  (800  'C)  and  a  high  indium 
source  flow  rate  ratio  [7].  We  succeeded  in  obtaining  high-quality  InGaN  films  which  could  be 
used  as  an  active  layer  of  DH  LEDs  [8].  Thus,  the  first  successful  InGaN/GaN  DH  blue  LEDs 
were  fabricated  using  the  above-mentioned  InGaN  films  [9,10].  In  this  paper,  InGaN/AlGaN 
DH  blue  LED  which  has  a  Zn-doped  InGaN  layer  as  an  active  layer  is  described.  Also,  we 
describe  Zn  doping  into  InGaN  films.  Zn  doping  into  GaN  has  been  intensively  investigated  to 
obtain  blue  emission  centers  for  application  to  blue  LEDs  by  many  researchers  because  strong 
blue  emissions  have  been  obtained  by  Zn  doping  into  GaN  [11-13].  However,  there  are  no 
reports  on  Zn  doping  into  InGaN. 


EXPERIMENTAL 

InGaN/AlGaN  DH  structures  were  grown  by  the  two-flow  MOCVD  method.  Details  of 
two-flow  MOCVD  are  described  in  other  papers  [14,15].  The  growth  was  conducted  at 
atmospheric  pressure.  Sapphue  with  (0001)  orientation  (C  face)  and  two-inch  diameter,  was 
used  as  a  substrate.  Trimethylgallium  (TMG),  trimethylaluminum  (TMA),  trimethylindium 
(TMI),  monosilane  (SiH4),  bis-cyclopentadienyl  magnesium  (Cp2Mg),  diethylzinc  (DEZ)  and 
ammonia  (NH3)  were  used  as  Ga,  Al,  In,  Si,  Mg,  Zn  and  N  sources,  respectively.  First, 
the  substrate  was  heated  to  1050  °C  in  a  stream  of  hydrogen.  Then,  the  substrate  temperature 
was  lowered  to  510  °C  to  grow  the  GaN  buffer  layer.  The  thickness  of  the  GaN  buffer  layer 
was  about  200  A.  Next,  the  substrate  temperature  was  elevated  to  1020  °C  to  grow  GaN  films. 
The  Si-doped  GaN  films  were  grown  for  60  minutes.  The  thickness  of  the  Si-doped  GaN  film 
was  approximately  4  pm.  After  GaN  growth,  a  AIq  i5GaQ  ggN  layer  was  grown  to  a  thickness 
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of  0.15  |J.m  by  flowing  TMA  and  TMG.  After  AIq  i5GaQ  g5N  growth,  the  temperature  was 
decreased  to  800  °C,  and  the  Zn-doped  Ioq  o6^®0  94^  grown  for  15  minutes.  The 

thickness  of  the  Zn-doped  InGaN  layer  was  about  500A.  After  the  Zn-doped  InGaN  growth, 
the  temperature  was  increased  to  1020  °C  to  grow  Mg-doped  p-type  AIq  i5GaQ  g5N  and  GaN 
layers  by  flowing  TMA,  TMG  and  Cp2Mg  gases.  The  thicknesses  of  Mg-doped  p-type 
AIq  isGaQ  gjN  and  GaN  layers  were  0.15  pm  and  0.5  pm,  respectively.  The  details  of 
growth  conditions  of  GaN  and  InGaN  films  are  described  in  other  papers  [9,10].  After  the 
growth,  N2-ambient  thermal  annealing  was  performed  to  obtain  a  highly  p-type  GaN  layer  at  a 
temperature  of  700  °C  [16].  This  thermal  annealing  technique  to  obtain  highly  p-type  GaN  is 
much  better  than  the  low-energy  elecffon  beam  irradiation  treatment  because  the  entire  p-type 
GaN  layer  becomes  a  uniform  highly  p-type  GaN  layer  [17].  Fabrication  of  LED  chips  was 
accomplished  as  follows:  the  surface  of  the  p-type  GaN  layer  was  partially  etched  until  the  n- 
type  GaN  layer  was  exposed.  Next,  a  Ni/Au  contact  was  evaporated  onto  the  p-type  GaN  layer 
and  a  Ti/Al  contact  onto  the  n-type  GaN  layer.  The  wafer  was  cut  into  a  rectangular  shape. 
These  chips  were  set  on  the  lead  frame  and  were  then  molded.  The  characteristics  of  LEDs  were 
measured  under  DC-biased  conditions  at  room  temperature. 


RESULTS  AND  DISCISSION 

Figure  1  shows  the  double-crystal  X-ray  rocking  curve  (XRC)  for  the  (0002)  diffraction  of 
Zn-doped  InGaN  fdms  grown  on  GaN  films.  Curve  (a)  shows  the  Zn-doped  InGaN  film  which 
was  grown  at  a  temperature  of  800  °C  and  a  DEZ  flow  rate  of  8.0  nmol/min  (sample  A).  Curve 
(b)  shows  the  Zn-doped  InGaN  film  which  was  grown  under  the  same  conditions  as  sample  A, 
except  for  the  growth  temperature  and  DEZ  flow  rate  which  were  changed  to  810  °C  and  2.7 
nmol/min  (sample  B).  Both  curves  clearly  show  two  peaks.  One  is  the  (0002)  peak  of  X-ray 
diffraction  of  GaN  and  the  other  is  that  of  InGaN.  We  can  estimate  the  indium  mole  fraction  of 
the  InGaN  films  by  calculating  the  difference  in  peak  position  between  the  InGaN  and  GaN 

peaks,  assuming  that  the  (0002)  peak  of  the  X-ray  diffraction  of  GaN  is  constant  at  29=34.53 
degrees  and  that  Vegard's  law  is  valid.  These  calculated  values  of  the  indium  mole  fraction  are 
0.16  for  sample  A  and  0.1 1  for  sample  B,  as  shown  in  Fig.  1. 

The  full  width  at  half-maximum  (FWHM)  of  the  double-crystal  XRC  for  the  (0002) 
diffraction  from  the  Zn-doped  InGaN  fdm  was  6.3  min  and  that  from  the  GaN  film  was  5.6  min 
for  sample  A.  The  FWHM  of  the  XRC  for  the  (0002)  diffraction  from  the  Zn-doped  InGaN  film 
was  6.2  min  and  that  from  the  GaN  film  was  5.4  min  for  sample  B.  The  values  of  FWHM  of 
Zn-doped  InGaN  films  are  almost  the  same  as  those  of  the  GaN  films  used  as  substrates.  We 
already  reported  the  FWHM  of  XRC  of  undoped  InGaN  films  [8].  When  we  compare  the 
FWHM  of  XRC  of  Zn-doped  InGaN  films  with  that  of  undoped  InGaN  films,  the  value  of 
FWHM  of  Zn-doped  InGaN  films  is  almost  the  same  as  that  of  undoped  InGaN  films  [8]. 
Therefore,  in  this  Zn  doping  range,  the  crystal  quality  of  InGaN  films  is  minimally  affected  by 
Zn  doping,  judging  from  the  FWHM  of  XRC  measurements. 

Figure  2  shows  typical  results  of  room-temperature  photoluminescence  (PL)  measurements 
of  the  Zn-doped  InGaN  films.  The  PL  measurements  were  performed  at  room  temperature.  The 
excitation  source  was  a  10  mW  He-Cd  laser.  These  samples  of  spectra  (a)  and  (b)  correspond  to 
samples  A  and  B  of  Fig.  1,  respectively.  Both  spectra  clearly  show  two  peaks  and  many  small 
oscillations  caused  by  optical  interference  effects  are  seen.  The  appearance  of  interference  effects 
shows  that  the  surface  of  the  Zn-doped  InGaN  film  is  smooth  and  uniform.  Spectrum  (a) 
shows  the  peak  emissions  at  410  nm  (3.02  eV)  and  494  nm  (2.52  eV).  Spectrum  (b)  shows  the 
peak  emissions  at  398  nm  (3.12  eV)  and  462  nm  (2.68  eV).  The  shorter-wavelength  peak  is  the 
band-edge  (BE)  emission  of  InGaN,  and  the  longer-wavelength  peak  is  Zn-related  emission 
which  has  a  large  value  of  FWHM  (about  66  nm).  The  difference  in  peak  emission  energy 
between  the  BE  and  Zn-related  emissions  is  0.50  eV  for  spectrum  (a)  and  0.44  eV  for  spectmm 
(b). 


174 


Fig.  1.  The  XRC  for  (0002)  diffraction  from  Zn-doped  InGaN  films  grown  under  the  same 
conditions  except  for  the  InGaN  growth  temperatures  and  DEZ  flow  rates.  The  growth 
temperatures  of  InGaN  were  (a)  800  ”C  and  (b)  810  ”C.  The  flow  rates  of  DEZ  were  (a) 
8.0  nmol/min  and  (b)  2.7  nmol/min. 


300  400  500  600  700 


Wavelength  (nm) 


Fig.  2.  Room-temperature  PL  spectra  of  Zn-doped  InGaN  films  grown  under  the  same 

conditions  except  for  the  InGaN  growth  temperatures  and  DEZ  flow  rates.  The  growth 
temperatures  of  InGaN  were  (a)  800  "C  and  (b)  810  °C.  The  flow  rates  of  DEZ  were  (a) 
8.0  nmol/min  and  (b)  2.7  nmol/min. 
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Next,  we  describe  InGaN/AlGaN  DH  LEDs.  Figure  3  shows  the  structure  of  the 
InGaN/AlGaN  DH  LEDs.  Figure  4  shows  the  electroluminescence  (EL)  spectra  of  the 
InGaN/AlGaN  DH  LEDs  at  forward  currents  of  10,  20,  30  and  40  mA.  The  peak  wavelength 
is  almost  constant  at  450  nm  and  the  FWHM  of  the  peak  emission  is  70  nm. 


p*Electrode 


p-GaN 

p-AIO.15GaO.8SN 

D-Electrode 

rA 

n-A10.t5Ga0.85N 

n-GaN 

GaN  Buffer  Layer 

Sapphire  Substrate 

Fig.  3.  The  structure  of  the  InGaN/AlGaN  DH  LEDs. 


Wavelength  (nm) 


Fig.  4.  Electroluminescence  spectra  of  the  InGaN/AlGaN  DH  LEDs  under  different  forward 
currents. 
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Forward  Current  (mA) 


Fig.  5.  The  output  power  of  the  InGaN/AlGaN  DH  LEDs  as  a  function  of  the  forward  current. 


5mA/div. 


X:  2V/div. 


Fig.  6.  Typical  I-V  characteristics  of  the  InGaN/AlGaN  DH  LEDs. 


177 


The  output  power  is  shown  as  a  function  of  the  forward  current  in  Fig.  5.  The  output  power 
increases  slightly  sublinearly  up  to  40  mA  as  a  function  of  the  forward  current.  The  output 
power  of  the  InGaN/AlGaN  DH  LEDs  is  0.8  mW  at  10  mA,  1.5  mW  at  20  mA  and  2.5  mW  at 
40  mA.  The  external  quantum  efficiency  is  2.7  %  at  20  mA.  A  typical  on-axis  luminous 
intensity  of  DH  LEDs  with  a  15°  cone  viewing  angle  is  1.2  cd  at  20  mA.  This  luminous 
intensity  is  the  highest  value  ever  reported  for  blue  LEDs.  It  is  shown  that  the  forward  voltage  is 
3.6  V  at  20  mA  in  Fig.  6.  This  forward  voltage  is  the  lowest  value  ever  reported  for  ni-V  nitride 
LEDs.  In  the  previous  reports  of  InGaN/GaN  DH  LEDs,  the  forward  voltage  was  as  high  as 
about  10  V  and  the  output  power  was  not  very  high  (about  125  pW)  [9,10].  In  previous  study, 
electron  beam  irradiation  was  performed  for  as-grown  InGaN/GaN  epilayers  in  order  to  obtain  a 
highly  p-type  GaN  layer,  instead  of  thermal  annealing.  Therefore,  die  forward  voltage  was  as 
high  as  10  V  and  the  output  power  was  not  very  high  because  the  entire  p-layer  was  not 
rendered  a  uniform  highly  p-type  GaN  layer  by  electron  beam  irradiation.  Thermal  annealing 
can  easily  change  the  entire  high-resistivity  p-type  GaN  layer  into  low-resistivity  p-type  GaN 
layer  uniformly  [16,17]. 


SUMMARY 

In  summary,  candela-class  high-brightness  InGaN/AlGaN  DH  blue  LEDs  with  luminous 
intensity  over  1  cd  were  fabricated  for  the  first  time.  The  peak  wavelength  and  the  FWHM  of 
the  EL  were  450  nm  and  70  nm,  respectively.  This  value  of  luminous  intensity  was  the  highest 
ever  reported  for  blue  LEDs.  Using  these  high-brightness  blue  LEDs,  high-brightness  full-color 
indicators  and  flat  panel  displays  will  be  developed  in  the  near  future. 
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ABSTRACT 


Dry  patterning  of  GaN,  InN,  AIN  and  InGaN  grown  by  MOMBE  on  GaP,  AI2  O3  or  GaAs 
substrates  was  performed  with  100-500  eV  Ar*  ions  at  beam  angles  of  incidence  ranging  from 
0-75°  from  the  normal,  or  with  ECR  discharges  of  BCl3/Ar,  CH4/H2  or  CI2/H2.  The  mill  rates 
normalized  to  the  Ar'*'  beam  current  were  typically  a  factor  of  2  lower  than  for  GaAs  and  InP 
(i.e.  maximum  values  of  300-500  Amin"’  -mA-’  -cm"^  at  400  eV  Ar'^  beam  energy  and  60° 
angle  with  respect  to  the  beam  normal).  The  surface  morphology  of  the  ion  milled  nitrides  was 
smooth  even  at  500  eV  Ar*  energy,  with  no  evidence  for  preferential  sputtering  of  N  as 
determined  by  AES.  The  ECR  dry  etch  rates  were  fastest  with  elevated  temperature  CI2/H2 
discharges,  although  both  of  the  other  chemistries  investigated  provide  smooth,  anisotropic 
pattern  transfer.  Since  the  ion  mill  rates  are  slow  for  single-crystal  nitrides  and  less  than  the  mill 
rates  of  common  masking  materials  (Si02,  SiNx,  photoresist)  it  appears  this  technique  is  useful 
only  for  shallow-mesa  applications,  and  that  diy  etching  methods  involving  an  additional 
chemical  component  or  ion  implantation  isolation  are  more  practical  alternatives  for  device 
patterning. 

INTRODUCTION 


There  is  great  current  interest  in  the  InGaAlN  system  for  blue  light-emitting  devices  and 
high  temperature  electronics  [1-7].  Several  groups  have  recently  reported  the  fabrication  of  p-n 
junction  LED’s,  MESFETs  and  HEMTs.  Due  to  the  wide  bandgap  of  the  nitrides  it  is  difficult  to 
achieve  good  ohmic  contacts  and  wet  and  dry  etching  processes  are  still  quite  crude  for  these 
materials.  In  particular,  controlled  etching  techniques  are  necessary  for  reproducible  fabrication 
of  small  dimension  or  multi-element  photonic  and  electronic  circuits. 

In  this  paper  we  report  a  study  of  the  Ar*  ion  milling  characteristics  of  GaN,  AIN,  InN  and 
InGaN.  Ion  milling  is  commonly  employed  in  GaAs  technology  for  mesa  etching  applications 
and  it  is  necessary  to  establish  the  milling  characteristics  of  the  III-V  nitrides.  We  also 
demonstrate  highly  anisotropic  ECR  dry  etching  of  the  nitrides  in  ttCR  CI2/H2  or  CH4/H2/Ar 
discharges. 

EXPERIMENTAL 


The  nitride  layers  were  grown  using  group  HI  metalorganics  (triethylgallium, 
trimethylamine  alane  or  trimethylindium,  respectively  for  GaN,  AIN  and  InN)  and  atomic 
nitrogen  from  an  ECR  plasma  disk  source  operating  at  200W  applied  power.  The  growth 
temperature  was  ~500°C  for  each  of  the  nitrides,  and  layers  up  to  1.5  |J,m  thick  were  deposited. 

179 

Mat.  Res.  Soc.  Symp.  Proc.  Vol.  339.  ^1994  Materials  Research  Society 


The  InN  was  n-type  (10^°  cm“^)  with  mobility  -100  cm^V'  sec~',  while  the  GaN  and  AIN 
were  undoped  (<10*®  cm“^)  and  these  epitaxial  layers  were  fully  depleted.  AZ  1350J 
photoresist  was  spun  onto  the  samples  and  lithographically  patterned  in  a  resolution  test  array. 
The  etch  rates  were  obtained  from  stylus  profilometry  of  the  features  after  removal  of  the  resist. 

Ion  milling  was  performed  in  a  Technics  Micro  Ion  Mill  [Model  MIM  (TLA  20)]  using  an 
Ar"^  ion  beam  at  100-500V  whose  angle  of  incidence  was  varied  between  0  and  75°  from  the 
vertical.  The  samples  were  mounted  on  a  wafer-cooled  plate  held  at  10°.  Typical  neutralized 
Ar'*'  ion  current  densities  were  0. 5-0.8  mA  •  cm“^  at  the  sample  position. 

The  dry  etching  was  performed  in  a  Plasma  Therm  SL720  system  with  an  Astex  1500  high 
profile  ECR  source  (2.45  GHz).  The  top  magnet  in  this  source  was  operated  at  135 A, 
corresponding  to  a  field  >875  Gauss,  and  the  bottom  collimating  magnet  at  lOOA,  producing 
calculated  nearly  vertical  ion  trajectories  at  the  sample  position.  The  ion  energies  were 
controlled  by  application  of  13.56  MHz  power  to  the  sample  chuck,  and  the  resulting  dc  bias  was 
varied  from  - 150  to  -250V.  The  process  pressure  for  both  plasma  chemistries  was  1  mTorr, 
and  the  applied  microwave  power  was  varied  from  lOO-lOOOW.  Scanning  electron  microscopy 
(SEM)  was  used  to  examine  the  etched  surface  morphologies,  and  Auger  Electron  Spectrometry 
(AES)  was  employed  to  measure  the  near-surface  stoichiometry  before  and  after  the  plasma 
processing  of  the  nitride  layers. 

RESULTS  AND  DISCUSSION 


Figure  1  shows  the  average  mill  rate  for  InN,  GaN,  AIN  and  InGaN  normalized  to  the  Ar"^ 
ion  beam  current  as  a  function  of  Ar"*"  ion  energy  at  0°  (vertical)  incidence  angle.  For  the  single 
crystal  samples  (InN,  GaN,  InGaN)  the  mill  rate  depends  linearly  on  the  ion  energy,  with  a  slope 
of  -0.75.  The  absolute  rates  are  approximately  a  factor  of  two  slower  than  those  reported 
previously  for  single  crystal  GaAs  and  InP.^^'  The  sputtering  yields  were  -0.3  atoms  per  ion  at 
500  eV  Ar’*'  ion  energy.  The  lower  mill  rates  for  the  single-crystal  nitrides  reflect  their  stronger 
bond  strengths  relative  to  GaAs  and  InP.  For  the  polycrystalline  InN  the  ion  mill  rates  were 
higher  than  for  the  single  crystal  samples.  To  the  best  of  our  knowledge  these  are  the  first 
reported  data  for  ion  milling  of  III-V  nitrides. 

Figure  2  shows  the  experimentally  observed  mill  rate  dependence  on  the  angle  of  incidence 
of  the  Ar'*'  ion  beam  for  all  four  nitrides  at  400V.  The  fundamental  dependence  of  mill  rate  on 
beam  angle  is  similar  in  each  case,  and  is  similar  to  that  reported  previously  for  GaAs  and 
InP.^^^  As  predicted  from  linear  cascade  theory,  the  ion  mill  rate  increases  with  increasing 
incidence  angle  up  to  -60°  and  then  decreases.  The  sputtering  yields  ranged  from  -0.25  atoms 
per  ion  for  GaN  to  0.5  atoms  per  ion  for  InN  at  normal  (0°)  incidence,  and  from  -0.37  atoms  per 
ion  for  GaN  to  -0.75  atoms  per  ion  for  InN  at  60°  angle  of  incidence. 

Surface  morphologies  for  GaN,  AIN  and  InN  after  35  minute  ion  milling  treatment  at  400V 
Ar"^  beam  voltage  (0°  normal  incidence)  are  shown  in  the  SEM  micrographs  of  Figure  3.  The 
milled  surfaces  are  similar  in  morphology  to  those  of  the  masked  areas,  and  suggest  that  there  is 
no  preferential  sputtering  of  the  lighter  element  N  under  these  conditions.  This  is  somewhat 
different  from  the  case  of  InP  reported  previously,  where  P  was  preferentially  sputtered  under 
these  conditions,  leading  to  the  presence  of  In  droplets  on  the  surface. 
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Fig.  1 .  Mill  rates  averaged  over  a  5  min 

period  and  normalized  to  ion  current  for  Ar'*'  ion 
milling  of  GaN,  AIN,  InN  and  InGaN,  as  a 
function  of  ion  energy.  The  beam  was 
normally  incident,  and  the  sample  temperature 
was  10°C. 


ANGLE  WITH  RESPECT  TO  BEAM  NORMAI 


Fig.  2.  Average  mill  rate  normalized 

to  ion  current  for  400  eV  Ar'*'  ion  milling 
of  the  ni-V  nitrides,  as  a  function  of  beam 
incidence  angle  measured  from  the  normal. 


Fig.  3. 


SEM  micrographs  of  features  ion  milled  into  GaN  (top),  InN  (center)  or  AIN 
(bottom)  at  0°  incidence  angle  for  35  minutes  using  400  eV  Ar”^  ions. 


AES  analysis  showed  there  was  no  significant  change  in  near-surface  stoichiometry  of  any 
of  the  nitrides  after  ion  milling  and  ion  chanelling  showed  there  was  no  amorphous  layer 
formation. 

Figure  4  shows  the  etch  rates  of  GaN,  AIN  and  InN  in  10  CI2/I5  H2  (total  flow  rate  25 
standard  cubic  centimeters  per  minute,  seem)  discharges  with  a  fixed  dc  bias  of  -  150  V  on  the 
samples,  as  a  function  of  the  applied  microwave  power.  For  both  GaN  and  AIN  the  etch  rates 
increase  by  approximately  a  factor  of  five  between  100  and  lOOOW  as  more  reactive  chlorine  and 
atomic  hydrogen  becomes  available  due  to  a  greater  dissociation  efficiency  in  the  discharge,  a 
fact  confirmed  by  optical  emission  spectroscopy  of  the  656.3  nm  atomic  hydrogen  and  837.6  nm 
atomic  chlorine  lines,  and  by  microwave  (35  GHz)  interferometric  measurements  of  the  electron 
densities  at  different  applied  microwave  powers.  The  etch  rates  of  InN  are  much  smaller  than 
those  of  the  other  two  materials  because  of  the  low  volatility  of  InCl^  species.  The  resulting 
surface  morphologies  of  etched  InN  layers  were  rough  due  to  In  enrichment. 

Figure  5  shows  SEM  micrographs  of  features  etched  ~  1  |im  deep  in  GaN  at  either  500W 
(top)  or  lOOOW  (center)  microwave  power  in  CI2/H2  discharges.  In  both  cases  the  etching  is 
smooth  and  anisotropic  with  a  very  slight  undercut  observable  on  the  lOOOW  sample.  The 
bottom  of  Fig.  5  shows  features  etched  into  AIN  at  500W  microwave  power  using  the  CI2/H2 
mixture,  and  once  again  there  is  high  fidelity  pattern  transfer. 


Fig.  4.  Etch  rates  of  GaN,  AIN  and 
InN  in  CI2/H2  microwave  discharges  (1  mTorr, 
-150V  dc)  as  a  function  of  applied  microwave  power. 


Fig.  5.  SEM  micrographs  of  features  etched 

in  GaN  using  either  500W  (top)  or  lOOOW 
(center)  microwave  power  CI2/H2  discharges 
(1  mTorr,  -  150V  dc),  and  into  AIN  (bottom)  under 
the  same  conditions  at  500W  microwave  power. 
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The  dry  etching  of  InN  was  much  more  successful  in  CH4/H2  based  discharges  (we  always 
add  Ar  to  this  chemistry  to  facilitate  plasma  ignition  and  aid  in  desorption  of  the  group  III  etch 
products).  Figured  shows  the  etch  rates  of  the  III-V  nitrides  in  CH4/H2/Ar  discharges 
(1  mTorr,  -250V  dc)  as  a  function  of  applied  microwave  power.  Now  the  InN  displays  the 
fastest  etch  rate,  as  expected  from  past  results  on  group  III  arsenides  and  antimonides.  The  only 
drawback  of  this  chemistry  for  etching  of  III-V  nitrides  is  the  relatively  high  dc  self-bias 
(-250V)  required.  We  found  a  threshold  bias  of  -  175  V  needed  to  initiate  etching  of  InN  under 
our  conditions.  All  three  materials  display  a  saturation  in  etch  rate  at  the  highest  microwave 
power  employed,  indicating  that  the  etching  is  not  reactant-limited  at  lOOOW.  The  etch  rates  for 
GaN,  AIN  and  InN  in  CH4/H2/Ar  were  linearly  dependent  on  dc  self-bias  over  the  range  - 175 
to  -400V,  suggesting  that  desorption  of  the  etch  products  by  ion  assistance  is  playing  a 
significant  role. 


Fig.  6.  Etch  rates  of  GaN,  AIN  and  InN  in  CH4/H2/Ar  discharges  (1  mTorr,  -250V  dc) 
as  a  function  of  applied  microwave  power. 

SEM  micrographs  of  InN  etched  in  CH4/H2/Ar  at  500W  (top)  or  lOOOW  (center) 
microwave  power  showed  there  is  still  some  texture  to  the  surfaces,  but  they  are  much  smoother 
than  those  obtained  with  CI2/H2  etching.  Features  etched  into  GaN  using  CH4/H2/Ar  at 
lOOOW,  showed  a  smooth  anisotropic  pattern  transfer  into  this  material,  albeit  at  slower  rates 
than  with  CI2/H2. 


CONCLUSION  AND  SUMMARY 


In  summary  we  find  that  ECR  discharges  of  CI2/H2  provide  practical  etch  rates  and  smooth 
pattern  transfer  in  GaN  and  AIN,  while  CH4/H2  performs  the  same  function  for  InN. 

The  ion  milling  rates  of  GaN,  InN,  AIN  and  InGaN  were  measured  as  a  function  of  Ar'*'  ion 
energy  and  beam  angle  of  incidence.  The  single-crystal  samples  have  milling  rates 
approximately  a  factor  of  two  slower  than  for  GaAs  and  InP  under  the  same  conditions. 
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ABSTRACT 

Diamond  films  produced  by  microwave  plasma  enhanced  chemical  vapor  deposition  (CVD) 
technique  and  used  to  fabricate  radiation  detectors  have  been  characterized.  The  polycrystalline 
diamond  films  have  a  measured  resistivity  of  lO*^  fi.cm  and  a  carrier  lifetime  of  about  530  ps. 
The  carrier  mobility  -  lifetime  product  depends  on  the  density  of  photogenerated  carriers.  The 
carrier  mobility  decreases  from  160  to  13  cmW.s  for  a  carrier  density  increase  from 
2  X  lO'l  cm'^  to  3.7  x  10*^  cm'^.  The  detector  response  to  laser  pulses  (X  =  355,  532  and  1064 
nm).  X-ray  flux  (2.5  -  16  keV)  and  alpha  particles  (^'^^Am,  5.49  MeV)  has  been  investigated. 
The  response  speed  of  the  detector  is  in  the  100  ps  range.  X-ray  photon  flux  measurements  and 
alpha  particle  counting  capabilities  of  the  CVD  diamond  detectors  are  demonstrated. 


INTRODUCTION 

The  interest  of  diamond  stems  from  its  unique  set  of  electrical,  chemical  and  physical 
properties.  Natural  diamond  is  a  semiconductor  with  a  wide  band  gap  (5.5  eV)*,  a  high  intrinsic 
resistivity  (up  to  10^0  fl.cm)^’^,  high  electron  and  hole  mobilities  (~  2000  and  1200  cmW.s, 
respectively)'  and  the  highest  electrical  breakdown  field  (10^  V/cm)'*.  Thus,  it  is  well  suited  for 
electronic  applications  and  radiation  detector  fabrication.  Its  radiation  hardness  and  resistance 
to  acides,  allow  its  use  in  hostile  environnement.  Moreover,  the  diamond  atomic  number  matches 
relatively  well  that  of  the  biological  tissues  (Z  ~  6.7)  making  diamond  an  ideal  material  for  the 
fabrication  of  dosimeters  for  personnel  exposed  to  radiations.  So  far,  diamond  detectors  have 
been  fabricated  either  from  natural  or  synthetic  bulk  diamond  Progresses  made  in  diamond 
thin  film  growth  by  chemical  vapor  deposition  (CVD)  techniques  allow  their  used  for  the 
fabrication  of  radiation  detectors'^. 

In  this  paper,  we  report  the  fabrication  and  the  characterization  of  detectors  made  from 
diamond  thin  films  deposited  by  microwave  plasma  enhanced  CVD  technique.  The  electrical 
response  of  the  detectors  to  fast  laser  pulses  (X,  =  355,  532  and  1064  nm,  tl  =  30  ps  at  FWHM), 
X-ray  photons  (2.5  to  16  keV)  produced  by  an  X-ray  tube  and  alpha  particles  (^‘"Am,  5,5  MeV) 
was  investigated  in  order  to  characterize  the  carrier  photogeneration  and  recombination 
processes.  These  measurements  showed  that  CVD  diamond  detectors  can  be  used  for  the 
characterization  of  the  intensity  and  temporal  shape  of  ultrafast  (~  100  ps)  light.  X-ray,  gamma- 
ray  and  charged  particle  pulses,  for  X-ray  flux  and  dose  measurements  and  for  alpha  particle 
counting. 
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EXPERIMENTAL 


Polycrystalline  diamond  films  have  been  synthesized  by  microwave  plasma  CVD  at  2.45 
GHz  The  films  were  deposited  on  low  resistivity  (1  D.cm)  silicon  (100)  wafers  at  a  rate  of 
about  0.5  pm/h.  Deposition  was  carried  out  at  a  temperature  of  750°C  on  the  wafer  surface.  The 
average  size  of  the  crystallites  was  of  about  one  micron.  On  some  samples,  tbe  silicon  substrate 
has  been  etched  giving  free  standing  diamond  films.  Light  transmission  measurements  (190-1100 
nm)  were  made  through  these  films.  Gold  pads,  1  mm  in  diameter,  were  deposited  on  the 
diamond  surface  to  form  the  electrical  contacts.  These  contacts  were  characterized  by  measuring 
the  dark  current  on  sandwich  structures  versus  bias  voltage.  The  electrical  resistivities  of  the 
films  were  deduced  from  these  measurements.  Photocurrent  measurement  under  steady  state 
monochromatic  light  illumination  (X  =  600  nm,  P  =  1.4  x  lO"^  W/cm^)  was  also  carried  out. 

The  detectors  were  tested  under  pulsed  Nd:Yag  laser  irradiation  (X  =  355,  532  and  1064 
nm,  Tl  =  30  ps  at  FWHM).  The  generated  photocurrent  and  its  transient  decay  were  measured  as 
an  output  voltage  by  connecting  the  detector  to  an  ultrafast  oscilloscope  with  a  50  D  input 
resistance  and  a  7  GHz  bandwidth. 

The  detector  response  to  X-rays  produced  by  Bremsstrahlung  effect  was  studied  using  an 
X-ray  tube  providing  X-ray  photons  with  an  average  energy  that  could  be  set  from  2.5  to  16 
keV.  The  X-ray  flux  linearly  increased  with  the  tube  current  which  could  be  varied  from  0.1  to  2 
mA.  This  provided  a  maximum  flux  of  3.4  x  lO"*  and  1.9  x  10'^  photons/cm^.s  at  2.5  and  16  keV, 
respectively,  on  the  detector  surface.  The  10  pm  thick  diamond  film  absorbs 
52  %  and  0. 1 1  %  of  the  incident  energy  at  2.5  and  16  keV,  respectively. 

The  response  to  alpha  particles  emitted  by  an  24lArn  source  (5.49  MeV)  has  also  been 
investigated.  In  this  experiment,  the  detector  output  was  connected  to  a  preamplifier  whose 
output  was  fed  into  a  shaping  amplifier  with  a  shaping  time  of  2  ps.  The  signal  was  recorded  on  a 
multichannel  analyzer. 


RESULTS  AND  DISCUSSION 

Diamond  film  transmission  spectra  showed  that  for  wavelengths  in  the  range  500  to  1100 
nm,  about  35  %  of  the  light  is  transmitted  through  a  10  pm  thick  film.  At  these  wavelengths, 
strong  light  diffusion  in  the  polycrystalline  film  is  believed  to  result  in  low  film  transmission. 
Below  500  nm,  the  film  transmission  strongly  decreases,  toward  a  value  of  10  %  at  355  nm.  The 
diamond  surface  reflecting  about  20  %  of  the  light,  this  shows  that  the  film  is  absorbing  even  at 
wavelengths  longer  than  225  nm,  corresponding  to  the  energy  band  gap  (5.5  eV). 

Figure  1  shows  the  dark  current  and  photocurrent  of  a  CVD  diamond  detector  versus  bias 
voltage.  The  dark  current  versus  applied  voltage  curve  shows  that  the  electrical  contacts  are 
ohmic  for  bias  voltages  up  to  40  V.  The  resistivity  of  the  CVD  diamond  is  of  about  10*2  cm. 
The  photocurrent  at  50  V,  68  pA,  is  twenty  times  greater  than  the  dark  current,  2.8  pA. 
Photoconductive  effects  are  observed  even  at  wavelengths  longer  than  that  related  to  the  band 
gap  energy.  Photogenerated  carriers  are  believed  to  be  excited  from  energy  states  located  in  the 
semiconductor  gap  and  caused  by  impurities  and  defects  present  in  the  material  1^. 

The  response  of  the  detectors  to  laser  pulses  reflects  the  change  in  conductivity  due  to  the 
generation  of  laser  induced  photoexcited  carriers  in  the  diamond  film.  The  voltage  signal  on  the 
50  Q.  input  of  the  oscilloscope  is  proportional  to  the  product  detector  bias  voltage  V  by  carrier 
density  and  carrier  mobility.  Figure  2  shows  the  voltage  signal  for  a  diamond  detector  polarized 
at  50  V  under  laser  pulse  irradiation  (X  =  1064  nm)  at  an  energy  density  of  12  mJ/cml  The  pulse 


186 


Fig.  1  :  Dark  current  (□)  and  photocurrent  (•)  -  Voltage  signal  of  a  detector  polarized  at  50 

versus  detector  bias  voltage  V  under  laser  irradiation  (X  =  1064  nm,  =  30  ps). 

risetime,  duration  at  FWHM  and  decay  time  are  of  about  180,  280  and  530  ps,  respectively.  The 
decay  time  is  larger  than  the  RC  constant  of  the  electrical  circuit  at  the  oscilloscope  input  :  ~190 
ps.  Thus,  the  CVD  diamond  carrier  lifetime  x  is  assumed  to  be  equal  to  the  pulse  decay  time  :  x  = 
530  ps.  We  did  not  observe  any  significant  variation  in  the  temporal  characteristics  of  the 
photoconductive  signal  with  the  detector  polarization  (in  the  range  1 0  to  200  V),  neither  with  the 
laser  energy  density  (i.e  the  carrier  density),  nor  with  the  laser  wavelength.  These  results  are 
comparable  to  those  obtained  with  devices  fabricated  from  type  lla  natural  diamonds  It  has 
been  shown*’^  that  carrier  lifetime  is  independent  of  the  bias  voltage  for  electric  fields  in  excess  of 
1.5  kV/cm,  which  correspond  to  a  bias  voltage  of  1.5  V  for  our  10  pm  thick  detectors.  Note  that 
the  electrical  properties  of  CVD  diamond  films  depend  on  the  deposition  conditions.  Pan  and  al. 

have  measured  carrier  lifetimes  below  60  ps  in  6  pm  thick  polycrystalline  diamond  films 
deposited  by  microwave-assisted  CVD, 

Figure  3  shows  the  evolution  of  the  peak  voltage  of  the  photoconductive  signal  as  a 
function  of  the  laser  energy  density  (X  =  1064  nm)  for  various  bias  voltages.  The  peak  voltage 
increases  linearly  with  the  energy  density  before  saturation  is  reached  at  energy  densities  above  3 
mJ/cm^.  This  effect  will  be  discussed  in  the  next  paragraph.  Identical  evolution  of  the  peak 
voltage  versus  energy  density  was  observed  at  all  laser  wavelengths. 

Figure  4  shows  the  X-ray  (E  =  8  keV)  induced  detector  current  as  a  function  of  the  number  of 
incident  photons  on  the  detector  surface.  The  dark  current  has  been  substracted  from  the  total 
current.  The  detector  was  polarized  at  50  volts.  The  current  increases  non-linearly  with  the 
number  of  incident  photons  similarly  to  what  was  observed  under  laser  irradiation.  This  effect  is 
believed  to  result  from  the  decrease  of  the  carrier  mobility  -  lifetime  (px)  product  with  the  density 
generated  per  second  in  the  diamond  film.  This  phenomenon  has  already  been  observed  both  for 
bulk  natural  and  thin  film  CVD  diamonds  [22-24],  The  evolution  of  px  on  the  carrier 
photogenerated  carrier  density,  Nc,can  be  deduced  from  the  theoretical  expression  of  the  X-ray 
induced  detector  current,  I^,  given  by  : 


Ix  =  q.V.p.x.Ng.A  /  d 


(1) 
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ENERGY  DENSITY  (mj/cm*) 

Fig.3  :  Photoconductive  peak  voltage  as  a  function  of 
laser  energy  density  (X  =  1064  nm)  for  :  (x)  30  V, 
(□)  50  V,  (+)  80  V  and  (•)  100  V  bias  voltages. 


NUMBER  OF  PHOTON  xl  E-3 

Fig.  4  :  Detector  photocurrent  versus  the  number  of 
incident  X-ray  photons  (E  =  8  keV)  on  the  detector 
surface. 


where  q  is  the  electron  elementary  charge,  V  the  detector  bias  voltage  ,  A  and  d  the  area  and 
thickness  of  the  detector.  Equation  (1)  assumes  that  the  electrical  contacts  are  ohmic  and  that 
one  type  of  carrier  dominates  the  charge  transport  process  in  the  film.  can  be  calculated  from 
the  number  Nj  of  incident  X-ray  photons  on  the  detector  surface,  taking  into  account  the  energy 
attenuation  coefficient  in  carbon,  pgn-  depends  on  the  photon  energy'®.  Nq  is  given  by  : 


Nc  =  Ni.[l  -  exp(-pen(E).d)].E  /  co.A.d  (2) 

where  E  is  the  X-ray  photon  energy  and  ©  the  electron-hole  pair  generation  energy 
(~  13  eV)20.  The  evolution  of  px  on  the  carrier  density,  deduced  from  equation  (1)  and  (2)  has 
been  reported  in  figure  5.  pt  decreases  from  8  x  10'*®  cmW  at  a  carrier  density  of  2  x  10"  cm*^ 
to  7  X  10"®  cmW  at  3.7  x  10'^  cm'^.  Since  no  variation  of  the  carrier  lifetime,  i.e. 
photoconductive  decay  time,  on  energy  density  was  observed  under  laser  irradiation,  one  could 
assume  that  the  px  decrease  with  carrier  density  only  results  from  a  decrease  of  the  carrier 
mobility.  Thus,  p  decreases  from  160  cmW.s  at  a  carrier  density  of  2  x  10"  cm'^  to  13  cmW.s 
at  3.7  X  10'^  cm"^.  In  the  10  pm  thick  diamond  film  polarized  at  50  volts,  the  average  carrier 
path  before  capture  is  of  about  42  pm  for  p  =  160  cm^A'.s  and  x  =  530  ps.  Thus,  the  overall 
carrier  mobility  is  likely  to  be  limited  by  carrier  trapping  at  the  grain  boundary  rather  than  by 
carrier  mobility  in  the  crystallites  themselves. 

The  influence  of  the  detector  bias,  in  the  range  10  to  100  V,  on  the  detector  current  was 
investigated.  The  detector  current  increases  linearly  with  the  bias  voltage.  This  behavior  is  in 
good  agreement  with  equation  (1). 

Preliminary  results  were  obtained  on  alpha  particle  counting  with  the  CVD  diamond  detectors. 
Qualitative  information  on  the  charge  collection  efficiency  as  a  function  of  bias  voltage  is  given  in 
figure  6.  It  gives  the  alpha  peak  channel  on  a  multichannel  analyzer  versus  detector  bias  voltage. 
The  peak  channel  continuously  increases  with  the  bias  voltage.  There  is  no  saturation  of  the 
collected  charges  for  voltages  up  to  260  V.  This  shows  that  even  at  260  volts,  only  a  fraction  of 
the  generated  carriers  are  collected.  Thus,  the  collection  distance,  pxV/d,  at  260  volts  is  smaller 
than  the  detector  thickness  (d  =10  pm).  Taking  x  =  530  ps  and  V  =  260  volts,  this  gives  a 
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Fig.  5  ;  HT  versus  carrier  density  at  a  bias  voltage  of  Fig.6  :  Alpha  pealc  position,  i.e  charge  collection 

50  V.  efficiency  (a.u  )  as  a  function  of  bias  voltage. 


mobility  ji  <  7  cmW.s.  Local  high  carrier  density  (Ng  >  4  x  10'^  cm'^)  along  the  track  of  the 
alpha  particle  in  the  diamond  film  could  explain  this  low  carrier  mobility.  Further  experiments  are 
in  progress  to  characterize  charge  generation  and  collection  in  CVD  diamond  detectors. 


CONCLUSION 

CVD  diamond  films  used  for  the  fabrication  of  radiation  detectors  were  characterized.  The 
films  have  a  resistivity  of  10'2  O.cm  and  a  carrier  lifetime  of  530  ps.  The  carrier  mobility  - 
lifetime  product  was  found  to  depend  on  the  density  of  photogenerated  carriers.  The  carrier 
mobility  decreases  from  160  to  13  cmVV.s  for  a  carrier  density  increase  from  2  x  10*^  cm'^  to 
3.7  X  10*3  We  have  also  shown  that  CVD  diamond  photodetectors  can  be  used  for  various 
purposes.  They  allow  the  characterization  of  ultrafast  (~  100  ps)  laser,  X-  and  Gamma-ray 
pulses.  By  a  fine  tuning  of  the  diamond  film  deposition  parameters,  which  set  the  film  properties, 
one  could  control  the  carrier  lifetime  and  thus  of  the  time  response  of  the  detector  is  made 
available.  CVD  diamond  detectors  can  also  be  used  for  X-ray  flux  measurements  and  alpha 
particle  counting. 
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ABSTRACT 

We  are  reporting  the  first  quantitative  photoresponse  characteristics  of  boron  doped  hot- 
filament  CVD  (HFCVD)  diamond  based  Schottky  diodes  using  semi-transparent  aluminum 
contacts  in  the  spectral  range  of  300-1050  nm.  Quantum  efficiencies,  obtained  without 
correction  for  surface  reflection  in  the  visible  and  near  UV  region,  were  between  5%  and  10% 
when  the  diodes  were  unbiased.  Effect  of  reverse  bias  on  the  photoresponse  was  investigated 
at  selected  photon  energies.  Reverse  biased  diodes  exhibit  increasing  photoresponse  and 
ultimately  saturation.  Quantum  efficiency  as  high  as  30%  was  also  obtained  at  500  nm,  when 
a  reverse  bias  of  over  1  volt  was  applied.  The  photoresponse  mechanism  of  CVD  diamond 
Schottky  diodes  is  also  discussed.  A  Schottky  barrier  height  of  1.15  ±  0.02  eV  for  Al- 
HFCVD  diamond  contacts  was  determined  using  the  d.c.  photoelectric  method. 


INTRODUCTION 

Photonic  devices  based  on  semiconducting  CVD  diamond  thin  films  are  of  great  interest 
due  to  diamond’s  unique  properties.  However,  the  majority  of  research  on  CVD  diamond 
optical  applications  focuses  on  coatings  for  infrared  windows. Several  properties  of 
diamond,  such  as  large  band  gap,  high  electron  and  hole  mobilities,  wide  optical  transmission 
band  and  high  thermal  conductivity,  offer  the  feasibility  of  high-power,  high-speed 
optoelectronic  devices.  Many  applications  require  detection  setups  with  high  responsivity  to 
UV  light  and  small  or  negligible  responsivity  to  visible  light.  Photodetectors  made  from  wide 
bandgap  materials  are  expected  to  exhibit  this  feature."'  However,  the  work  related  to 
photodetection  which  has  been  reported  so  far,  has  concentrated  on  studies  of  bulk  diamond 
photoconductivity  and  the  a.c.  photoemission  of  metal-diamond  structures.^  '”  Therefore,  it  is 
important  to  study  the  photoresponse  of  HFCVD  diamond  Schottky  diodes,  and  further 
optimize  the  design  to  make  this  new  class  of  photodiodes  feasible. 

In  this  work,  photoresponse  studies  are  presented  on  p-type  HFCVD  diamond  Schottky 
diodes  with  semi-transparent  A1  contacts,  whose  electrical  characteristics  are  reported 
elsewhere."  These  include  two  parts:  (1)  quantitative  photoresponse  characterization  in  the 
spectral  range  of  300-1050  nm,  (2)  determination  of  Schottky  barrier  heights  of  A1  contacts 
to  HFCVD  diamond  films  using  d.c.  photoelectric  measurements.  The  studies  were  done 
utilizing  a  photoresponse  measurement  setup  which  produces  fine  focused  monochromatic 
incident  light  using  a  200  W  mercury  arc  lamp  as  a  source.  D.C.  photocurrent  was  used  as 
the  output  for  these  characterizations. 

Quantum  efficiencies,  obtained  without  correction  for  surface  reflection  in  the  near  UV 
and  visible  region  (300  -  800  nm),  were  5  %  -  10  %  when  the  diodes  were  unbiased.  The 
effect  of  reverse  bias  on  the  photoresponse  was  also  studied  at  selected  photon  energies. 
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Reverse  biased  diodes  exhibit  increasing  photoresponse  and  ultimate  saturation  for  each  incident 
photon  energy  due  to  the  broadening  of  the  depletion  region.  The  effect  of  reverse  bias  on  the 
photoresponse  increases  with  higher  incident  photon  energy,  because  of  the  rapid  absorption 
of  high  energy  photons  in  the  depletion  region.  Quantum  efficiencies  as  high  as  30  %  were 
obtained  near  the  peak  of  the  spectrum,  i.e.  500  nm  irradiation,  when  a  reverse  bias  of  over 
1  volt  was  applied.  Eleven  Schottky  diodes  were  fabricated  and  tested.  The  variation  of  the 
photoresponse  obtained  on  these  diodes  was  within  26  %  for  each  irradiation.  The 
photoresponse  of  these  diodes  in  the  spectral  range  investigated  is  attributed  to  photoelectric 
emission  between  metal  and  semiconducting  diamond,  and/or  extrinsic  photoexcitation  of 
impurities  in  CVD  diamond,  as  well  as  crystal  defects.  Further  studies  on  the  UV  response 
and  some  improvement  of  the  diode  structure  are  needed  to  exploit  the  full  features  of  this  new 
kind  of  photodiode. 

In  addition,  using  the  d.c.  photoelectric  method,  the  extrapolated  Schottky  barrier  height 
of  1.15  ±  0.02  eV  was  determined  for  AI-HFCVD  diamond  thin  film  Schottky  diodes,  which 
agrees  with  the  values  obtained  on  these  diodes  by  our  C-V  measurements.’^  These  results  are 
also  consistent  with  those  obtained  on  microwave  plasma  assisted  CVD  (MPACVD)  diamond 
film  using  the  a.c.  photoelectric  method.^  Therefore,  we  confirm  the  occurrence  of  Fermi- 
level  pinning  at  the  CVD  diamond-metal  interface. 


EXPERIMENTAL 

Boron  doped  polycrystalline  diamond  thin  films  used  for  Schottky  diodes  were  deposited 
on  p-type  (100)  silicon  substrates  using  a  modified  four-hot-filament  CVD  method  with 
hydrogen  and  methane  as  the  reaction  gases  and  with  acetone  vapor  as  the  carrier  gas  for  the 
boron  dopant  (trimethyl  borate).  The  acetone  also  is  an  additional  carbon  source.  X-ray 
diffraction,  scanning  electron  microscopy  and  Raman  spectroscopy  studies  indicated  that  high 
quality  boron  doped  polycrystalline  diamond  films  were  obtained.  Details  regarding  the  growth 
technique,  process  parameters  and  material  characterization  are  reported  earlier.'®  Prior  to  the 
metal  deposition,  two  treatments,  (i.e.  dehydrogenation  and  surface  chemical  cleaning),  were 
utilized  to  provide  a  stable  diamond  bulk  film  and  a  clean  surface,  according  to  the  procedures 
described  in  Ref  11.  Schottky  diodes  were  then  fabricated  by  thermal  evaporation  of  semi¬ 
transparent  aluminum  contacts  on  boron  doped  diamond  thin  films  whose  thickness  was  about 
7-8  /xm.  The  circular  Schottky  contact  area  was  4.5  mm^.  Figure  1  is  a  micrograph  of  the 
diamond  film  surface  morphology  taken  near  the  edge  of  the  top  A1  contact.  A  typical 
rectifying  current- voltage  characteristic  of  an  Al-HFCVD  diamond  thin  film  based  Schottky 
diode  is  shown  in  Figure  2. 
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Fig.2  The  rectifying  current-voltage  characteristic 
of  CVD  diamond  thin  film  based  Schottky  diode. 


Fig.l  A  typical  micrograph  of  the  diamond  film  surface 
morphology  taken  near  the  edge  of  the  top  A1  contact. 
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The  photoresponse  measurements  were  performed  with  an  experimental  system  that 
operated  in  air  and  covered  the  spectral  range  from  300  to  1200  nm.  This  system  consists  of 
a  200  Watt  mercury  arc  lamp  as  the  light  source,  an  Oriel  double  monochromator,  two  quartz 
convex  lenses  for  light  convergence,  a  calibrateid  Hamamatsu  silicon  photodiode,  a  Keithley 
model  617  electrometer,  and  a  sample  holder  with  a  three  dimensional  micro-manipulator. 
Before  the  measurement,  the  system  was  carefully  aligned  to  obtain  maximum  output  light 
intensity,  as  judged  by  the  silicon  detector.  All  photoresponse  measurements  were  made  at 
room  temperature.  For  each  measurement,  the  monochromatic  light  focus  on  the  sample  was 
achieved  by  moving  the  micro-manipulator  successively  in  three  dimensions  until  the 
photocurrent  was  maximized.  The  photocurrent  was  taken  to  be  the  difference  between  the 
device  current  with  and  without  illumination.  The  silicon  photodetector  was  used  to  calculate 
the  incident  monochromatic  light  intensity  before  and  after  each  spectral  measurement. 


QUANTITATIVE  PHOTORESPONSE  CHARACTERIZATION 


A  metal-semiconductor  diode  can  be  used  as  a  high-efficiency  photodetector  for  visible 
and  ultraviolet  light  detection.  Depending  on  incident  photon  energies  and  diode  biasing 
conditions,  Schottky  diodes  can  be  operated  in  various  modes.  Normally  a  photodiode  can  be 
characterized  in  either  a  photovoltaic  (unbiased)  mode  or  reverse  biased  mode  (with  the  reverse 
bias  voltage  less  than  diode’s  breakdown  voltage).  One  of  the  most  important  figures  of  merit 
for  photodiodes  is  quantum  efficiency,  which  is  defined  as  the  number  of  electron-hole  pairs 
generated  per  incident  photon:''* 


tl  = 


(1) 


where  Ip  is  the  photo-current  generated  by  the  absorption  of  incident  optical  power  P„,  at  a 
wavelength  X  (corresponding  to  a  photon  energy  hp).  Since  a  calibrated  silicon  photodiode  was 
used  to  measure  the  incident  light  power,  P„p,  was  calculated  from  (1^  x  Ap)/  (Sj  x  Aj), 
where  is  the  detector’s  photocurrent,  Sj  is  the  calibrated  radiation  sensitivity,  and  Ap  and  A^ 
are  the  effective  areas  of  our  sample  and  detector,  respectively. 

Figure  3  shows  the  spectral  photoresponse  of  Al-HFCVD  diamond  Schottky  diodes  in  the 
spectral  range  of  300  -  1050  nm.  Quantum  efficiencies  obtained  without  correction  for  surface 
reflection  in  the  near  UV  and  visible  region  (from  300  to  800  nm)  were  5  %  to  10  % ,  when 
the  measurements  were  taken  in  the  photovoltaic  mode,  i.e  without  any  bias.  At  zero  bias,  the 
Junction  depletion  region,  X^hich  separates  photon-generated  electron-hole  pairs  and  hence 
contributes  to  photocurrent,  is  very  narrow  unless  an  extremely  lightly  doped  or  intrinsic 
semiconductor  is  used.  Any  photon-generated  carrier,  which  is  created  deeper  than  a  diffusion 
length  from  the  depletion  region  (i.e.  field-free  region),  will  not  contribute  to  the 
photocurrent.  However,  the  Junction  depletion  region  can  be  broadened  to  collect  photons 
more  efficiently,  if  the  diode  is  reverse  biased.  Therefore,  in  order  to  study  the  origin  of  the 
photocurrent,  another  kind  of  spectral  photoresponse  was  characterized  when  the  diamond 
Schottky  diodes  were  reverse  biased.  Figure  4  shows  the  effect  of  reverse  bias  on  the 
photoresponse  of  Al-HFCVD  diamond  Schottky  diodes  at  selected  photon  energies.  Quantum 
efficiencies  obtained  were  normalized  with  respect  to  the  corresponding  unbiased  values.  As 
expected,  the  reverse  biased  diodes  exhibit  increasing  photoresponse  and  ultimately  saturate 
around  1  volt  for  each  value  of  incident  photon  energy.  In  addition,  the  effect  of  reverse  bias 
on  the  increase  in  photoresponse  is  larger  when  higher  energy  photons  are  used.  The  reason 
for  a  larger  effect  on  high  energy  photoresponse  under  reverse  bias  is  the  rapid  absorption  of 
high  energy  photons  in  the  depletion  region.  Overall,  quantum  efficiency  as  high  as  30  %  for 
Al-HFCVD  diamond  Schottky  diodes  was  obtained  near  the  peak  of  the  spectrum  (i.e.  500 
nm),  when  a  reverse  bias  of  over  1  volt  was  applied. 
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Wavelength  (nm)  Reverse  bias  voltage  (Volt) 


Fig.3  Quantum  efficiency  vs.  wavelength  measured  Fig.4  Effect  of  reverse  bias  on  the  photoresponse  of 

on  an  unbiased  polycrystalline  diamond  Schottky  AI-HFCVD  diamond  Schottky  diodes  at  three 

diode  without  the  correction  of  reflection.  selected  photon  energies. 

The  photoresponse  of  these  HFCVD  Schottky  diodes  to  visible  and  near  UV  light  is 
attributed  to  several  mechanisms  including  photoelectric  emission  between  metal  and 
semiconductor,  extrinsic  photoexcitation  of  impurities,  i.e.  nitrogen  and  boron,  in  CVD 
diamond  films,  as  well  as  crystal  defects.”' 

Although  a  useful  visible  and  near  UV  photoresponse  of  Al-HFCVD  diamond  Schottky 
diodes  was  obtained,  further  characterization  of  the  UV  photoresponse  to  study  band-to-band 
excitation,  and  the  improvement  of  diode  structure  are  needed,  in  order  to  exploit  fully  the 
features  of  this  new  kind  of  photodiode. 


SCHOTTKY  BARRIER  HEIGHT  DETERMINATION 

Basically,  four  methods  can  be  used  to  measure  the  Schottky  barrier  height  (SBH)  of  a 
rectifying  metal-semiconductor  contact'"';  the  current-voltage,  activation  energy,  capacitance- 
voltage  and  photoelectric  methods.  However,  for  polycrystalline  CVD  diamond  Schottky 
diodes,  none  of  the  diamond  research  groups  to  date  has  been  able  to  determine  SBH  with 
sufficient  accuracy  from  the  current-voltage  and  the  activation  energy  methods,  due  to  the  high 
ideality  factor  and  the  fact  that  under  forward  bias  the  diodes  are  bulk  resistance  limited.^  The 
first  study  on  the  determination  of  the  SBH  of  polycrystalline  CVD  diamond  based  diode  was 
reported  in  1989  by  Hicks  et  al,  using  the  a.c  photoelectric  method,  where  a  sophisticated 
synchronous  detection  system  was  utilized.^  In  this  work,  we  were  able  to  determine  the  SBH 
of  HFCVD  diamond  Schottky  diodes  using  the  d.c.  photoelectric  method. 

In  order  to  perform  the  photoelectric  measurements  to  determine  Schottky  barrier  height, 
the  incident  photon  energy,  hv,  must  be  less  than  the  semiconductor  band  gap.  Eg,  so  that 
band-to-band  excitation  in  the  semiconductor  can  be  avoided.  According  to  Fowler’s  theory, 
the  photocurrent  per  absorbed  photon  (yield)  as  a  function  of  photon  energy,  hv,  is  given  by'^ 

Yield  =  —  - )]  for  x  ^  0  (2) 

2  6  4  9 
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Fig.5  Square  root  of  the  photoresponse  per  incident  photon  vs.  photon 

energy  measured  on  AI-HFCVD  diamond  Schottky  diode. 

where  B  is  a  constant  and  x  =  h(i/-i/o)/KT.  The  threshold  energy,  hi^o.  to  the  barrier 

height,  q^i,.  Under  the  condition  of  x  >  3,  equation  (2)  reduces  to: 

•jYield  -  /i  (v  -  Vg)  for  h  (v  -v^)  >  3KT.  (3) 

When  the  square  root  of  the  photoresponse  is  plotted  as  a  function  of  photon  energy,  a  straight 
line  should  be  obtained,  and  the  extrapolated  value  on  the  energy  axis  should  give  the  barrier 
height  directly. 

The  photoelectric  experimental  results  for  an  Al  Schottky  contact  to  a  p-type 
polycrystalline  HFCVD  diamond  thin  film  are  shown  in  Figure  5.  One  can  easily  see  that  the 
yield  vs.  photon  energy  obeys  the  Fowler  relation.  Therefore,  the  extrapolated  barrier  height 
of  1.15  ±  0.02  eV  was  determined  for  Al-HFCVD  diamond  Schottky  diodes.  This  result 
agrees  very  well  with  the  data  reported  by  Hicks,  which  is  1.13  +  0.03  eV  for  both  Al  and 
Au  rectifying  contacts  to  p-type  microwave  assisted  CVD  diamond  films.  Moreover,  the 
barrier  height  obtained  using  the  d.c.  photoelectric  measurements  is  very  close  to  the  barrier 
height  determined  in  the  C-V  measurements  on  these  diodes,'^  where  a  Schottky  barrier  height 
of  1.04  eV  was  obtained.  Our  SBH  measurements  using  either  the  photoelectric  or  capacitance- 
voltage  method  indicate  that  the  barrier  height  of  HFCVD  diamond  Schottky  diodes  is 
controlled  by  a  high  density  of  defect  states,  and  hence  is  independent  of  the  metal  work 
function.  This  phenomenon  is  known  to  occur  in  silicon  as  well  as  in  single  crystal  diamond.'^ 
Our  results  indicate  that  the  Schottky  barrier  height  is  pinned  approximately  0.2  Eg  from  the 
top  of  the  valence  band,  which  is  consistent  with  results  obtained  on  microwave  plasma  CVD 
diamond  films. Although  the  origin  of  such  pinning  has  not  been  identified  for  CVD 
diamond,  it  is  likely  to  be  due  to  damage  introduced  during  growth  and/or  to  an  oxygen- 
terminated  CVD  diamond  surface  introduced  during  the  surface  cleaning.'® 


CONCLUSIONS 

The  quantitative  photoresponse  characteristics  of  boron  doped  polycrystalline  diamond  thin 
film  Schottky  diodes  were  studied  in  the  spectral  range  of  300-1050  nm.  Semi-transparent 
aluminum  contacts  were  used  to  obtain  useful  photoresponse  in  this  range.  Quantum 
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efficiencies  obtained  without  correction  for  surface  reflection  in  the  visible  and  near  UV  region 
(300  -  800  nm)  were  between  5  %  and  10  %,  when  the  diodes  were  unbiased.  Quantum 
efficiency  as  high  as  30  %  was  also  obtained  at  500  nm,  when  a  reverse  bias  of  over  1  volt 
was  applied.  The  photoresponse  of  these  diamond  Schottky  diodes  to  visible  and  near  UV  light 
is  attributed  to  photoelectric  emission,  extrinsic  photoexcitation  of  impurities,  i.e.  nitrogen  and 
boron,  and  crystal  defects.  The  Schottky  barrier  height  between  aluminum  and  p-type 
polycrystalline  diamond  was  also  determined  to  be  1.15  eV  using  the  d.c.  photoelectric 
method.  The  result  agrees  with  the  barrier  height  determined  using  C-V  measurements,  and 
is  also  consistent  with  those  obtained  on  microwave  plasma  assisted  CVD  diamond  film  using 
the  a.c.  photoelectric  method.  Therefore,  Fermi-level  pinning  at  the  CVD  diamond-metal 
interface  is  confirmed. 
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ABSTRACT 

The  evolution  of  the  damage  in  the  near  surface  region  of  single  crystalline  6H-SiC 
generated  by  200  keV  Ge^  ion  implantation  at  room  temperature  (RT)  was  investigated  by 
Rutherford  backscattering  spectroscopy /chanelling  (RBS/C).  The  threshold  dose  for 
amorphization  was  found  to  be  about  3  •  10’''  cm'^.  Amorphous  surface  layers  produced  with 
Ge^  ion  doses  above  the  threshold  were  partly  annealed  by  300  keV  Si”^  ion  beam  induced 
epitaxial  crystallization  (IBIEC)  at  a  relatively  low  temperature  of  480°C.  For  comparison, 
temperatures  of  at  least  1450°C  are  necessary  to  recrystallize  amorphous  SiC  layers  without 
assisting  ion  irradiation.  The  structure  and  quality  of  both  the  amorphous  and  recrystallized 
layers  were  characterized  by  cross-section  transmission  electron  microscopy  (XTEM). 
Density  changes  of  SiC  due  to  amorphization  were  measured  by  step  height  measurements. 

INTRODUCTION 

SiC  is  a  promising  semiconductor  material  for  high  temperature,  high  power  and  high 
speed  electronic  applications  [1],  which  has  attracted  increasing  attention  since  high  quality 
single  crystalline  6H-SiC  wafers  have  been  commercially  available  [2].  In  addition,  there 
exist  many  other  polytypes  of  SiC  [3]  which  differ  in  their  physical  properties  and  may  be 
transformed  into  each  other  by  thermal  and  ion  beam  processing  [4,5,6].  This  makes  SiC  to 
also  be  an  attractive  candidate  for  heterostructure  applications. 

However,  some  basic  problems  still  have  to  be  solved  before  this  material  can  be  widely 
used.  One  of  these  problems  is  associated  with  the  annealing  of  radiation  damage  formed 
during  ion  implantation  into  SiC  [7,8,9].  In  particular,  ion  beam  amorphized  SiC  is  known 
to  be  very  stable  against  thermal  annealing,  and  temperatures  higher  than  1450°C  are 
necessary  for  its  recrystallization  [7,9,10].  Such  extremely  high  temperatures  are  not  suitable 
for  most  technological  processes.  In  order  to  overcome  this  problem,  amorphization  must  be 
avoided  or,  alternatively,  a  recrystallization  procedure  must  be  found  which  operates  at 
lower  temperatures.  Such  a  process  could  be  the  ion  beam  induced  epitaxial  crystallization 
(IBIEC)  [11],  which  has  been  shown  to  occur  in  several  semiconductor  materials  at 
temperatures  well  below  the  threshold  temperature  for  thermally  stimulated  solid  phase 
epitaxy  (SPE)  [12,13]. 

With  this  aim  in  view,  we  have  carried  out  a  series  of  experiments  regarding  ion  beam 
induced  amorphization  and  recrystallization  of  SiC.  In  a  first  attempt  we  succeeded  in 
performing  IBIEC  of  6H-SiC  at  a  temperature  as  low  as  48(TC  [14].  In  this  paper  further 
results  on  amorphization  of  6H-SiC  by  200  keV  Ge'^  ion  implantation  and  subsequent  IBIEC 
with  300  keV  Si*  ion  irradiation  at  about  480°C  are  presented.  The  influence  of  the 
amorphization  dose  on  the  structure  and  morphology  of  both  the  recrystallized  and  the 
remaining  amorphous  layer  has  been  studied  by  XTEM.  Particular  attention  has  been  directed 
to  a  possible  polytype  transformation  during  the  IBIEC  regrowth. 
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EXPERIMENTAL 


1"  wafers  of  single  crystalline  6H-SiC  ((0001)  orientation,  n-type,  Si  surface)  from  Cree 
Research  [2]  were  used  as  substrate  material  in  our  investigations.  Damaged  surface  layers 
were  produced  by  200  keV  Ge^  ion  implantation  into  6H-SiC  at  RT.  The  ion  doses  ranged 
from  1  •  10'^  to  1  •  10’’ cm'^,  and  the  ion  fluxes  were  in  the  range  of  1  to  5  •  10"  cm’^s'.  The 
damage  evolution  was  investigated  by  1.2  MeV  He'^  RBS/C.  Two  sets  of  samples  with 
amorphous  surfaces  layers  were  prepared  by  5  •  10"  Ge'^/  cm^  and  1  •  10"  Ge^/  cm^ 
implantation  ,  respectively.  Ge'^  ions  were  chosen  for  the  amorphization,  because  their  mass 
is  sufficiently  high  to  produce  completely  amorphous  layers  at  RT.  In  addition,  the 
isovalent  Ge^  ions  should  not  dope  SiC. 

The  wafer  was  cut  into  pieces  of  about  1  cm^  and  half-capped  by  Si  wafer  pieces  to 
preserve  unirradiated  reference  regions  for  the  RBS/C  and  XTEM  analysis  after  the  IBIEC 
irradiation.  After  a  surface  cleaning  procedure  the  SiC  specimens  were  mounted  on  a  heating 
stage  in  the  implantation  chamber  and  pre-heated  to  a  temperature  of  about  400°C.  Then  the 
specimens  were  subjected  to  300  keV  Si'*'  irradiation  in  the  dose  range  between  1  •  lO'^cm'^ 
and  3  •  10"  cm‘^.  The  ion  flux  was  about  3  •  10"cm‘^  s'*  and  led  to  an  additional  temperature 
increase.  During  the  ion  irradiation  the  nominal  temperature  was  monitored  within  477+5°C. 
The  amorphous  surface  layers  were  analyzed  by  RBS/C  before  and  after  Si'*^  irradiation. 
The  structure  and  quality  of  both  the  amorphous  and  recrystallized  layers  were  characterized 
by  cross-section  transmission  electron  microscopy  (XTEM).  Density  changes  of  SiC  due  to 
amorphization  were  determined  by  step  height  measurements  with  a  surface  profilometer 
(DEKTAK  8000). 


RESULTS  AND  DISCUSSION 

RBS/C  results  on  the  evolution  of  irradiation  damage  in  6H-SiC  generated  by  200  keV 
Ge'*'  implantation  at  RT  are  shown  in  Fig.  1.  Compared  to  the  spectrum  of  the  virgin 
material  only  a  slight  increase  in  the  dechanneling  yield  can  be  seen  for  the  dose  of 
1  •  10"cm‘^.  With  increasing  ion  dose  a  damage  peak  appears  in  the  spectra  which  reaches 
the  random  level  for  a  dose  of  about  3  •  lO^cm’^.  The  RBS/C  results  reveal  that  a  complete 
amorphous  surface  layer  with  a  fairly  sharp  interface  at  a  depth  of  143  nm  has  been  formed 
after  implantation  of  5  •  10"cm'^.  For  the  highest  amorphization  dose  used  in  our 
experiments  (1  •  10"cm‘^)  the  amorphous  layer  thickness  increases  to  148  nm  and  the 
interface  becomes  a  little  shcirper.  The  maximum  Gc  concentration  in  the  amorhous  SiC  layer 
is  estimated  to  be  less  than  0.1%. 

According  to  Spitznagel  et  al.  [8],  the  critical  energy  density  for  amorphization  of  6H- 
SiC  at  RT  is  2*1(F‘  ke'V/cm^.  In  Fig.  2  the  depth  distributions  of  the  damage  energy 
calculated  by  TRIM  [15]  (version  92. 14,  considering  complete  damage  cascades)  are  shown 
together  with  this  amorphization  threshold.  It  can  be  seen,  that  the  buried  amorphous  layer 
(3  •  10"cm'^)  is  closer  to  the  surface  and  the  thickness  of  the  amorphous  surface  layers  is 
smaller  than  that  found  in  the  RBS/C  measurements  when  using  the  density  of  unirradiated 
crystalline  SiC  (3.21  g/cm^)  in  the  TRIM  calculations.  However,  it  has  bee  demonstrated  by 
McHargue  et  al.  [9]  that  the  density  of  SiC  decreases  linearly  with  deposited  damage 
energy  during  ion  irradiation  and  saturates  at  2.72  g/cm’  for  amorphous  SiC.  Indeed,  a  better 
agreement  between  our  experimental  results  and  the  TRIM  calculations  has  been  obtained  for 
this  atomic  density  (see  solid  lines  in  Fig.  2). 
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1.  RBS/C  spectra  of  the  damage  evolu-  Fig. 2  TRIM  results  of  the  damage  energy 
vw..  during  200  keV  Ge'^  implantation  into  SiC.  of  200  keV  Ge"^  implantation  into  SiC. 


The  density  reduction  during  amorphization  is  confirmed  by  measuring  the  step  height 
between  an  amorphous  and  a  virgin  region  on  6H-SiC  with  a  surface  profilometer  (DEKTAK 
8000).  A  surface  step  of  about  20  nm  has  been  found.  This  corresponds  exactly  to  the 
density  change  mentioned  above  if  a  linear  swelling  perpendicular  to  the  surface  is  assumed. 

In  the  next  set  of  experiments  the  6H-SiC  samples  with  amorphous  surface  layers 
produced  by  5  •  10''*  and  1  •  10”  Ge'^/cm^  were  irradiated  with  fluences  from  1  •  10”  to 
3  •  10”  cm'^  of  300  keV  Si'^  ions  at  a  sample  temperature  of  about  480”C.  TRIM  calculations 
show  that  the  maxima  of  the  ion  and  damage  distribution  in  crystalline  SiC  (  3.21  g/cm’) 
are  located  at  a  depth  of  340  nm  and  270  nm,  respectively.  For  the  highest  silicon  dose  the 
concentration  of  excess  silicon  atoms  in  SiC  is  less  than  2%  in  the  amorphous  region  and 
about  20%  at  the  maximum.  In  this  case  the  total  deposited  damage  energy  is  more  than  30 
times  the  amorphization  threshold  energy  for  RT  implantation. 

XTEM  micrographs  of  the  structure  before  and  after  Si  ion  irradiation  with  3  •  10” 
Si'^/cm^  through  the  amorphous  layer  produced  by  5*  lO”  Ge^/cm^  implantation  are  shown 
in  Fig.  3.  The  thickness  of  the  initial  amorphous  layer  is  determined  to  be  146  nm.  This  is 
in  very  good  agreement  with  our  RBS/C  results  and  TRIM  predictions.  The  amorphous 
surface  layer  is  followed  by  a  heavily  damaged  zone  of  about  13  nm  thickness.  After  the  Si'^ 
ion  irradiation  at  480”C  a  shrinkage  of  the  amorphous  surface  layer  is  observed.  RBS/C 
results  [14]  reveal  that  the  recrystallization  is  due  to  both  a  thermal  recrystallization  [10], 
which  stops  after  about  20  nm,  and  additional  IBIEC.  The  XTEM  micrograph  shows  the 
following  layer  sequence:  (i)  An  amorphous  surface  layer  of  about  80  nm  thickness  which 
contains  many  crystalline  grains  of  10  to  30  nm  in  size.  These  grains  are  randomly  oriented 
and  therefore  they  can  only  originate  from  a  spontaneous  nucleation.  Any  grain  growth  due 
to  microcrystalline  inclusions  remaining  after  the  amorphization  implantation  may  be  ruled 
out.  (ii)  A  40  nm  thick  defective  crystalline  zone,  and  (iii)  a  nearly  perfect  crystalline  layer 
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Fig.  3.  XTEM  micrographs  of  the  structure  before  (a)  and  aft 
3*  10'^  Si'^/cm^  at  480°C  through  the  amorphous  layer  pr 
implantation.  A  selected  area  diffraction  pattern  taken  from  the 
inset. 


implantation  . 


extending  to  the  initial  amorphous/crystalline  interface.  It  should  be  noted,  that  this  region 
is  just  the  one  which  has  also  been  recrystallized  at  480°C  without  IBIEC  irradiation.  A 
selected  area  diffraction  (SAD)  pattern  from  this  layer  structure  is  shown  in  the  inset  of 
Fig. 3.  It  consists  of  the  diffraction  pattern  of  single  crystalline  6H-SiC  overlapped  by  broken 
diffractions  rings  which  stem  from  the  randomly  oriented  crystalline  grains  in  the  amorphous 
surface  layer.  The  interpretation  of  the  diffraction  rings  is  not  quite  unambigous.  It  seems, 
that  the  grains  are  mainly  of  3C-polytype.  This  is  in  agreement  with  other  results  showing 
that  after  annealing  of  sputtered  amorphous  SiC  polycrystalline  material  of  3C-SiC  has  been 
formed  [16].  However,  polycrystallization  has  been  found  only  above  temperatures  of 
1000°C  for  stoichometric  SiC,  whereas  in  our  experiments  the  crystallization  occurs  at 
480°C.  A  possible  explanations  for  this  observation  could  be  that  either  the  ion  irradiation 
enhances  the  nucleation  rate  dramatically,  or  the  Ge  content  influences  the  recrystallization 
behavior.  In  order  to  clarify  this  question,  we  investigated  the  effect  of  the  Si  irradiation  on 
an  amorphous  surface  layer  produced  with  a  dose  twice  as  high  than  the  previous 
amorphization  dose. 

In  Fig.  4.  XTEM  micrographs  of  the  structure  before  and  after  anneling  without  and 
with  Si  ion  irradiation  through  the  amorphous  layer  produced  by  1  •  10'^  Ge'^/cm^ 
implantation  are  presented.  The  thickness  of  the  as-  amorphized  layer  is  about  166  nm.  This 
is  somewhat  thicker  than  that  found  in  our  RBS/C  measurements,  but  is  in  reasonable 
agreement  with  the  TRIM  calculations  (Fig.  2).  After  thermal  annealing  of  5  hours  at  480‘’C 
there  is  only  a  slight  shrinkage  of  the  amorphous  layer.  However,  the  width  of  the  defective 
zone  behind  the  amorphous  layer  has  been  decreased  from  30  nm  to  22  nm.  No  crystalline 
inclusions  within  the  amorphous  layer  can  be  identified.  The  situation  is  quite  different  when 
there  is  an  additional  ion  irradiation.  In  this  case  about  100  nm  of  the  amorphous  surface 
layer  has  been  partly  converted  to  polycrystalline  material.  The  amorphous  content  of  this 
layer  amounts  to  only  about  20%.  This  layer  is  followed  by  36  nm  defective  and  35  nm 
nearly  perfect  single  crystalline  material.  Insofar,  the  final  layer  structures  formed  by  IBIEC 
are  very  similar  for  the  two  amorphous  surface  layers  produced  with  5*  10'''  Ge'^'/cm^  and 
1  •  10'*  Ge''/cm^  implantation,  respectively.  Thus,  we  can  conclude  that  polycrystallization 
is  substantially  enhanced  by  the  ion  irradiation.  However,  it  cannot  be  stated,  whether  this 
is  due  to  solely  the  energy  deposited  in  the  layer  or  to  the  content  of  excess  Si  atoms  in  the 
SiC  matrix  enhancing  this  effect. 


CONCLUSIONS 

Completly  amorphous  surface  layers  thicker  than  140  nm  can  be  formed  in  6H-SiC  by 
200  keV  Ge''^  implantation  at  RT  with  doses  equal  to  or  higher  than  5  •  10'*  cm'^.  The 
amorphization  results  are  in  good  aggreement  with  the  threshold  energy  for  amorphization 
found  by  Spitznagel  et  al.  [8]  and  TRIM  calculations  when  cosidering  a  density  reduction 
from  3.21  g/cm’  for  crystalline  SiC  to  2.72  g/cm’  for  amorphous  SiC. 

Crystallization  of  the  amorphous  surface  layer  can  be  stimulated  by  300  keV  Si'''  ion 
irradiation  at  a  temperature  as  low  as  480'’C.  The  layer  regrows  epitaxially  from  the 
crystalline  6H-SiC  substrate  into  the  amorphous  material  by  both,  thermally  induced 
recrystallization,  which  stops  after  a  short  distance  less  than  20  nm,  and  additional  IBIEC 
effect.  The  mean  IBIEC  rate  is  about  1.5  nm/ 10"*  cm'^  [14].  The  IBIEC  regrown  layer  is 
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of  6H-polytype  as  the  underlying  substrate,  too.  However,  it  includes  defects  of  high  density 
as  dislocation  loops  and  various  precipitates.  The  remaining  amorphous  layer  is  partly 
transformed  into  polycrystalline  material.  The  crystalline  grains  are  likely  the  3C  polytype. 
The  polycrystallization  is  enhanced  with  increasing  Ge  concentration  and  occurs  only  under 
ion  irradiation. 

As  our  results  demonstrate,  low  temperature  recrystallization  of  amorphous  SiC  is 
possible  by  means  of  ion  irradiation.  However,  polycrystallization  competes  with  epitaxial 
crystallization.  Therefore,  single  crystalline  material  of  high  quality  is  difficult  to  obtain  from 
the  amorphous  state. 
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OXIDATION  AND  ION  DAMAGE  OF  DIAMOND  BY 
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ABSTRACT 

Oxygen  is  a  commonly  used  etchant  of  carbon  materials,  including  diamond.  In  this  work, 
we  examine  the  effects  of  oxygen  ion  bombardment  to  diamond  surfaces,  as  might  be  encountered 
in  a  reactive  ion  etching  (RIE)  process.  Surfaces  were  characterized  using  Electron  Energy  Loss 
Spectroscopy  (EELS)  and  Auger  Electron  Spectroscopy  (AES).  EELS  was  used  to  determine  the 
presence  of  non-diamond  carbon  at  the  surface  which  may  form  due  to  ion  damage.  AES  was 
used  to  determine  the  presence  of  oxygen  on  the  diamond  surface  from  oxygen  ion  bombardment. 
The  effect  of  ambient  molecular  oxygen  present  during  inert  ion  bombardment  is  also  addressed. 
EELS  was  also  used  to  determine  the  state  of  diamond  surfaces  that  were  bombarded  with 
hydrogen  ions,  as  might  be  used  in  the  removal  of  adsorbed  oxygen. 


INTRODUCTION 

Reactive  ion  etching  (RIE)  is  currently  used  in  industry  to  etch  semiconductors,  dielectrics, 
and  metals  during  electronic  device  fabrication.  It  is  expected  that  diamond  electronic  device 
fabrication  will  borrow  heavily  from  the  mature  processing  technologies,  such  as  RIE.  Oxygen  is 
logical  choice  as  the  etchant  gas  for  diamond  and  other  carbon  films.  The  etch  products  of  oxygen 
ion  etching  are  volatile  (CO2  or  CO).  Oxygen  etching  does  not  carry  the  same  sort  of  safety  issues 
often  found  halogen  based  chemistries. 

Ion  energies  for  RIE  are  typically  in  the  lO^  eV  range.  For  these  ion  energies,  chemical 
bonds  can  be  broken  and  atoms  displace^  creating  a  damage  region.  However,  the  damage  layer 
is  limited  to  a  very  narrow  region,  on  the  order  of  tens  of  angstroms,  and  damage  regions  are  soon 
sputtered  or  etched  away.  Damage  cannot  significantly  accumulate,  as  in  the  case  of  ion 
implantation,  where  the  ion  ranges  are  much  larger.  Other  etching  techniques,  such  as  reactive  ion 
beam  etching  (RIBE),  employ  ions  of  approximately  the  same  energy  range  (lO^-lO^  eV)  as  RIE. 
Physical  sputtering  also  employs  ions  in  a  similar  energy  range.  Surface  damage  is  of  special 
importance  in  the  RIE  of  diamond,  due  to  diamond's  metastable  nature.  If  sufficient  energy  is 
supplied  to  diamond,  a  sp3  to  sp2  transformation  can  occur.  In  addition,  long  range  order  may 
also  be  lost,  creating  an  amorphous  layer.  Annealing  will  not  recover  the  diamond  structure, 
except  for  the  most  minimal  damage. 

Most  solid  state  electrical  devices  rely  on  good  surfaces.  The  state  of  the  surface  controls 
the  behavior  of  metal  contacts  and  surface  conduction  devices.  Therefore,  it  is  imperative  that 
processing  leave  a  surface  free  of  non-diamond  carbon.  We  have  undertaken  a  study  where 
diamond  surfaces  have  been  exposed  to  energetic  ions  in  an  ultra  high  vacuum  environment,  so 
that  in  situ  characterization  could  be  performed.  The  quality  of  the  surface,  that  is,  whether 
diamond,  graphite,  or  amorphous  carbon  is  present,  was  determined  using  Electron  Energy  Loss 
Spectroscopy  (EELS).  EELS  is  well  suited  for  these  studies,  as  the  electron  scattering  lengths 
used  in  these  studies  (10-20  A)  are  of  the  same  order  as  the  ion  ranges  for  the  ion  energies 
employed.  The  presence  of  residual  etchant  atoms  (oxygen)  was  determined  using  Auger  Electron 
Spectroscopy. 


EXPERIMENTAL 

We  performed  the  experiments  in  an  ultra  high  vacuum  chamber  with  base  pressures  in  the 
10"  torr  range,  achieved  using  an  ion  pump.  Ion  bombardment  was  achieved  using  a 
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differentially  pumped  ion  gun.  The  ion  angle  of  incidence  was  54°  from  normal.  The  chamber 
pressures  during  ion  bombardment  were  typically  in  the  10"^  torr  range,  achieved  using  a  170 1/sec 
turbomolecular  pump.  The  effect  of  background  neutrals  during  ion  bombardment  could  be 
determined  as  the  operating  pressures  were  low  enough  that  gas  phase  collisions  were  negligible. 

(100)  2b  diamond  samples  (from  Doubledee  Harris),  2  mm  x  2  mm  x  0.25  mm  in  size, 
were  used  in  these  studies.  2b  samples  were  used  as  they  have  a  lower  resistivity  than  2a 
diamond.  The  lower  resistivity  eliminated  charging  problems  during  electron  irradiation.  Boron 
doped  CVD  diamond,  courtesy  of  the  Crystallume  Corp.,  was  also  used  in  these  studies.  CVD 
diamond  samples  were  boron  doped  (-10^^  cm‘3)  to  avoid  charging  problems  during  electron 
spectroscopy.  Raman  spectra  of  the  CVD  diamond  displayed  the  characteristic  peak  at  1332  cm‘l, 
with  a  much  smaller  feature  attributable  non-diamond  carbon. 

The  spectroscopies  were  performed  using  a  single  pass  cylindrical  mirror  analyzer  of  0.3% 
resolution,  with  a  concentric  electron  gun.  Incident  electron  energies  were  3  keV  for  AES,  and 
either  200  or  500  eV  for  EELS,  where  EELS  data  was  collected  in  reflection  mode.  Derivative 
spectrum  were  obtained  for  EELS  and  AES  using  a  lock-in  amplifier.  In  performing  electron 
spectroscopies,  low  current  densities  were  used  (-10  |j,A/cm"2),  as  it  was  found  that  electron 
stimulated  desorption  of  oxygen  became  problematic  at  higher  beam  densities.  In  order  to  better 
resolve  peaks  in  the  EELS  spectrum,  second  derivative  EELS  spectrum  were  obtained  by 
numerically  differentiating  the  first  derivative  spectrum  during  data  analysis.  For  qualitative 
observation  of  EELS  data,  the  second  derivative  spectrum  is  advantageous  to  the  first  derivative 
spectrum  as  the  position  of  the  second  derivative  spectrum  peaks  in  energy  arc  nearly  the  same  as 
that  of  the  true  peaks  of  N(E).  This  is  not  the  case  for  first  derivative  spectrum,  where  the  position 
of  the  N(E)  peaks  are  denoted  by  a  zero  point  in  dN(E)/dE. 


RESULTS 

I.  Energetic  ion  damage 

Shown  in  Figure  1  are  a  EELS  spectrum  for  2b  diamond,  highly  ordered  pyrolitic  graphite 
(HOPG),  and  an  amorphous  carbon  surface  created  by  1  keV  ion  bombardment  of  diamond.  The 
diamond  surface  was  treated  by  etching  the  surface  to  200  eV  oxygen  ions.  The  dominant  features 
for  diamond  are  the  bulk  and  surface  plasmons,  located  at  34.5  and  22.5  eV,  respectively.  There 
is  a  strong  loss  feature  at  9  eV.  We  believe  this  feature  is  attributable  to  adsorbed  oxygen  on  the 
diamond  surface  [1],  as  has  been  suggested  by  other  researchers  [2].  Using  a  lower  EELS 
primary  beam  energy,  and  higher  resolution,  we  observe  a  7t  loss  feature  at  ~4  eV,  attributable  to 

the  small  degree  of  damage  possible  with  200  eV  oxygen  ion  bombardment.  HOPG  has  a  strong  7C 
like  plasmon  at  6,5  eV,  and  weaker  peaks  at  13,  19.5  eV,  and  26  eV.  None  of  the  loss  features  of 
diamond  are  observed,  and  so  graphite  and  diamond  are  easily  distinguishable.  During  diamond 
ion  bombardment,  if  the  ion  energy  is  sufficiently  high,  an  amorphous  region  of  sp^  and  sp2 
carbon  is  created.  This  can  be  observed  for  1  keV  oxygen  ion  bombardment.  The  dominant  loss 
feature  is  the  cr+it  amorphous  plasmon  at  -25  eV  [3],  and  a  7t-like  plasmon  located  at  4.5  eV  (some 
interference  from  the  elastic  peak  is  occurring).  There  may  also  weak  contributions  from  purely 
graphitic  features  at  13,  19.5,  and  26  eV.  We  can  therefore  distinguish  between  diamond, 
graphite,  and  amorphous  carbon. 

As  the  surface  is  being  etched/sputtered,  the  damage  cannot  accumulate,  and  so  the  surface 
retains  many  sp3  bonds,  although  long  range  order  is  lost.  The  fact  that  sp3  carbon  is  still  present 
at  the  surface  is  important  when  attempting  to  the  remove  damage  regions.  Ion  damage  in  silicon  is 
often  removed  with  acid  etching.  Oxidizing  acids  are  often  used  to  remove  non-diamond  carbon 
from  diamond  surfaces  as  the  selectivity  is  extremely  good.  We  have  damaged  CVD  diamond  with 
2  keV  argon  ions,  and  then  exposed  to  acids,  or  performed  a  low  temperature  anneal  in  N2  (285 
°C)  to  argon  ion  damaged  diamond  before  the  acid  treatment.  The  acid  solution  was  3:4:1 
H2S04:HN03:HC104  at  100  °C,  and  samples  were  immersed  for  20  minutes.  Figure  2  shows  the 
EELS  spectrum  of  CVD  diamond  that  was  damaged,  annealed,  and  then  exposed  to  acids.  The 
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Figure  1:  EELS  of  different  states  of  carbon,  (a):  EELS  of  2b  diamond  exposed  to  200 
eV  oxygen  ions,  EELS  primary  beam  energy  =  500  eV.  (b):  2b  diamond  exposed  to  200 
eV  oxygen  ions,  EELS  primary  beam  energy  =  200  eV.  (c):  Highly  ordered  pyrolitic 
graphite  (HOPG),  EELS  primary  beam  energy  =  500  eV.  (d):  2b  diamond  exposed  to  1 
keV  oxygen  ions,  EELS  ptimaiy  beam  energy  =  500  eV. 


change  in  the  loss  spectrum  after  acid  treatment  is  subtle  at  best;  there  is  no  recovery  of  the 
diamond  bulk  plasmon.  The  diamond  sample  that  was  not  annealed  before  acid  treatment  did  not 
show  any  signs  of  recovering  diamond  loss  features  after  acid  etching  either.  The  amount  of  sp3 
carbon  in  the  film  must  be  high  enough  as  to  protect  sp2  carbon  that  is  contained  within  the  damage 
layer.  Low  temperature  annealing  was  unable  to  prevent  sufficient  graphitization  to  make  the  ion 
damaged  region  susceptible  to  acid  attack.  The  only  sp2  carbon  that  could  be  removed  would  have 
to  be  at  or  very  near  the  surface;  we  have  seen  an  increase  in  the  damage  layer  sheet  resistance  (<10 
increase)  after  acid  etching.  For  studies  on  ion  implantation  to  create  ohmic  contacts,  ion  damaged 
regions  for  boron  implanted  diamond  (35  keV)  were  annealed  at  1200  °C  before  they  were 
removed  with  oxidizing  acids  [4].  Annealing  temperatures  this  high  will  often  be  incompatible 
with  previous  processing  steps. 

II.  Oxidation  during  oxygen  ion  bombardment 

Residual  etchant  atoms  are  often  found  on  the  surface  after  etching,  as  is  the  case  for 
oxygen  ion  etching  of  diamond.  For  oxygen  ion  bombardment  of  diamond  surfaces,  we  have 
typically  found  approximately  0.5  monolayers  of  oxygen  present  during  and  after  bombardment, 
as  determined  by  AES. 

Efremow  et  al  found  that  they  could  etch  diamond  by  2  keV  xenon  ion  bombardment  in 
either  an  O2  or  NO2  ambient  [5].  Etching  of  silicon  by  argon  ion  bombardment  in  a  reactive 
ambient  (CI2)  has  also  been  shown  to  occur  [6].  CI2  can  spontaneously  adsorbs  to  the  silicon 
surface  to  create  surface  species  with  reduced  binding  energies,  which  are  removed  by  the  ion 
bombardment.  For  diamond  etching  by  oxygen,  the  behavior  is  different.  Molecular  oxygen  will 
not  strongly  adsorb  to  the  diamond  surface  [7,  8].  We  exposed  1  keV  argon  ion  damaged  diamond 
to  molecular  oxygen  to  determine  if  strong  adsorption  occurs  without  inert  ion  stimulation.  After 
exposures  of  >1000  Langmuirs  of  O2,  the  largest  oxygen  concentration  ever  observed  seen  was 
0.1  monolayers  (see  Figure  3).  This  same  oxygen  surface  concentration  was  observed  after  argon 
bombardment  and  before  the  O2  exposure  (some  background  oxygen  could  have  entered  into  the 
ion  gun  during  argon  bombardment).  The  fact  that  there  was  no  increase  in  the  oxygen 
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Figure  2:  EELS  spectrum  for  argon  ion  damaged  CVD  diamond  before  and  after 
annealing  and  HC104:HN03:H2S04  treatment,  (a):  2  keV  argon  ion  bombarded  CVD 
diamond,  (b):  after  285  °C  anneal  in  N2,  (c):  after  acid  treatment.  EELS  primary  beam 
energy  =  500  eV. 


concentration  with  O2  exposure  suggests  that  strong  molecular  oxygen  adsorption  does  not  occur 
on  ion  damaged  diamond  surfaces. 

The  oxygen  concentration  becomes  appreciable  during  inert  ion  bombardment  in  an  oxygen 
ambient  (see  Figure  3).  For  the  same  background  O2  pressure,  the  steady  state  oxygen 
concentration  is  comparable,  but  slightly  lower  (-20%)  than  200  eV  oxygen  ion  bombardment. 
Diamond  samples  were  initially  damaged  with  1  keV  argon  to  determine  how  much  improvement  is 
made  in  the  surface  and  subsurface  region.  The  damaged  layer  was  chemically  etched  by  argon  ion 
bombardment  in  molecular  oxygen,  as  good  diamond  loss  features  are  recovered  at  the  surface. 
The  diamond  layer  underneath  was  also  etched.  If  it  were  not,  the  EELS  spectrum  would  be 
identical  to  that  of  200  eV  argon  bombardment  without  a  molecular  oxygen  ambient,  which  shown 
evidence  of  non-diamond  carbon,  as  shown  in  Figure  3.  The  small  amount  of  oxygen  that  makes 
its  way  into  the  ion  gun  to  contribute  to  ion  current  cannot  account  for  the  etching  seen,  and  gas 
phase  collisions  were  negligible.  We  suggest  that  oxygen  physisorbs  on  the  diamond  surface  and 
thus  possesses  a  brief  residence  time  on  the  diamond  surface  before  escaping  to  the  gas  phase. 
Therefore,  there  is  some  probability  of  an  interaction  of  a  physisorbed  oxygen  molecule  and  an 
incoming  ion.  If  an  incoming  ion  can  dissociate  a  physisorbed  oxygen  molecule,  reactive  atomic 
oxygen  is  available  at  the  diamond  surface.  The  residence  time  of  molecular  oxygen  is  so  brief  that 
weakly  bound  oxygen  does  is  not  significant  in  the  total  oxygen  coverage. 

III.  Oxygen  removal  from  diamond  surfaces 

It  may  be  desired  to  remove  residual  oxygen  from  diamond  surfaces  with  hydrogen  ion 
exposure.  EELS  spectrum  for  200  eV  H2'^  ion  bombardment  of  oxygenated  diamond  (by  200  eV 
oxygen  ion  bombardment)  is  shown  in  Figure  4.  Good  diamond  surfaces  have  been  degraded;  a  7t 
like  plasmon  has  developed  at  -5  eV.  The  EELS  spectrum  for  200  eV  H2'''  ion  bombarded  ions  is 
similar  to  200  eV  argon  bombarded  diamond  (shown  in  figure  3),  which  has  no  chemical  effect. 
Therefore,  in  the  etching  of  diamond,  H2''‘  ion  beam  does  not  appear  to  have  as  strong  of  a 
chemical  component  as  oxygen  ion  bombardment  (in  a  molecular  oxygen  background). 

For  oxygen  etching,  the  primary  etch  products  are  CO  or  C02.  It  has  been  shown  that  the 
dominant  hydrocarbon  etch  product  during  hydrogen  ion  etching  of  diamond  compacts  is  CH4 
[9].  Therefore,  more  hydrogen  is  required  to  remove  a  carbon  atom  than  is  needed  for  oxygen 
etching.  This  translates  into  slower  etch  rates  and  therefore  larger  steady  state  damage  layers.  In 
addition,  the  penetration  of  hydrogen  ions  will  be  higher  than  that  of  oxygen  ions.  The  increased 
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(a) 

(b) 

(c) 

(d) 

(e) 


Figure  3;  EELS  and  AES  spectrum  for  ion  treated  2b  diamond,  (a):  2b  diamond  exposed 
to  1  keV  argon  ions,  (b):  2b  diamond  exposed  to  200  eV  argon  ions,  (c):  2b  diamond 
exposed  to  200  eV  argon  ions,  in  a  2xl0‘b  torr  molecular  oxygen  ambient,  (d):  Argon  ion 
damaged  surface  exposed  to  1500  langmuir  of  molecular  oxygen,  (e):  Typical  AES  scan  for 
oxygen  ion  bombarded  surface  or  argon  bombarded  surface  in  a  molecular  oxygen 
ambient. 


.ion  range  of  hydrogen  will  lead  to  a  larger  amorphous  layer  [10].  The  hydrogen  ions  may 
penetrate  too  deeply  into  the  diamond  to  be  effective  in  forming  C-H  products  at  the  surface 

It  is  unknown  how  reactive  molecular  hydrogen  ions  are  with  diamond  surfaces.  If  they 
are  not  reactive,  and  molecular  ions  do  not  dissociate  upon  impact,  molecular  hydrogen  ions  will 
be  inert  with  diamond  surfaces.  We  have  found  that  the  concentration  of  atomic  ions  in  the  oxygen 
ion  beam  (~30%  0+)  is  higher  than  for  the  hydrogen  ion  beam  (<10%  H+).  It  might  be  argued 
that  better  diamond  surfaces  were  achieved  during  oxygen  ion  bombardment  due  to  the  higher 
concentration  of  atomic  ions,  which  may  be  more  reactive.  However,  we  obtained  good  diamond 
surfaces  by  inert  ion  bombardment  in  an  O2  ambient,  where  the  ions  have  no  chemical  effect. 
Background  gases  can  be  important  in  etching  and  it  appears  that  molecular  hydrogen  had  little 
effect  in  etching,  unlike  molecular  oxygen. 


CONCLUSIONS 

For  most  electronic  applications,  an  amorphous  region  containing  non-diamond  carbon  will 
not  be  acceptable.  For  example,  ion  damage  has  been  shown  to  change  the  behavior  of 
metal/diamond  contacts  [11].  If  non-diamond  carbon  cannot  be  tolerated,  it  is  important  to  be 
aware  of  the  potential  for  ion  damage.  If  an  RIE  etch  is  performed  with  an  high  self  bias,  it  may  be 
necessary  to  reduce  the  self  bias  near  the  end  of  the  etch,  as  low  temperature  annealing  and  acid 
etching  may  be  ineffective  in  removing  damage.  Lowering  the  self  bias  will  act  to  reduce  the  non¬ 
diamond  region  present  at  the  surface.  Etching  will  be  less  anisotropic  with  the  reduction  of  the 
self  bias.  However,  only  a  very  thin  layer  of  material  needs  to  be  removed  so  anistropically  etched 
features  will  not  be  appreciably  changed.  Similar  rules  will  apply  to  other  processing  steps 
involving  energetic  ions,  such  as  RIBE  and  sputtering. 
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Figure  4;  EELS  spectrum  for  H2'*'  ion  bombardment  to  2b  diamond,  (a);  oxygenated 
diamond  before  molecular  hydrogen  ion  bombardment,  (b):  IxlO^^  cm"2,  200  eV  dose, 
(c):  2.5x1016  cm'2,  200  eV  dose.  EELS  primary  beam  energy  =  500  eV. 


We  have  observed  residual  oxygen  on  the  diamond  surface  after  oxygen  ion  bombardment, 
with  surface  concentrations  of  approximately  0.5  monolayers.  Background  molecular  oxygen  is 
playing  a  strong  role  in  the  etching  of  diamond,  as  good  diamond  surfaces  were  recovered  by  inert 
ion  bombardment  in  a  molecular  oxygen  ambient.  In  addition,  the  oxygen  surface  concentration 
during  inert  ion  bombardment  in  a  molecular  oxygen  ambient  is  comparable  to  that  seen  for  oxygen 
ion  bombardment.  Hydrogen  ion  bombardment  does  not  leave  as  ideal  a  surface  as  oxygen  ion 
bombardment  of  the  same  energy.  This  is  believed  to  be  due  to  the  increased  number  of  atoms 
necessary  to  create  volatile  etch  products,  and  due  to  the  inactivity  of  background  molecular 
hydrogen  during  ion  bombardment. 
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ABSTRACT 

Monocrystalline  6H  silicon  carbide  samples  (n-type  and  p-type)  with  both  carbon  face  and 
silicon  face  have  been  used  to  investigate  gate  oxide  quality.  The  oxides  were  thermally  grown  in  a 
dry  oxygen  ambient  at  1523  K  with  or  without  the  addition  of  TCA  (Trichloroethane),  or  in  wet 
pyrogenic  steam  at  1473  K.  POCI3  doped  polysilicon  gates  were  used  for  electrical 
characterisation  by  capacitance-voltage  measurements  and  breakdown  field  measurements.  Large 
flatband  voltage  shifts  indicate  fixed  oxide  charges  up  to  cm"^.  The  incorporation  of 
aluminum  in  the  oxides  was  monitored  using  SIMS  (Secondary  Ion  Mass  Spectrometry). 
Surprisingly  high  signals  were  interpreted  as  evidence  of  an  aluminum-oxygen  compound  having 
been  formed  (ie  AI2O3). 


INTRODUCTION 

Silicon  carbide  has  been  suggested  as  the  material  for  high  power  and  high  temperature 
electronic  devices,  such  as  power  MOSFETs  [1].  The  progress  that  has  been  achieved  in  materials 
and  process  technology  has  inspired  further  device  research  related  to  silicon  carbide  [2,  3].  The 
6H  polytype  is  commercially  available  today  in  wafers,  with  either  the  silicon  or  the  carbon  face 
polished,  and  with  either  p-  or  n-type  doping.  Several  kinetic  studies  have  been  made  on  the 
oxidation  of  n-type  (nitrogen  doped)  silicon  carbide,  and  the  oxide  quality  is  satisfactory[4,  5]. 
Further  investigations  are  needed  on  p-type  substrates  (aluminum  doped),  since  difficulties  have 
been  reported  in  obtaining  high  quiility  oxides  [6].  It  is  suspected  that  the  large  amounts  of 
aluminum  detected  in  the  oxides  after  thermal  oxidation  [7]  will  influence  both  the  threshold 
voltage  and  the  gate  oxide  breakdown  of  MOSFETs.  A  previous  study  of  dopant  redistribution 
during  oxidation  has  been  made  on  3C  silicon  carbide  [8].  In  this  study  we  compMe  electrical 
characteristics  of  oxides  and  their  corresponding  aluminum  concentration  versus  depth  profiles. 


EXPERIMENTAL 

The  starting  material  was  monocrystalline  6H  silicon  carbide  samples  with  the  silicon  face  or 
the  carbon  face  polished  (from  Cree  Research  Inc.).  Wafers  were  supplied  with  at  least  3  pm  thick 
epilayers  to  reduce  the  concentration  of  defects  and  accurately  control  the  doping.  The  initial 
concentration  of  aluminum  was  1.310^5  in  the  Si  face  wafer  and  5.5T0'5  cm-3  in  the  C  face 
wafer  (uniform  net  doping  levels,  measured  by  capacitance-voltage  measurements  using  a  Hg 
probe).  The  nitrogen  concentration  was  8.710*5  cni-^  in  the  Si  face  wafer,  and  5.810*5  cjjj-3  jn 
the  C  face  wafer. 

Three  different  methods  were  used  for  the  oxidation: 

1 .  Dry  oxidation  at  1523  K 

2 .  Dry  oxidation  at  1523  K  with  the  addition  of  TCA  (Trichloroethane)  to  yield  2-3%  chlorine 

3 .  Wet  oxidation  in  pyrogenic  steam  at  1473  K 
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TABLE  I.  Oxidation  results 


CREE  specifications; 


Wafer  type: 

n-type 

p-type 

n-type 

p-type 

Polished  face: 

silicon 

silicon 

carbon 

carbon 

Net  doping  (cm'3): 

8.71015 

1.31015 

5.81015 

5.51015 

Oxidation  time  (min); 

50 

50 

10 

10 

Oxide  thickness  (nm): 

Dry  (1523  K) 

44 

40 

51 

48 

Dry +  TCA  (1523  K) 

43 

42 

49 

50 

Wet  (1473  K) 

40 

48 

130 

131 

Wafers  with  the  Si  face  were  oxidized  for  50  minutes  and  the  C  face  for  10  minutes,  in  order  to 
obtain  comparable  oxide  thicknesses.  After  oxidation  a  60  minutes  nitrogen  anneal  was  performed 
at  the  same  temperature  as  the  oxidation,  in  the  same  furnace.  Both  n-type  and  p-type  samples 
were  oxidized  simultaneously,  and  silicon  (100)  samples  were  used  as  control  wafers  to  monitor 
the  oxidation  process.  Oxide  thickness  was  measured  using  ellipsometry,  with  a  wavelength  of 
632.8  nm  and  an  incident  angle  of  70°  (the  index  of  refraction  for  SiC  was  assumed  to  be  2.636). 
All  oxides  were  between  40  and  50  nm  thick,  except  the  wet  oxidized  C  face  samples,  which  were 
130  nm.  This  shows  that  oxide  growth  at  these  temperatures  is  diffusion  limited  on  the  C  face 
only. 

The  gates  were  formed  by  depositing  450  nm  polysilicon  in  a  LPCVD  process,  and  doped 
usinjg  POCI3,  Aluminum  was  e-gun  evaporated  to  a  thickness  of  200  nm.  Wet  etching  and  dry 
etching  with  CF4  were  used  in  a  lithographic  process  to  form  circular  contacts  in  the  aluminum  and 
poly  silicon  thin  films  respectively.  The  diameters  of  the  contacts  were  100  |im,  200  pm,  400  pm 
and  1000  pm.  The  backsides  were  coated  with  aluminum  (p-type)  and  nickel  (n-type).  Prior  to 
electrical  characterisation  an  anneal  at  773  K  was  performed  in  a  vacuum  furnace. 


RESULTS 

Electrical  characterisation 

Capacitance-voltage  measurements  were  made  at  room  temperature  and  in  darkness  using  a 
HP4280A  CV-meter  with  1  MHz  measuring  frequency.  Voltage  sweeps  were  made  at  equilibrium 
from  inversion/depletion  to  accumulation.  No  significant  hysteresis  occurred  when  the  gate 
voltages  were  swept  in  both  directions,  and  both  200  pm  and  400  pm  diameter  capacitances  were 
measured  to  ensure  identical  curve  forms.  To  ensure  that  the  series  resistance  was  of  minor 
importance,  the  oxide  capacitance  of  1(K)  pm  and  1000  pm  diameter  gates  were  measured  and 
found  to  scale  with  gate  area.  CV-curves  for  the  different  oxides  with  400  pm  diameter  polysilicon 
gates  can  be  seen  in  figure  la-d,  with  capacitance  values  normalised  to  that  of  the  oxide. 
Theoretical  curves  were  calculated  using  the  method  by  Brews  [9],  with  oxide  thickness,  gate  area 
and  substrate  doping  as  input  parameters.  The  workfunction,  however,  was  set  to  0  eV.  Separate 
theoretical  curves  were  obtained  for  the  dry  (50  nm)  and  wet  oxides  (130  nm)  on  the  C  face  (fig 
lb). 

The  oxide  thickness  which  was  calculated  from  the  capacitance  in  accumulation  agreed  well 
with  the  oxide  thickness  measured  by  ellipsometry,  except  for  the  p-type  C  face  oxides.  In  this 
case  the  series  resistance  was  too  high  for  accurate  measurements,  see  fig  Id.  This  problem  has 
recently  been  reported  by  Ouisse  et  al  [6]  with  the  remedy  of  measuring  at  low  frequencies. 
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However,  the  p-type  Si  face  oxides  (fig  Ic)  were  surprisingly  good.  The  low  capacitance  part  of 
all  the  curves  are  not  completely  in  inversion  if  compared  to  the  theoretical  curves.  Instead  deep 
depletion  occurs,  which  may  be  attributed  to  the  wide  bandgap  of  silicon  carbide,  with  the 
resulting  low  thermal  generation  of  minority  carriers.  This  has  been  reported  previously  in 
literature  [4,  10,  11]. 

From  the  large  flatband  voltage  shifts  in  the  curves  in  fig  la-c  the  fixed  oxide  charge  is 
estimated  to  be  between  10^2  and  10*2  cni-2  which  is  extremely  high.  From  fig  la  and  lb  it  can  be 
seen  that  the  wet  oxides  display  a  smaller  flatband  voltage  shift  than  the  dry  oxides  on  n-type 
substrates,  but  this  effect  is  less  obvious  on  the  p-type,  fig  Ic.  The  region  with  a  large  slope  (onset 
of  depletion)  is  a  good  indication  of  surface  states  when  different  eurves  with  the  same  oxide 
thickness  are  compared.  In  fig  la  and  lb  (and  weakly  in  Ic)  the  dry  oxidation  with  TCA  added 
displays  less  surface  states  than  a  standard  dry  oxide.  The  wet  oxide  on  n-type  Si  face  (fig  la)  also 
exhibits  some  possible  surface  states. 

The  oxides  were  unfortunately  very  leaky,  especially  the  p-type  oxides,  which  made  CV- 
measurements  difficult  to  perform.  Consequently,  proper  breakdown  field  measurements  of  the 
oxides  could  not  be  undertEJcen,  Even  at  100  Volts  some  oxides  would  not  break,  since  the  leakage 
current  was  around  1  |J.A.  However,  since  CV-measurements  could  be  made  at  high  gate  voltages, 
the  breakdown  was  approximated  to  8-10  MV/cm,  which  is  high  enough  for  MOSFETs  (although 
the  leakage  itself  causes  failure). 


Figure  la.  Capacitance  vs 
gate  voltage  for  n-type  silicon 
face  SiC  MOS  capacitor.  Gate 
area  is  0.00126  cm'2. 


Figure  lb.  Capacitance  vs 
gate  voltage  for  n-type  carbon 
face  SiC  MOS  capacitor.  Gate 
area  is  0.00126  cm'2. 
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Figure  Id.  Capacitance  vs 
gate  voltage  for  p-type  carbon 
face  SiC  MOS  capacitor.  Gate 
area  is  0.00126  cm'^. 


Gate  Voltage  (V) 


Aluminum  incorporation 

Secondary  Ion  Mass  Spectrometry  (SIMS)  measurements  were  carried  out  using  a  Cameca 
ims4f  instrument  with  an  8.0  keV  O2+  ion  beam.  Positive  secondary  ions  of  ^^Al  was  detected, 
and  as  a  monitor  of  the  depth  profiling  silicon  ions  were  used  (^OSi).  The  sputter  craters  were  125 
X  125  \im^  in  size,  and  the  diameter  of  the  analyzed  area  was  8  pm.  Crater  depths  were  measured 
using  an  Alpha  step  200  surface  stylus  profilometer.  Aluminum  implantation  standards  for  both 
Sic  and  SiOi  samples  were  measured  consecutively  to  determine  the  absolute  concentration  of 
aluminum.  Both  the  standards  and  the  samples  were  sputter  coated  with  a  10-15  nm  thick  film  of 
gold  prior  to  analysis,  to  reduce  charging  effects.  The  surface  was  also  flooded  with  electrons 
during  profiling  for  charge  compensation. 

SIMS  depth  profiles  in  figure  2  show  the  concentration  of  aluminum  in  oxides  grown  by  dry 
oxidation.  For  these  measurements,  structures  without  an  aluminum  contact  was  used,  but  in  the 
case  of  the  C  face  there  was  large  amounts  of  aluminum  left.  This  caused  rough  sputtering  and 
broadening  of  the  signals,  as  seen  in  fig  2b.  It  is  not  clear  if  the  aluminum  level  in  the  polysilicon 
is  significant,  or  caused  by  the  surface  aluminum  still  present.  Signal  intensities  were  converted  to 
aluminum  concentration  with  the  following  calibration  factors;  310*4  atoms/cm^  per  c/s  in  SiC 
and  210*4  atoms/cm^  per  c/s  in  Si02.  In  the  bulk  SiC  the  aluminum  levels  were  compared  to  the 
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specifications  from  CREE  for  the  p-type  substrates,  and  they  were  about  4  times  higher,  indicating 
low  activation  of  dopants.  The  signal  for  the  n-type  substrates  is  most  likely  due  to  background 
noise. 

The  aluminum  signal  in  the  oxides  is  very  interesting,  since  it  indicates  that  trace  amounts  of 
aluminum  are  present  even  in  the  n-type  substrates  from  CREE.  Possible  molecular  interference  on 
mass  number  27  is  very  scarce,  and  the  signal  intensity  is  predominantly  attributed  to  aluminum. 
However,  an  aluminum  concentration  of  10'*  cm-3  in  the  oxides  is  unreasonable  if  the  aluminum 
originates  from  the  oxidized  SiC  bulk.  Although  the  ionisation  of  aluminum  is  enhanced  in  the 
presence  of  oxygen,  especially  when  using  oxygen  ions  for  sputtering,  this  is  not  seen  in  the 
reference  implanted  with  aluminum.  One  possible  explanation  may  be  that  aluminum  occurs  in  the 
form  of  AI2O3  and  not  as  an  isolated  atomic  impurity  in  the  Si02  matrix.  The  intensity  of  the  ^^Si 
is  probably  enhanched  by  (2*Si'®02)^‘''  ions,  which  facilitates  the  detection  of  the  oxide  layer. 


Figure  2a.  SIMS  depth 
profiles  of  aluminum  in  silicon 
face  SiC  samples.  The  samples 
were  oxidized  in  dry  oxygen  at 
1523  K  for  50  minutes,  and 
have  a  450  nm  top  layer  of 
polysilicon. 


Figure  2b.  SIMS  depth 
profiles  of  aluminum  in  carbon 
face  SiC  samples.  The  samples 
were  oxidized  in  dry  oxygen  at 
1523  K  for  10  minutes,  and 
have  a  450  nm  top  layer  of 
polysilicon. 


CONCLUSION 


Four  different  silieon  carbide  samples  have  been  thermally  oxidized.  The  oxides  have  been 
characterized  using  capacitance-voltage  measurements  and  SIMS  (Secondary  Ion  Mass 
Spectrometry).  It  was  found  that  wet  oxidation  on  n-type  results  in  less  fixed  oxide  charge,  but 
possibly  with  a  higher  density  of  surface  states.  Oxides  on  p-type  were  difficult  to  characterize, 
especially  on  the  C  face  wafers.  Large  amounts  of  aluminum  was  found  in  the  oxides,  even  n-type 
samples,  possibly  in  the  form  of  AI2O3. 
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ABSTRACT 

Schottky  diodes  on  Silicon  Carbide  (SiC)  are  of  interest  for  many  applications  because  of 
the  relatively  simple  fabrication  process.  In  this  work  we  have  fabricated  Schottky  diodes  by 
evaporation  of  Ti  on  6H-SiC  and  measured  their  electrical  and  optical  properties.  Most  of  the 
diodes  show  good  rectifying  behaviour  with  low  reverse  current  and  an  ideality  factor  below 
1.20.  The  photoresponse  of  the  diodes  has  been  measured  in  the  range  200  -  400  nm.  The  peak 
sensitivity  was  found  to  be  at  270  nm. 


INTRODUCTION 

Silicon  Carbide  is  normally  considered  as  a  promising  material  for  high  power  and  high 
frequency  applications  because  of  its  wide  bandgap  (Eg=2.9  eV  for  6H-SiC),  high  saturation 
velocity  for  electrons  and  high  thermal  conductivity.  A  review  of  the  properties  of  the  material 
can  be  found  in  [1]. 

The  wide  bandgap  also  makes  the  material  interesting  for  measuring  UV-radiation. 
Photodiodes  made  on  6H-SiC  are  only  sensitive  to  radiation  at  wavelengths  below  400  nm,  the 
wavelength  where  the  photon  energy  corresponds  to  the  bandgap  energy.  Their  advantage  as 
compared  to  Silicon  photodiodes  is  that  they  can  be  used  to  measure  the  UV-radiation  in  visible 
light  without  extra  filtering. 

Photodiodes  with  pn-junctions  have  already  been  fabricated  by  ion  implantation  [2],[3]. 
High  quality  photodiodes  fabricated  by  mesa  etching  of  epitaxial  layers  were  presented  in  [4]. 

The  absorption  coefficient  for  light  in  SiC  is  strongly  wavelength  dependent  varying 
from  about  10^  to  10®  cm'l  from  400  nm  down  to  200  nm.  In  order  to  make  efficient  diodes  for 
short  wavelengths  the  window  of  the  diode  must  be  very  thin.  The  other  important  property  is 
that  the  leakage  current  must  be  low. 

Many  metals  form  diodes  with  high  Schottky  barriers  when  deposited  on  silicon  carbide. 
A  number  of  reports  on  diodes  made  from  Pt  and  Ti  [5],  Co  [6]  and  other  metals  exist  in  the 
literature.  The  advantage  of  using  a  Schottky  diode  as  a  photodiode  is  the  simple  fabrication 
process  and  that  no  inactive  window  exists  at  the  surface,  since  the  light  enters  through  finger 
shaped  openings  in  the  metal.  The  disadvantage  is  of  course  that  one  part  of  the  diode  area  is 
shielded  from  light  by  the  metal. 

In  this  project  we  fabricated  finger  shaped  Schottky  diodes  by  evaporating  Ti  on  a  6H- 
SiC  wafer.  The  metal  Ti  was  chosen  because  of  its  good  adhesion  to  SiC  and  that  the  expected 
barrier  height  is  sufficient  to  give  low  leakage  currents. 


PROCESSING 

The  starting  material  was  a  n-type  6H-SiC  wafer  with  a  n-type  epitaxial  layer  on  top  of  it. 
The  doping  in  the  bulk  was  specified  to  be  Nd=2*101®  cm"^.  The  epitaxial  layer  had  a  thickness 
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of  10  nm  and  a  specified  doping  concentration  of  Nd=2.5*101^  cm"^.  The  wafers  were 
fabricated  by  Cree  Research  Inc. 

Prior  to  processing  the  wafers  were  degreased  by  subsequent  dipping  in  trichlorethylene, 
acetone  and  2-propanol  and  finally  dipped  in  HF.  A  pattern  with  a  number  of  finger  shaped 
openings  was  formed  on  the  wafer.  The  finger  widths  were  in  the  range  1-2  pm.  Four  different 
diode  areas  were  used:  100  x  100  pm,  75  x  75  pm,  50  x  50  pm  and  25  x  25  pm.  A  SEM- 
micrograph  of  a  part  of  the  pattern  is  shown  in  Fig  1.  The  left  part  of  the  metal  area  is  used  for 
probing.  The  total  size  of  the  metal  area  for  one  diode  is  120  x  220  pm.  Each  diode  is 
surrounded  by  an  opening  with  a  width  of  10  pm.  Fig  2  shows  the  fingers  of  a  single  diode  with 
a  finger  width  of  1,2  pm.  A  cross  section  of  one  part  of  a  diode  is  shown  in  Fig  3. 

Titanium  was  evaporated  on  the  wafers  using  an  electron^gun  evaporator  with  a  residual 
pressure  of  1*10"^  Torr.  The  resulting  layer  thickness  was  2000  A.  A  standard  lift-off  procedure 
was  used  to  remove  excess  metal.  A  back  contact  was  made  by  evaporation  of  5000  A  of  A1  on 
the  back  side  of  the  wafer.  After  metallisation  the  samples  were  annealed  in  a  furnace  at  550  °C 
for  30  minutes.  No  additional  surface  passivation  was  done. 


Fig  1.  SEM  micrograph  of  part  of  the  mask  Fig  2.  SEM  micrograph  showing  the  finger  area 

showing  a  number  of  diodes.  One  diode  of  one  diode. 

consists  of  a  rectangular  metal  area  with  the 

square  finger  area  inside  it  and  the  surrounding 

opening  isolating  it  from  other  diodes. 

ELECTRICAL  CHARACTERISATION 

After  processing  the  diodes  were  placed  on  a  probe  station  and  characterised  electrically 
by  IV  and  CV  measurements.  A  probe  tip  was  placed  on  the  metal  area  on  the  left  side  of  the 
opening  in  the  diode.  The  back  side  of  the  wafer  was  used  as  the  second  electrode. 

CV-measurements  were  performed  using  a  HP4279A  CV-meter  at  a  frequency  of  1  MHz 
and  varying  the  bias  voltage  from  0  to  -10  V.  Fig  4  contains  the  results  from  the  CV- 
measurements.  The  doping  concentration  in  the  epitaxial  layer  was  found  to  be  Nd=2.6*101® 
cm'^  and  the  Schottky  barrier  height  was  (t)B=  0.88  eV. 

IV-characteristics  were  measured  in  a  computerised  measurement  system  using 
HP3245A  Universal  Source  and  HP3458A  Multimeter. 
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Most  of  the  diodes  show  good  rectifying  behaviour  with  an  ideality  factor  generally 
below  1.20  and  with  a  reverse  leakage  current  at  -10  V  bias  varying  from  50  pA  for  the  best 
diodes  up  to  2  nA  for  an  average  diode.  Reverse  current  as  a  function  of  reverse  voltage  for  a 
typical  diode  is  presented  in  Fig  5. 

The  ideality  factor  for  the  same  diode  was  extracted  from  the  data  in  Fig  6.  The  ideality 
factor  was  n=1.15  and  the  Schottky  barrier  height  was  $b=0.83  eV.  The  somewhat  lower  value 
of  the  barrier  height  obtained  from  IV-measurements  than  from  CV-measurements  can  easily  be 
explained  by  defects  lowering  the  barrier  at  local  spots. 


Fig  3.  Cross  section  of  one  finger.  The  dotted  Fig  4.  l/C^  versus  reverse  voltage  for  a  diode, 
line  shows  the  shape  of  the  depletion  region  The  intercept  with  the  voltage  axis  shows  the 
in  the  opening.  built  in  voltage  of  the  diode  (Vri  =  0,7  V). 


Fig  5.  Reverse  current  as  a  function  of  reverse  Fig  6.  Forward  current  as  a  function  of  forward 
voltage  for  a  typical  diode.  voltage  for  the  same  diode 


OPTICAL  CHARACTERISATION 

Optical  measurements  were  made  using  an  ORIEL  1/8  m  single  monochromator 
equipped  with  an  UV-enhanced  150  W  Xenon  arc  lamp.  Relative  responsitivity  was  measured 
from  400  to  200  nm  in  steps  of  10  nm  with  a  spectral  bandwidth  of  10  nm.  The  total  beam  area 
during  this  measurement  was  10x3  mm  and  the  intensity  of  the  light  varied  from  1200  pW  at 
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400  nm  down  to  4  [xW  at  200  nm.  The  response  of  a  diode  with  an  area  of  100  x  100  pm  and  a 
finger  width  of  1.5  pm,  measured  at  OV  bias,  is  presented  in  Fig  7.  The  peak  responsitivity  is 
encountered  at  270  nm.  A  number  of  measurements  were  made  for  diodes  with  different  finger 
widths.  No  significant  difference  in  the  photoresponse  caused  by  different  finger  widths  could 
be  observed. 

In  order  to  see  the  scaling  effects  the  responsitivity  of  a  series  of  diodes  with  four 
different  areas  was  measured.  The  results  from  this  measurement  are  presented  in  table  1.  Since 
the  beam  was  not  confined  to  the  fingers  of  the  diodes  some  response  from  the  periphery  of  the 
diode  has  to  be  expected.  In  order  to  match  the  photoresponse  to  the  diode  area  the  response 
from  1.7  pm  of  the  area  surrounding  the  diode  (Fig  1)  had  to  be  included. 


Diode  size 

Area  factor 

Response 

frictor 

Area  factor  including 
1.7  pm  of  pheriphery 

lOOxlOOpm 

16 

4.2 

4.2 

75x75 pm 

9 

2.7 

2.7 

50x50pm 

4 

1.6 

1.8 

25x25pm 

1 

1 

1 

Table  1.  Photoresponse  for  diodes  with  various  sizes. 


Fig  7 .  Relative  response  of  a  diode  with  1.5  pm  finger  width  at  OV  bias. 

The  dependence  of  photocurrent  on  reverse  bias  was  also  investigated.  The 
photoresponse  as  a  function  of  reverse  bias  at  a  wavelength  of  300  nm  is  presented  in  Fig  8. 


SIMULATIONS  AND  DISCUSSION 

In  order  to  investigate  the  theoretical  sensitivity  a  segment  of  one  diode  was  simulated 
using  the  program  MEDICI.  The  simulated  diode  had  a  finger  width  of  1,5  pm.  The  direction  of 
the  radiation  is  perpendicular  to  the  surface  of  the  semiconductor  and  the  metal  is  considered 
opaque  to  the  radiation.  All  generation  of  photocarriers  then  takes  place  in  the  semiconductor 
below  the  opening  in  the  metal.  The  intensity  of  the  radiation  in  this  simulation  was  5*10i5 
photons/cm^/s  corresponding  to  3.3  mW/cra^  at  300  nm.  Fast  surface  recombination  was 
assumed. 
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The  results  for  different  carrier  lifetimes  and  different  reverse  biases  are  presented  in  Fig 
9.  As  can  be  seen  from  the  figure  the  carrier  lifetime  is  of  great  importance  for  making  an 
efficient  photodiode.  Simulations  for  other  wavelengths  give  similar  results  but  with  the 
difference  that  the  dependence  on  carrier  lifetime  decreases  as  the  absorption  constant  increases 
giving  shallower  absorption  depths.  For  carrier  lifetimes  of  at  least  100  ns  almost  all  radiation 
entering  the  finger  opening  contributes  to  the  photocurrent. 


Fig  8.  Photoresponse  as  a  function  of  reverse  Fig  9.  Simulated  photoresponse  at  300  nm  of  a 
bias  at  300  nm  normalised  to  the  response  diode  with  1,5  pm  fingers  for  three  different 
at-10  V.  carrier  life  times.  Upper:  100ns,  middle:  10ns, 

lower:  1  ns 

In  order  to  see  the  effects  of  the  open  area  around  the  diode  another  simulation  was  done 
for  an  opening  with  a  width  of  10  pm.  The  data  from  that  simulation  are  presented  in  Fig  10. 

The  measured  dependence  of  photoresponse  on  reverse  bias  (Fig  8)  is  compared  to 
simulations  for  different  carrier  lifetimes  (Fig  10).  The  closest  matching  is  found  for  a  lifetime 
of  10  ns.  However  the  low  dependence  of  photoresponse  on  finger  width  indicates  a  somewhat 
higher  lifetime. 

In  order  to  get  efficient  collection  of  photocarriers  the  depletion  width  and  the  diffusion 
length  should  be  large.  A  realistic  low  doping  concentration  available  today  is  Nd=1*101^  cm "3. 

If  we  assume  a  carrier  lifetime  of  100  ns  in  the  material  and  a  fixed  width  of  the  metal 
fingers  an  optimal  finger  spacing  could  be  calculated  by  multiplying  the  detection  efficiency  for 
the  light  entering  the  openings  with  the  fraction  of  the  total  area  occupied  by  the  openings.  The 
results  from  that  simulation  are  presented  in  Fig  11.  The  width  of  the  metal  fingers  was  set  to  1 
pm.  A  reverse  bias  of  3  V  was  assumed. 

The  results  of  Fig  11  indicate  that  the  optimum  finger  spacing  in  this  case  is  around  5 
pm.  The  theoretical  quantum  efficiency  can  then  be  as  high  as  80  %  excluding  effects  of 
reflection  at  the  semiconductor  surface.  The  exact  size  is  not  critical  since  the  maximum  is  fairly 
broad. 
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Fig  10.  Simulated  photoresponse  at  300nm 
for  carrier  lifetimes  of  100ns  (upper  curve) 
and  10  ns  (lower  curve)  normalised  to  the 
response  at  -10  V  The  absolute  response  at 
10ns  is  about  3  times  lower. 


Fig  11.  Calculated  photoresponse  as  a  function 
of  finger  spacing  for  a  metal  finger  width  of  1 
pm  at  ND=l*10l'^cm'2  and  t=100  ns.  Units 
are  percent  of  radiation  falling  on  the  diode 
area. 


CONCLUSIONS 

Schottky  diodes  on  6H-SiC  can  be  used  as  efficient  photodetectors.  The  sensitivity  can  be 
optimised  by  using  material  with  low  doping  concentration  and  by  tailoring  the  finger  widths  to 
minimise  the  area  covered  by  metal  without  significantly  reducing  the  collection  efficiency  for 
photocarriers.  Simulations  indicate  that  diodes  with  a  doping  concentration  of  Nd=1*101^  cm'^- 
a  carrier  lifetime  of  at  least  100  ns,  a  finger  width  of  1  pm  and  a  finger  spacing  of  5  pm  can  have 
a  quantum  efficiency  of  80  %  at  a  wavelength  of  300  nm  excluding  effects  of  reflection.  This 
could  be  further  improved  by  reducing  the  doping  concentration  or  increasing  the  lifetime. 
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Abstract 

Gallium  nitride  has  generated  much  interest  due  to  its  ability  to  emit  light  in  the  blue 
to  UV  range  [1],  We  have  investigated  the  ohmic  contact  properties  of  various  metals 
evaporated  onto  highly  auto-doped  n-type  GaN  thin  films  which  were  grown  on  basal  sap¬ 
phire  substrates  by  ion-assisted  molecular  beam  epitaxy  (lAMBE).  Electrical  measure¬ 
ments  of  transmission  line  structures  with  the  metals  In,  InSn  and  AuGeNi  revealed  a  wide 
range  of  contact  resistivity  (10"^  to  10'^  Q-cm^)  which  changed  with  annealing. 

Introduction 

Metallization  on  GaN  is  an  important  topic  because  efficient  and  reliable  electrolumi¬ 
nescent  devices  require  ohmic  contact  resistivity  of  lO”^  f2-cm^  or  better.  In  addition,  the 
thermal  stability  of  these  metal  contacts  is  an  important  factor  in  device  fabrication. 
Therefore,  the  identification  and  optimization  of  the  processing  conditions  for  suitable 
ohmic  contacts  is  crucial.  In  this  study,  we  investigated  the  metals  In,  InSn  and  AuGeNi. 

Experiment 

The  auto-doped  n-type  GaN  films  used  in  this  investigation  were  prepared  by  the  ion- 
assisted  MBE  method  detailed  in  an  earlier  paper  by  this  group  [2].  The  resistivity  p  for 
these  films  is  2x10'^  G-cm,  which  gives  a  doping  concentration  between  10^®-10‘^  cm'^. 
Different  metals  were  evaporated  onto  the  GaN  films  using  a  Veeco  evaporator  system. 
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The  nominal  thickness  for  the  metals  In  and  InSn  was  3000  A,  whereas  for  the  AuGeNi 
system,  the  thicknesses  for  the  layers  Au/Ni/AuGe  were  1000  A/400  A/1000  A,  respec¬ 
tively.  Electrical  measurements  using  the  transmission  line  model  (TLM)  were  carried  out 
on  the  n-GaN  films  to  measure  contact  resistance  [3].  The  samples  were  rapid  thermal 
annealed  (RTA)  in  a  foiming  gas  overpressure  for  15  seconds. 

The  transmission  line  structures  used  GaN  mesa  formed  by  ion-milling.  An  Ar  ion 
beam  accelerated  to  -800  V  with  a  beam  current  of  1  mA  cm"^  was  used.  The  etch  rate  was 
1000  A  /  min.  After  the  mesa  was  formed,  contact  metals  were  evaporated  and  patterned 
on  the  GaN  using  the  lift-off  technique.  The  TLM  model  is  a  one-dimensional  treatment  of 
the  current  flow  between  two  adjacent  ohmic  contacts.  Contact  widths  (W)  of  400  pm  and 
length  (Lj.)  of  40  pm  are  separated  by  distances  Lj.  A  current  of  known  quantity  (Is)  is 
sourced  between  two  contacts.  The  resulting  potential  is  measured,  and  the  total  resistance 
R  calculated.  Figure  1  is  the  current-voltage  (I-V)  plot  of  the  InSn/GaN  sample,  which 
shows  ohmic  behavior.  Figure  2  shows  the  resistance  versus  contact  spacing  plot  for  the 
same  sample  at  different  annealing  temperamres.  This  resistance  consists  of  the  contact 
resistance  component  as  well  as  the  GaN  bulk  resistance  Rg,  and  is  expressed  as: 


R  =  2R<.  +  (RsAV)Li 


(EQl) 


where  Rj  denotes  contact  resistance.  These  values  can  be  exPapolated  directly  from  the  R 
versus  L;  plot.  From  the  plot,  R^  and  the  transmission  length  L(  could  be  deduced. 


FIGURE  1.  Current- Voltage  Characteristic  of  the  InSn/GaN  sample,  which  indicates  ohmic 
behavior. 
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FIGURE  2.  TLM  Resistance  vs.  contact  spacing  for  InSn/GaN.  Lowest  contact  resistivity  is 
observed  after  rapid  thermai  annealing  at  350  °C. 

The  calculated  contact  resistivity  Pc  (where  pc  =  Lj  W)  is  plotted  as  a  function  of 
annealing  temperatures  for  the  metals  In,  InSn  and  AuGeNi  in  Figure  3. 
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FIGURE  3.  Contact  resistivity  vs.  annealing  temperature  for  the  metals  In,  InSn  and  AuGeNi. 
InSn  is  shown  to  give  the  lowest  contact  resistivity. 


Results  and  Discussion 


From  the  electrical  data,  InSn  was  the  only  metal  to  show  dramatic  improvement  in 
contact  resistivity  with  annealing.  After  annealing  at  350  °C,  dropped  by  three  orders  of 
magnitude  from  2x10"^  Q-cm^  to  3x1  O'®  ii-cm^.  However,  in  a  subsequent  annealing  at 
400  °C,  the  resistance  increased  again.  The  metallization  was  found  to  form  separated 
islands  after  annealing  above  350  °C,  indicating  that  the  determination  of  Pg  for  this  tem¬ 
perature  is  inaccurate  because  the  metal  does  not  form  a  continuous  conducting  layer. 

Similar  to  InSn,  the  In  contact  formed  islands  upon  annealing  at  300  “C.The  metal  In 
is  not  a  satisfactory  ohmic  contact  for  devices.  The  lower  p^  when  Sn  was  present  and  the 
constant  p(.  when  only  In  is  present  suggests  that  Sn  doping  at  the  metal-semiconductor 
(M/S)  interface  is  the  dominant  factor  in  reducing  p,.,  rather  than  bandgap  narrowing  near 
the  interface.  Assuming  that  current  transport  is  governed  by  the  field  emission,  the  tun¬ 
neling  model  predicts  that  contact  resistivity  pc  is  proportional  to  exp((])j/Nj^^^),  where  (j)), 
denotes  the  barrier  height,  and  Nj  is  the  doping  level  at  the  M/S  interface.  The  combina¬ 
tion  of  a  decrease  in  and  an  increase  of  Nj  will  lower  the  contact  resistivity. 

The  AuGeNi  contact  showed  slight  electrical  degradation  with  annealing.  Rutherford 
Backscattering  Spectrometry  (RBS)  revealed  a  rough  AuGe/Ni  interface  with  the  as- 
deposited  sample  (See  Figure  4).  This  interface  smoothed  out  considerably  upon  anneal¬ 
ing  at  300  °C  and  350  °C,  but  roughened  again  at  400  °C.  (See  Figure  5).  However,  the 
contact  was  found  to  remain  planar  and  continuous  after  the  annealing  treatment,  in  con¬ 
trast  to  InSn.  Also,  the  Ni  layer  did  not  migrate  to  the  GaN  surface. 


Channel  Number 


FIGURE  4.  Rutherford  Backscattering  Spectrometry  of  the  AuGeNi/GaN  system.  The  AuNi  signal 
revealed  a  smoothing  of  the  AuGe/Ni  interface  with  annealing  between  300  -  350  °C,  and  a 
subsequent  roughening  at  400  °C. 
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FIGURE  5.  Schematic  of  the  AuGe/Ni  layer  reaction  with  annealing  (From  RBS  spectrum  in 
Figure  4). 


Conclusion 

Electrical  measurements  of  the  ohmic  contact  resistivity  of  metal-GaN  films  indicated 
that  the  InSn  contact  performed  better  than  the  In  contact  probably  due  to  Sn  doping  of 
GaN  film  at  the  metal-semiconductor  interface.  On  the  other  hand,  the  AuGeNi  system  did 
not  observe  improvement  with  annealing.  The  InSn  and  AuGeNi  contacts  both  gave  ade¬ 
quate  contact  resistivity  even  with  low  temperature  annealing  (<  350  °C).  However,  higher 
processing  temperature  will  lead  to  thermal  instability. 
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ABSTRACT 


Materials  and  electrical  evaluation  were  performed  to  determine  the  characteristics  of 
ohmic  contacts  to  6H-SiC.  Both  elemental  metal  (Co)  and  silicides  (CoSi  and  CoSi2)  were 
studied  following  heat  treatments  at  500  "C  and  900  °C  for  5  hours  and  2  hours,  respectively. 
Materials  analysis  by  Rutherford  Backscattering  Spectrometry  (RBS)  and  X-ray  Diffraction 
(XRD)  monitored  the  temperature  stability  of  the  contacts  after  the  annealings.  Current  density- 
voltage  measurements  at  elevated  temperatures  established  the  specific  contact  resistance  p,-. 


INTRODUCTION 


Realisation  of  high  temperature  and  high  power  applications  for  silicon  carbide  demand 
stable  electrical  contacts.  The  contacts  should  preferably  withstand  500  °C  for  extended  periods 
of  time  and  still  maintain  stable  electrical  characteristics.  Refractory  metals  and  their  silicides 
have  been  suggested  as  contact  materials  because  of  their  unique  thermal  stability  [1].  A  low 
specific  contact  resistance  Pc  is  crucial  for  most  device  structures  in  silicon  carbide.  Cobalt 
disilicide  (CoSia),  with  its  low  resistivity  (15  (i£2cm)  should  have  a  potential  to  fulfill  most  of 
the  criteria  required  for  such  a  contact. 

In  this  study  ohmic  contacts  of  cobalt  and  cobalt  silicides  were  investigated.  The 
contacts  were  formed  on  n-type  heavily  doped  Si-face  SiC  epitaxial  layers  on  p-type  bulk  6H 
SiC  wafers.  A  systematic  investigation  of  the  symmetric  behaviour  of  the  current  density- 
voltage  (JV)  characteristics  was  performed  at  elevated  temperatures.  The  temperature  stability 
of  the  contacts  was  examined  by  consecutive  heat  treatments. 

The  addition  of  a  thin  Ti  layer  interposed  between  the  Co  and  the  SiC  was  investigated. 
Both  the  solid  state  reactions  occurring  at  elevated  temperatures  and  the  JV-characteristics  were 
studied. 


EXPERIMENTAL 


All  samples  were  fabricated  on  single  crystal  6H-SiC  wafers  purchased  from  Cree 
Research  ,  Inc.  The  electrical  carrier  concentration  of  the  p-type  (Al)  bulk  substrate  was  I-IO’® 
cm-3  and  the  2  pm  thick  n-type  (N)  silicon  face  epilayer  had  a  donor  concentration  of  7-10'* 
cm'3.  The  pre-deposition  cleaning  procedure  consisted  of  degreasing  in  trichloromethyl 
ethylene,  acetone  and  propanol,  followed  by  an  etching  in  a  H2S04:H202  (3:1)  solution  and  a  30 
second  dip  in  a  dilute  HE  solution.  Subsequent  rinsing  in  de  ionised  water  was  done  after  both 
the  degreasing  and  the  two  acids.  The  different  contact  structures  were  deposited  by  e-gun 
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Figure  1.  Four  point  probe  arrangement  used  to  determine  the  specific  contact  resistance  pc  and 
the  system  equivalent  circuit. 


evaporation:  Co  (50  nm)  /  SiC  substrate.  Si  (165  nm)  /  Co  (50  nm)  /  SiC  substrate.  Additionally, 
two  samples  had  a  5  nm  thick  Ti  layer  interposed  between  the  SiC  substrate  and  the  previously 
described  structures.  Ti  reacts  on  P-SiC  at  350“C  with  carbon  to  form  TiC  [2],  resulting  in  an 
improved  adhesion.  The  base  pressure  during  all  evaporations  was  8-10  ®  Pa.  Patterning  of  the 
contact  structures  were  done  by  a  standard  lift-off  technique.  Annealing  of  the  contacts  were 
performed  in  a  vacuum  furnace  with  a  base  pressure  of  2- 10'^  Pa,  at  500  ’C  and  900  °C,  for  5 
hours  and  2  hours,  respectively. 

Specific  contact  resistance  Pc  was  measured  using  a  four  point  probe  method  described 
by  Kuphal  [3]  and  most  recently  by  Shor  et  al.  [4],  As  shown  in  figure  1,  the  total  resistance 
between  two  ohmic  contacts  consists  of:  the  contact  resistance  Rc;  the  spreading  resistance  Rsprei 
and  the  sheet  resistance  Rjh  of  the  material  under  the  contact.  A  current  l^d  is  applied  between 
contact  a  and  d,  and  the  voltages  Wab  and  Vbc  are  measured.  For  contact  a  one  finds 


Pc  =  A  /  lad  [  Vab  -  Rspre '  Vbc  {ln((  3s  /  d)  -  1  /  2)  /  (2  In  2  ))]  (1) 


where  d  is  the  contact  diameter  and  s  is  the  spacing  between  the  contacts.  In  our  experiments  the 
ratio  between  d^  and  the  thickness  of  the  conducting  layer  w  was  small  allowing  us  to  neglect 
Rspre  while  minimising  the  error  [3].  JV-characteristics  of  the  ohmic  behaviour  were  obtained 
for  current  levels  ranging  from  1  rtiA  to  100  mA  between  two  100  pm  in  diameter  contacts  400 
pm  apart.  The  forward  resistance  Rp  corresponds  to  the  inverse  slope  of  the  JV-curve. 


RESULTS 


Materials  characterisation. 


No  homogenous  reaction  between  the  SiC  substrate  and  the  contact  structures  occurred 
during  the  annealing  at  500°C  for  two  hours  as  can  be  seen  in  the  RBS-spectra  for  the  Co/Ti- 
structure  in  figure  2.  The  Co  signal  remains  at  its  surface  position  and  the  trailing  edge  of  the 
signal  does  not  extend  significantly  into  the  sample.  Additionally,  the  Ti-  and  the  Si-signals 
have  not  reached  their  surface  positions,  indicating  no  reaction.  However,  analysis  by  XRD  of 
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have  not  reached  their  surface  positions,  indicating  no  reaction.  However,  analysis  by  XRD  of 
both  the  Co-  and  the  Co/Ti-structure  revealed  peaks  corresponding  to  Co2Si  (d  =  2.75  A) 
suggesting  an  intermixing  of  the  Co  and  the  Ti  films.  XRD-analysis  of  the  Co/Ti-structure  also 
reveals  the  formation  of  TiC  (d  =  2.16  A).  As  the  movement  of  Ti  was  not  observed  in  the  RBS- 
spectrum  the  TiC  formation  must  be  at  the  SiC/Ti  interface. 


Figure  2.  RBS-spectra  of  the  Co/Ti-structure 
after  annealings  at  500°C  and  900°C.  The 
arrows  indicate  the  surface  position  of  the 
elements. 


Figure  3.  RBS-spectra  of  the  Si/Co¬ 
structure  after  annealings  at  500°C  and 
WC. 


On  the  other  hand,  when  a  Si  layer  was  incorporated,  at  500°C,  the  formation  of  Co2Si 
and  CoSi  was  observed  with  and  without  the  additional  Ti  layer.  All  the  Co  had  reacted  but  a 
film  of  Si,  1 15  nm  in  thickness,  remained  unreacted  at  the  surface  as  can  be  seen  in  figure  3.  In 
good  agreement  with  the  Co/Ti-structure  the  Ti  signal  in  the  RBS  spectrum  of  the  Si/Co/Ti- 
structure  was  positioned  at  the  SiC  interface. 

After  annealing  at  900”C  for  2  hours  Co  silicides  were  formed  in  all  contact  structures 
indicative  of  reaction  with  the  SiC  substrate.  In  the  Co/Ti-structure,  C  and  Ti  migrated  to  the 
surface  as  shown  in  figure  2,  yielding  a  4:1  C:Ti  ratio  at  the  surface.  Analysis  by  RBS  and  XRD 
revealed  the  silicides  in  the  Ti  containing  structures  to  be  more  Co  rich,  indicating  the  TiC 
formed  at  500°C  to  slow  down  the  silicidation  growth  at  the  SiC  interface. 

In  figure  3  it  can  be  seen  that  CoSi2  was  formed  homogeneously  through  the  film  in  the 
Si/Co-structure.  All  the  Co  in  the  structure  have  reacted  to  form  CoSi2  ,  thereby  making  the 
structure  extremely  temperature  stable  since  CoSi2  melts  at  1599  K[5].  The  Si/Co/Ti-structure 
displayed  a  2:3  Co:Si  stoichiometry.  In  contrast  to  the  Co/Ti-structure  no  carbon  signal  could  be 
seen  at  the  surface. 


Electrical  characterisation. 


The  Co/Ti-structure  displays  a  nearly  linear  and  symmetric  respons  at  room  temperature 
for  all  current  densities,  shown  in  figure  4.  When  the  temperature  is  elevated  the  ohmic 
characteristics  is  improved,  yielding  a  lower  forward  resistance  Rp.  Rp  is  lowered  from  190 
at  300  K  to  140  Cl  at  350  K.  Further  increase  of  the  temperature  to  450  K  lowers  Rp  to  HOD. 
The  lowered  Rp  at  increased  temperature  can  be  attributed  to  a  more  complete  ionisation  of  the 
n-type  dopants  in  the  epi-layer. 

JV-characteristics  for  the  Co  structure  reveals  a  quite  different  behaviour.  For  currents 
between  10  mA  to  100  mA  Rp  was  170  D  at  300  K  and  decreased  to  150  D  at  450  K.  However, 
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for  currents  lower  than  1  mA,  Rp  was  roughly  2.5  kQ  at  300  K  and  decreased  to  1 .5  kfi  at  450 
K.  The  high  Rp  values  for  low  currents  suggest  the  presence  of  a  thin  insulating  layer  at  the 
interface,  which  supports  the  observations  by  RBS  that  only  a  limited  reaction  with  the  SiC 
substrate  occurred  during  the  500'C  anneal. 

Both  the  Si/Co/Ti  and  the  Si/Co  structures  displayed  a  slightly  non-linear  JV- 
characteristic  with  a  slight  benefit  for  the  Si/Co-structure,  shown  in  figure  4.  For  low  currents 
(less  than  1  mA),  the  Si/Co/Ti-contact  structure  revealed  a  high  Rp  value,  840  Q  at  300  K.  It  was 
lowered  to  470  Q  at  450  K. 


Figure  4.  JV-characteristics  of  both  the  Co/Ti-  Figure  5.  Specific  contact  resistance  as  a 
and  the  Si/Co-structure  after  the  different  function  of  current  for  both  the  Co/Ti-  and 

annealings.  SL/Co-structures.  The  Co/Ti-structure  was 

annealed  at  900°C  and  operated  at  various 
temperatures,  and  the  Si/Co-structure  was 
operated  at  300  K  after  different  annealings. 


Corresponding  data  for  the  Si/Co  contacts  were  690  12  and  220  f2,  respectively.  These  high 
values  of  Rp  at  low  currents  for  these  two  contacts  indicate  a  high  resistivity  material  in  the 
contact,  which  is  consistant  with  the  findings  of  a  non-reacted  Si  layer  in  the  RBS-spectra  of 
these  samples. 

Results  from  the  measurements  of  the  contact  structures  are  displayed  in  table  1 .  Only 
a  slight  dependence  of  current  density  on  the  Pc  can  be  seen  for  the  Co/Ti-structure,  as  could  be 
expected  from  the  linear  JV-behaviour.  Pc  is  lower  than  d-lO'^Qcm^  for  temperatures  ranging 
from  300  K  to  450  K.  In  contrast  to  the  Co/Ti  contact  the  Co  contact  displays  a  strong  Pc 
dependence  on  the  current  density  which  is  in  good  agreement  with  the  observations  done  by  the 
JV-method. 

Both  the  Si/Co/Ti  and  the  Si/Co  contacts  display  a  strong  dependence  on  the  current 
density.  However,  at  100  mA  the  specific  contact  resistance  is  not  higher  than  3-10‘3f2cm2, 
shown  in  figure  5.  Operating  at  450  K  lowers  the  pc  of  the  contacts  to  2-10-3  Ocm^. 

Followed  by  annealing  at  900°C  linear  JV-characteristics  were  obtained  for  both  the 
Co/Ti  and  the  Co  contacts.  Currents  smaller  than  1  mA  yielded  Rp  values  of  138  Q  and  165  12 
for  the  Co  and  the  Co/Ti  contacts,  respectively.  At  450  K  the  corresponding  values  had  further 
decreased  to  1 10  £2  and  135  £2  ,  respectively.  The  Rp  value  at  currents  larger  than  10  mA  for  the 
Co  and  the  Co/Ti  contact  were  123  £2  and  161  £2,  respectively  at  300  K,  indicating  only  a  weak 
dependence  on  the  current  density. 

The  two  contact  structures  with  a  Si  layer  incorporated  revealed  the  best  ohmic 
characteristics.  They  displayed  the  lowest  Rp  values,  1 1 1  £2  and  100  £2,  for  currents  smaller  than 
1  mA,  and  the  resistance-decrease  at  higher  currents  was  less  than  1  £2!  Extending  the  operating 


232 


Current  Density  (A/cm^) 


temperature  to  450  K  lowered  the  resistances  to  91  Q.  and  83  Q,  for  the  Si/Co/Ti  and  the  Si/Co 
structures,  respectively.  See  figure  6. 


Figure  6.  JV-characteristics  of  the  Si/Co-  structure 
annealed  at  900”C,  measured  at  various 
operating  temperatures 
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All  structures  operated  with  pc  lower  than  3-10-3  Qcm^  for  the  various  currents  at  300  K 
and  the  values  decreased  as  the  operating  temperature  was  elevated  to  450  K.  Minimum  pc 
(9.2-10-^  S2cm3)  was  observed  for  the  Si/Co  structure. 

Table  I 

Specific  contact  resistance  pc  (£1  cm^)  for  contacts  to  n-type  SiC  with  a  carrier  concentration  of  T-IO'®  cm-3,  after 
annealings  at  500‘C  and  900‘C  for  5  and  2  hours,  respectively.  In  the  coiumn  CONTACT  the  four  different  contact 
structures  appear.  TEMP  corresponds  to  the  operating  temperature  in  Kelvin.  I  =  100  mA  corresponds  to  a  current 
density  of  1490  A/cm^  and  1310  A/cm^  for  the  Co-,  Co/Ti-  and  Si/Co-,  Si/Co/Ti-contacts,  to  SiC  respectively. 


ANNEALING  (C‘) 

TEMP  (K) 

PC/ (H  cm2) 

REMARKS 

CONTACT 

for  I  =  1  mA 

for  I  =  10  mA 

for  I  =  100  mA 

SOO’C  Co 

300 

2.7-10-2 

5.6-10-3 

1.4-10-3 

Strongly 

450 

1.4-10-2 

4.4-10-3 

1.6-10-3 

non-linear 

Co/Ti 

300 

3.7-10-2 

2.4-10-3 

8.9-10^ 

linear 

450 

1.8-10-3 

1.7-10-3 

1.1-10-3 

Si/Co 

300 

2.0-10-2 

1.1-10-2 

3.1-10-3 

non-linear 

450 

6.7-10-3 

6.5-10-3 

1.9-10-3 

Si/Co/Ti 

300 

1.5-10-2 

5.0-10-3 

2.5-10-3 

non-linear 

450 

6.5-10-3 

4.0-10-3 

2.4-10-3 

900‘C  Co 

300 

2.5-10-3 

2.5-10-3 

1.8-10-3 

linear 

450 

1.5-10-3 

1.6-10-3 

1.5-10-3 

Co/Ti 

300 

2.4-10-3 

2.5-10-3 

2.3-10-3 

linear 

450 

1.8-10-3 

2.0-10-3 

1.9-10-3 

Si/Co 

300 

1.2-10-3 

1.5-10-3 

1.5-10-3 

linear 

450 

9.2-10^ 

1.3-10-3 

1.5-10-3 

Si/Co/Ti 

300 

2.0-10-3 

2.0-10-3 

1.9-10-3 

linear 

450 

1.4-10-3 

1.7-10-3 

1.7-10-3 
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These  results  clearly  show  the  advantage  of  depositing  nearly  stoichiometric  Co  and  Si 
layers  prior  to  silicidation  in  forming  temperature  stable  contacts.  During  the  annealing  process, 
the  amount  of  carbon  incorporated  in  the  contact  is  reduced  compared  to  elemental  Co  layer 
reacting  with  the  substrate.  The  reduction  in  carbon  content  results  in  an  improved  electrical 
characteristic. 

The  weak  dependence  on  both  current  density  and  elevated  temperature  indicates  that 
electron  tunnelling  through  the  Schottky  barrier  is  the  dominant  current  mechanism  in  the 
contact;  consequently,  an  increase  of  the  carrier  concentration  in  the  SiC  epi-layer  would  lead  to 
lower  value  of  specific  contact  resistance.  Addition  of  a  thin  Ti  layer  interposed  between  the 
SiC  substrate  and  the  Co  improved  the  adhesion  before  annealing;  however,  TiC  was  formed  at 
the  interface  during  annealing  acting  as  a  barrier  to  the  silicidation  process. 


CONCLUSION 


Stoichiometric  deposited  cobalt  silicide  ohmic  contacts  displaying  a  minimum 
dependence  on  the  current  density  were  fabricated  on  n-type  6H-SiC.  The  specific  contact 
resistance  Pc  decreased  as  the  operating  temperature  was  increased  from  300  K  to  450K.  A 
temperature  stable  CoSi2/SiC  contact  revealed  the  lowest  value  of  pc  (S.l-lO'"*  Qcirf).  No 
improvement  in  the  electrical  characteristics  was  observed  by  the  addition  of  a  thin  Ti  ahesion 
layer.  Further  investigations  are  under  way  to  establish  the  long  term  stability  at  operating 
temperatures  in  the  excess  of  500°C. 
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ABSTRACT 


Three  types  of  electrical  contacts  on  natural  type  Ilb  single  crystal  diamonds  have  been  studied 
by  current-voltage  (IV)  and  capacitance-voltage  (CV)  measurements.  Vertical  structures  were 
fabricated  with  the  metal-diamond  (MS),  metal-undoped  diamond-doped  diamond  (MiS),  or 
metal-Si02-doped  diamond  (MOS)  contacts  and  ohmic  contacts  on  the  opposite  face  of  the 
diamond.  The  MS  contact  was  rectifying  and  both  the  MiS  and  MOS  were  blocking  contacts. 
While  very  high  leakage  currents  were  measured  on  the  MiS  structure  in  forward  bias  (>10® 
times  the  reverse  bias),  an  accumulation  region  was  observed  in  the  MiS  CV  data.  The 
uncompensated  acceptor  concentration  values  calculated  from  the  CV  data  were  in  good 
agreement  for  different  structures  fabricated  on  the  same  samples  and  with  the  secondary  ion 
mass  spectroscopy  (SIMS)  measurements  of  the  bulk  boron  concentration.  Extreme  stretch  out 
was  observed  in  the  CV  of  the  MiS  and  MOS  due  to  interface  traps.  The  density  of  interface 
traps  was  estimated  to  be  in  the  lO'^  cm"^  eV'*  range  for  these  structures. 


Introduction 


Application  of  diamond  as  an  electronic  material  requires  an  understanding  of  the 
properties  of  electrical  contacts.  Three  types  of  contact  structures  (MS,  MiS,  and  MOS)  on 
natural  type  lib  semiconducting  diamond  are  compared  in  this  study.  The  characterization  of 
Schottky  contacts  on  natural,  synthetic,  and  CVD  diamond  °  has  been  reported.  To  improve 
the  characteristics  of  rectifying  contacts,  insulating  diamond  layers  between  the 

semiconducting  diamond  and  contact  metal  (MiS  structures)  have  been  used.  Likewise, 
MOS  structures  have  been  fabricated  for  capacitors,  and  for  use  as  gate  structures  in  field- 
effect  electronic  devices.^'^'^®  The  electrical  characterization  of  these  contact  structures  on 
natural  semiconducting  diamond  provides  a  baseline  of  reference  data  to  be  used  for 
comparisons  with  similar  contacts  fabricated  on  epitaxial  or  polycrystalline  CVD  diamond, 
and  assists  in  determining  the  best  high  temperature  contact  structures. 


Experimental 


The  MS  and  MiS  or  MOS  vertical  structures  were  sequentially  fabricated  on  the 
frontside  of  natural  (100)  type  lib  semiconducting  single  crystal  diamonds.  Backside,  low 
contact  impedance,  ohmic  contacts  were  fabricated  with  a  heavily  boron  ion  implanted 
region. In  the  MiS  structure  a  -90  nm  thick  homoepitaxial  insulating  diamond  layer  was 
deposited  by  microwave  plasma  CVD.  The  oxide  layer  of  the  MOS  structure  was  a  -75  nm 
film  of  Si02  deposited  by  a  low  temperature  deposition  technique.  The  A1  electrodes  were 
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evaporated  through  a  shadow  mask  as  420  p-m  diameter  dots  (MS  and  MiS),  or  were 
photolithographically  defined  250  pm  dots  on  the  MOS  structures. 

The  Current- Voltage  (IV)  characteristics  were  measured  using  a  HP  4145B  meter.  The 
onset  voltage  of  forward  bias  conduction  was  defined  by  extrapolation  of  the  linear  portion  of 
a  ln(I)  vs.  V  plot  to  the  voltage  where  the  current  was  lO'^^  A  (sensitivity  limit).  Capacitance 
measurements  were  made  using  computer  controlled  HP  4284A  LCR  and  Keithley  595  meters. 
Six  spatially  distributed  electrodes  with  low  leakage  currents  (<3xl0‘5  A/cm^)  were  chosen  for 
testing  on  the  MiS  and  MOS  structures,  whereas  the  six  MS  electrodes  were  spatially 
distributed  but  were  chosen  at  random.  For  comparison  purposes,  secondary  ion  mass 
spectroscopy  (SIMS)  measurements  of  the  bulk  boron  concentration  were  made  on  several 
samples.  A  calibration  standard,  a  boron  ion  implanted  diamond  sample,  was  measured  in  the 

same  analysis  sequence.  The  measured  values  are  considered  accurate  to  within  30%^^  in  the 
measured  concentration  range. 


Results 


The  forward  bias  and  reverse  bias  current  characteristics,  displayed  in  Fig.l,  clearly 
illustrate  the  differences  between  the  MS,  MiS,  and  MOS  structures.  Low  reverse  bias 
currents  were  measured  for  all  samples.  For  the  MOS  and  MiS  structures  the  values  were  1-2 
orders  of  magnitude  lower  than  the  MS  structures.  In  the  forward  bias  region  high  conduction 
was  exhibited  by  both  the  MS  and  MiS  structures,  whereas  the  conduction  in  the  MOS 
structure  was  limited  by  the  Si02-  The  onset  voltages  of  the  MS  and  MiS  structures  were  -0.5 
V  and  1.75  V  respectively.  The  calculated  rectification  ratios  (measured  at  ±  5  V)  remained 
greater  than  10®  for  temperatures  up  to  150°C.  The  values  reported  are  an  average  of  6  of  the 
best  stmctures.  Leakage  currents  as  high  as  4-6  orders  of  magnitude  larger  than  the  best  values 
reported  in  Table  I  were  measured  on  other  MiS  or  MOS  electrodes. 

In  addition  to  IV  measurements,  differential  capacitance  (C)  was  measured  as  a  function 
of  both  bias  (V)  and  frequency.  Representative  plots  of  both  C  vs.  V  and  C'^  vs.  V  at  several 
frequencies  are  shown  in  Fig.  2  a-c.  The  use  of  the  low  impedance  boron  implanted  back 
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contact  minimized  the  frequency  dispersion.  *  The  limited  frequency  dispersion,  evident 
at  frequencies  above  100  kHz  for  the  MiS  and  MOS  structures,  results  from  bulk  series 
resistance. 

The  CV  data  of  the  MiS  and  MOS  structures  reveal  a  clear  accumulation  region  in 
forward  bias  where  the  capacitance  is  constant.  Because  conduction  through  the  insulator  is 
limited,  the  carriers  that  move  to  the  semiconductor-insulator  interface  under  forward  bias  are 
blocked;  as  a  result  the  capacitance  was  independent  of  bias.  The  extreme  hysteresis  of  the 
CV  with  scan  direction,  shown  in  Fig.  2d,  was  present  for  both  the  MiS  and  MOS  stmctures. 
Due  to  this  hysteresis,  the  observation  of  the  accumulation  region  required  scanning  the  bias 
from  depletion  to  accumulation.  Once  the  electrode  had  been  forward  biased,  and  carriers  had 
accumulated  at  the  semiconductor-insulator  interface,  any  subsequent  CV  was  stretched  out 
along  the  voltage  axis.  For  both  stmctures  the  measured  high  frequency  capacitance  in  this 
region  was  approximately  a  factor  of  two  lower  than  the  geometric  capacitance,  calculated 
from  the  electrode  area  and  insulator  thickness. 

Since  the  probable  cause  of  the  CV  hysteresis  is  the  presence  of  the  interface  traps,  the 
density  of  interface  traps,  Dit,  was  estimated  for  both  the  MiS  and  MOS  structures.  No 
significant  differences  were  noted  between  the  three  samples;  the  Dit  was  on  the  order  of  lO'^ 
cm'2  eV'l  for  each,  as  can  be  seen  in  Table  I. 

The  uncompensated  acceptor  concentration  (Na-Nd)  was  determined  from  the  slope  of 
the  linear  portion  of  the  C'2  vs.  V  plot.^®  The  Na-Nq  values  calculated  for  the  three  types  of 
structures  are  shown  in  Table  I.  The  values  were  averaged  over  all  measured  frequencies  and 
at  least  5  electrodes  on  each  sample. 
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Capacitance 


Table  I:  Comparison  of  the  reverse  bias  leakage  currents,  the  uncompensated  acceptor 
concentration  (Na-Nq)  and  the  boron  concentration  ([B])  as  determined  by  CV  and  SIMS 
measurements,  and  the  density  of  interface  traps  (Dit)  vines  of  MS,  MiS,  or  MOS  structures. 


Sample  Number 
(structure) 

Rev.  Bias 

Current 

(A) 

CV  (Na-Nd) 

(lOlOcm-2) 

SIMS  [B] 

(lOlOcm-2) 

Density  of 
interface  traps 
(10l2cm-2eV-l) 

1  (MS) 

8  X  10-10 

1.7510.25 

1  (MiS) 

1  X  10-12 

1.7610.19 

— 

0.3-2.4 

2  (MS) 

3.0110.15 

... 

2  (MOS) 

3.1310.15 

... 

0.8-3.8 

3  (MOS) 

3  X  10-11 

1.610.2 

... 

>  1 

4  (MS) 

1.9810.27 

2.510.8 

5  (MS) 

2.9110.04 

3.511.0 

6  (MS) 

2.8410.17 

3  +  0.9 

Two  comparisons  are  made  in  Table  T.  First,  a  comparison  of  different  contact  structures 
which  were  sequentially  fabricated  on  the  same  sample  is  made.  Sample  1  was  studied  as  MS 
and  MiS  suiactures  and  Sample  2  as  MS  and  MOS  structures.  The  insensitivity  of  the  Na-Nd 
values  to  the  type  of  contact  structure  is  a  good  indication  that  the  CV  is  actually  probing  the 
diamond  depletion  layer.  Second,  Na-Nd  values  from  MS  CV  are  compared  with  SIMS 
measurements  of  the  bulk  boron  concentration  (samples  4-6).  While  differences  between  the 
techniques  are  expected,  the  good  agreement  of  these  measurements  already  been 
established.^^  If  it  can  be  assumed  that  the  SIMS  value  of  the  boron  concentration  really  is  a 
measure  of  Na,  the  CV  value  (Na-Nd)  would  be  expected  to  be  lower  by  an  amount  equal  to 
Nd.  Since  the  Nd  in  type  Ilb  natural  diamond  is  typically  in  the  10-20%  range,  ’  the 
comparison  of  CV  and  SIMS  is  a  good  one.  Viewing  the  entire  data  set  the  overall  agreement 
of  the  values  is  evident,  regardless  of  contact  structure  or  measurement  technique. 

The  barrier  height  of  a  Schottky  contact  can  be  calculated  from  the  x-intercept  of  the  C'2 
20 

vs.  V  plot.  The  values  measured  for  the  MS  samples  in  Table  I  averaged  2.3  ±  0.2  eV.  This 
value  agrees  with  previously  measured  MS  diode  barrier  heights  on  natural  type  lib 
diamonds.^®’ 


Discussion 


The  current-voltage  data  in  Fig.  1  presents  clear  evidence  for  the  nature  of  the  three  types 
of  electrical  contacts  to  the  semiconducting  diamond.  Current  rectification  by  the  MS 
structure  is  demonstrated  by  the  greater  than  10^  rectification  ratios  and  by  the  reverse  bias 
leakage  currents.  The  current  blocking  characteristic  of  the  MOS  capacitor  structure  is 
verified  by  the  very  low  leakage  currents  in  both  forward  and  reverse  bias.  The  high  resistance 
Si02  layer  limited  the  current  for  the  entire  bias  range.  Similarly  the  MiS  reverse  bias  currents 
were  reduced,  compared  to  the  MS  structure,  due  to  the  additional  resistance  of  the  insulating 
diamond  layer.  However,  the  high  forward  bias  conduction  of  the  MiS  sample,  greater  than 
50(X)  times  that  of  the  MOS  structure,  was  distinctly  different  than  the  MOS  samples.  In  fact. 
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the  MiS  IV  data  is  very  similar  to  the  MS  data,  except  that  the  currents  were  decreased  by  two 
orders  of  magnitude.  Therefore  on  the  basis  of  the  IV  data,  the  insulating  diamond  contributed 
additional  resistance  to  a  rectifying  contact,  but  the  contact  was  not  current  blocking. 

The  interpretation  of  the  CV  data  for  the  MS  and  MOS  structures  is  consistent  with  the 
picture  derived  from  the  IV  data.  With  increased  reverse  bias  the  width  of  the  depletion  layer 
in  the  semiconducting  diamond  is  increased  and  the  capacitance  is  decreased.  The  rate  of 

capacitance  change  is  related  to  the  dopant  concentration  and  the  values  of  Na-Nd  derived 
from  the  CV  data  are  consistent  with  the  SIMS  values  of  the  boron  concentration.  The  MOS 
capacitance  is  lower  due  to  the  series  capacitance  contributed  by  the  thickness  of  the  dielectric 
Si02.  In  the  forward  bias  region  the  depletion  layer  in  the  semiconductor  disappears  and  the 
MS  junction  no  longer  acts  as  a  capacitor.  The  MOS  CV  has  a  constant  capacitance  in  this 
region  because  the  insulating  Si02  layer  remains  as  a  dielectric. 

However,  the  MiS  CV  data  requires  a  somewhat  different  interpretation  than  the  MiS  IV 
data,  which  suggested  the  MiS  contact  was  rectifying.  Like  the  MOS  case,  the  MiS  CV  data, 
shown  in  Fig.  2b,  reveals  both  a  depletion  region,  as  expected,  and  a  very  clear  accumulation 
region.  The  forward  bias  leakage  through  the  insulating  diamond  layer,  although  significant 
(>5  X  10"^  A),  was  not  sufficient  to  remove  the  charge  carriers  accumulated  at  the 
semiconducting  diamond-insulating  diamond  interface.  Together  the  IV  and  CV  data  suggest 
that  the  MiS  structure  may  be  viewed  as  a  current  blocking  contact  with  very  high  le^age 
currents. 

The  uncompensated  acceptor  concentrations  determined  from  CV  data  were  consistent 
for  different  structures.  The  Na-Nq  values  for  the  MS/MiS  and  MS/MOS  structures 
fabricated  on  the  same  crystals  agreed  within  the  standard  deviations  (see  Table  I).  This 
supports  the  premise  that  the  properties  of  the  semiconducting  diamond  are  being  studied  for 
each  structure.  The  Na-Nd  values  presented  here  are  also  consistent  with  1-3  x  lO*®  cm"^ 
range  published^’  for  other  natural  type  Ilb  single  crystal  diamonds.  As  noted  above, 
the  difference  between  the  SIMS  and  the  CV  values  is  a  measure  of  No-  The  calculated  Nq 
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values  fall  in  the  10-20%  range  typically  noted  for  type  lib  diamond.  ’ 

The  hysteresis  of  the  MOS  and  MiS  CV  data,  shown  in  Fig.  2d,  is  consistent  with  a 
relatively  high  trap  density  at  the  semiconductor-insulator  interface.  With  the  electrode 
forward  biased  and  holes  accumulated  at  the  interface,  the  interface  traps  could  be  occupied  by 
the  carriers.  With  subsequent  bias  changes  the  trapped  carriers  remained  at  the  interface  and 
the  charge  on  the  metal  electrode  was  therefore  balanced  by  both  the  trapped  charge  and  the 
charge  at  the  edge  of  the  depletion  region.  Greater  bias  changes  were  necessary  to  effect 
similar  depletion  layer  changes^^  and  the  CV  became  stretched-out  along  the  voltage  axis. 
The  density  of  interface  traps  was  estimated  for  these  samples  to  be  in  the  10^2  cm'2  eV'^  for 
both  MiS  and  MOS  samples.  With  the  insulating  diamond  layer  being  a  homoepitaxial  film,  it 
may  have  been  expected  that  the  Dit  values  would  be  lower  than  that  for  the  MOS  structures. 
While  this  may  be  the  case  when  fabrication  conditions  are  optimized,  in  this  case  the  values 
are  quite  similar. 

In  summary,  this  study  reports  a  comparison  of  MS,  MiS,  and  MOS  electrical  contacts 
on  natural  type  lib  single  crystals.  Overall  the  measured  impurity  concentrations  determined 
by  CV  were  in  good  agreement  with  the  boron  concentration  values  determined  by  SIMS.  On 
the  two  samples  which  were  characterized  with  different  contact  structures,  the  measured  Na- 
Nd  values  were  within  the  experimental  uncertainties.  This  indicates  that  the  diamond  is  being 
probed  without  major  interference  from  other  effects.  In  addition,  this  is  believed  to  be  the 
first  known  reported  measurement  of  Du  on  diamond  structures  and  the  first  known  report  of 
the  carrier  accumulation  in  an  MiS  diamond  structure. 

We  would  like  to  thank  Chien-teh  Kao  for  the  growth  of  the  homoepitaxial  diamond  film 
utilized  in  the  MiS  structure,  Robert  Henard  for  growth  of  the  MOS  oxide  layer  and  for 
metallization,  and  Koichi  Miyata  and  David  Dreifus  for  insightful  discussions. 
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GROWTH  OF  SINGLE  CRYSTAL  COPPER  FILMS  ON  DIAMOND  USING 
FCC-IRON  SEED  LAYERS 
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ABSTRACT 

Copper  films  were  grown  on  a  single  crystal  diamond  substrate  using  an  iron  seed  layer.  The 
effect  of  the  crystalline  structure  of  the  iron  seed  on  the  Cu  films  was  studied  with  extended  x-ray 
absorption  fine  structure  (EXAFS)  and  scanning  electron  microscopy  (SEM).  The  EXAFS  study 
shows  that  the  10  A  Fe  seed  layer  is  in  an  fee  structure,  and  has  collapsed  into  a  bcc  structure 
by  the  time  20  A  of  Fe  has  been  deposited.  In  the  SEM  pictures  it  is  observed  that  subsequent 
layers  of  Cu  grow  as  continuous  films  for  thin  fcc-Fe  seeds,  and  grow  in  an  island  mode  for  the 
thick,  bcc-Fe  seeds. 


INTRODUCTION 

Epitaxial  growth  of  metastable  phases  of  matter  on  lattice  matched  substrates  has  opened 
an  entirely  new  field  of  experimental  and  theoretical  physics  [1).  The  use  of  diamond  substrates 
is  especially  appealing  due  to  the  unique  properties  of  diamond,  i.e.  its  large  band  gap,  high 
thermal  conductivity,  extreme  hardness,  and  desirable  optical  properties  [2,  3].  In  in  the  past  few 
years  there  has  been  a  strong  interest  in  developing  applications  of  diamond  films  and  surfaces. 
The  characterization  of  the  interfacial  properties  between  diamond  and  various  metals  used  for 
contacts  (e.g.  copper)  is  a  necessary  step  in  the  development  of  diamond-based  electronic  devices. 
In  addition,  an  understanding  of  the  magnetic  properties  of  transition  metal  films  such  as  iron, 
cobalt,  and  nickel  on  diamond  may  also  provide  a  means  of  developing  high  temperature,  non¬ 
volatile  magnetic  storage  devices  and  sensors  based  on  diamond. 

The  epitaxial  growth  of  these  transition  metals  on  C(IOO)  is  feasible  due  to  the  close  lattice 
match  (a=3.57  A  for  diamond  vs.  3.59,  3.52,  and  3.61  for  fcc-Fe,  Ni,  and  Cu,  respectively), 
and  the  fact  that  the  symmetry  of  the  (100)  face  of  the  diamond  and  fee  structures  is  the  same. 
Recent  scanning  electron  microscopy  (SEM)  and  low  energy  electron  diffraction  (LEED)  work  by 
Humphreys,  et.  al  [3],  has  shown  that  it  is  possible  to  grow  continuous,  single  crystal  films  of 
Ni(lOO)  on  C(IOO)  by  e-beam  epitaxy.  In  addition,  it  has  been  shown  using  reflection  high  energy 
diffraction  (RHEED)  and  Auger  electron  electron  diffraction  (AED)  that  thin  films  of  Fe  can  also 
be  stabilized  on  the  C(IOO)  surface  [4,  5].  However,  we  note  here  that  since  Fe  is  normally  bcc 
at  low  temperature  (T<  973°  C),  the  fcc-Fe  films  which  are  grown  on  the  C(IOO)  surface  are  in  a 
meta-stable  state.  Therefore,  it  can  be  expected  that  the  Fe  wiU  only  maintain  an  fee  structrure 
up  to  some  critical  thickness.  This  is  analogous  to  the  case  of  fcc-Fe  grown  on  the  Cu(lOO)  face, 
which  collapses  into  a  bcc  structure  at  thicknesses  of  r;20  A  [6].  Copper,  on  the  other  hand,  is 
difficult  to  grow  on  the  diamond  surface  due  to  its  tendency  to  grow  in  a  polycrystalline  fashion 
at  room  temperature,  and  ball  up  into  islands  at  high  temperature  annealing  temperatures  or 
growth  conditions  [7]. 

In  the  present  work  we  have  used  thin  Fe  seed  layers  in  order  to  grow  subsequent  layers 
of  epitaxial  Cu  films  on  the  C(IOO)  surface.  We  have  measured  the  macroscopic  properties  of 
Cu/Fe/C(100)  multilayers  using  SEM  and  the  microscopic  properties  of  the  Fe  seed  layer  in  these 
structures  using  EXAFS.  We  have  found  that  as  long  as  the  Fe  maintains  an  fcc-structure,  it  is 
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possible  to  grow  epitaxial,  smooth  layers  of  Cu  on  this  surface.  However,  once  the  Fe  has  made 
the  transition  to  bcc,  the  Cu  tends  to  form  islands  on  the  surface. 


SAMPLE  PREPARATION  AND  STRUCTURAL  CHARACTERIZATION 

The  films  in  this  study  were  grown  on  single  crystal,  polished  synthetic  diamond  substrates 
using  the  (100)  surface.  The  details  of  the  substrate  preparation  are  given  in  Ref.  [4].  The 
substrate  was  then  inserted  into  an  ultra-high  vacuum  chamber,  and  Fe  was  deposited  from  an 
e-beam  source,  and  the  pressure  stayed  below  5  x  10“*®  Torr  during  growth,  and  thus  it  was 
possible  to  obtain  very  pure  Fe  seed  layers,  as  monitored  by  Auger  electron  spectroscopy.  The  Fe 
thickness  was  determined  using  a  vibrating  quartz  crystal  microbalance.  During  the  Fe  growth 
the  C(IOO)  substrate  was  left  at  room  temperature  in  order  to  achieve  a  continuous  covering  of 
Fe  on  the  substrate  [4].  The  films  were  then  annealed  to  350°  C  while  the  electron  diffraction 
pattern  was  monitored.  After  the  anneal,  depending  on  the  thickness  of  the  Fe,  it  was  found 
that  the  films  crystallize  into  either  (a)  an  single  crystal  structure  (with  an  electron  diffraction 
pattern  oriented  with  respect  to  the  diamond  substrate)  for  d<20  A,  or  (b)  into  a  polycrystalline 
film  (with  a  ringed  electron  diffraction  pattern)  for  d>20  A.  These  results  are  similar  to  the  the 
behavior  offcc-Fe  which  is  grown  on  Cu(lOO),  which  undergoes  a  martensitic  transition  to  bcc-Fe 
at  W18-20  A  [6]. 

In  the  present  study  we  have  investigated  the  effect  of  the  Fe  seed  layer  structure  on  the 
subsequent  epitaxy  of  Cu  layers.  In  order  to  achieve  this,  we  have  grown  100  A  of  Cu  onto 
a  thick  and  a  thin  Fe  seed  layer,  with  thicknesses  of  10  A  and  20A,  respectively.  The  Cu  was 
evaporated  from  a  W  basket  at  a  pressure  of  1  x  10”®  Torr,  and  the  thickness  was  again  measured 
with  a  quartz  crystal  thickness  monitor.  The  Fe/C(100)  substrate  was  held  at  300°  C  during  the 
Cu  evaporation.  As  shown  in  Ref.  [4],  the  Cu  grown  on  the  thin  Fe  seed  is  epitaxial  and  oriented 
with  respect  to  the  diamond  substrate,  however  the  Cu  grown  on  the  thick,  polycrystalline  Fe 
seed  showed  a  ringed  diffraction  pattern,  similar  to  that  of  the  Fe. 

In  order  to  determine  the  local  struc¬ 
ture  of  the  Fe  seeds  we  have  conducted  an 
EXAFS  study  on  the  Fe  K-absorption  edge 
of  two  different  thickness  seed  layers,  as 
shown  in  Fig  1.  The  details  of  the  data 
collection  and  analysis  are  presented  else¬ 
where  [4,  11].  Figure  1  is  a  plot  of  Fourier 
transformed  Fe  EXAFS  data  collected  from 
the  two  Cu/Fe/Diamond(100)  samples  and 
bulk  bcc-Fe  and  fcc-Cu  standards.  Although 
these  data  have  not  been  corrected  for  elec¬ 
tron  phase  shifts  and  therefore  do  not  rep¬ 
resent  true  radial  distances,  both  sets  have 
undergone  similar  analysis  procedures  which 
allow  direct  comparisons  to  be  made.  Com¬ 
parisons  between  the  data  sets  reveal  strong 
differences  between  the  EXAFS  from  the  20 
A  Fe  seed  layer  vs.  the  10  A  seed.  The  most 
important  difference  is  the  appearance  of  a 
distinct  peak  at  4.4  A  in  the  spectrum  of  the 
thick  Fe  seed  layer.  This  peak  is  prominent 
in  the  bcc-Fe  standard,  and  is  due  to 


Radial  Coordinate  (A) 


Figure  1:  Fourier  transformed  Fe  K-edge 
EXAFS  data  for  Cu/Fe/Diamond  with  a 
10  A  Fe  seed  and  a  20  A  Fe  seed.  The  top 
and  bottom  spectra  are  from  bulk  bcc-Fe 
and  fcc-Cu  standards. 
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constructive  interference  along  the  cube  diagonal  of  the  bcc-structure.  On  the  other  hand,  the 
thin  Fe  seed  shows  the  triple  hump  structure  around  the  4  A  peak  which  is  a  signature  of  an 
fcc-structure,  as  demonstratedby  the  fcc-Cu  standard  spectrum.  The  first  two  peaks  in  the  thin 
Fe  EXAFS  spectrum,  at  1.3  A  and  2.1  A,  are  attributed  to  the  carbon  nearest  neighbors  (at 
the  interface)  and  the  Fe  nearest  neighbors  (in  the  film).  The  Cu  nearest  neighbors  at  the  top 
layer  of  the  seed  also  contribute  to  the  broadening  of  the  2.1  A  peak.  Fitting  the  near  neighbor 
environment  of  Fe  atoms  [12]  in  the  Fe/C  sample  gives  bond  lengths  of  2.50(.005),  2.65(.005), 
and  2.1(.05)  A  for  the  Fe-Fe,  Fe-Cu,  and  Fe-C  correlations,  respectively.  The  measured  Fe-Cu 
distance  is  larger  than  expected  from  the  summation  of  Goldschmidt  radii  (2.55A).  This  can  be 
attributed  to  a  reconstruction  observed  in  the  epitaxial  growth  of  Cu/Fe(100)  due  to,  e.g.,  the 
mismatch  between  the  fcc-Cu  and  the  fcc-Fe(lOO)  lattice  constant. 

It  has  been  shown  in  Ref.  [4]  with  reflection  high  energy  electron  diffraction  (RHEED)  that 
Cu  can  be  grown  epitaxially  on  the  thin,  fcc-Fe  seed  layers.  The  electron  diffraction  is  sensitive 
to  ordering  for  length  scales  comparable  to  the  coherence  length  of  the  electron  beam,  which  is  on 
the  order  of  100  -  200  A.  In  the  present  study  we  are  concerned  with  the  long-range  smoothness 
and  quality  of  the  film  from  a  macroscopic  point  of  view,  i.e.  on  the  order  of  microns.  This  will 
provide  information  regarding  the  merits  of  the  samples  from  an  application  point  of  view.  In 
Fig.  2(a)  and  (b)  we  show  a  comparison  of  SEM  pictures  of  the  diamond  surface  before  and  after 
the  preparation  of  the  first  sample,  100  A  of  Cu  grown  on  the  thin  fcc-Fe  seed  layer.  All  of  the 
SEM  pictures  in  this  study  were  taken  at  25  keV.  Contact  to  the  the  surface  was  made  with  silver 
paint  which  ran  to  the  ground  plane  in  order  to  minimize  charging  of  the  diamond  substrate.  Fig. 
2(a)  shows  an  edge-on  view  of  the  bare  substrate,  where  the  sample  is  being  viewed  at  an  angle 
of  68°  from  the  normal.  The  ripples  on  the  surface  of  the  cleaned  substrate  which  are  evident  in 
Fig.  2(a)  are  typical  of  all  of  the  substrates.  These  ripples  are  on  the  order  of  .05  /um,  and  most 
likely  left  from  the  vendors’  polishing  procedure.  RHEED  patterns  observed  from  this  surface  [4] 
shows  that  the  surface  gives  a  high  quality,  single  crystal  diffraction  pattern. 


Figure  2(a):  SEM  image  of  the  polished  Figure  2(b):  SEM  image  of  100  A  Cu/10 
diamond  surface  before  the  film  growth.  A  Fe/C(100). 
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In  Fig.  2(b),  we  show  a  similar  edge-on  SEM  image  which  was  obtained  from  the  surface 
of  a  100  A  Cu  film  grown  on  the  fcc-Fe/C(100).  The  electron  diffraction  shows  a  single-crystal 
pattern,  with  no  trace  of  C  or  Fe  in  the  Auger  spectrum.  In  the  SEM  image  it  can  be  seen 
that  the  .05  /rm  ripples  are  still  evident,  with  some  larger-scale  contamination  which  is  due  to 
transferring  ex-situ  from  the  growth  facilities  to  the  SEM.  From  Fig.  2(b)  in  conjunction  with 
the  RHEED  data  of  Ref.  [5]  and  the  Cu  EXAFS  data  of  Ref.  [4],  it  is  clear  that  the  copper  layer 
grown  on  the  thin,  fcc-Fe/C(100)  is  a  continuous,  oriented,  single  crystal  layer. 


Figure  3(a):4.5  x  5.7fi  SEM  image,  top 
view,  of  100  A  Cu/20  A  Fe/C(100). 


Figure  3(c):  SEM  image,  edge  view,  of  100 
A  Cu/20  A  Fe/C(100). 


Figure  3(b):  1.5  X  1.9/rmSEM  image,  top 
view,  of  100  A  Cu/20  A  Fe/C(100). 

For  growth  of  Cu  on  the  thick,  polycrys¬ 
talline,  bcc-Fe  seed  layers,  however,  a  much 
rougher  surface  is  evident  in  the  SEM  im¬ 
ages.  Images  from  this  surface  are  shown  in 
Fig.  3(a)-(c).  In  Fig.  3(a)  a  top  view  of  the 
surface  is  shown,  and  it  can  be  seen  that  a 
film  with  a  uniform  granularity  has  formed. 
A  higher  magnification  of  this  same  top  view 
is  shown  in  Fig.  3(b).  Here,  the  crystalline 
nature  of  the  granules  is  evident  as  straight 
edges  on  the  grain  boundaries.  The  mea¬ 
surement  of  the  grain  orientation  is  limited 
by  the  current  resolution  of  this  SEM  study, 
however,  and  a  higher  resolution  study  with, 
e.g.,  scanning  tunneling  microscopy,  may  be 
able  to  correlate  the  orientation  of  the  Cu 
grains  to  the  structure  of  the  underlying  Fe' 
seed.  A  side  view  of  the  Cu  film  grown  on 
the  thick,  bcc-Fe  seed  is  shown  in  Fig.  3(c). 
This  image  was  taken  with  the  SEM  beam 
at  90°  to  the  sample  normal.  The  profiles  of 
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the  Cu  islands  can  be  seen  at  the  horizon  of  the  picture,  while  the  foreground  shows  Cu  islands  in 
a  slight  dip  on  the  edge  of  the  crystal.  From  this  view  it  can  be  seen  that  a  few  of  the  Cu  islands 
are  up  to  1000  A  high,  while  most  of  the  islands  are  much  lower.  Since  the  total  Cu  thickness  is 
only  100  A,  this  indicates  that  there  is  considerable  mobility  at  this  growth  temperature  (300° 
C)  of  the  Cu  atoms  on  the  surface.  An  interesting  aspect  of  the  Cu  islands  in  Fig.  (3)  is  that 
the  width  of  the  islands  appears  to  be  quite  uniform  (w  O.lpm),  while  the  height  varies.  We  are 
currently  conducting  studies  into  the  relationship  between  the  structure  of  the  Fe  seed  and  the 
dynamics  of  the  Cu  growth  in  order  to  understand  this  aspect  of  the  data. 

Summary 

EXAFS  data  shows  that  fcc-Fe  can  be  grown  up  to  at  least  10  A  thick  on  C(IOO)  by  deposition 
at  low  temperature  and  subsequent  anneabng  to  350°  C,  while  20  A  of  Fe  forms  a  polycrystalline 
bcc  film.  These  two  thicknesses  of  Fe  were  nsed  as  seed  for  the  subsequent  growth  of  a  Cu  cap 
layer.  The  Cu  cap  layer  was  studied  with  SEM,  and  is  observed  to  grow  as  a  single  layer  on 
the  thin,  fcc-Fe  seed,  and  in  islands  on  the  thick,  bcc-Fe  seed  layer.  From  this  study  it  can  be 
concluded  that  fcc-Fe  seeds  are  useful  for  growth  of  lattice  matched  materials  such  as  Cu(lOO). 
We  expect  the  use  of  synthetic  diamond  substrates  for  the  growth  of  such  transition  metal  films 
and  multilayers  to  become  more  widespread  for  economic  purposes  because  they  are  inexpensive 
and  reusable,  and  from  a  scientific  aspect  because  they  have  desirable  optical  properties,  high 
thermal  conductivity,  and  a  high  resistivity. 
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ABSTRACT 


The  thermally  induced  solid-phase  reaction  of  135  nm  thick  sputter-deposited  W 
films  with  polycrystalline  CVD-grown  diamond  substrates  is  investigated.  The  samples 
are  annealed  in  vacuum  (5x10-7torr)  at  temperatures  between  700  °C  and  1100  °C  for 
1  hour  and  examined  by  2  MeV  "*He++  backscattering  spectrometry,  x-ray  diffraction, 
and  scanning  eiectron  microscopy. 

The  as-deposited  W  films  contain  roughly  5  at.%  oxygen.  After  annealing  the  sam¬ 
ples  at  800  °C  this  oxygen  concentration  falls  below  the  detection  limit  of  less  than  1  %. 
Incipient  W2C  phase  formation  occurs  during  annealing  at  900  °C.  The  final  state,  the 
WC  phase,  is  reached  after  annealing  at  1 100  °C. 


1.  INTRODUCTION 


Films  of  polycrystalline  diamond  are  now  commercially  available.  The  fabrication  of 
electronic  devices,  thermal  conductors,  grinding  tools,  optical  windows  as  well  as  other 
anticipated  applications  require  that  such  diamond  films  be  bonded  at  one  place  or 
another  to  metals.  The  question  thus  arises  how  polycrystalline  diamond  films  react 
thermally  with  various  metals. 

The  properties  of  the  interfaces  thus  formed  are  of  great  interest.  Some  work  has 
been  published  on  the  mechanical  and  electrical  properties  of  thin  film  diamond-metal 
contacts.^  Understanding  and  control  of  such  contacts,  however,  will  necessitate  a 
detailed  clarification  of  the  reactions  that  occur  upon  thermal  treatments.  So  far  such 
reactions  have  been  investigated  on  polycrystalline  diamond  only  for  few  metals.2.3 

While  no  reaction  is  expected  for  some  metals  (Al,  Au.  ...),  the  formation  of  com¬ 
pounds  should  occur  with  carbide-forming  metals.  The  identification  of  the  newly- 
formed  phases  Is  straight  forward,  since  the  carbides  have  been  extensively  studied  for 
over  a  century  and  are  now  widely  used,  mostly  because  of  the  high  melting  points  of 
the  carbides  and  their  extreme  hardness.^ 

In  the  present  study  we  investigate  the  solid-state  reaction  between  sputtered  tung¬ 
sten  films  and  two  different  types  of  polycrystalline  diamond  substrates  at  temperatures 
between  700  °C  and  1 100  °C  to  determine  the  phases  formed  during  the  annealing. 
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II.  EXPERIMENTAL  PROCEDURES 


The  two  different  types  of  diamond  films  used  as  substrates  in  this  study  vary  in  their 
surface  morphology,  as  can  be  seen  in  Fig.  1 ;  The  majority  of  the  experiments  reported 
here  were  performed  with  350  pm  thick  free-standing  square-shaped  diamond  films 
with  a  side  lengths  of  5  mm  (type  "A”).  For  comparison,  the  experiments  were  repeated 
with  1.3  pm  thick  diamond  films  on  Si  wafers  (type  "B").  The  free  standing  type  A  films 
had  been  obtained  by  removing  them  from  their  substrate  after  chemical  vapor 
deposition.  It  is  the  side  originally  facing  the  substrate  that  was  used  for  the  W 
deposition  because  this  face  is  macroscopically  smooth.  Microscopically,  the  surface 
morphology  consists  of  flat-topped  mesas  which  are  about  0.5  pm  in  diameter  and 
separated  by  many  deep  interstices  as  seen  in  Fig.  la.  The  type  B  diamond  films  were 
grown  by  the  tantalum  hot-filament-assisted  chemical  vapor  deposition  on  Si  (100) 
wafers.  At  the  surface  the  size  of  the  grains  ranges  from  50  to  1000  nm  (Fig.  Id)  and 
this  surface  appears  shiny  and  smooth  to  the  eye. 


1  pm 


Figure  1  Scanning  electron  micrographs  of  diamond  samples  with  a  135  nm  thick  W  layer  viewed  at  an 
angle  of  45  after  metal  deposition  (a,d),  after  annealing  at  900  “C  (b,e),  and  after  annealing  at  1000  °C 
(c,f),  each  for  one  hour.  The  diamond  substrates  of  the  samples  on  the  left  are  free-standing  350  pm 
thick  plates  ("type  A  ”) ,  those  on  the  right  are  1 .3  pm  thick  layers  grown  on  Si  (100)  wafers  ("type  B"). 
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Prior  to  the  tungsten  deposition  the  diamond  films  were  degreased  in  ultrasonically 
agitated  organic  solvent  baths.  Tungsten  films  of  135  nm  thickness  were  deposited  by 
rf-magnetron  sputtering  with  Ar  gas  in  an  oil-free  vacuum  of  2x10'^  Torr  base  pressure. 
The  samples  were  annealed  in  a  vacuum  tube  furnace  (5x1 0-7  Torr)  at  700,  800, 
900,1000,  or  1100  °C  for  one  hour. 

Compositional  analysis  was  carried  out  by  2  MeV  ‘*He++  backscattering  spec¬ 
trometry.  Structural  information  was  obtained  by  x-ray  diffraction  with  a  collimated 
Co  K(j(  beam  incident  on  the  sample  at  a  glancing  angle  of  15  °  and  an  Inel  position- 
sensitive  dedector.  Morphological  changes  were  observed  by  scanning  electron 
microscopy. 


III.  RESULTS 


The  phase  diagram  of 
the  W-C  system^  shows 
two  phases  at  2000  °C. 
At  this  temperature,  the 
hexagonal  a-W2C  phase 
exists  over  a  2  at.% 
range  around  38.5  at.% 
C.  For  lower  tempera¬ 
tures  the  stability  of  W2C 
is  uncertain  as  some 
phase  diagrams  show  an 
eutectoid  W2C«W+WC 
at  1250°C  while  others 
suggest  that  the  W2C 
phase  is  stable  down  to 
low  temperatures.  The 
hexagonal  WC  is  a  stoi¬ 
chiometric  compound. 
There  is  a  small  carbon 
solubility  in  W  with  its 
maximum  of  0.7  at.%  at 
2715  °C. 


Figure  2  2  MeV  '‘He+'*’  backscattering  spectra  of  type  A  diamond 

samples  with  an  overlain  135  nm  thick  W  film  before  and  after  anneal¬ 
ing  at  900  and  1100  ”C.  The  samples  were  tilted  7  °  against  the  incident 
beam  direction.  The  scattering  angle  of  the  detected  particles  is  170 


Fig.  1  shows  the  surface  of  the  different  samples  viewed  at  an  angle  of  45  °  after  W 
deposition  (a,  d)  and  after  annealing  at  900  °C  (b,  e),  and  annealing  at  1000  °C  (c,  f). 
The  overall  appearance  is  dominated  by  the  morphology  of  the  respective  diamond 
substrates  and  does  not  change  during  annealing.  However,  there  is  a  discernible 
roughening  of  the  surface  after  annealing  at  900  °C  that  becomes  even  further  pro¬ 
nounced  after  annealing  at  1000  °C,  which  can  be  explained  by  the  volume  expansion 
of  30  %  that  goes  along  with  the  transformations  from  W  to  WC. 

The  backscattering  spectra  of  the  W  on  type  A  diamond  as-deposited,  annealed  at 
900  °C,  and  annealed  at  1100  °C  are  shown  in  Fig.  2.  The  data  extracted  from  such 
backscattering  spectra  are  given  in  Table  I. 
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Table  I  Oxygen  content  and  carbon  concentration  The  spectrum  of  the  as-depos- 

in  the  reacted  metal  layer  on  type  A  diamond  extracted  ng^j  sample  (solid  line)  reveals  no 
from  backscattering  spectra  such  as  the  ones  shown  in 

Fig.  2.  and  the  phases  detected  by  x-ray  diffraction.  detectable  amount  of  C  m  the  fi  m. 

^ _ _ _ _  However,  there  is  some  O  at  the 

temperature  [°C]  O  C  x-ray  surface  as  well  as  in  the  bulk  of 

(1  hour  duration)  [at.%]  [at.%] _ VV  film.  Comparing  the  areas 

as-deposited  5  -  W,  W3O  under  the  W  and  O  signal 

700  5  -  W,  W3O  (omitting  the  surface  peak),  we 

800  -  6  W  calculate®  an  O  content  in  the 

900  -  34  a-W2C,  WC  metal  of  about  5  at.%.  From  the 

1000  -  45  WC,  a-W2C  energy  width  of  the  W  signal  we 

1100 _ I  -  I  47  I  WC  infer  the  film's  thickness  of  the  as- 

deposited  W  film  to  be  135  nm, 
assuming  bulk  density.  The  W  deposited  in  the  interstices  between  the  grains  (see  Fig. 
la)  generates  the  low-energy  tail  seen  in  the  W  signal  of  every  backscattering  spec¬ 
trum.  Annealing  at  700  °C  leaves  the  spectrum  unchanged.  First  changes  can  be  ob¬ 
served  after  the  annealing  at  800  °C.  There  is  now  C  in  the  film  whose  concentration  in 
the  surface  layer  (30  nm)  is  about  6  at.%.  Oxygen  in  the  bulk  of  the  W  can  not  be 
detected  any  longer  but  the  signal  which  stems  from  oxygen  at  the  surface  remains. 
The  backscattering  spectrum  of  the  sample  annealed  at  900  °C  (diamonds  in  Fig.  2) 
reveals  considerable  interdiffusion  of  C  and  W.  The  C  concentration  is  about  34  at.%. 
This  result  suggest  that  W2C  has  formed.  After  a  1000  “C  annealing  the  composition  of 
the  film  changes  once  more  uniformly  throughout  its  thickness  to  a  carbon  content  of 
45  at.%  and  all  the  O  has  disappeared  from  the  surface.  Annealing  at  1 100  °C  modifies 
the  spectrum  only  by  a  small  increase  of  the  carbon  content  in  the  film  from  45  to 
47  at.%.  This  atomic  composition  is  very  near  that  of  WC.  We  therefore  conclude  that 
the  final  state  is  reached  by  annealing  at  1 100  '"C  for  one  hour. 

The  x-ray  diffraction  patterns  shown  in  Fig.  3  confirm  that  the  formed  compounds  are 
W2C  and  WC.  For  all  spectra  in  this  figure,  the  main  peaks  at  20  =  51.5  °,  90.4  °,  and 
112.7  °  originate  from  the  diffraction  of  the  350  pm  thick  polycrystalline  diamond  sub¬ 
strate.  The  other  peaks  are  labeled  W  (+),  W2C  (0),  and  WC  (*).  The  diffraction  peaks 
in  the  spectrum  of  the  as-deposited  sample  are  those  of  a-W.^  The  presence  of  oxygen 
in  the  as-deposited  films,  which  is  obvious  in  the  backscattering  spectrum  (Fig.  2),  can 
be  seen  here  as  well:  the  intense  peaks  of  the  W3O  (p-tungsten)  which  don't  interfere 
with  diamond  or  with  a-W  peaks  can  be  detected  in  the  background.  The  most  visible 
of  these  peaks  is  marked  p  in  Fig.  3.  No  new  peaks  appear  after  annealing  the  sample 
at  800  °C,  but  the  W  peaks  sharpen  as  the  grains  grow  and  the  W3O  peaks  disappear. 
Most  of  the  peaks  in  the  spectrum  of  the  sample  annealed  at  900  °C  can  be  assigned 
to  the  a-W2C  phase.  Some  of  the  intense  WC  peaks  show  that  a  next  phase  has  al¬ 
ready  started  to  grow  at  900  °C.  In  the  sample  annealed  at  1000  °C  some  a-W2C 
peaks  are  still  detectable,  but  the  WC  phase  dominates  clearly.  Annealing  at  1100  °C 
leads  to  an  increased  intensity  of  the  WC  peaks. 

The  experiments  presented  so  far  were  all  performed  on  type  A  diamond  samples. 
Backscattering  and  x-ray  analyses  showed  that  the  reaction  evolves  on  type  B  diamond 
samples  in  the  same  way  as  described  so  far.  Only  the  corresponding  temperatures 
change  slightly  as  follows  (the  numbers  in  parenthesis  give  the  corresponding  tempera- 
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Figure  3  X-ray  diffraction  spectra  for  Co  K„  radiation  of  Type  A  diamond  samples  with  an  overlain 
135  nm  thick  W  film  annealed  for  1  hour  at  the  indicated  temperatures.  The  peaks  of  the  W  (-r),  W2C  (0), 
and  WC  (•)  phase  are  labeled.  The  three  unmarked  intense  peaks  stem  from  the  polycrystalline  diamond 
substrate.  The  p  stands  above  the  most  visible  W3O  (p-tungsten)  peak  . 

tures  for  the  reaction  on  type  A  diamond);  The  first  forming  phase  is  W2C  which  starts 
to  form  at  800  °C/ 1  h  (900  °C).  This  phase  dominates  clearly  after  annealing  at  900  °C/ 
1h  (900  °C)  and  the  final  state  is  reached  after  annealing  at  1100  °C/  1h  (1100  °C).  The 
measurements  on  type  B  diamond  give  different  snapshots  of  the  same  evolving  re¬ 
action  pattern.  A  noteworthy  detail  in  the  backscattering  spectrum  of  the  type  B  sample 
annealed  at  800  °C  is  the  presence  of  a  distinct  step  at  the  top  of  the  W  signal  near 
1.78  MeV.  Its  lower  level  coincides  with  that  of  W2C  and  clearly  indicates  that  the  larg¬ 
est  amount  W2C  phase  initially  formed  begins  to  grow  at  the  surface  of  the  sample. 


IV.  DISCUSSION 

Why  the  oxygen  initially  present  in  the  tungsten  film  disappears  upon  annealing  of 
the  sample  between  700  °C  and  800  °C  can  be  explained  by  several  thermal  processes 
and  reactions  with  volatile  products  :  (i)  At  725  °C  the  W3O  decomposes  into  W  and  the 
two  volatile  oxides  WO2  and  (ii)  Carbon  may  be  involved  in  the  reaction,  since 

some  C  has  diffused  throughout  the  W  film  already  at  800  °C  (see  Table  I).  Reactions 
such  as  WO3  -^C  <->  WC  +  (CO  and/or  CO2)  are  well  known  to  people  producing  WC  by 
carburization  of  WO3  with  solid  carbon.®  (iii)  Oxygen  is  known  to  diffuse  rapidly  in  W 
and  in  Mo  films  even  at  temperatures  below  800  °C.® 

Silicon  and  diamond  are  both  group  IVB  elements,  have  the  same  type  of  bonding 
and  the  same  crystal  structure.  Thus  we  can  expect  similarities  in  the  thermal  reaction 
behaviour  between  metal/diamond  and  between  metal/Si  couples.  The  latter  have  been 
investigated  extensively  during  the  last  two  decades.  The  Walser-Bene  rule,i°  which 
holds  for  the  majority  of  the  metal-Si  combinations,  says  that  the  first  silicide  that  forms 
is  the  highest  congruently  melting  compound  next  to  the  lowest-melting  eutectic  in  the 
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phase  diagram.  In  the  system  investigated  here,  the  lowrest  melting  eutectic  is  at 
22  at.%  C  and  the  highest  (and  only)  congruently  melting  compound  next  to  it  is  the 
W2C.  This  compound  is  indeed  observed  first.  The  Walser-Ben6  rule  holds  for  the 
tungsten-diamond  reaction,  too. 

However,  the  reaction  of  a  W  film  with  diamond  is  expected  to  also  differ  from  the 
way  a  metal  film  reacts  with  Si.  A  major  difference  relates  to  the  ratio  of  the  species' 
size:  the  metallic  radius  of  Si  is  within  about  15  %  of  all  transition  metal  radii  except  Zr, 
Hf  and  the  IIIB  metals,  but  the  radius  of  C  is  35  %  smaller  than  that  of  W.  A  conse¬ 
quence  of  this  size  ratio  is  the  very  high  diffusivity  of  C  in  We  observed  that  W2C 
initially  grows  inward,  starting  from  the  open  tungsten  surface,  which  shows  that  C 
diffuses  through  the  tungsten  film  more  rapidly  than  the  rate  at  which  the  carbide  nu¬ 
cleates  and  grows  at  the  tungsten-diamond  interface.  Although  it  takes  the  results  of  an 
experiment  performed  with  an  inert  marker  on  a  laterally  uniform  sample  to  unambigu¬ 
ously  support  the  claim,  it  is  obvious  that  carbon  must  be  the  dominant  moving  species 
in  the  W2C  reaction,  and  probably  in  the  transformation  of  W2C  to  WC  as  well. 


V.  CONCLUSION 

Isothermal  annealing  of  thin  tungsten  films  on  polycrystalline  CVD  diamond  for  one 
hour  leads  to  solid-state  reactions  in  the  temperature  range  from  800  °C  to  1100  °C. 
Oxygen  impurities  disappear  from  the  bulk  of  the  film  at  800  °C.  The  first  phase 
detected  is  W2C,  as  predicted  by  the  Walser-Bene  rule.  W2C  forms  first  at  the  open 
metal  surface  and  not  at  the  metal-diamond  interface.  The  final  phase  WC  is  reached 
after  annealing  at  1 1 00  °C  for  one  hour. 
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ABSTRACT 

It  is  becoming  increasingly  apparent  that  future  progress  in  diamond  chemical  vapor 
deposition  depends  on  deeper  understanding  of  the  underlying  mechanism  of  surface  processes. 
Substantial  efforts  toward  this  goal  have  led  to  several  conclusions  on  which  consensus  is 
beginning  to  emerge.  Among  them  are  the  mediating  role  of  hydrogen  atoms,  generic  features  of 
the  growth  kinetics,  thermodynamic  stability  of  reconstructed  (100)  surfaces,  and  the  insertion 
reaction  of  methyl  into  (100)-(2xl)  dimers.  Despite  these  efforts,  an  overall  picture  of  diamond 
growth  in  terms  of  elementary  processes  is  still  lacking.  In  this  paper,  the  current  state  of 
mechanistic  understanding  is  reviewed,  emphasizing  common  themes,  and  new  results  are 
presented.  Among  the  latter  are  the  effect  of  reaction  reversibility  on  surface  morphology, 
surface  migration,  and  a  new  mechanism  for  diamond  growth  from  acetylene. 

INTRODUCTION 

In  spite  of  substantial  progress  in  technological  aspects  of  chemical  vapor  deposition  (CVD) 
of  diamond  films,  the  underlying  chemical  reaction  mechanism  of  diamond  growth  remains 
poorly  understood.  It  is  becoming  increasingly  apparent  that  future  progress  in  diamond 
chemical  vapor  deposition  depends  on  deeper  understanding  of  the  fundamental  surface 
processes.  Substantial  efforts  toward  this  goal  have  led  to  several  conclusions  on  which 
consensus  is  beginning  to  emerge.  The  objective  of  the  present  paper  is  to  review  the  current 
state  of  mechanistic  understanding,  to  identify  the  key  problems,  and  to  present  new  theoretical 
findings. 

The  discussion  is  organized  into  two  principal  parts:  the  first  has  its  focus  on  generic  features 
of  diamond  growth  kinetics,  where  nearly  complete  consensus  has  been  approached,  and  the 
second  on  elementary  surface  reactions,  an  area  of  uncertainty  and  scientific  challenge. 

GENERAL  KINETIC  FEATURES 

Independent  of  specific  surface  reactions  which  govern  the  incorporation  of  a  gaseous 
precursor  into  the  diamond  lattice,  there  appears  to  be  growing  consensus  on  the  general  feature 
of  diamond  growth  reaction  kinetics:  the  formation  of  an  active  diamond  growth  site  by  H 
abstraction  followed  by  the  addition  of  a  carbonaceous  gaseous  species  to  this  surface  radical. 
Suggested  first  by  Frenklach  and  co-workers^”*  and  now  reiterated  by  others,^'**  the  process  can 
be  schematically  represented  by  the  following  set  of  reactions 
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where  C^H  denotes  C-H  surface  sites  on  a  diamond  surface  and  C^/-  their  radicals. 

The  significance  of  this  generic  reaction  scheme  is  several-fold:  first,  the  nature  of  the  active 
site  for  diamond  growth  is  identified  to  be  a  surface  radical,  second,  the  formation  rate  of 
these  surface  radicals  is  determined  by  the  rate  of  H  abstraction,  reaction  1;  and  third,  the 
formation  of  the  surface  radicals  is  balanced  by  their  recombination  with  gaseous  H  atoms, 
reaction  2.  The  latter  proceeds  with  an  essentially  coHisional  rate  and  no  other  reactions  of 
gaseous  species  can  compete  with  it.  The  balance  of  reaction  fluxes  of  (1)  and  (2)  leads  to  the 
following  expression  for  the  surface  fraction  of  radicals  Cj' 


^C,,H  +  ^Cd-  ^2 


(4) 


where  ^he  number  of  radical  and  non-radical  surface  sites  per  unit  area, 

respectively,  and  ki  and  k2  are  the  rate  coefficients  of  reactions  1  and  2,  respectively.  This  result, 
first  noted  by  Frenklach  and  Wang,^  implies  that  the  fraction  of  surface  radicals,  defined  by  r  in 
Eq.  4,  is  essentially  independent  of  H  atoms  and  is  a  function  of  temperature  only.  At  1200  K, 
the  surface  fraction  r  is  equal  to  about  0. 1 . 

Following  further  the  reaction  scheme  1-3,  the  rate  of  adsorption  of  a  gaseous  precursor  on  a 
diamond  surface  is  given  as 


Rate  =  A-,1  [CnHni]  (5) 

where  is  the  rate  coefficient  of  reaction  3  and  [CnHm]  the  gas-phase  concentration  of  a 
hydrocarbon  precursor  in  the  diamond  deposition  zone.  Dividing  Eq.  5  by  ZcjH’  obtain 

Xc,' 

^CnH„,  =  k3[C„H„]^  =  r^3[CnHni]  (6) 

XCjH 


This  defines  the per-site  rate  of  hydrocarbon  adsorption,  Ac^Hm  Similarly,  we  define  per-site 
rates  of  H-abstraction  f?abs  ~  ^i[H]  and  H-addition  Agdd  ^2[H]'  These  per-site  rates  provide 
critical  time  scales  for  the  analysis  of  specific  reaction  mechanisms,  as  will  be  demonstrated  later 
in  the  text. 

The  incorporation  into  the  diamond  lattice  of  the  species  adsorbed  in  reaction  3  is  initiated 
either  by  H  abstraction'*  or  H-addition, *2  depending  on  the  nature  of  the  adsorbate.  In  either 
case,  the  rate  of  diamond  growth  should  depend  on  the  flux  of  hydrogen  atoms  arriving  at  the 
growing  surface.  This  provides  a  unifying  feature  exposed  in  a  recent  analysis  of  Cappelli  and 
Loh'3  and  that  of  Goodwin."’ 

There  is  also  a  general  agreement  on  the  parallel  reaction  kinetics  for  the  formation  of  non¬ 
diamond  phase,^"^d0,l4  (hjj  sense  following  the  ideas  of  Fedoseev  and  co-workers. *3  The 
specific  form  differs  from  author  to  author,  perhaps  reflecting  the  uncertain  nature  of  the  defects 
which  may  include  voids,  amorphous  carbon,  graphite,  or  combinations  of  them.  Thus,  for 
instance,  Goodwin"’  suggested  second-order  surface  kinetics  for  the  formation  of  defects,  while 
Frenklach  and  Wang^  introduced  a  reversible  sp^^sp^  transformation. 
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C(i’  (  *  Cg  +  H 

and  surface  condensation  of  aromatics'^  to  account  for  the  non-diamond  phase.  In  Eq.  7,  Cg 
denotes  an  ip^.^ype  carbon  site.  The  reversibility  of  reaction  7,  on  a  global  scale,  has  been 
observed  in  theoretical  calculations  of  Davidson  and  Pickett*7  and  the  reverse  of  reaction  7  has 
been  explored  by  Angus  and  co-workes**  for  diamond  nucleation  on  graphite  edges.  Several 
surface  reactions  discussed  in  the  next  section  provide  specific  examples  for  the  type  of 
processes  reaction  7  may  represent. 

The  kinetic  features  discussed  above  seem  to  provide  a  generic  mathematical  form  for  the 
rate  of  diamond  growth.  Nonetheless,  individual  reaction  mechanisms  may  alter  specific  details 
and  thus  affect  the  predictive  capabilities  of  such  models.  Furthermore,  mechanistic  details  may 
affect  the  predicted  surface  morphology  of  the  growing  film.  This  is  illustrated  in  Fig.  1,  which 
depicts  the  results  of  sterically-resolved  dynamic  Monte  Carlo  simulations  for  diamond  growth. 
The  process  of  diamond  growth  was  modeled"*  as  a  Markovian  sequence  of  collisions  between 
gas-phase  species  and  the  growing  surface.  The  outcome  of  an  individual  collision  between  a 
given  gaseous  species  and  a  given  surface  site  was  determined  by  its  probability,  which  was 
assumed  to  be  equal  to  the  product  of  the  conditional  probability  of  reaction  to  occur  upon  this 
collision  and  the  probability  of  the  collision  to  occur.  Each  simulation  started  with  a  100x100 
carbon  site  ideal  diamond  (001)  plane.  The  growth  was  assumed  to  follow  a  combined  methyl- 
and-acetylene  reaction  mechanism;"*  the  addition  of  gaseous  methyl  radicals  and  acetylene 
molecules  to  surface  radical  sites,  when  such  additions  were  allowed  sterically,  i.e.,  when  the 
repulsion  exerted  on  the  atoms  of  the  chemisorbing  species  was  not  substantial. 

Shown  in  Fig.  1  are  the  results  of  two  runs  performed  under  exactly  identical  conditions, 
except  that  the  addition  of  methyl  was  assumed  to  be  reversible  in  one  run  and  irreversible  in  the 
other,  The  film  growth  rates,  averaged  over  the  model  surface,  were  computed  to  be  the  same  in 
the  two  cases,  However,  the  two  results  differ  markedly  in  the  predicted  surface  roughness:  a 
much  smoother  film  is  obtained  when  the  methyl  addition  is  assumed  to  be  reversible  (see  Fig. 
1).  This  is  explained  as  follows.  During  the  deposition,  the  surface  is  saturated  with 
chemisorbed  methyl  groups.  Some  of  these  groups  are  adsorbed  at  surface  sites  at  which 
incorporation  of  the  groups  into  the  diamond  lattice  is  not  possible.  At  the  same  time,  each 
adsorbed  CH3  inhibits,  due  to  steric  repulsion,  adsorption  of  other  CH3  groups  at  near-by  sites. 
Thus,  when  the  adsorption  of  CH3  is  assumed  to  be  irreversible,  parts  of  the  surface  remain 
permanently  blocked,  resulting  in  a  rough  surface  morphology.  When  the  adsorption  of  CH3  is 
assumed  to  be  reversible,  such  blocking  CH3  groups  are  eventually  desorbed,  thus  providing 
another  opportunity  for  CH3  adsorption  at  sites  capable  of  incorporating  the  incoming  CH3  into 
the  diamond  lattice. 

Although  these  results  are  obtained  for  a  specific  reaction  mechanism,  the  phenomenon 
observed  should  be  rather  of  general  nature.  This  underscores  further  the  necessity  of 
establishing  surface  reaction  mechanisms  at  a  detailed,  elementary  level.  A  brief  review  of  the 
subject  is  given  below. 


SURFACE  REACTION  MECHANISMS 

Methyl  radicals  and  acetylene  molecules  are  the  most  abundant  gaseous  species  present  in  the 
deposition  zone  of  hot-filament,  flame,  and  plasma-assisted  diamond  CVD  reactors  as 
determined  experimentally7'*-78  and  predicted  computationally*'’79-32  Hence,  those  surface 

reaction  mechanisms  which  employ  either  CH3  or  C2H2  as  a  growth  species  were  given  the  most 
attention  and  are  reviewed  below. 
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Figure  1.  Surfaces  obtained  in  sterically-resolved  dynamic  Monte  Carlo  simulations 
of  diamond  growth  on  a  (001)  plane  composed  of  100x100  carbon  atom 
sites  using  a  methyl-and-acetylene-addition  reaction  mechanism  and 
assuming  the  methyl  addition  step  to  be  reversible  (top  panel)  or 
irreversible  (bottom  panel).  The  color  scale  on  the  right  is  the  number  of 
carbon  layers  in  the  [001]  direction. 


Methyl  Growth  Mechanisms 


Generally,  Ci-hydrocarbons  have  been  assumed  to  be  the  sole  growth  species  simply 
following  a  one-carbon-at-a-time  picture.  Recent  isotope  labeling  experiments, 33.34  reporting 
that  about  90  %  of  deposited  diamond  originates  with  methane  and  its  radicals,  support  this  point 
of  view.  A  series  of  less  direct  experiments33  echo  this  conclusion. 

Proposals  have  been  made  invoking  CHj  ions’3  and  CH4  molecules3®  but  without  suggesting 
possible  reactions.  The  mechanism  suggested  by  Tsuda  et  al.  that  implicated  either  gaseous 
methyl  cations3^  or  the  presence  of  a  positive  charge  on  the  surface,3*  faces  two  major 
difficulties.  First,  the  critical  role  of  ions  or  electrostatic  charges  has  not  been  corroborated  by 
experiment;  and  second,  a  prohibitively  strong  repulsion  exists  among  methyl  groups  required  to 
be  adsorbed  at  three  neighboring  sites  of  the  (111)  surface.  This  repulsion  has  been  computed  at 
different  levels  of  theory:  empirical,  using  Brenner  potential;3®  quantum  semiempirical,  using 
AMH®  and  ASED-MO^'  methods;  and  local  density  approximations.'*^ 

While  the  adsorption  of  three  neighboring  methyl  groups  seems  to  be  essentially  forbidden, 
the  adsorption  of  two  neighboring  methyl  groups  meets  only  a  moderate  repulsion. '**"'*3  The 
formation  of  a  C-C  bond  between  these  two  methyls  encounters  a  substantial  potential  energy 
barrier,  ~50  kcal/mol,  if  only  one  of  the  two  is  activated  by  H  abstraction. “*3  Such  relatively 
large  barriers  are  typical  for  the  addition  of  a  primary  hydrocarbon  radical  to  a  hydrogen- 
saturated  carbon  atom. ‘*‘*•'*3  When  both  methyl  groups  undergo  H  abstraction,  the  C-C  bond 
should  be  formed  quickly  and  irreversibly  as  is  typical  of  radical  combination. '•3  However,  the 
produced  -CH2-CH2-  adspecies  is  kinetically  unstable  under  the  conditions  of  diamond  CVD.*3 
Abstraction  of  an  H  atom  from  one  of  these  CH2  sites  will  be  followed  by  a  j3-scission  and 
ultimate  desorption  of  the  -CH=CH2  group.  This  sequence  of  events  limits  the  rest  of  the 
proposed  CHs-based  mechanisms  of  diamond  growth  on  (1 1 1)  and  (110)  surfaces. *.'*3.'*'^ 

The  most  promising  in  terms  of  mechanistic  understanding  appears  to  be  the  growth  on  (100) 
surfaces.  The  growth  on  (100)  surfaces  by  incorporation  of  CiHx  hydrocarbon  radicals  has  been 
advocated  from  considerations  of  surface  morphology .'**.'***  Harris^  proposed  a  specific  reaction 
mechanism  in  which  the  growth  is  initiated  by  the  addition  of  CH3  to  a  radical  created  on  a 
dihydride  surface.  After  an  H  atom  is  abstracted  from  the  adsorbed  CH3  and  another  H  is 
abstracted  from  the  neighboring  surface  site,  the  two  radicals  combine,  forming  a  next-layer 
diamond  site.  The  principal  difficulty  with  this  mechanism  is  the  strong  repulsion  exerted  on  the 
incoming  CH3.3b  In  fact,  due  to  the  repulsion  between  closely  spaced  hydrogen  atoms,  the 
dihydride  surface  itself  was  suggested  to  be  thermodynamically  unstable  at  typical  CVD 
conditions  and  to  reconstruct  to  a  monohydride  phase.3*  Such  reconstruction  was  observed 

experimentally33-56  and  supported  by  theoretical  calculations. 1.57-60 

Based  on  these  considerations,  it  has  been  proposed^l’.^l  that  the  growth  takes  place  on  a 
reconstructed,  (100)-(2xl)  surface,  initiated  by  the  addition  of  CH3  to  a  radical  site  of  the  surface 
dimer  unit.  Following  an  H  abstraction  from  the  adsorbed  CH3,  the  produced  CH2  adradical  is 
incorporated  into  the  diamond  lattice  by  opening  the  dimer  and  forming  a  bridge  between  the 
dimer  carbons.  We  will  refer  to  such  a  site  as  a  CH2-bridge  site  or  simply,  in  the  context  of  the 
present  discussion,  a  bridge  site.  In  one  of  the  proposed  mechanisms,^*!  the  CH2  adradical  forms 
a  C-C  bond  with  the  second  carbon  site  of  the  dimer  simultaneously  with  the  cleavage  of  the 
dimer  bond.  This  one-step  reaction  was  found  to  possess  a  substantial  potential  energy  barrier. 
In  the  other  mechanism,^!  the  reaction  proceeds  in  two  steps 
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(8) 


H  H 


This  two-step  reaction  mechanism  appears  to  be  energetically  and  kinetically  feasible,  as 
determined  by  using  empirical,®*  quantum  ab  initio,**  and  quantum  semiempirical*^  potentials. 
The  feasibility  of  this  reaction  is  further  supported  by  the  thermodynamic  stability  of  the  dimer 
monoradical, *2’®^  defying  in  this  case  the  /J-scission  rule. 

However,  reaction  8  alone  cannot  explain  propagation  of  diamond  growth,  as  it  only  “fills  in” 
the  dimer  sites  and  does  not  address  the  growth  between  the  nascent  bridge  sites.  Two  proposals 
were  made  regarding  this  issue.  In  the  mechanism  of  Harris  and  Goodwin,**  after  one  CH3 
group  is  inserted  into  a  dimer,  another  CH3  is  chemisorbed  to  a  nearby  radical  of  the  next-row 
dimer.  A  subsequent  H  abstraction  forms  a  bridge  site  next  to  the  first  one.  However,  as  will  be 
dicussed  later,  once  CH3  is  chemisorbed  to  a  dimer  radical,  it  is  more  likely  to  insert  into  that 
dimer  than  to  bridge  to  the  adjacent  bridge  site.  To  resolve  this  difficulty,  Zhu  et  al.®^  suggested 
that  after  the  first  step  of  reaction  8  and  before  the  second  one,  surface  radical  migration 
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takes  place,  followed  by  the  eventual  addition  of  the  lone  chemisorbed  CH2  group  at  the  initial 
bridge  site.  That  reaction  9  is  facile  was  based  on  a  relatively  small  endothermicity,  6  kcal/mol, 
computed®^  using  MM3  molecular  mechanics.®-*  However,  a  thermochemical  analysis®^ 
indicates  that  reaction  9  is  not  effective  in  competing  with  the  second  step  of  reaction  8. 
Furthermore,  neither  the  mechanism  of  Harris  and  Goodwin**  nor  that  of  Zhu  et  al.®^  can  resolve 
the  difficulty  arising  with  CH3  being  adsorbed  not  at  the  near-by  site  but  at  the  remote  site  of  the 
dimer,  as  e.g.  shown  below 
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The  configuration  formed  in  such  a  case — two  bridge  sites  separated  by  a  void  site — has  the 
geometry  of  a  dihydride  (100)  site  and,  as  mentioned  above,  exerts  a  large  steric  repulsion  on  the 
adsorption  of  CH3.  Thus,  the  occurrence  of  reaction  10  should  result  in  a  highly  defective  film 
or  cease  the  growth  altogether,  contrary  to  the  experimental  evidence  reviewed  by  Harris  and 
Goodwin**  and  Zhu  et  al.®*  A  remedy  to  such  disruptive  growth,  suggested  by  the  latter 
authors,®*  is  the  removal  of  undesirable  bridge  sites  by  the  reverse  of  reaction  8.  This 
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requirement,  however,  should  substantially  slow  down  the  growth,  again  contrary  to  experiment. 
Another  possibility  would  be  to  fill  in  the  void  sites  by  species  other  than  methyl.  For  instance, 
Imai  et  al.^5  performed  PM3-level  quantum  chemical  calculations  and  found  no  potential  energy 
barriers  for  the  addition  of  CH  or  CH2  to  a  CijHig  cluster  simulating  such  a  dehydrogenated 
void  site.  Yet,  the  concentrations  of  these  species  are  expected  to  be  orders  of  magnitude  lower 
than  that  of  CH3  in  the  deposition  zone  of  hot-filament  reactors,^-^* ’24,29  j  g  ^  under  the 
conditions  capable  of  producing  high  quality  diamond  films. 

Recently,  chemical  reactions  of  methyl  radicals  on  (100)  diamond  surfaces  have  been 
investigated  by  quantum-mechanical  calculations  at  the  PM3  semiempirical  level  performed  on  a 
series  of  small  and  large  size  clusters.^^  Among  a  variety  of  possible  chemisorption  sites 
considered,  surface  dimer  radicals  were  found  to  be  not  only  the  most  favorable  on  kinetic 
grounds,  but  the  only  type  capable  of  sustaining  the  subsequent  incorporation  of  adsorbed  methyl 
groups  into  the  diamond  lattice.  Migration  of  a  hydrogen  atom  from  one  surface  site  to  another, 
like 
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or  from  a  chemisorbed  CH3  group  to  a  neighboring  surface  radical,  like 
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was  found  to  be  faster  than  the  H  addition  and  H  abstraction  reactions  and  therefore  to  provide 
redistribution  of  radical  sites  on  the  reacting  surface.  For  instance,  due  to  fast  H  migrations,  the 
probability  of  having  a  dimer  radical  near  a  bridge  site  is  decreased  by  more  than  one  order  of 
magnitude.  The  decreased  lifetime  of  a  dimer  radical  when  it  neighbors  a  bridge  site  decreases 
the  rate  of  the  CH3  incorporation  into  void  sites  as  compared  to  the  CH3  insertion  into  dimers.  In 
other  words,  these  results  do  not  support  the  “trough”  mechanism  suggested  by  Harris  and 
Goodwinll  to  explain  the  growth  of  diamond. 

One  of  the  most  important  findings  of  our  recent  study^'l  is  the  migration  of  CH2  groups  on 
diamond  (100)  surfaces. 
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The  migration  was  found  to  be  feasible  on  both  kinetic  and  thermodynamic  grounds  and 

offers 

the  most  likely  explanation  for  the  formation  of  smooth  surfaces  observed  experimentally.  Being 
an  essential  part  of  the  diamond  growth  mechanism,  the  migration  of  CH2  can  be  viewed  as 
surface  “diffusion”  of  bridge  sites,  whose  rate  is  limited  by  the  H  addition  and  H  abstraction 
reactions. 

The  general  implication  of  the  CH2  migration  is  that  the  reaction  mechanism  of  diamond 
(100)  growth  consists  of  two  principal  features:^'*  conversion  of  dimer  sites  into  bridge  sites  and 
surface  migration  of  the  bridge  sites  towards  continuous  bridge  chains.  This  mechanism  does  not 
require  any  particular  order  of  dimer  formation  (which  may  include  reactions  of  gaseous  species 
other  than  methyl,  like,  e.g.,  acetylene;  see  next),  but  establishes  the  governing  role  of  surface 
diffusion.  This  conclusion  is  in  harmony  with  those  drawn  from  experimental  observations.^^ 

Acetylene  Growth  Mechanisms 

Ever  since  the  initial  proposal  that  acetylene  can  be  a  major  growth  species  in  chemical  vapor 
deposition  of  diamond,**  the  subject  has  been  surrounded  with  controversies.  Until  very  recently, 
numerous  experimental  studies  have  been  reported  claiming  that  acetylene  cannot  possibly  be  an 
efficient  growth  species.  The  new  evidence  presented  by  Loh  and  Cappelli®  demonstrates 
unambiguously  that  high-quality  diamond  can  be  grown  from  acetylene  as  a  sole  hydrocarbon 
source  and  with  a  rate  comparable  to  that  from  methane.  Similar  results  have  been  also  reported 
by  Martin.^^ 

Part  of  the  problem  has  been  associated  with  the  difficulty  of  visualizing  a  plausible  reaction 
mechanism  that  can  convert  a  presumably  unreactive  acetylene  molecule  into  a  diamond  lattice. 
Several  reaction  mechanisms  have  been  proposed,  each  being  criticized  and  none  so  far  accepted 
universally.  The  initial  mechanism  of  Frenklach  and  Spear,**  proceeding  through  sequential 
H-abstraction  and  acetylene-addition  reaction  steps,  was  found  to  possess  substantial  potential- 
energy  barriers. A  similar  reaction  pathway  via  concerted  transition  states^®  appeared  to 
encounter  no  energy  barriers,  but  was  criticized  for  its  first  step  being  highly  reversible  and 
estimated  to  proceed  in  the  reverse  direction  under  the  conditions  of  diamond  CVD.^*.'72 
Instead,  Belton  and  Harris^*  suggested  that  acetylene  adds  to  the  same  site  as  proposed  by 
Frenklach  and  Spear**  but  with  both  its  carbon  atoms,  not  just  one  as  in  the  original  proposal,** 
dehydrogenated.  Although  such  addition  resolves  the  thermodynamic  stability  of  the 
chemisorbed  acetylene,  in  that  its  desorption  rate — ^the  reverse  of  the  addition — is  negligible,  the 
difficulty  resides  in  its  kinetic  stability,  i.e.,  in  the  relatively  short  lifetime  of  the  adsorbate  in  the 
presence  of  bombardment  by  H  atoms,  as  compared  to  the  time  required  to  incorporate  the 
chemisorbed  acetylene  into  the  diamond  lattice. 
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The  proposal  of  Belton  and  Harris^*  continues  with  a  similar  addition  that  places  another 
acetylene  molecule  just  near  the  first  one.  The  two  chemisorbed  molecules  are  then  converted 
into  the  diamond  lattice  by  a  reaction  with  atomic  hydrogen.  Besler,  Hase  and  Hass®®  found, 
through  semiempirical  quantum-chemical  calculations,  that  such  conversion  can  proceed  as 
molecular  addition  between  the  neighboring  chemisorbed  acetylenes,  without  the  mediating  role 
of  hydrogen.  Thus,  the  minimum  requirement  for  this  growth  mechanism  is  that  the  first 
chemisorbed  acetylene  remains  adsorbed  until  the  second  acetylene  adsorption  takes  place. 

The  per-site  rate  for  the  adsorption  of  acetylene  at  a  biradical  site  is  Rcim  -  ^^^C2H2[C2H2]. 
Considering  typical  CVD  conditions'^ — temperature  1200  K,  /--O.l,  [C2H2]=[H]~10‘® 
mol/cm^ — and  assigning  a  conceivable  upper  limit  of  10^^  cm^mol'*s**  to  ^c2H2>  we  obtain 
•^C2H2  of  the  order  of  10^  s"';  with  ^c2H2  “  3x10®  cm^mok's't,  as  estimated  by  Belton  and 
Harris®*  for  1200  K,  the  acetylene  adsorption  is  even  slower,  Rci'tti  ~  **  *33  s"*. 

Let  us  now  consider  a  situation  where  one  C2H2  molecule  has  already  been  adsorbed  and  a 
second  C2H2  molecule  is  being  adsorbed  with  the  per-site  rate  of  /?C2H2~1**^  s'*-  During  this 
time,  however,  the  initially  adsorbed  C2H2  is  being  continuously  bombarded  by  H  atoms  and 
some  of  them  are  added  to  the  chemisorbed  acetylene.  We  estimate  the  per-site  rate  for  this 
addition  as  7?h~10^  s"*,  basing  it  on  a  rate  constant®*  of -10*-*  cm*moh*s"*  for  H  addition  to 
C2H4.  The  surface  radical  formed  is  unstable  and  undergoes  rapid  thermal  decomposition 

C,,-CH-CH2-Crf  ->  Cd-CzHi  +  Crf-  (16) 

with  a  rate  of -10®  s'*  (at  1200  K),  typical®*  for  such  ^scissions  of  C-C  bonds.  The  resulting 
chemisorbed  vinyl  desorbs  either  through  thermal  decomposition,  with  a  rate®*  of -0.1  s'*,  or 
through  the  addition  of  H  to  the  inner  carbon  of  the  vinyl  group  followed  by  /3-scission  of  C2H4, 
with  respective  rates  of  10"*  and  10®  s'*.  Comparing  these  rates  with  the  much  lower  rate  of 
acetylene  addition,  /?c2H2.  we  must  conclude  that  during  the  time  required  for  the  adsorption  of 
the  second  C2H2,  the  first  one  is  likely  to  desorb.  The  same  conclusion  still  holds  if  instead  of 
the  H-addition  reactions  we  would  invoke  tenfold  slower  H-abstraction  steps. 

The  above  analysis  points  out  the  general  feature — the  kinetic  instability  of  acetylene  bonded 
to  two  isolated  lattice  carbons.  This  places  a  prohibitive  restriction  on  many  of  the  proposed 
mechanisms  creating  -CH2-CH2-  pattern,  as  mentioned  earlier  for  the  methyl-based  reaction 
mechanisms.  Recent  kinetic  Monte  Carlo  simulations  demonstrated  that  the  growth  rate  of 
diamond  can  be  accounted  for  by  considering  combined  CH3  and  C2H2  additions,  in  which  two- 
center  additions  of  acetylene  are  disallowed  and  only  three-center  additions  permitted.®'*  This 
may  resolve  the  prohibition  of  the  two-center  reactions;  however,  serious  doubts  still  remain 
regarding  the  detailed  mechanism  proposed  for  the  three-center  acetylene  addition.  Although  the 
transition  state  determined  for  this  reaction  in  semiempirical  quantum-chemical  calculations  of 
Huang  et  al.®*  was  found  to  possess  no  potential  energy  barrier,  it  is  not  clear  that  such  a 
concerted  transition  state  can  be  attained  dynamically  with  sufficient  frequency.  Furthermore, 
calculations  confined  to  a  more  realistic  geometry  of  the  surface  appeared  to  produce  substantial 
barriers.®** 

Recently,  a  new  class  of  reactions  was  introduced*®  which  includes  the  addition  of  acetylene 
to  a  biradical  on  (001)  diamond  surface.  For  example,  the  reaction  pathway  shown  in  Fig.  2  was 
computed  to  be  kinetically  and  thermodynamically  feasible.  The  reaction  begins  with  the 
addition  of  acetylene  to  one  of  the  radical  sites,  with  a  potential  energy  barrier  of  8.4  kcal/mol 
and  the  rate  coefficient  of  2.4  xlO**  cm*mol'*s'*  at  1200  K.  The  resulting  acetylene  adduct  is 
thermodynamically  stable,  with  a  chemisorption  energy  of  95.0  kcal/mol.  The  overall  addition 
of  acetylene  to  a  biradical  is  essentially  irreversible,  with  the  equilibrium  constants  of -10***. 
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Incorporation  of  the  chemisorbed  acetylene  into  a  diamond  lattice  is  initiated  by  H  atom  addition 
to  an  sp^  carbon  atom,  which  is  immediately,  with  the  per-site  rate  of -10”^  s"*,  followed  by  p- 
scission,  similarly  to  reaction  16.  However,  under  the  present  circumstances,  the  formed  C2H3 
group,  chemisorbed  to  one  of  the  (100)-(2xl)  dimer  sites,  undergoes  a  rapid  insertion  reaction 
upon  either  H  abstraction  from  its  inner  C  atom,  H  addition  to  its  outer  C  atom,  or  H  migration  to 
a  neighboring  radical  site.  For  the  conditions  stated,  T  =  1200  K  and  [H]  =  10"®  mol/cm^,  H 
migration  is  estimated  to  be  the  fastest.  The  migration  of  the  inner  H  atom  of  the  chemisorbed 
C2H3  to  a  carbon  radical  of  the  adjacent-row  dimer  (see  Fig.  2)  is  estimated  to  occur  with  the  rate 
of  1.4x10^  s'l,  i.e.,  about  5x1 0^  times  faster  than  the  abstraction  of  the  inner  H  from  the 
adsorbed  C2H3  and  about  5x10'*  times  faster  than  the  addition  of  an  H  to  the  dimer  radical  site. 
The  reverse  migration  of  H  is  estimated  to  be  tenfold  slower  than  the  forward  reaction.  The 
(100)-(2xl)  dimer  with  the  H2C=C*  adspecies  formed  at  one  of  its  sites  undergoes  a  rapid  dimer 
opening,  shown  as  the  bottom  reaction  sequence  in  Fig.  2.  These  reactions  are  similar  to  those 
for  a  methylene  adspecies,  reaction  8,  but  with  an  additional  advantage  of  ending  with  the 
chemisorbed  =CH2  group,  which  also  can  be  incorporated  into  a  diamond  lattice  by  the 
migration  mechanism,  reaction  15.  Assuming  that  the  initial  addition  of  acetylene  to  a  radical 
site  is  rate  limiting^^  leads  to  event  probability  of  the  order  of  lO'^.  Multiplying  the  latter  by  r  = 
0.1,  the  probability  for  the  neighboring  site  to  be  a  radical,  we  obtain  lO'^,  which  is  within  the 
range  tested  in  recent  dynamic  Monte  Carlo  simulations^^  and  close  to  the  experimental  sticking 
probability  determined  by  Loh  and  Cappelli.’^^  The  proposed  mechanism  for  acetylene  addition 
is  also  consistent  with  recent  experimental  findings  of  Thomas  et  al.^^  that  acetylene  chemisorbs 
onto  a  room-temperature  diamond  surface  after  it  was  subjected  to  adsorption  of  oxygen 
followed  by  thermal  desorption  of  carbon  monoxide.  The  latter  should  leave  behind 
dehydrogenated  radical  sites,  some  of  which  may  be  biradical. 
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CONCLUSIONS 


The  main  conclusion  that  follows  from  the  recent  findings  reviewed  above  is  that  the  reaction 
mechanism  of  diamond  (100)  growth  consists  of  two  principal  features:  conversion  of  dimer  sites 
into  bridge  sites  and  surface  migration  of  the  bridge  sites  towards  continuous  bridge  chains.  The 
mechanism  does  not  require  any  particular  order  of  dimer  formation,  but  establishes  the 
governing  role  of  the  surface  migration  of  CH2  groups  on  diamond  (100)  surfaces.  The 
migration  was  found  to  be  feasible  on  both  kinetic  and  thermodynamic  grounds  and  offers  the 
most  likely  explanation  to  the  formation  of  smooth  surfaces  and  preferential  growth  at  steps 
observed  experimentally. 
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DIAMOND  CHEMICAL  VAPOR  DEPOSITION  :  GAS  COMPOSITIONS  AND  FILM 
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ABSTRACT 

Rate,  crystallinity  and  phase  purity  of  vapor-grown  diamond  deposits  are  discussed. 
Emphasis  is  on  microwave  plasma  CVD  of  diamond  from  C/H-,  C/H/0-,  C/H/F-, 
C/H/CI-  and  C/H/N-gas  mixtures. 

The  manufacture  of  wear-resistant  diamond  thin  films,  diamond  vacuum  window 
membranes  and  thick  diamond  heat  spreader  plates  are  used  as  examples  to  outline 
the  influence  of  various  deposition  parameters  on  the  performance  of  finished  prod¬ 
ucts  and  to  describe  the  use  of  ternary  gas  phase  compositional  diagrams  as  tools 
for  minimization  of  deposition  technology  and  product  optimization  efforts. 


INTRODUCTION 

Since  the  revitalization  of  diamond  chemical  vapor  deposition  in  the  late  1970s  [1-3], 
numerous  CVD  processing  variants  were  added  to  the  list  of  possible  ways  to  grow 
diamond  films  (see,  e.g.,  [4,  5]  for  an  extensive  list  of  references  and  a  critical  com¬ 
parison  of  the  methods).  The  driving  force  for  inventing  new  ways  of  diamond  making 
was  and  is  to  grow  better  quality,  more  uniform,  homogeneous  diamond  layers  onto 
larger  substrate  areas  at  higher  rates  and  lower  deposition  temperatures.  While 
some  of  the  methods  are  merely  of  scientific  interest,  others,  especially  microwave 
plasma  CVD  (applied  by,  e.g.  Crystallume,  DeBeers,  Philips),  DC  arc  jet  deposition 
(applied  by,  e.g.,  Norton  Diamond  Films,  Fujitsu),  RF  plasma  CVD  (applied  by,  e.g., 
Toyota)  or  hot  filament  diamond  deposition  (applied  by  General  Electric,  Diamonex) 
emerged  into  industrially  applicable  manufacturing  technologies  with  potential  for 
scale-up  and  volume  production  of  high  quality  material. 

In  addition  to  new  means  of  initiating  the  CVD  reactions,  such  as  filaments,  low  pres¬ 
sure  non-isothermal  or  higher  pressure  thermal  plasmas,  new  gas  compositions  were 
tested  in  order  to  improve  on  the  quality  and  phase  purity  of  the  deposit,  to  reduce 
the  thermal  load  on  the  substrate  and  to  increase  the  deposition  rates  (see  [4-6]  for 
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references).  Additives  to  the  carbon  carrier  gases  as  well  as  their  concentrations 
were  often  selected  by  trial-and-error  or  are  more  or  less  directly  connected  to  the 
specifics  of  the  deposition  process  used,  as,  e.g.,  the  use  of  acetylene/oxygen-mix¬ 
tures  in  the  combustion  fiame  diamond  growth  [7].  The  scientific  as  weli  as  the  patent 
iiterature  of  the  1980s  contain  a  wealth  of  methods  and  recipes  to  grow  diamond 
from  the  vapor  phase. 

In  an  effort  to  develop  a  unifying  scheme  for,  at  ieast,  the  various  CVD  approaches 
to  grow  diamond,  we  analyzed  the  data  provided  in  the  literature  by  over  30  years  of 
diamond  CVD  research  as  well  as  the  results  of  our  own  plasma  and  flame  growth 
experiments.  This  resuited  in  the  development  of  a  ternary  C/H/O-gas  phase  compo¬ 
sitional  diagram  [6]  that,  indeed,  provides  a  common  roof  for  all  diamond  CVD  meth¬ 
ods  known  to  date  and  helps  to  explain,  optimize  and  correiate  deposition  conditions, 
experimental  results  and  film  properties. 


GAS  PHASE  COMPOSITIONAL  DIAGRAMS  FOR  DIAMOND  CVD 

The  principles  of  constructing  a  ternary  C/H/O-diagram  and  its  use  to  predict  experi¬ 
mental  trends  and  specific  properties  of  the  deposited  material  are  outlined  in  [6].  In 
Its  first  version,  the  triangular  diagram  comprises  a  wedge-shaped  region  where  dia¬ 
mond  growth  is,  at  least  with  respect  to  the  gas  composition,  feasible.  This  “diamond 
domain”  extends  along  the  H-CO  tie  line  of  the  diagram  and  is  limited  by  a  region  of 
oxygen-rich  gas  compositions  from  which  no  deposit  forms  and  by  a  region  of  car¬ 
bon-rich  gas  mixtures  that  result  in  the  deposition  of  dominantly  amorphous,  non-dia¬ 
mond  carbon  phases. 

The  basic  principles  of  this  diagram  stood  the  test  of  time  and  the  existence  of  the  di¬ 
amond  domain  was  confirmed  by  many  authors  [8-10].  Its  position  and  shape  are 
surprisingly  accurately  explained  by  fairly  straight-forward  thermodynamical  calcula¬ 
tions  [11]. 

Since  its  first  publication,  additional  experiments  in  previously  unexplored  regions  of 
the  diamond  domain,  namely  gas  compositions  with  very  high  oxygen  and  carbon 
partial  pressures  with  almost  no  hydrogen  (i.e.  neither  added  H2  nor  H  as  part  of  the 
carbon  carrier,  led  to  modifications  of  its  shape  and  revealed  additional  trends  [8].  If 
solely  based  on  microwave  plasma  CVD  experiments  at  1.5  kW  and  50-110  mbar 
performed  on  the  same  deposition  unit,  the  diamond  domain  exhibits  a  lens  shape  as 
shown  in  Fig.  1  [8].  The  most  import  modifications  compared  to  the  earlier  version  [6] 
of  this  diagram  are: 


268 


a  lens-shaped  rather  than  a  wedge-shaped  diamond  domain. 

This  includes  the  fact  that  the  domain  narrows  down  to  a  singie  point  at  its 
right  side  near  the  C-0  side  line  of  the  diagram.  Carefully  performed  experi¬ 
ments  [8]  indicate  that  diamond  growth  without  any  hydrogen  in  the  system 
(neither  in  the  carbon  carrier  nor  added  H2)  is  not  feasible  and  at  least  0.5%  H 
needs  to  be  present  in  the  C/H/O-mixture  to  enable  diamond  growth. 


,non-dlamond- 
^ '  carbon 
growthreglon 


acetone 


no  groWth-reglon 


diamond 

“nano-cryst"  material 
0  non-diamond  carbon 
n  no  growth 


Xo^=0/(0+H) 


Fig.  1 :  Updated  C/H/O-gas  phase  compositional  diagram  of  diamond  CVD  [8]. 
The  data  are  solely  based  on  our  own  MW-plasma  CVD  experiments 
at  power  levels  of  up  to  1 .5  kW  and  pressures  of  50-110  mbar. 
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•  the  straight  oxygen-rich  border  of  the  diamond  domain  is  very  ciose  to  the  CO- 
H-tie  iine  of  the  diagram.  Its  position  was  not  oniy  confirmed  in  many  growth 
experiments,  but  is  also  nicely  illustrated  by  the  complete  vanishing  of  any  C- 
related  optical  plasma  emission  when  crossing  over  from  the  diamond  domain 
into  the  no-growth  region  of  the  diagram.  Interestingly,  both  the  sharpness  of 
the  oxygen-rich  domain  border  as  well  as  the  lens  shape  of  its  C-rich  border 
are  confirmed  by  thermodynamics  calculations  [1 1].  For  high  power  densities, 
calculated  and  experimental  domain  shape  seem  to  match  even  closer  than 
for  low  power/low  pressure  plasmas,  indicating  that  at  least  under  high 
power  density  conditions  the  system  can  be  close  to  thermodynamical 
equilibrium. 

Of  course,  the  correct  gas  phase  composition  is  not  the  only  requirement  for  diamond 
CVD.  If  no  energy  is  provided  to  the  system  in  order  to  sufficiently  radicalize  the  gas 
phase,  diamond  growth  will  not  proceed,  i.e.  the  diamond  domain  will  disappear.  For 
microwave  energies  of  only  500  W,  the  domain  is  narrower  than  indicated  in  Fig.1 
and  does  not  extend  over  the  full  width  of  the  triangular  diagram,  as  shown  by  P. 
Paroli  [9].  Therefore,  being  a  necessary  but  not  a  sufficient  prerequisite,  the  diamond 
domain  indicates  where  to  search  for  diamond  and  hence  provides  a  strategy  tool  to 
optimize  the  deposition  process  and  the  quality  of  the  deposit.  In  connecting  the  ex¬ 
perimental  results  of  over  30  years  of  worldwide  research,  it  also  illustrates  that  spe¬ 
cific  starting  materials  are  not  required  for  diamond  growth  and  that  many  CVD  dia¬ 
mond  patents  related  to  gas  phase  compositions  are  most  likely  obsolete. 

It  is,  of  course,  possible  to  construct  other  ternary  gas  phase  compositional  dia¬ 
grams.  In  order  to  evaluate  the  proposed  [12-17]  benefits  (lower  deposition  tempera¬ 
ture  and/or  higher  rates)  of  adding  halogen  compounds  to  the  diamond  CVD  gas 
phase,  we  performed  a  series  of  microwave  plasma  deposition  experiments  using 
C/H/CI-  and  C/H/F-gas  mixtures  [18].  We  were  able  to  confirm  diamond  growth  from 
both  gas  systems  and  plotted  our  results  [18]  along  with  literature  data  [12-17]  into 
C/H/CI-  and  C/H/F-gas  phase  compositional  diagrams.  The  hydrogen-rich  corner  of 
the  C/H/CI-diagram  is  shown  in  Fig.  2.  The  respective  diamond  domain  is  limited  to 
an  area  very  close  to  the  H-corner  of  the  diagram.  High  chlorine  concentrations  seem 
to  foster  the  deposition  of  non-diamond  carbon  phases.  In  our  microwave  experi¬ 
ments  we  were,  however,  unable  to  locate  a  region  inside  the  C/H/Cl-growth  domain 
that  would  provide  an  advantage  in  terms  of  rate,  phase  purity  or  deposition  tempera¬ 
ture  over  the  C/H/O-gas  compositions  we  tested.  This,  along  with  the  problems  asso- 
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ciated  with  the  handling  of  chlorine-containing  gas  mixtures  forced  us  to  terminate 
further  exploration  chlorine-assisted  diamond  CVD. 


Fig.  2:  H-rich  corner  of  the  C/H/CI-gas  phase  compositional  diagram  of  diamond  CVD 
[24]. 


In  the  case  of  fluorine-assisted  diamond  CVD,  evaluation  of  the  literature  [12-17]  and 
our  own  experimental  data  in  the  form  of  a  C/H/F-diagram  indicates  that  the  diamond 
domain  extends  well  into  the  fluorine-rich  region  of  the  ternary  system  (  see  also  W. 
Cassidy  et  al,  this  proceedings  for  corresponding  thermodynamical  calculations  of 
the  C/H/F  system).  However,  again  we  could  not  find  any  advantage  of  fluorine-as¬ 
sisted  diamond  CVD  over  growth  from  C/H/O-mixtures  and,  in  addition,  the  use  of  flu¬ 
orine  severely  restricts  the  type  substrate  materials.  Silicon,  e.g,  is  always  damaged, 
even  if  only  small  quantities  of  fluorine  are  present  in  the  plasma  activated  gas 
phase.  We,  therefore,  terminated  further  investigation  of  halogen-containing  diamond 
CVD  gas  mixtures. 
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Fig.  3;  Status  of  the  H-rich  corner  of  the  C/H/F-gas  phase  compositional  diagram. 


Fig.  4:  Present  status  of  the  full  size  C/H/F-gas  phase  compositional  diagram 


A  C/H/N-gas  phase  compositional  diagram  is  not  worth  plotting,  because  diamond 
growth  is  basically  limited  to  a  region  very  close  to  its  C/H-side  line.  Addition  of  only 
1%  nitrogen  gas  to  a  mixture  of  1%  CH4/H2  results  in  severe  deterioration  of  the 
crystaliine  structure  and  poor  phase  purity  of  the  deposited  material  [19],  As  detected 
by  emission  spectroscopy,  nitrogen-containing  compounds  in  the  source  material 
were  also  responsible  for  the  poor  quality  of  our  microwave  plasma  deposited  films 
grown  from  acetylene-oxygene  mixtures  [8]  (see  Fig.1). 


DIAMOND  FILM  PROPERTIES 

The  C/H/0-  or  C/H/X-diagrams  are  not  only  helpful  in  exploring  new  gas  composi¬ 
tions  but  also  to  optimize  the  start-up  or  shut  down  procedure  of  deposition  experi¬ 
ments,  and  to  help  minimizing  the  effort  needed  to  optimize  the  properties  of  the  de¬ 
posit  and  hence  of  the  final  product.  With  the  no-growth  region  bordering  the  dia¬ 
mond  domain  on  the  carbon-lean  side  and  the  region  of  non-diamond  carbon  growth 
on  the  C-rich  side  it  is  obvious  that  the  rate  has  to  drop  when  cutting  across  the  do¬ 
main  at  any  position  from  the  C-rich  to  the  C-iean  side  [6].  It  is  also  obvious  that  the 
phase  purity  has  to  improve  in  the  same  direction.  This  aliows  to  optimize  rate  versus 
phase  purity  for  any  given  application  according  to  the  limitations  imposed  by  the 
specific  product. 


Fig.  5  :  Deposition  rate  across  the  diamond  domain  for  three  different  microwave 
power  levels  at  100  mbar  (4  cm  0  Si;  T  =  800  °C). 


273 


Fig.  5  delineates  the  experimentally  determined  rate  variation  across  the  diamond 
domain  along  the  acetone-oxygen  tie  line  of  the  C/H/O-diagram  for  three  different  mi¬ 
crowave  power  levels  at  approximately  800  C  and  100  mbar  for  microwave  plasma 
CVD  experiments  onto  4  cm  diameter  silicon  wafers.  This  graph  also  nicely  confirms 
the  expected  rate  increase  for  higher  plasma  power  densities  (i.e.  higher  gas  phase 
temperatures)  already  discussed  in  [6]. 

In  the  course  of  developing  vacuum  windows  based  on  thin  diamond  membranes 
[20],  we  were  able  to  clearly  correlate  the  occurrence  of  membrane  damage  during 
the  required  wet  etching  procedure  with  the  CVD  gas  phase  composition.  Attempts  to 
correlate  the  membrane  destruction  with  crystal  size,  texture,  phase  purity  or  other 
deposition  parameters  failed.  TEM  data  of  our  films  [21]  indicate  that,  although  the 
crystalline  perfection  of  individual  diamond  grains  grown  from  gas  mixtures  with  high 
oxygen  levels,  i.e.  in  the  center  of  the  C/H/O-diagram,  is  better  and  the  dislocation 
densities  are  lower  than  for  C/H-grown  material,  connectivity  between  the  grains 
seems  to  be  a  problem  and  small  pores  are  likely  to  form.  Such  0-induced  structural 
differences  seem  to  be  responsible  for  the  observed  film  damage  during  the  window 
fabrication  process. 

Wear  resistant  coatings  can  be  grown  from  C/H-  and  C/H/O-gas  mixtures.  We  were 
able  to  demonstrate  that  if  the  nucleation  density  is  high  enough,  a  layer  of  only  50 
nanometer  of  CVD  diamond  grown  from  either  acetone/oxygen-  or  from  methane/hy¬ 
drogen-mixtures  converts  the  wear  performance  of  the  soft  surface  of  a  silicon  wafer 
to  that  of  a  tungsten  carbide  cutting  tool  insert  [22].  In  this  case,  optimization  of  the 
film  properties  along  the  diamond  domain  is  not  required  and  the  deposition  rate  ad¬ 
vantage  of  C/H/0-  over  C/H-gas  mixtures  can  be  fully  exploited.  However,  choosing 
the  proper  position  across  the  width  of  the  diamond  domain  allows  to  optimize  the 
wear  performance  of  a  film  versus  its  friction  properties  and  its  growth  rate.  While 
high  friction,  well-facetted  material  grows  closer  to  the  oxygen-rich  border,  low  fric¬ 
tion,  fine  grain  material  precipitates  closer  to  the  C-rich  border  of  the  diamond  do¬ 
main. 

Gas  phase  induced  crystallinity  and  phase  purity  changes  also  seem  to  affect  the 
thermal  and  optical  properties  of  the  deposit: 

The  thermal  conductivity  of  C/H/N-grown  diamond  is  usually  low  due  to  the  formation 
of  amorphous  components  during  the  deposition  process.  It  is  also  well  known  that 
the  presence  of  nitrogen  in  the  CVD  gas  phase  quenches  the  diamond  A-band  lumi- 
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nescence  at  445  nm.  In  that  sense,  avoiding  any  nitrogen  to  be  present  in  the  system 
will  help  to  improve  the  performance  of  the  deposited  material. 

Preliminary  resuits  of  a  comparison  of  thermal  diffusivity  data  of  a  large  number  of 
our  C/H-  and  C/H/O-grown  diamond  thin  and  thick  films  reveals  that  it  is  difficult  to 
grow  high  quality  heat  sink  material  from  oxygen-containing  gas  mixtures.  Although 
we  were  able  to  grow  250  nm  thick  white  diamond  disks  with  a  thermal  conductivity 
as  high  as  22±2  W/cm  K,  the  thermal  conductivity  of  materiai  grown  from  gas  mix¬ 
tures  with  high  oxygen  partial  pressures  never  exceeded  10  W/cm  K  [23]. 


CONCLUSION 

The  composition  of  the  CVD  gas  phase  plays  a  vital  role  for  the  diamond  deposition 
process,  its  optimization  with  respect  to  rate,  phase  purity,  substrate  temperature  and 
substrate  materiai.  It  is  equally  important  for  the  mechanical,  optical,  thermal  and 
electrical  properties  of  the  deposited  material. 

Ternary  gas  phase  compositional  diagrams  are  not  only  scientifically  interesting  but 
are  helpful  tools  that  provide  a  strategy  to  minimize  the  effort  needed  for  optimization, 
and  thus  reduce  diamond  CVD  process  and  product  development  costs. 
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ABSTRACT 

Growth  and  etch  rates  for  diamond  homoepitaxy  have  been  measured  in  situ  using  Fizeau 
interferometry.  Experiments  were  conducted  in  a  hot-fdament  reactor  using  hydrogen,  methane, 
and  oxygen  feed  gases  at  a  reactor  pressure  of  25  torr.  The  substrate  temperature  dependence  for 
growth  on  diamond(lOO)  was  studied  for  0.5%  and  1%  CH4  and  0-0.44%  O2.  Apparent 
activation  energies  of  17  and  5  kcal/mol  were  determined  for  growth  from  0.5%  and  1%  CH4  in 
hydrogen,  over  the  ranges  of  700  -  1000  °C  and  800  - 1050  °C,  respectively.  When  a  minimal 
amount  of  oxygen  was  added  to  the  feedstock,  the  growth-rate  behavior  was  similar  for  that  with 
pure  methane.  With  greater  amounts  of  added  oxygen,  growth  rates  were  higher  than  those 
without  oxygen  at  low  temperatures,  proceeded  through  a  maximum,  and  then  decreased  until 
etching  was  observed  at  high  temperatures.  Similar  behavior  was  observed  for  growth  from  1% 
CH4  with  and  without  oxygen.  We  also  measured  the  temperature  dependence  for  etching  of 
homoepitaxial  diamond  films  in  hydrogen  with  0-0.1%  O2,  and  observed  etch  rates  of  0.01  -  0.1 
microns/hr  in  the  range  of  950  -  1 150  °C.  We  propose  that  oxygen  facilitates  diamond  growth  at 
low  temperatures  by  enhancing  the  removal  of  both  sp2-  and  sp^-bonded  “errors”  and/or  by 
increasing  the  efficiency  of  carbon  incorporation  by  roughening  the  diamond  surface,  and  that 
these  etching  processes  become  dominant  at  high  temperatures. 


INTRODUCTION 

The  addition  of  oxygen-containing  precursors  to  the  gas  mixture  in  diamond  chemical  vapor 
deposition  (CVD)  has  been  shown  to  have  a  number  of  important  effects.  These  effects  include 
increasing  or  decreasing  growth  rate  depending  on  sample  temperature  and  carbon-oxygen  ratio, 
and  improvements  in  film  quality  [1-7].  The  mechanistic  role  that  oxygen  plays  in  diamond  CVD 
is  unclear,  however,  and  we  have  undertaken  to  explore  that  role  by  studying  the  kinetics  of 
homoepitaxial  diamond  growth  and  etching  by  in  situ  Fizeau  interferometry.  This  technique 
provides  a  very  sensitive  monitor  of  thickness  changes  as  well  as  gives  an  indication  of 
morphological  changes,  and  allows  us  to  systematically  investigate  diamond  CVD  rapidly  and 
efficiently.  We  have  found  that  the  addition  of  oxygen  enhances  growth  rates  at  lower  substrate 
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temperatures  but  results  in  etching  at  higher  temperatures,  and  is  more  effective  than  hydrogen 
alone  at  removal  of  sp^  and  sp^  carbon. 


EXPERIMENTAL 


We  have  measured  the  substrate  temperature  dependence  for  growth/etching  of  diamond(l(X)) 
[8]  in  a  hot-filament  reactor  under  the  growth  conditions  described  in  Table  I.  Raman 
spectroscopy  performed  on  selected  samples  after  several  growth  experiments  showed  a  sharp 
peak  at  1332  cm’l  but  no  evidence  for  sp2  carbon.  Substrates  were  held  between  two  mullite  tubes 
and  heated  by  tungsten  or  rhenium  wires  embedded  in  the  mullite.  The  sample  temperature  was 
monitored  by  a  chromel-alumel  thermocouple  cemented  to  the  mullite  support. 


I.  Growth  Conditions 


Substrate: 
Filament: 
Flow  rates: 


Reactor  pressure: 
Filament  temperature: 
Filament  -  Substrate  Distance: 


type  2a  diamond  (100) 
0.127  mm  W  wires  (3) 
H2,  1 50  seem 
CH4,  0.75,  1.0  seem 
O2.  0  -  0.67  seem 
25  torr 
2050 “C 
5.0  -  7.0  mm 


Separate  etching  experiments  were  performed  with  0  -  0. 1  %  O2  in  150  seem  H2  and  no  CH4. 
The  remaining  parameters  in  the  etching  experiments  were  identical  to  those  listed  in  Table  I. 

Growth  and  etch  rates  were  monitored  in  situ  by  optical  Fizeau  interferometry  using  633  nm 
light  from  a  HeNe  laser  reflected  at  near-normal  incidence  from  the  back  side  of  the  natural 
diamond  substrate  [9,10].  The  existence  of  a  slight  wedge  angle  between  the  back  and  front  faces 
of  the  substrate  causes  interference  in  the  light  reflected  from  the  two  faces,  producing  a  spatial 
fringe  pattern  with  a  spacing  of  131  nm.  Deposition  or  removal  of  diamond  causes  the  pattern  to 
propagate  laterally,  shifting  by  one  fringe  for  a  thickness  change  of  131  nm.  In  these  experiments 
the  fringe  pattern  image  was  projected  onto  a  CCD  video  array  and  the  output  recorded  on 
videotape.  Analysis  of  the  data  was  performed  by  measuring  the  fringe  positions  as  displayed  on 
a  video  monitor  as  a  function  of  time.  Thickness  changes  as  small  as  10  nm  were  observable. 


RESULTS 

The  dependence  of  the  growth  rate  on  substrate  temperatures  at  a  CH4  concentration  of  0.5%  is 
shown  in  Fig.  1.  For  the  sample  grown  without  oxygen  we  measured  an  apparent  activation 
energy  of  17  kcal/mol.  Addition  of  0.05%  O2  produced  no  significant  change  in  the  growth-rate 
behavior  from  that  of  pure  methane  in  hydrogen.  For  the  remaining  samples  grown  with  oxygen 
the  growth  rate  is  enhanced  relative  to  that  from  pure  methane  at  low  temperatures,  increases  to  a 
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maximum,  and  then  decreases  until  etching  is  observed  at  high  temperatures.  For  0.09  and  0. 14% 
O2  the  behavior  is  similar,  with  maximum  rates  of  0.33  and  0.30  microns/hr  at  800  °C, 
respectively,  and  etching  is  observed  at  Ts  >  1000  °C.  For  0.21%  O2  this  behavior  is  more 
pronounced,  with  a  growth-rate  maximum  of  0.54  microns/hr  measured  at  900  °C  and  etching 
observed  at  Fs  >  950  °C. 
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Fig.  1.  Dependence  of  homoepitaxial  [100]  growth/etch  rate  on  substrate  temperature,  0.5%  CH4. 


The  dependence  of  the  growth  rate  on  substrate  temperatures  at  a  CH4  concentration  of  1%  is 
shown  in  Fig.  2.  For  the  sample  grown  without  oxygen  we  measured  an  apparent  activation 
energy  of  5  kcal/mol.  For  the  sample  grown  with  0.44%  oxygen  we  observe  a  maximum  growth 
rate  of  0.87  microns  at  900  °C  and  etching  above  1050  °C. 

The  dependence  of  etch  rate  on  substrate  temperature  with  0  -  0.1%  O2  in  150  seem  H2  (Tf  = 
2050  °C,  P  =  15  torr)  is  shown  in  Fig.  3.  For  etching  in  hydrogen  alone,  we  observed  rates  of 
0.01  -  0.1  microns/hr  for  sample  temperatures  of  1050  -  1 150  °C.  Similar  etch  rates  were 
observed  for  mixtures  of  oxygen  and  hydrogen  between  950  and  1050  °C.  At  1050  °C  the  etch 
rate  with  0.05%  and  0.1%  O2  is  roughly  two  and  four  times  the  etch  rate  in  hydrogen  alone. 
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Fig.  2.  Dependence  of  homoepitaxial  [100]  growth/etch  rate  on  substrate  temperature,  1%  CH4. 


Fig.  3.  Dependence  of  homoepitaxial  [100]  etch  rate  on  substrate  temperature. 


DISCUSSION 


The  growth-rate  behavior  for  pure  methane  in  hydrogen  shown  in  Fig.  1  and  Fig.  2  is 
qualitatively  similar  to  that  reported  previously  on  diamond  (100)  [9,1 1]  and  for  growth  of 
polycrystalline  films  [12-14].  Further  work  will  be  necessary  to  understand  the  differences  in 
apparent  activation  energies  between  the  0.5%  and  1%  methane  results,  but  changes  in  effective 
activation  energy  with  methane  concentration  have  been  reported  previously  for  polycrystalline 
films  [12,13].  Unlike  the  reported  growth  kinetics  for  polycrystalline  films  without  oxygen  [12- 
14],  however,  we  do  not  observe  a  decline  in  growth  rates  at  temperatures  above  850  -  950  °C. 

The  addition  of  oxygen  to  the  gas  mixture  produces  striking  effects  which  cannot  be  atttibuted 
to  gas-phase  chemistry  [15]  alone.  The  enhanced  growth  rate  at  lower  substrate  temperatures  is 
consistent  with  the  qualitative  observations  reported  previously  [1-7];  however,  the  transition  from 
growth  to  etching  as  the  substrate  temperature  rises  as  seen  in  Figs.  1  and  2  has  significant 
implications.  This  result  suggests  that  growth  and  etching  are  competing  processes  over  the  entire 
temperature  range,  with  growth  dominating  at  low  substrate  temperatures  and  etching  at  high 
substrate  temperatures.  The  kinetics  data  in  Fig.  1  also  shows  that  the  addition  of  more  and  more 
oxygen  pushes  this  transition  to  subsequently  lower  temperatures  while  increasing  the  maximum 
growth  rate.  Further  experiments  are  needed  to  explore  how  far  this  trend  will  continue  with  yet 
higher  oxygen-carbon  ratios. 

The  etching  kinetics  data  shown  in  Fig.  3  shows  that  addition  of  oxygen  results  in  a  higher  etch 
rate  than  with  (atomic)  hydrogen  alone.  We  have  also  conducted  experiments  in  etching  of 
polycrystalline  CVD  diamond  films  in  pure  hydrogen  and  in  H2+O2  which  demonstrated  that  the 
addition  of  oxygen  resulted  in  more  efficient  removal  of  sp3  and  sp2  carbon  [9].  These  results 
suggest  that  the  enhancement  in  growth  rate  at  lower  temperatures  is  due  to  enhanced  etching  with 
oxygen  as  opposed  to  hydrogen  alone,  and  that  at  higher  substrate  temperatures  the  dominance  of 
etching  over  growth  is  due  not  only  to  the  addition  of  oxygen  but  also  to  the  increased  rate  of 
etching  by  atomic  hydrogen.  However,  the  etch  rate  due  to  atomic  hydrogen  is  much  less  than  the 
growth  rate  so  that  no  decline  in  the  net  growth  rate  is  observed. 

The  growth/etching  kinetics  presented  here  support  the  proposition  that  high  quality  diamond 
homoepitaxy  requires  simultaneous  growth  and  etching  [16,  17],  and  indicate  that  these  competing 
processes  have  different  effective  activation  energies  which  need  to  be  determined  in  order  to 
model  this  behavior.  Efforts  are  underway  in  our  laboratory  to  further  explore  the  effects  of 
oxygen  addition  on  diamond  growth  and  etching  through  the  study  of  homepitaxial  growth 
kinetics  simultaneously  with  gas-phase  chemistry. 
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ABSTRACT 

Diamond  growth  rates  and  quality  were  studied  as  a  function  of  source  gas  composition  and 
correlated  with  position  on  the  ternary  C-H-O  diagram.  The  chemical  potentials  of  carbon  and 
oxygen  change  dramatically  on  either  side  of  the  H2-CO  tie  line,  leading  to  large  differences  in 
the  equilibrium  distribution  of  species.  These  differences  are  reflected  in  the  species  flux 
reaching  the  diamond  surface,  and  hence  in  the  quality  and  growth  rate  of  the  diamond.  In  situ 
microbalance  measurements  in  a  hot-filament  reactor  show  that  the  reaction  rate  is  independent 
of  the  CO  concentration,  but  decreases  with  increasing  O2.  Quality,  as  measured  by  Raman 
spectroscopy,  increases  as  the  C/C+0  ratio  in  the  source  gases  is  reduced  to  approach  the  critical 
value  of  0.5.  The  stability  of  the  filaments  to  decarburizing  and  oxidation  are  correlated  with  the 
carbon  and  oxygen  chemical  potentials  and  hence  to  the  position  on  the  C-H-O  diagram.  A 
preliminary  ternary  diagram  for  the  C-H-F  system  is  presented. 

GAS  PHASE  COMPOSITIONS 

Since  its  introduction  [1],  the  ternary  C-H-O  diagram  has  proven  to  be  a  very  useful  tool  for 
study  of  the  chemical  vapor  deposition  of  diamond  [1].  A  thermochemical  explanation  of  the 
diagram  has  been  given  by  Prijaya  et  al.  [2], 

Gas  phase  compositions  for  diamond  growth  are  slightly  undersaturated  with  solid  carbon  at 
the  gas  activation  temperature.  As  the  gas  cools,  it  becomes  supersaturated  with  carbon  and  solid 
carbon  can  precipitate.  Gases  containing  only  the  elements  C,  H  and  O  in  equilibrium  with  solid 
carbon  are  dominated  by  H2  and  CO  at  high  temperatures.  Therefore,  diamond  growing  gas 
compositions  are  close  to  the  H2-CO  tie  line  on  the  ternary  C-H-O  diagram. 

Solubility  curves  calculated  using  the  methods  of  Prijaya  et  al.  [2]  are  shown  in  Fig.  2.  The 
solubility  curves  for  the  C-H-O  system  are  a  generalization  of  the  results  of  Sommer  and  Smith 
[3,4],  Lersmacher  et  al.  [5]  and  Anthony  [6],  In  Fig.  1,  and  throughout  this  paper,  we  use  the 
nomenclature  of  Bachmann  et  al.  [1],  in  which  the  number  of  gram  atoms  of  carbon,  hydrogen 
and  oxygen  in  the  source  gases  are  represented  by  C,  H  and  O. 

Equilibrium  calculations  show  that  the  concentrations  of  secondary  species  change 
dramatically  near  the  H2-CO  tie  line  [2].  Results  of  such  calculations  are  shown  in  Fig.  2.  Large 
changes  in  mole  fraction  occur  at  the  critical  concentration  CtC+O  =  0.5. 

Gas  phase  compositions  in  the  diamond  growing  domain  were  studied  by  mass  spectroscopy 
and  by  optical  emission  spectroscopy.  The  ratio  of  the  mass  spectrometer  signals  for  CH4  and 
C2H2  in  a  hot-filament  reactor  is  shown  in  Fig.  3.  Note  that  as  the  O/C-i-O  ratio  increases,  the 
ratio  of  CH4  to  C2H2  increases.  This  is  in  qualitative  agreement  with  the  calculations  shown  in 
Fig.  2.  The  measured  change  in  CH4/C2H2  ratio  is  less  than  one  would  infer  from  Fig.  2  because 
of  mixing  and  deviation  from  equilibrium  at  points  removed  from  the  filament. 
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Figure  1.  Calculated  carbon 
solubility  curves  at  30  torr  for 
a  series  of  temperatures.  The 
solubility  curves  delineate  the 
approximate  boundaries  of 
gas  compositions  that  have 
been  successfully  used  to 
grow  diamond  [1]. 


1.00 


Figure  2.  Calculated  mole 
fractions  versus  C/C+O  at 
2300K  and  30  torr.  The 
partial  pressure  of  H2  was 
fixed  at  27.5  torr.  The 
vertical  dashed  line  shows  the 
carbon  solubility  limit  at 
2300K.  The  diamond 
domain  extends  from  that 
point  down  to  a  value  of 
C/C+O  of  approximately  0.5. 
Note  that  the  C2FIx 
molecules,  e.g.,  C2H2, 

undergo  greater  changes  than 
the  CHx  molecules,  e.g.,  CH4. 
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Figure  4  shows  optical  emission  spectra  from  an  oxygen/acetone  plasma  during  microwave 
assisted  diamond  deposition.  The  strong  emissions  from  the  CH,  C2  and  C3  bands  are  quenched 
as  the  C/C+0  ratio  is  decreased  to  less  than  0.5.  This  result  is  in  agreement  with  the  prediction 
of  the  equilibrium  calculations  for  CH  shown  in  Fig.  2  and  for  C2  and  C3  given  in  reference  [2]. 


Figure  3.  Ratio  of  mass  spectrometer  signals  of  CH4  to 
C2H2  vs.  O/C+0  during  hot  filament  assisted  deposition  of 
diamond  at  30  torr.  Gas  mixtures  made  up  from  0.5%  CH4 
in  H2  and  1.5%  O2  inHa., 


Figure  4.  Optical  emission  spectra  for  CH,  C2  and  C3 
during  microwave  plasma  assisted  deposition  of  diamond 
from  acetone  and  oxygen  at  100  torr  and  power  of  3.6  kW. 


DIAMOND  GROWTH  RATES  AND  QUALITY 


The  growth  rate  of  diamond  was  studied  during  hot-filament  assisted  deposition  using  the  in 
situ  microbalance  described  by  Wang  and  Angus  [7].  The  source  gas  was  comprised  of  CH4,  H2 
and  O2,  The  growth  rate  is  plotted  as  a  function  of  O/C+O  ratio  in  Fig.  5. 

The  growth  rates  for  each  individual  methane  concentration  approach  zero  as  the  ratio  O/C+O 
in  the  gas  phase  approaches  0.5.  This  result  is  consistent  with  the  thermochemical  analysis, 
which  shows  that  the  gas  becomes  undersaturated  with  respect  to  carbon  at  this  point  [2]. 

The  results  also  agree  with  the  conclusion  that  in  hot-filament  reactors  CO  acts  as  an 
unreactive  sink  for  carbon  in  the  gas  phase.  This  was  confirmed  by  experiments  in  which  CO 
was  added  to  the  hot-filament  microbalance  reactor  after  steady-state  diamond  growth  had  been 
achieved.  No  measureable  decrease  in  rate  was  observed.  However,  successful  growth  of 
diamond  from  CO/H2  gas  mixtures  by  microwave  assisted  plasma  deposition  indicates  that  the 
effective  temperatures  in  plasmas  are  high  enough  to  decompose  CO. 


Figure  5.  Growth  rate  of 
diamond  during  hot  filament 
assisted  deposition.  Pressure 
was  30  Torr.  Each  data  point 
is  the  average  of  several  runs. 
The  error  bars  show  plus  and 
minus  one  standard  deviation. 


The  Raman  spectra  of  diamond  grown  from  acetone/oxygen  mixtures  in  a  microwave-assisted 
reactor  at  two  different  values  of  C/C+O  are  shown  in  Fig.  6.  The  spectra  are  much  cleaner  at  the 
carbon-lean  edge  of  the  diamond  domain  (C/C+O  =  0.48)  than  at  the  carbon-rich  edge  (C/C+O  = 
0.57). 

DIAGRAMS  FOR  C-H-F  AND  C-H-Cl 

The  same  technique  described  by  Prijaya  et  al.  [2]  was  used  to  generate  carbon  solubility 
curves  for  the  C-H-F  and  C-H-Cl  systems.  Solubility  curves  for  the  former  are  shown  in  Fig.  7. 
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Phase  Purity  across  the  Diamond  Domain 


Figure  6.  Raman 
spectra  of  diamond 
grown  by  microwave 
assisted  deposition 
from  acetone/oxygen. 
Compositions  are  : 
Xoi  =  C/C+0  =  0.48 
(carbon  lean)  and  0.57 
(carbon  rich). 


The  carbon  solubility  curves  in  the  C-H-F  system  start  near  the  H  corner,  approach  the  HF  side  of 
the  triangular  diagram  near  the  point  H/H+F  =  0.5  and  terminate  on  the  C-F  side  near  C/C+F  = 
0.2.  This  effect  arises  because  the  gas  phase  compositions  in  equilibrium  with  solid  carbon  are 
dominated  by  HF  because  of  its  stability.  The  carbon  solubility  curves  for  the  C-H-Cl  system 
(not  shown)  show  low  carbon  solubilities  in  the  gas  phase  except  at  very  high  temperatures. 

The  results  of  several  experiments  using  H2/CF4/CH4  mixtures  in  a  conventional  microwave 
diamond  deposition  system  are  plotted  in  Fig.  7.  The  limited  results  support  the  conclusions 
from  the  calculations  that  in  the  C-H-F  and  C-H-Cl  systems  the  diamond  growing  compositions 
are  at  compositions  leaner  in  carbon  than  in  the  C-H-0  system. 


Figure  7.  Computed 
solubility  curves  for  the 
C-H-F  system  at 
temperatures  from  1400 
to  3000K.  Total  pressure 
is  30  torr.  The  H2-CF4  tie 
line  is  also  shown. 
Successful  diamond 
growing  compositions  are 
indicated  by  open 
symbols;  the  experiment 
that  gave  non-diamond 
carbon  by  a  filled  symbol. 
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FILAMENT  STABILITY 


The  rate  of  generation  of  atomic  hydrogen  decreases  as  the  extent  of  carburization  of  the 
filament  increases  [3,8],  Furthermore,  the  rate  of  diamond  formation  is  believed  to  be 
proportional  to  the  local  hydrogen  atom  concentration.  Therefore,  the  state  of  carburization  of 
the  filament  is  an  important  variable  in  determining  the  efficiency  of  a  hot  filament  diamond 
deposition  system. 

Tungsten  and  tantalum  filaments  can  exist  as  metals  or  carbides,  or  can  become  oxidized  if 
the  chemical  potential  of  oxygen  is  sufficiently  high.  The  equilibrium  state  of  the  filament  can 
be  plotted  on  the  C-H-O  diagram.  The  line  for  the  equilibrium  reaction  W  +  C  =  WC  lies  close 
to  the  H2-CO  tie  line;  but  the  line  for  the  reaction  W  +  3/2O2  =  WO3  is  at  much  higher  oxygen 
contents.  On  the  other  hand,  for  tantalum  the  line  for  the  reaction  Ta  +  5/2O2  =  Ta205  is  very 
close  to  the  H2-CO  tie  line.  This  means  that  tantalum  filaments  will  be  prone  to  oxidation  if  the 
source  gas  compositions  deviate  slightly  below  a  ratio  of  C/C+0  =  0.5.  We  have  found  this 
effect  experimentally.  Tantalum  filaments  oxidize  rapidly  with  very  small  excursions  of  C/C+O 
ratio  below  0.5. 

SUMMARY 

The  diamond  growing  domain  originally  described  by  Bachmann  and  co-workers  [1]  is 
defined  by  overall  source  gas  compositions  that  are  close  to  the  carbon  solubility  limit  at  gas 
activation  temperatures.  Equilibrium  calculations  delineate  the  approximate  boundaries  of  the 
diamond  domain  for  the  C-H-O  system.  Similar  methods  are  used  to  predict  feasible  overall 
source  gas  compositions  in  the  the  C-H-F  and  C-H-Cl  systems.  The  ternary  diagrams  can  also  be 
used  to  correlate  diamond  growth  rates  and  quality,  which  are  a  strong  function  of  the  overall 
elemental  C/C+O  ratio  in  the  source  gases.  Growth  rates  decrease  and  quality  of  individual 
crystals  increases  as  the  C/C+O  ratio  is  decreased  to  approach  a  value  of  1 . 
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ABSTRACT 


Diamond  nucleation  has  been  investigated  on  a  variety  of  potential  heteroepitaxial  substrate 
materials.  Previous  work  in  this  laboratory  has  demonstrated  heteroepitaxial  nucleation  on  both  Si 
and  Sic  substrates  via  bias-enhanced  nucleation  (BEN).  In  this  study  the  effects  of  BEN  of 
diamond  on  refractory  metal  substrates  is  investigated  in  detail.  Initial  data  suggest  a  strong 
correlation  between  the  carbide  forming  nature  of  the  substrate  material  and  the  rate  of  nucleation 
during  biasing.  Our  second  avenue  of  research  involves  low  pressure  diamond  growth  on  nickel. 
This  material  is  a  promising  material  due  to  its  close  lattice  match  and  recent  evidence  of  epitaxy 
reported  by  other  researchers.  To  form  heteroepitaxial  diamond  on  nickel  a  high  temperature 
pretreatment  routine  has  been  established  and  is  the  basis  for  this  area  of  research.  The  relative 
importance  of  hydrogen  absorption  during  this  routine  is  explored  and  correlated  to  the  formation 
and  degree  of  diamond  epitaxy. 


Introduction 


The  understanding  as  to  how  the  formation  of  a  carbide  influences  diamond  nucleation  is 
important.  Results  from  the  initial  diamond  research  on  silicon  indicated  that  a  silicon  carbide 
interlayer  formed  which  was  detected  via  transmission  electron  microscopy  and  observed  to  be 
typically  less  than  a  few  hundred  angstroms  in  thickness.[l]  Also,  surface  analytical  studies  on 
diamond  scratched  silicon  substrates  have  been  undertaken  to  confirm  the  formation  of  this  carbide 
and  to  determine  its  relevance  on  diamond  nucleation. [2,  3]  Previous  work[2,  3]  indicated  the 
creation  of  a  carbide  prior  to  detecting  the  presence  of  diamond,  which  suggests  that  diamond  may 
be  nucleating  on  the  resultant  carbide.  It  should  be  noted  though  that  very  early  during  nucleation 
the  presence  of  diamond  is  difficult  to  observe  since  the  quantity  of  diamond  present  may  be  below 
the  sensitivity  of  the  typical  analytical  instrumentation.  This  stipulation  makes  it  difficult  to 
altogether  rule  out  the  possibility  that  diamond  may  be  nucleating  on  the  silicon  rather  than  the 
carbide  phase.  This  also  holds  true  for  other  carbide  forming  substrates  such  as  the  refractory 
metals.  Although,  in  a  work  involving  diamond  deposition  on  refractory  metal  substrates  Joffreau 
et  al.[4]  observed  a  correlation  between  diamond  nucleation  and  the  kinetic  properties  of  the 
resulting  carbides.  This  eludes  to  the  possibility  that  the  resultant  carbide  is  a  principle  component 
for  influencing  diamond  nucleation.  In  this  study  and  others  the  thickness  of  the  carbide  overlayer 
formed  via  the  CVD  environment  is  on  the  order  of  a  few  microns  and  was  confirmed  via  XRD. 
Although  silicon  and  the  refractory  metals  are  similar  in  that  they  both  form  carbides,  these 
materials  are  different  in  that  they  possess  unique  carbide  structures  and  material  properties.  Much 
may  be  gained  from  a  better  understanding  of  diamond  nucleation  if  one  were  to  study  and 
compare  the  attributes  of  diamond  nucleation  on  these  materials  such  as  that  performed  by 
Joffreau[4]  and  his  colleagues. 

The  use  of  nickel  as  a  substrate  in  the  low  pressure  growth  regime  typically  results  in  the 
formation  of  graphite  rather  than  diamond.  Sato  et  al.[5]  have  indicated  that  it  is  possible  under 
certain  conditions  to  form  diamond  on  nickel  at  low  pressure.  There  has  been  recent  success  in  not 
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only  forming  diamond  on  nickel  but  also  obtaining  highly  oriented  diamond.  [6,  7]  This  has  been 
readily  obtained  on  both  Ni(lOO)  and  Ni(l  1 1)  surfaces  and  does  not  show  a  preference  for  the  ease 
at  which  the  oriented  particles  are  attained  with  respect  to  the  substrate  surface  orientation.  The 
mechanism(s)  responsible  for  the  formation  of  diamond  rather  than  graphite  (in  appreciable 
amounts)  as  well  as  the  attainment  of  oriented  diamond  is  not  fully  understood  but  there  have  been 
speculations  for  these  possible  mechanisms.[8] 

This  study  was  undertaken  to  investigate  the  influence  of  bias-enhanced  nucleation  (BEN) 
on  the  refractory  metals.  BEN  has  been  observed  to  enhance  the  diamond  nucleation  density  on 
unscratched  silicon(lOO)  substrates[9,  10]  and  it  was  later  discovered  that  epitaxial  diamond  may 
form  on  this  substrate  via  a  carburization  step  followed  by  BEN. [13]  This  process  involves 
applying  a  negative  bias  to  the  substrate  holder  while  it  is  immersed  in  a  CH4/H2  plasma  in  order 
to  promote  diamond  nucleation.  In  a  study  of  BEN  on  copper  substrates  the  negative  substrate 
bias  was  found  to  be  relatively  ineffective  in  promoting  diamond  nucleation.[l  1]  These 
researchers  used  similar  experimental  conditions  to  a  study  performed  by  Stoner  et  al.[9]  in  which 
enhanced  nucleation  densities  were  evidenced  on  Si(lOO).  It  should  be  noted,  although,  that  the 
ideal  biasing  conditions  to  obtain  enhanced  diamond  nucleation  densities  may  vary  depending  upon 
the  substrate.  However,  it  is  speculated  that  the  carbide  forming  nature  of  the  substrate  may 
strongly  influence  the  nucleation  efficiency  during  the  biasing  process.  The  variation  in  the  carbide 
forming  nature  of  the  refractory  metals  should  thus  reveal  a  correlation  with  the  nucleation 
phenomena  via  BEN.  This  should  make  it  possible  to  gain  further  insight  into  BEN  and  diamond 
nucleation  in  general  as  well  as  investigating  potential  heteroepitaxial  substrates  using  this 
pretreatment  technique.  With  regard  to  the  work  undertaken  on  nickel  an  ex  situ  high  temperature 
pretreatment  was  performed  under  vacuum  as  opposed  to  a  previous  study  utilizing  an  in  situ  high 
temperature  pretreatment  in  a  hydrogen  ambient.  This  study  will  investigate  the  relevance  of 
hydrogen  for  carbon  dissolution  and  possible  diamond  heteroepitaxy  on  nickel. 


Experimental 


T.  Bias-enhanced  nucleation  of  diamond  on  refractory  metals 


Bias-enhanced  nucleation  (BEN)  and  diamond  deposition  was  performed  in  a  microwave 
plasma  CVD  chamber  purchased  from  Applied  Science  and  Technology,  Inc.  The  growth  system 
has  been  discussed  in  greater  detail  previously. [9]  BEN  was  performed  as  a  pretreatment  routine 
to  promote  diamond  nucleation.  In  short,  a  negative  dc  bias  is  applied  to  a  tantalum  can  and 
substrate  holder,  while  the  positive  potential  is  connected  to  ground.  Table  I  indicates  the  BEN 
and  diamond  deposition  conditions  utilized  in  this  study. 

The  refractory  metals  used  in  this  study  were  hafnium,  titanium,  tantalum,  niobium,  and 
tungsten  and  were  studied  within  a  short  time  span  so  that  effects  from  growth  system  variations  or 
other  external  influences  would  be  minimized.  These  substrates  were  chosen  arbitrarily  with  the 
exception  of  hafnium,  which  was  used  in  the  later  phase  of  this  experimental  sequence  to  confirm 
possible  correlations  to  be  discussed  later.  The  substrates  were  polished  using  SiC  followed  by 
diamond  media  and  further  polished  using  O.OSjim  alumina  powder  suspended  in  deionized  water. 
The  substrates  were  then  solvent  cleaned  using  trichloroethylene,  acetone,  methanol,  and  2- 
propanol,  consecutively.  A  deionized  water  rinse  was  performed  on  the  substrates  just  prior  to 
entering  into  the  growth  chamber.  Each  of  the  refractory  metal  substrates  were  subjected  to 
varying  BEN  times  followed  by  30  minutes  of  diamond  deposition  to  obtain  data  of  the  nucleation 
density  versus  bias  time.  The  short  deposition  period  enabled  an  accurate  account  of  the  density  of 
diamond  nuclei  that  were  observed  by  scanning  electron  microscopy  (SEM).  The  initial  diamond 
was  found  to  have  formed  on  the  edges  of  these  substrates  and  proceeded  towards  the  center.  The 
nucleation  density  measurements  were  undertaken  at  the  center  portion  of  the  substrates  and 
multiple  sampling  areas  were  examined  to  ensure  consistent  results.  The  nucleation  density  versus 
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bias  time  plot  will  provide  insight  into  the  effectiveness  of  BEN  among  the  refractory  metal 
substrates.  This  data  will  be  referenced  to  previous  BEN  data  obtained  on  silicon  and  copper.  X- 
ray  diffraction  (XRD)  was  then  used  to  confirm  the  formation  of  a  carbide  following  BEN  and 
diamond  deposition. 


Table  I. 

BEN 

Diamond  Deposition 

Power 

900  watts 

900  watts 

Plasma  position 

immersed 

remote 

CH4/H2 

5% 

1% 

Pressure 

15  torr 

15  torr 

720°C 

690°C 

ITime  | 

variable 

30  min. 

Table  II. 

Pretreatment: 

STEP  1.  Vacuum  STEP  2.  HF  CVD 

CH4/H2 

N/A 

H2  only 

0.5% 

Pressure 

1x10-6  torr 

25  Torr 

35 

Temperature 

~1050°C 

~1050°C 

900°C 

Time 

1  -  5  min. 

15  min. 

~3  hr. 

II.  High-temperature  high-vacuum  carbon  dissolution  in  nickel 


Polycrystalline  nickel  was  highly  polished  using  0.1|i.m  diamond  grit.  The  substrates  were 
solvent  cleaned  and  thoroughly  rinsed  in  de-ionized  water.  Following  the  cleaning  procedure  these 
substrate  were  seeded  using  TOpm  diamond.  The  samples  were  sealed  under  a  vacuum  of 
roughly  1x10-6  torr  in  quartz  ampoules.  The  ampoule  containing  the  sample  was  then  inserted  into 
a  furnace  for  1,  3,  and  5  minutes.  The  ampoules  subsequently  were  removed  and  air  cooled  to 
room  temperature  before  removing  the  samples  from  the  ampoule.  After  removal  the  samples  were 
ultrasonically  cleaned  in  2-propanol  and  entered  into  a  hot  filament  chemical  vapor  deposition  (HF 
CVD)  chamber.  A  high  temperature  pretreatment  as  discussed  previously[6,  7]  was  employed  to 
condition  the  surface  where  upon  highly  oriented  diamond  may  form.  Following  this  pretreatment 
a  diamond  deposition  routine  was  undertaken  to  grow  out  the  diamond  particles.  Table  II  lists  the 
conditions  used  for  the  three  steps  undertaken  in  this  experimentation. 


Results 


I.  Bias-enhanced  nucleation  of  diamond  on  refractory  metals 


The  plot  of  nucleation  density  versus  bias  time  for  the  refractory  metals  compared  to  silicon 
and  copper  is  shown  in  Figure  1.  The  diamond  nucleation  density  on  copper  substrates  as 
discussed  previously  is  relatively  unaffected  by  the  application  of  a  negative  substrate  bias. [1 1]  In 
contrast  silicon  has  proven  to  be  an  ideal  substrate  for  BEN.  [9]  The  individual  plots  of  these 
materials  were  curve  fitted  with  correlation  coefficients  greater  than  0.85  and  is  meant  to  give  a 
general  interpretation  of  the  relative  influence  of  the  negative  substrate  bias  for  establishing 
diamond  nuclei.  The  nucleation  densities  at  60  minutes  of  substrate  biasing  were  used  to  formulate 
a  sequential  ordering  of  the  refractory  metals  according  to  their  effect  on  diamond  nucleation  via 
BEN.  The  nucleation  density  at  this  bias  time  was  chosen  since  any  further  substrate  biasing  did 
not  appreciably  increase  the  nucleation  density.  The  initial  experiments  revealed  that  titanium 
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substrates  resulted  in  a  diamond  nucleation  density  approaching  IxlOlO/cm^  at  this  bias  time.  The 
niobium,  tantalum,  and  tungsten  provided  decreasing  nucleation  densities,  respectively.  This 
initial  survey  study  of  these  elements  revealed  a  possible  correlation  to  refractory  metal  material 
properties  to  be  discussed  shortly.  This  led  to  the  addition  of  hafnium  to  this  study  in  order  to 
confirm  these  possible  correlations.  In  short  the  hafnium  was  speculated  to  surpass  the  titanium 
nucleation  densities  at  prolonged  BEN  times  and  was  confirmed  via  experimentation. 


Bias  Time  (minutes) 


Figure  1 .  Nucleation  density  versus  bias  time 
for  the  refractory  metals  compared  to  silicon 
and  copper. 


Figure  2.  Diamond  particles  on  nickel  after 
performing  the  high-temperature  high-vacuum 
carbon  dissolution  step. 


II.  High-temperature  high-vacuum  carbon  dissolution  in  nickel 


The  nickel  substrates  were  observed  to  have  reacted  with  the  diamond  seeds  during  the 
high  temperature  vacuum  pretreatment  (the  white  haze  over  the  surface  from  the  diamond  seeds 
prior  to  this  pretreatment  had  notably  darkened).  The  samples  were  subsequently  removed  from 
the  ampoule  and  ultrasonically  cleaned  in  2-propanol  revealing  a  shiny,  mirror-polished  surface. 
The  high  temperature  pretreatment  routine  and  diamond  deposition  were  then  undertaken  via 
HFCVD.  Figure  2  shows  that  for  the  5  minute  vacuum  pretreatment,  highly  oriented  diamond  was 
formed.  The  1  and  3  minute  pretreatments  resulted  in  oriented  particles  although  much  less  in 
quantity  than  for  the  5  minute  sample.  The  nickel  had  presumably  absorbed  carbon  during  the  high 
temperature  vacuum  pretreatment  that  was  utilized  during  the  deposition  procedures  performed  in 
the  HFCVD  system. 


Discussion 


I.  Bias-enhanced  Nucleation  on  Refractory  Metals 


It  has  been  speculated  that  an  important  attribute  for  enhanced  diamond  nucleation  via  the 
negative  substrate  bias  is  the  carbide  forming  nature  of  the  substrate.  Thus,  the  refractory  metals 
were  chosen  because  of  their  carbide  forming  nature.  The  extreme  nucleation  densities  plotted  in 
Figure  1  confirmed  this  speculation  and  also  indicated  a  preferential  ordering  of  these  metals 
according  to  their  carbide  forming  traits. 

The  periodic  trends  of  the  refractory  metal  and  carbide  material  properties  are  generally 
known  to  those  who  have  studied  these  materials.  With  respect  to  diamond  nucleation  it  may  not 
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be  unreasonable  to  expect  the  nucleation  processes  to  be  influenced  by  a  similar  manner.  Typical 
pretreatment  techniques  to  enhance  diamond  nucleation  utilize  diamond  media  as  a  precursor  to 
diamond  formation.  This  directly  influences  diamond  nucleation  in  that  nucleation  densities 
pretreated  with  diamond  media  are  approximately  3  orders  of  magnitude  higher  than  when 
compared  to  non-pretreated  substrates.  BEN  does  not  require  a  deleterious  pretreatment  or  carbon 
precursor  that  may  influence  diamond  nucleation;  nucleation  may  be  enhanced  on  pristine 
substrates  via  this  process.  Therefore,  it  is  fortuitous  to  have  at  our  disposal  this  class  of  material 
with  well-defined  periodic  attributes  that  allow  the  authors  to  use  BEN  to  study  diamond 
nucleation. 

The  properties  associated  with  the  elements  or  various  compounds  may  be  explained  by 
their  (i)  thermodynamic  or  (ii)  kinetic  attributes.  A  correlation  was  determined  with  regard  to  the 
thermodynamic  attributes  of  these  materials.  The  thermodynamic  data  that  was  investigated  was 
the  heat  of  formation  of  the  carbide  (AHf298)  and  these  values  show  a  strong  correlation  to  the 
nucleation  density  values  at  60  minutes  of  biasing  (Figure  1)  as  shown  in  Figure  3.  This  figure 
includes  the  data  for  both  the  monocarbides  and  the  subcarbides,  when  relevant.  Both  data  were 
included  since  the  XRD  observed  these  phases  on  the  applicable  metals.  In  short  the  refractory 
metals  with  a  more  stable  carbide  formation  (i.e.  more  negative  AHf298)  resulted  in  the  greatest 
nucleation  density  of  diamond. 


Figure  3.  Plot  of  the  nucleation  density  at  60  minutes  of  BEN  versus  the  carbide  heat  of 
formation.  This  graphic  reveals  a  correlation  between  BEN  and  this  material  property. 


II.  High-temperature  high-vacuum  carbon  dissolution  in  nickel 


Recently,  it  has  been  uncovered  that  by  employing  a  high  temperature  substrate 
pretreatment  in  hydrogen,  highly  oriented  diamond  was  possible.  [6,  7]  This  pretreatment  was 
implemented  to  first  dissolve  carbon  into  the  nickel  and  second  to  condition  the  surface  so  that 
highly  oriented  diamond  may  be  formed.  The  relevance  of  hydrogen  on  carbon  dissolution  in 
nickel  and  the  role  this  species  plays  for  influencing  the  surface  for  heteroepitaxial  diamond 
formation  has  not  been  established. 

The  approach  in  this  present  research  effort  has  been  to  first  investigate  the  influence  of 
hydrogen  on  carbon  dissolution.  During  experimentation  it  was  observed  that  the  carbon 
dissolution  rate  was  comparable  to  previous  work  when  undertaken  in  a  hydrogen  ambient.  Also, 
following  the  high  temperature  carbon  dissolution  pretreatment  performed  in  vacuum  (Step  1)  and 
employing  the  high  temperature  pretreatment  in  the  HFCVD  chamber  (Step  2)  carbon  was 
observed  to  diffuse  out  of  the  nickel.  This  suggests  that  the  solubility  of  carbon  in  nickel  may  be 
decreased  in  the  presence  of  hydrogen.  A  continuation  of  this  research  would  expand  into 
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performing  both  Step  1  and  Step  2  in  vacuum.  It  is  speculated  that  since  the  solubility  of  carbon 
appears  to  be  greater  in  nickel  when  the  high  temperature  dissolution  pretreatment  is  performed  in 
the  absence  of  hydrogen  that  higher  nucleation  densities  may  result. 


Conclusion 


BEN  has  lead  to  heteroepitaxy  on  P-SiC[12]  and  Si(100)[13].  It  is  speculated  that  the 
carbide  forming  nature  of  silicon  may  be  an  important  attribute  for  this  pretreatment  technique. 
Thus,  the  motivation  for  studying  the  refractory  metals  is  linked  to  their  carbide  forming  traits. 
The  refractory  metals  did  show  a  correlation  to  the  carbide  heat  of  formation.  The  thermodynamic 
data  referenced  to  the  nucleation  density  at  60  minutes  of  biasing  indicates  very  strongly  that  the 
substrates  are  influencing  the  nucleation  mechanisms.  The  relatively  high  nucleation  densities 
(with  no  scratching  pretreatment)  reveals  that,  provided  a  high  quality  carbide  may  be  formed, 
these  substrates  are  potential  candidates  for  BEN  of  heteroepitaxial  diamond. 

Also,  highly  oriented  diamond  was  obtained  on  nickel  via  a  high-temperature  high-vacuum 
carbon  dissolution  pretreatment.  The  role  of  hydrogen  on  carbon  dissolution  and  for  obtaining 
highly  oriented  diamond  particles  has  not  yet  been  well  established.  In  this  study  it  was  observed 
that  the  carbon  solubility  in  nickel  may  be  increased  in  the  absence  of  hydrogen. 
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ABSTRACT 

Crystallographic  defects  which  form  during  growth  of  CVD  diamond  were  studied 
and  their  effect  on  the  surface  structure  of  the  growing  wafer  evaluated.  The  most  abundant 
defects  are  E=3  twins  boundaries  whose  density  is  very  high  at  the  nucleation  side  and  as 
low  as  one  twin  per  10  /rm  at  the  growth  surface.  The  intersection  of  these  twin  boundaries 
with  one  another  results  in  a  formation  of  higher  order  twin  boundaries.  E=9  as  well  as 
E=27  and  E=81  boundaries  have  been  analyzed.  The  surface  crystallography  of  optical 
quality  diamond  wafers  reveals  the  role  of  E=3  twins  in  promoting  fast  growth. 

INTRODUCTION 

As  diamond  wafers  become  a  commercial  product,  their  properties  and  growth  rate 
will  determine  their  market  success.  Since  structural  defects  affect  both,  it  is  crucial  to 
define  them  and  to  understand  the  way  they  interact  with  one  another.  It  is  also  important  to 
understand  the  role  they  play  in  promoting  fast  growth  on  the  one  hand  and  harming  some 
properties  on  the  other.  Since  the  lattice  parameter  of  diamond  is  as  small  as  0.356  nm,  the 
proper  tool  to  study  structural  defects  in  diamond  is  a  transmission  electron  microscope 
(TEM)  with  resolving  power  of  better  than  0.2  nm.  This  allows  resolving  the  {111}  planes 
on  which  E=3  boundaries  occur.  The  morphology  and  crystallography  of  the  surface  of  a 
diamond  wafer  can  be  studied  by  scanning  electron  microscopy  (SEM). 

EXPERIMENTAL 

A  large  number  of  samples  were  prepared  by  three  methods:  Microwave  Plasma 
Assisted  CVD,  Hot  Filament  and  Plasma  Jet.  The  thickness  of  the  specimens  ranges  from  1 
fim  to  1.5  mm.  Thin  films  made  of  the  bulk  wafers  were  studied  by  high  resolution 
transmission  electron  microscopy  and  the  surfaces  by  SEM.  Although  quantitatively  the 
microstructure  varies  from  one  specimen  to  the  other,  depending  on  the  deposition  method 
and  parameters,  the  crystallography  of  the  defects  and  their  interaction  was  the  same  for  all 
the  specimens  studied. 

RESULTS  AND  DISCUSSION 
S=3  Twins 


The  microstructure  of  a  wafer  consists  of  columnar  grains  with  a  cross  section  that 
grows  from  about  1  yum  at  the  nucleation  side  of  the  wafer  to  about  100  /rm  at  the  growth 
side  (see  figure  1).  The  most  abundant  crystallographic  defects  found  in  the  films  and  wafers 
were  E=3  twins.  The  mean  free  path  between  them  ranges  from  about  10  nm  at  the 
nucleation  side,  to  about  10  ^m  at  the  growth  side.  These  E=3  twins  are  coherent  in  most 
cases  and  thus  the  twin  boundary  matches  the  {111}  twin  plane.  Non-coherent  E=3  twin 
boundaries  are  found  too,  but  in  diamond,  unlike  the  case  of  silicon,  they  tend  to  form  on  a 
{111}  plane  of  the  twin  (not  the  common  {111}).  The  non-coherent  E=3  boundaries  may 
effect  the  properties  of  the  diamond,  but  this  will  be  discussed  elsewhere. 
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As  twinned  parts  of  the  crystal  grow 
contiguously,  a  higher  order  twin  boundary 
is  formed.  The  intersection  line  of  two 
E=3  twin  boundaries  becomes  this  way  the 
nucleation  line  of  a  E=9  boundary.  Because 
E=3  twin  boundaries  are  in  most  cases 
planar  and  form  on  the  {111}  twin  habit 
plane,  the  E=9  twin  nucleates  along  a 
straight  line.  Two  more  high  order 
boundaries  that  have  been  observed  and 
studied  are  E=27  and  E=81  [1,2].  These 
high  order  twin  boundaries  can  be 
considered  as  grain  boundaries  with  a 
special  orientation  between  the  grains. 

Growth  Features 


We  shall  now  deal  with  the  role  of 
twins  in  the  growth  of  CVD  diamond  wafers, 
and  start  at  the  nucleation  side.  Figure 
2  illustrates  an  early  stage  of  growth  of 
diamond  nuclei  by  Hot  Filament  CVD. 
Similar  observations  were  made  on  the 
nucleation  of  Microwave  Plasma  assisted 
CVD.  The  one  distinctly  large  crystal  is 
heavily  facetted  and  its  surface  is  rich  in 
reentrant  comers.  The  other  relatively 
large  crystals,  marked  with  arrows,  are 
twinned  and  their  morphologies  contain 
reentrant  comers. 


Figure  1 

The  fractured  section  of  a  diamond  wafer 
reveals  the  development  of  the  grains. 


Figure  2 

In  the  early  stage  of  the 
nucleation,  the  larger 
crystals  are  heavily  twinned, 
the  medium  sized  (marked) 
contain  several  twins  each 
and  the  smaller  crystals 
contain  no  twins. 


Faceted  untwinned  crystals  are  relatively  small  and  usually  grow  to  about  1  /im  in  size.  The 
growth  sequence  that  emerges  is  the  following;  as  the  small  facetted  crystals  develop  twins  to 
relieve  elastic  stress,  reentrant  comer  can  form  in  them  and  growth  rate  increases.  The 
twinned  crystals  have  therefore  an  advantage  over  the  other  ones  and  while  growing  further 
they  twin  more  and  increase  their  edge.  The  selection  of  the  winners  in  the  growth  race  is 
done  therefore  in  an  early  stage  of  the  wafer’s  growth  process,  which  matches  our 
observations  on  cross  sections  of  wafers. 

As  the  growth  process  continues,  only  very  few  of  the  initial  nuclei  survive  to  grow 
from  about  1  fim  to  100  nm  on  the  side.  Survival  rate  is  thus  10-4  and  the  fittest,  twinned 
crystals  win  the  race  to  stay  at  the  surface.  The  many  others  are  shadowed  and  cease  to 
grow  [3] 


Figure  3 

The  growth  morphology  of 
the  wafer  is  characterized 
by  parallel  steps  formed 
along  laminar  £=3  twins. 
The  growth  planes  are 
{111}  and  {001}. 


We  shall  consider  now  the  growth  surface  of  a  thick  wafer.  The  surface  morphology 
of  an  optical  quality  unpolished  diamond  wafer  is  illustrated  in  figure  3.  The  wafer  is  1.5 
mm  thick  and  the  grain  size  at  the  surface  is  several  hundred  fim.  It  is  clear  that  the  crystals 
are  composed  of  parallel  twinned  sections  which  form  reentrant  and  convex  comers  on  the 
surface.  The  planar  twins  vital  for  the  formation  of  this  morphology  are  of  the  E=3  type 
and  they  can  exist  at  the  top  because  they  run  parallel  to  the  growth  direction.  This  is  shown 
in  the  polished  and  etched  cross-section,  figure  4.  E=3  twins  which  form  in  directions  other 
than  the  one  shown  in  the  figure,  run  into  the  grain  boundary  and  stop  growing.  The 
laminar  twins  thus  divide  each  crystal  into  two  interlocking  orientations.  While  reentrant 
comers  in  a  diamond  single  crystal  can  form  only  at  the  intersection  line  of  the  twin  with  the 
surface,  convex  comers  can  form  along  any  line  of  facet  plane  intersection.  Reentrant 
comers  are  important  for  the  nucleation  of  new  planes  on  the  growth  surface  [3]  and 
facilitate  fast  growth  by  promoting  new  plane  nucleation.  The  laminar  twins  become  this 
way  an  important  surface  feature  for  fast  growth. 
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Figure  4 

The  survival  of  E=3  twins 
during  the  growth  process 
depends  on  their  orientation. 
Only  twins  that  form  parallel 
to  the  growth  direction  can 
make  it  to  the  surface. 


CONCLUSION 

While  high  order  twins  may  be  harmful  to  diamond  wafer  properties,  S=3  twins  play 
a  beneficial  role  by  releasing  stress  at  the  first  growth  stages  and  by  promoting  fast  wafer 
growth.  A  diamond  wafer  which  features  laminar  twins  on  its  growth  surface  may  actually 
be  the  product  of  choice  as  it  grows  relatively  fast  and  possesses  good  optical  and  other 
properties. 


ACKNOWLEDGEMENT 

The  study  is  sponsored  by  ARPA/NRL. 


REFERENCES 

1.  D.  Shechtman,  J.L.  Hutchison,  L.H.  Robins,  E.N.  Farabaugh  and  A.  Feldman, 
"Growth  defects  in  diamond  films"  J.  Mater.  Res.,  Vol.  8,  No.  3,  (1993)  1. 

2.  D.  Shechtman,  A.  Feldman  and  J.L.  Hutchison,  "High  order  twin  boundaries  in  CVD 
diamond  films".  Materials  Letters  17  (1993)  211-216. 

3.  A.  van  der  Drift,  "Evolutionary  selection  a  principle  governing  growth  orientation  in 
vapour-deposited  layers".  Philips  Res.  Reports  22  (1967)  267-288.  Press,  New  York, 
1991  p.  611. 

4.  R.G.  Seidensticker  and  D.R.  Hamilton,  "Growth  mechanisms  in  germanium 
dendrites"  J.  Appl.  Phys.  34  (1963)  3113. 


300 


DEPOSITION  OF  DIAMOND  USING  AN  ELECTRON 
CYCLOTRON  RESONANCE  PLASMA  SYSTEM 


DONALD  R.  GILBERT*,  RAJIV  SINGH*,  W.  BROCK  ALEXANDER*,  DONG  GU  LEE*, 
AND  PATRICK  DOERING** 

*Department  of  Materials  Science  and  Engineering,  University  of  Florida,  Gainesville,  FL 
32611 

**LMA,  Inc.,  93  West  Tech  Center,  Medfield,  MA  02052 


ABSTRACT 

We  have  used  an  electron  cyclotron  resonance  plasma  system  to  perform  chemical  vapor 
deposition  experiments  on  single-crystal,  (110)  oriented  diamond  substrates.  The  depositions 
were  carried  out  at  0.060  Torr  using  mixtures  of  methanol  in  hydrogen.  Substrate  temperatures 
were  varied  from  approximately  620  to  800  °C.  The  film  morphology  was  examined  using  SEM 
and  microstruetural  phase  determination  was  attempted  using  micro-Raman  spectroscopy.  Based 
on  the  results  of  these  experiments,  we  have  determined  general  trends  for  the  characteristics  of 
films  deposited  on  diamond  from  the  ECR  plasma  at  low  pressures  and  temperatures. 


INTRODUCTION 

In  recent  years,  a  great  deal  of  effort  has  been  put  into  investigating  the  chemical  vapor 
deposition  (C\ffD)  process  of  diamond  formation.  Diamond  has  the  widest  bandgap  (5.45  eV) 
of  the  Group  IV  semiconductors  and  is  optically  transparent  well  into  the  infrared  region  of  the 
spectrum.  It  has  the  highest  thermal  conductivity  of  any  natural  material  at  room  temperature. 
It  is  extremely  hard,  has  a  low  coefficient  of  friction  and  is  relatively  inert.  All  of  these  qualities 
make  diamond  very  attractive  for  a  host  of  potential  applications. 

A  fundamental  obstacle  to  deposition  of  diamond  on  non-diamond  substrates  is  the  difficulty 
with  which  diamond  nucleates.  This  is  due  in  part  to  the  high  surface  energy  of  diamond,  which 
acts  as  a  barrier  to  nucleation.  As  a  result,  this  requires  pretreating  the  non-diamond  substrate, 
usually  by  scratching  with  some  form  of  diamond  grit.[l-5]  In  contrast,  deposition  of  diamond 
on  a  pre-existing  diamond  surface  avoids  the  problem  of  a  nucleation  barrier,  facilitating  the 
formation  of  new  diamond  and  allowing  growth  to  occur  readily.  Ideally,  deposition  will  occur 
epitaxially,  forming  a  continuous  single  crystal.  However,  there  is  a  high  probability  that  the  new 
diamond  will  nucleate  and  grow  with  some  degree  of  misorientation  to  the  substrate,  resulting 
in  a  polyciystalline  film. 

Current  standard  diamond  CVD  systems  (such  as  hot-filament  and  microwave  plasma) 
typically  operate  at  pressures  above  10  Torr  and  substrate  temperatures  above  800  °C.  This 
general  range  of  operating  conditions  has  been  fairly  well  surveyed  using  a  variety  of  chemical 
vapor  mixtures  (commonly  CHj  or  CO  in  Hj,  often  with  Oj  added).[6]  Extension  of  the 
characterized  deposition  conditions  to  lower  pressure  and  temperature  regimes  may  provide  added 
insight  into  the  fundamental  processes  which  occur  during  growth.  One  system  which  is  well 
suited  to  this  task  is  the  electron  cyclotron  resonance  (ECR)  enhanced  plasma  CVD  system. 
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EXPERIMENT 


Experiments  were  carried  out  in  a  Plasma-Therm  BECR6  electron  cyclotron  resonance 
plasma  system.  This  system  uses  an  external  ring  of  rare-earth  permanent  magnets  to  produce 
the  necessary  magnetic  field  for  the  ECR  condition  inside  the  aluminum  reaction  chamber. 
Figure  1  shows  a  schematic  of  the  system.  A  standard  1.5  kilowatt  microwave  source  operating 
at  2.45  GHz  was  used  to  produce  the  plasma. 

Microwaves 


Single  crystal  (110)  oriented  diamond  substrates  of  approximately  1.5  to  2.5  mm  average 
diameter  were  mounted  on  a  stainless  steel  plate  using  colloidal  silver  paste.  The  plate  was  fitt^ 
to  a  ceramic  block  containing  a  quartz  heat  lamp.  The  substrate  position  relative  to  the  plasma 
region  was  adjustable.  An  electrical  bias  was  applied  to  the  steel  mounting  plate  with  the 
intention  of  modifying  the  ion/electron  impingement  onto  the  substrate. 

In  preparation  for  deposition,  the  (1 10)  substrates  were  sonicated  in  acetone,  washed  in  a  hot 
acid  solution  (3:1  HN03:H2S04),  and  rinsed  with  methanol.  Substrates  were  also  e^sed  to  a 
hydrogen  plasma  for  30  to  40  minutes  before  beginning  deposition. 

A  vacuum  system  base  pressure  of  less  than  2x10’^  Torr  was  achieved  prior  to  each 
ejqjeriment.  All  depositions  were  conducted  at  0.060  Torr.  Gas  mixtures  of  methanol  and 
hydrogen,  ranging  from  1.0%  to  5.5%  methanol,  were  used  for  deposition.  Input  microwave 
power  was  1000  watts  with  a  typical  reflected  power  of  5%  or  less,  depending  on  the  reactor 
conditions  chosen.  The  substrate  temperatures  were  varied  from  approximately  620  to  800  °C, 
as  determined  by  a  pre-established  calibration  of  the  power  applied  to  the  quartz  heat  lamp.  A 
positive  bias  voltage  of  40  volts,  relative  to  ground,  was  supplied  to  the  steel  mounting  plate. 
All  depositions  reported  here  occurred  inside  the  active  (luminous)  plasma  region. 

Following  deposition,  the  surface  morphology  was  observed  using  scanning  electron 
microscopy.  Determination  of  the  phase  of  the  deposited  films  was  attempted  using  micro- 
Raman  spectroscopy.  SIMS  was  used  to  examine  the  constituent  make-up  of  the  film  as  a 
function  of  depth. 
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RESULTS 


The  small  size  of  the  substrates  complicated  investigation  of  the  processed  samples.  SEM 
observation  of  film  morphology  was  the  most  readily  obtained  method  of  characterization.  Using 
SEM,  along  with  other  microstructural  characterization  techniques,  we  have  developed  some  basic 
outlines  for  the  behavior  of  film  evolution  in  the  ECR  under  different  process  conditions. 

Figure  2  shows  three  SEM  views  of  a  clean  substrate  surface.  The  predominant  surface  is 
very  smooth,  although  some  particulate  coverage  is  clearly  evident.  All  substrates  demonstrated 
some  irregular  features  due  to  damage  caused  during  fabrication,  as  seen  in  Figure  2(b)  and  2(e). 


(a)  (b)  (c) 


Figure  2.  Typical  morphology  of  a  diamond  substrate 
showing  (a)  surface,  (b)  crack  and  (c)  chip  features. 

After  twenty  minutes  of  deposition,  the  surface  still  appeared  relatively  smooth,  as  seen  in 
Figure  3(a),  although  there  was  visual  evidence  of  thin,  continuous  film  coverage.  SIMS  depth 
analysis  of  incorporated  impurities  of  the  20  minute  sample  confirmed  the  presence  of  a  film. 
After  40  minutes  of  deposition.  Figure  3(b),  we  saw  a  significant  alteration  of  the  surface 
morphology.  The  predominant  surface  became  much  rougher.  The  deposition  conditions  used 
for  this  investigation  were  3%  methanol  in  hydrogen  with  a  substrate  temperature  of 
approximately  680  °C. 


(a)  (b) 


Figure  3.  Film  morphology  after  (a)  20  and  (b)  40  minutes  of  deposition. 


(a)  (b) 

Figure  4.  Morphology  after  4  hour  deposition  showing  (a)  surface  and  (b)  edge  coverage. 

The  substrate  temperature  was  found  to  play  a  critical  role  in  the  determination  of  the 
deposited  film  characteristics.  Figure  5  shows  films  which  were  deposited  at  620,  720  and  800 
°C.  All  depositions  were  made  for  four  hours  using  3%  methanol  in  hydrogen.  At  620  °C,  we 
observed  an  irregular  surface  with  a  prevailing  island-like  morphology.  A  predominantly  smooth 
film  was  obtained  at  720  °C.  The  highly  irregular  area  seen  in  Figure  5(b)  is  the  result  of  a 
substrate  fabrication  feature.  When  deposition  was  attempted  at  800  °C,  a  non-adherent,  flaky 
coating  resulted.  The  surface  beneath  the  flaky  coating  was  relatively  irregular,  with  a  great  deal 
of  small  scale  (-200-300  nm)  pitting. 


Observation  of  the  film  morphology  after  4  hours  of  deposition  showed  a  very  uniform 
coverage  of  all  surfaces,  as  seen  in  Figure  4.  The  film  displayed  a  relatively  fine  texture,  with 
average  features  of  approximately  100  nm. 


(a)  (b)  (c) 

Figure  5.  Film  morphology  Ifom  (a)  620,  (b)  720  and  (c)  800  °C  deposition. 
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The  gas  phase  chemistry  is  also  critical  to  the  resulting  deposited  film  morphology.  Figure 
6  shows  the  effects  of  varying  the  relative  amount  of  methanol  in  hydrogen  in  the  gas  mixture 
when  using  a  substrate  temperature  of  approximately  720  °C.  Figure  6(a)  shows  the  results  of 
a  four  hour  deposition  from  a  1%  methanol  mixture.  The  predominant  surfaee  was  extremely 
smooth  with  some  particulate  coverage,  which  is  very  similar  to  the  plain  substrate  shown  in 
Figure  2.  Nucleation  and  growth  is  evident  at  surface  irregularities,  as  is  seen  along  the  crack 
feature  shown.  The  film  shown  in  Figure  5(b)  (above)  serves  as  an  example  of  deposition  from 
3%  methanol  at  the  stated  conditions.  Figure  6(b)  shows  the  surface  of  a  film  deposited  from 
5.5%  methanol  after  four  hours.  The  same  type  of  uniform,  flaky,  non-adherent  coating  as  was 
seen  in  Figure  5(c)  was  obtained. 


(a)  (b) 


Figure  6.  Deposited  film  morphology  from  (a)  1%  and  (b)  5.5%  methanol  mixtures. 

The  results  of  micro-Raman  spectroscopy  have  been  relatively  inconclusive  thus  far.  Figure 
7  shows  a  typical  film  spectrum,  which  was  taken  from  the  film  shown  in  Figure  4  (4  hour 
deposition  at  700  °C  from  3%  methanol  in  hydrogen).  The  sharp  dia.mond  peak  at  1333.4  cm'' 
with  a  full-width-at-half-maximum  of  2.9  cm''  is  clearly  evident.  However,  there  has  been  a  lack 
of  significant  variation  in  spectrum  characteristics  for  different  experimental  conditions.  We 
theorize  that  we  may  be  seeing  a  significant  influence  from  the  substrate  material  which  may 
obscure  observation  of  the  film  characteristics.  Analysis  of  a  bare  substrate  yielded  a  peak  at 
1332.7  cm''  with  a  full-width-at-half-maximum  of  2.8  cm''.  Our  most  significant  observation 
based  on  the  Raman  spectra  has  been  the  notable  lack  of  non-diamond-phase  features,  which  have 
a  much  higher  scattering  efficiency  than  diamond. 


CONCLUSIONS 

We  have  shown  that  variation  of  gas  composition  over  a  fairly  narrow  range  (1-5% 
methanol)  has  a  very  significant  effect  on  the  deposited  film  morphology.  Substrate  temperature 
is  also  an  important  parameter,  with  excessive  heating  (^00  °C)  yielding  poor  film  structure. 
Also,  film  evolution  in  the  ECR  appears  very  uniform  over  the  substrate  surface. 

Work  is  in  progress  to  further  determine  the  microstructural  characteristics  of  diamond  films 
produced  under  these  unique  conditions. 
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Figure  7.  Mcro-Raiuan  spectrum 
of  film  deposited  at  700  °C  from 
3%  methanol  in  hydrogen  on  a 
(110)  diamond  substrate. 
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ABSTRACT 


A  thick  homoepitaxial  CVD  diamond  film  was  grown  on  a  large  high  temperature,  high 
pressure  (HTHP)  Ila  diamond  to  study  the  defects  present  in  the  CVD  film.  The  HTHP  diamond 
had  dimensions  of  6  mm  x  6  mm  x  0.44  mm.  The  thickness  of  the  diamond  was  increased  to 
0.84  mm  by  microwave  plasma  CVD.  X-ray  topographs  were  taken  before  and  after  growth  to 
compare  the  defects  in  CVD  diamond  to  those  in  the  HTHP  diamond.  Prior  to  growth  the 
substrate  was  unstrained  and  the  characteristic  microstructure  of  stacking  faults  and  dislocations 
was  observed.  There  was  also  a  surface  relief,  visible  optically,  on  the  substrate  of  lines  along 
the  [100]  which  are  probably  due  to  polishing.  After  deposition  of  the  CVD  film,  the  crystal  was 
strained  with  the  film  in  tension.  The  defect  structure  observed  throughout  the  CVD  film 
followed  the  surface  relief  of  the  substrate.  Cathodoluminescence  spectra  indicate  that  the  film 
contains  nitrogen  defect  complexes  which  are  not  present  in  the  substrate.  Cathodoluminescence 
also  indicates  that  there  are  more  non-radiative  recombination  centers  in  the  film  than  in  the 
substrate.  Electrical  results  from  transient  photoconductivity  measurements  indicate  that  while 
the  mobilities  of  the  film  and  the  substrate  are  comparable,  the  lifetime  is  much  shorter  in  the 
film,  possibly  reflecting  the  higher  concentration  of  non-radiative  recombination  centers. 


INTRODUCTION 


Diamond  semiconductor  electronic  applications  depend  critically  on  the  ability  to  grow  low- 
defect,  high-quality,  single  crystal  diamond  layers  [1].  One  technique  to  study  defects  in  single 
crystals  is  X-ray  topography[2].  By  comparing  topographs  of  a  diamond  substrate  and  a 
chemical  vapor  deposited  (CVD)  thick  film  grown  on  the  same  substrate  a  study  can  be  made  of 
the  defects  both  in  the  substrate  and  in  the  film.  Also,  one  can  determine  if  defects  in  the 
substrate  affect  the  formation  of  defects  in  the  film.  The  presence  of  defects  in  the  diamond 
films  can  also  be  detected  by  observing  their  indirect  effect  on  electrical  and  luminescence 
measurements.  The  ability  to  control  defect  formation  and  impurity  incorporation  in  single 
crystal  CVD  diamond  films  would  make  them  superior  to  natural  diamonds. 


EXPERIMENTAL  DETAILS  AND  RESULTS 


A  thick,  undoped  homoepitaxial  CVD  diamond  film  was  grown  on  a  large  high  temperature, 
high  pressure  (HTHP)  [3,4]  Ila  diamond  to  study  the  defects  present  in  the  CVD  film.  The 
HTHP  diamond  had  dimensions  of  6  mm  x  6  mm  x  0.44  mm  and  the  thickness  of  the  diamond 
was  increased  to  0.84  mm  by  microwave  plasma  CVD[5].  Figure  1  is  an  optical  micrograph  of 
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the  sample  and  the  diamond  is  highly  transparent  and  smooth.  The  defect  in  the  center  of  the 
crystal  is  a  metal  inclusion  in  the  HTHP  substrate. 


Figure  1.  Optical  micrograph  of  a  diamond  sample  consisting  of  a  HTHP  substrate  with  a 
400iim  film  of  CVD  homoepitaxial  diamond  on  the  surface. 

X-ray  topographs  were  taken  before  and  after  growth  to  compare  the  defects  in  CVD 
diamond  to  those  in  the  HTHP  diamond.  Prior  to  growth  the  substrate  was  unstrained  and  the 
characteristic  microstructure  of  stacking  faults  and  dislocations  was  observed.  There  was  also  a 
surface  relief,  visible  optically,  on  the  substrate  of  lines  along  the  [100]  which  are  probably  due 
to  polishing.  These  lines  are  visible  in  the  center  of  the  crystal  in  the  x-ray  topograph  shown  in 


Figure  2.  A  (220)  asymmetric  transmission  image  of  the  HTHP  substrate.  The  dark-planar 
features  are  stacking  faults  and  the  fine  linear  features  seen  at  the  bottom  of  the  image  are 
dislocations.  This  crystal  has  a  series  of  lines  seen  on  the  surface  of  the  crystal,  parallel  to  [100], 
which  probably  resulted  from  polishing. 
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After  deposition  of  the  CVD  film,  the  crystal  was  strained  with  the  film  in  tension.  Five 
separate  images  were  required  to  image  the  whole  crystal  at  a  fixed  Bragg  angle,  as  can  be  seen 
in  Fig.  3.  It  is  possible  that  the  strain  observed  in  the  diamond  after  deposition  of  the  CVD  film 
results  from  a  change  in  lattice  spacing  in  the  film  due  to  the  incorporation  of  hydrogen.  There 
is  a  high  defect  density  in  the  film  and  it  is  probable  that  there  are  many  dislocations.  The  defect 
microstructure  of  the  film  was  observed  to  follow  the  surface  “relief’  as  seen  in  Fig.  3.  Since  the 
deposited  film  was  comparable  in  thickness  to  the  substrate  crystal  a  narrow  x-ray  beam  was 
used  to  differentiate  the  image  from  the  film  and  from  the  substrate.  Figure  4  shows  an  image 
using  this  narrow  beam  technique.  In  this  case  the  high  defect  density  in  the  film  is  apparent 
from  the  increase  in  diffracted  intensity  compared  to  the  substrate  image. 


t).75  n\m 


Figure  3.  A  (220)  asymmetric  transmission  image  of  the  crystal  after  deposition  of  the  CVD 
film.  The  stress  in  the  deposited  film  caused  the  sample  to  become  warped.  In  this  case,  the 
stress  was  large  enough  that  5  separate  diffraction  images,  differing  by  0.04°  in  Bragg  angle, 
were  required  to  obtain  an  image  of  the  entire  crystal.  The  “mossy”  structure  in  the  image  is  due 
to  the  film  which  can  be  seen  to  follow  the  surface  structure  in  the  [100]  direction. 

This  same  homoepitaxial  CVD  diamond  film  on  the  HTHP  substrate  was  also  evaluated 
electrically,  by  transient  photoconductivity  measurements,  and  with  cathodoluminescence. 
Transient  photoconductivity  measurements  [6]  were  done  on  both  the  back,  substrate  side  and  the 
front,  epitaxial  side  of  the  diamond.  Also,  two  sets  of  contacts  were  placed  orthogonal  to  each 
other  on  both  surfaces  to  see  if  there  was  a  directional  effect  due  to  the  surface  relief  pattern.  No 
difference  was  observed  between  the  two  sets  of  contacts  on  the  same  surfaces,  however 
differences  were  observed  between  the  substrate  and  epitaxial  side  of  the  crystal.  The  combined 
electron-hole  mobility  at  low  excitation  densities  and  low  electric  field  was  similar  for  both  the 
substrate  side  and  the  epitaxial  side  and  had  a  value  of  about  1000  cm^/V-sec,  see  Fig.  5a. 
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However,  there  was  a  big  difference  between  the  decay  times  of  the  substrate  and  the  epitaxial 
film.  The  HTHP  substrate  had  a  lifetime  which  increased  with  excitation  density  and  had  a  value 
of  about  10  ns  at  high  excitation  densities,  whereas  the  epitaxial  film  had  lifetimes  of  about  40  ps 
which  was  constant  with  excitation  density,  see  Fig.  5b.  The  lower  lifetime  observed  for  the 
CVD  epitaxial  layer  may  be  directly  related  to  the  higher  concentration  of  defects  present  in  the 
CVD  film  as  compared  to  the  HTHP  substrate. 


0.75  n-iin 


Figure  4.  A  (022)  symmetric  transmission  image  of  the  CVD  film  on  the  HTHP  substrate  taken 
with  a  narrow  beam  so  as  to  differentiate  between  the  film  and  substrate  images.  The  film  image 
is  on  the  bottom  and  the  substrate  image  is  on  top.  The  higher  diffracted  intensity  observed  from 
the  film  is  indicative  of  a  much  higher  defect  density  than  in  the  single  crystal  substrate. 


n  (cm'^)  n  (cm'^) 

Figure  5.  a)  Graph  of  mobility  versus  excitation  density  for  both  the  substrate  side  (open  circles), 
the  epi  side  (closed  circles)  and  a  natural  Ila  (crosses)  as  measured  by  transient 
photoconductivity,  b)  Graph  of  the  decay  time  versus  excitation  density  for  both  the  substrate 
side  (open  circles),  the  epi  side  (closed  circles)  and  a  natural  lla  (crosses). 

Cathodoluminescence  (CL)  was  taken  on  both  the  epitaxial  side  and  the  substrate  side  of  2 
CVD  epi/HTHP  diamond  samples  labelled  189  and  191.  The  X-ray  topographs  and  electrical 
results  shown  earlier  were  for  sample  1 89  only.  The  CL  spectra  for  the  energy  range  1 .5  eV  to 
4.0  eV  are  shown  in  Figure  6a  and  6b.  A  broad  band  at  2.2-2.3  eV  is  observed  on  the  substrate 
side  for  both  samples.  This  broad  band  has  been  observed  in  other  diamonds  and  is  associated 
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with  B  doped  diamond.  The  center  that  causes  this  luminescence  is  not  necessarily  due  to  boron 
doping,  but  it  is  a  center  which  may  be  activated  due  to  a  change  in  the  electronic  configuration. 
If  boron  were  present  in  the  HTHP  substrates  an  exciton  line  should  be  observed  at  5.2  eV  and 
this  is  not  observed  in  the  substrates.  Another  broad  band,  band  A[7],  which  is  commonly 
observed  in  diamond  at  2.85  eV  is  not  observed  in  these  two  HTHP  diamonds.  That  band  is 
attributed  to  dislocations. 


Photon  energy  (eV)  Photon  energy  (eV) 


Figure  6.  a)  CL  spectra  for  two  HTHP  single  crystal  11a  diamonds.  The  broad  luminescence  at 
2.2  -  2.3  eV  has  been  associated  with  B  doped  diamond,  b)  CL  spectra  of  the  epitaxial  CVD  film 
side  of  two  samples  grown  on  HTHP  substrates.  The  peaks  observed  at  2.156  eV,  2.33  eV  and 
3.188  eV  are  due  to  nitrogen  defect  complexes. 

The  CL  spectra  for  the  epitaxial  films  is  completely  different  than  the  HTHP  substrate  in  the 
1.5  eV  to  4.0  eV  range  and  are  shown  in  Fig.  6b.  Many  peaks  are  observed  only  on  the  film  side 
which  have  been  correlated  with  nitrogen  defect  complexes.  There  is  a  narrow  line  observed  at 
3.188  eV  which  is  attributed  to  a  complex  of  nitrogen  paired  with  an  interstitial  carbon  atom. 
The  line  at  2.33  eV  is  due  to  a  nitrogen  containing  center  and  the  2.156  eV  line  is  due  to  nitrogen 
complexed  with  one  or  two  atomic  vacancies.  CL  is  not  quantitative  in  nature  so  that 
concentrations  of  nitrogen  in  the  CVD  film  cannot  be  determined  from  this  data.  However,  the 
lowest  detectable  limit  for  a  CL  narrow  peak  is  about  1  ppb  which  is  equivalent  to  several  times 
10^'^/cm3. 

The  CL  spectra  for  the  exciton  region  (4.5  eV  to  6.0  eV)  [8]  are  shown  for  the  substrate  side 
in  Fig.  7a  and  for  the  epitaxial  side  in  Fig.  7b.  For  both  sides  of  the  sample  the  phonon  replicas 
are  observed,  the  main  difference  between  the  two  sides  of  the  sample  is  the  intensity  of  the 
peaks.  The  lower  intensity  for  the  epitaxial  film  side  indicates  that  there  are  more  non-radiative 
recombination  centers  in  the  film.  Lifetime  is  shortened  by  non-radiative  centers  and  could 
explain  the  electrical  behavior  described  earlier  where  the  film  lifetime  was  shorter  than  the 
substrate  lifetime. 


CONCLUSIONS 

Prior  to  growth  the  HTHP  substrate  was  unstrained  and  the  characteristic  microstructure  of 
stacking  faults  and  dislocations  was  observed.  After  deposition  of  the  CVD  film,  the  crystal  was 
strained  with  the  film  in  tension.  A  high  defect  density  was  observed  in  the  film  and  it  is 
probable  that  there  are  many  dislocations.  Cathodoluminescence  indicates  the  presence  of 
nitrogen-defect  complexes  and  non-radiative  recombination  centers  in  the  homoepitaxial 
diamond  film.  Electrical  measurements  of  the  film  and  substrate  indicate  that  they  have  a 
comparable  combined  electron-hole  mobility,  but  that  the  CVD  film  has  a  lower  lifetime  than  the 
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HTHP  substrate.  The  lower  lifetime  observed  for  the  CVD  epitaxial  layer  is  probably  related  to 
the  higher  concentration  of  defects  present  in  the  CVD  film  as  compared  to  the  HTHP  substrate. 
The  higher  defect  concentration  and  poorer  electrical  performance  of  undoped  CVD 
homoepitaxial  diamond  films  indicates  that  diamond  film  quality  is  not  yet  limited  by  the  quality 
of  the  diamond  substrate. 


Figure  7.  a)  Cathodoluminescence  spectra  for  the  HTHP  11a  substrates  in  the  exciton  region  from 
4.5  eV  to  6.0  eV.  b)  Cathodoluminescence  spectra  for  the  CVD  epitaxial  films  grown  on  two 
HTHP  substrates. 
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ABSTRACT 


Polycrystalline  diamond  films  were  synthesized  using  an  oxy-acetylene  flame  in  the 
open  atmosphere  and  in  an  enclosed  chamber.  In  the  present  work,  we  have  shown  that  the 
2.16eV  defect  band  seen  in  the  photoluminescence  spectra  from  the  central  portion  of  the  films 
grown  in  the  open  atmosphere  show  a  dependence  on  the  growth  temperature.  Films  grown  in 
the  open  atmosphere  all  exhibit  a  decrease  in  the  crystalline  quality  when  moving  to  the  outside 
edge  most  likely  due  to  the  entrainment  of  nitrogen  into  the  films. 

The  present  study  was  done  in  the  enclosed  chamber  using  an  oxygen  atmosphere  via  an 
oxygen  flow  around  the  torch.  Films  have  been  grown  in  the  enclosed  chamber  that  show  only 
trace  amounts  of  the  2.16eV  band.  Both  the  Raman  and  the  photoluminescence  spectra  show 
that  the  films  grown  in  the  enclosed  chamber  are  very  uniform  over  the  deposition  area,  which 
suggests  that  the  degradation  of  the  outer  portion  of  the  open  atmosphere  films  may  be  the  result 
of  room  air  entrainment,  and  not  a  temperature  variation  across  the  substrate.  In  addition,  when 
either  lower  purity  oxygen  is  used  or  lower  growth  temperatures,  we  easily  observe  the  2.16eV 
band  which  may  be  the  result  of  nitrogen  impurities  in  the  source  gases. 


INTRODUCTION 


The  combustion  flame  technique  has  been  demonstrated  at  several  laboratories  to  be  a 
viable  technique  to  obtain  high  quality  diamond  films  with  a  high  growth  rate[l-5].  Diamond 
growth  using  an  oxy-acetylene  torch  occurs  in  the  fuel  rich  acetylene  feather  just  outside  the 
primary  flame  front.  The  overall  combustion  reaction  in  the  inner  cone  is  [6]: 

C2H2  +O2  -)2CO  +H2  (1) 

with  many  intermediates  (eg.  H,  OH,  C2,  and  C2H)  involved  in  the  overall  reaction.  If  the  torch 
is  run  in  a  fuel  rich  mode,  the  unburnt  hydrocarbons,  reactive  intermediates,  CO,  and  H2  form  a 
region  (feather)  bounded  by  another  flame  front  caused  by  oxygen  diffusion  from  the 
surrounding  atmosphere.  Laser-induced  fluorescence  and  mass  spectroscopy  have  shown  the 
feather  region  also  contains  an  appreciable  amount  of  nitrogen[6]  from  diffusion  of  room  air  into 
the  flame.  Although,  nitrogen  is  not  electrically  active  (the  substitutional  nitrogen  donor  level  is 
believed  to  be  about  1.7eV  below  the  conduction  band)[7],  nitrogen  incorporation  may  be 
detrimental.  Besides  the  substitutional  nitrogen  donor  level,  nitrogen  also  forms  complexes  with 
vacancies  and,  depending  on  their  location  in  the  bandgap,  may  compensate  p-type  films[8],  or 
act  as  deep  trapping  centers.  Therefore,  controlling  the  atmosphere  around  the  flame  is  of 
interest  in  order  to  control  the  incorporation  of  unwanted  dopants,  such  as  nitrogen. 

In  this  paper,  we  report  on  the  growth  of  free  standing  polycrystalline  diamond  films  by 
the  combustion  process  using  a  pre-mixed  oxy-acetylene  torch  operated  in  the  open  atmosphere. 
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and  in  an  environmentally  controlled  enclosed  chamber.  Previously,  we  had  reported  on  growth 
in  an  enclosed  chamber  using  both  argon  and  oxygen  as  the  auxiliary  gas  [9].  The  highest 
quality  films  in  that  study  (determined  by  the  FWHM  of  the  Raman  line,  the  ratio  of  the  diamond 
first  order  phonon  line  to  the  amorphous  carbon  peak,  and  the  intensity  of  the  nitrogen-vacancy 
complexes  seen  in  the  photoluminescence  spectra)  were  obtained  when  oxygen  was  used  as  the 
auxiliary  gas.  In  the  present  study  we  have  grown  films  in  the  enclosed  chamber  using  oxygen 
as  the  auxiliary  gas,  while  also  using  various  grades  of  oxygen  to  determine  if  there  is  any 
correlation  between  the  oxygen  source  used  and  the  nitrogen-vacancy  complexes  seen  in  the 
photoluminescence  spectra. 

EXPERIMENTAL 

All  of  the  diamond  films  were  synthesized  using  a  premixed  oxy-acetylene  welding  torch  with  a 
nozzle  diameter  of  1.00  mm.  The  flow  rates  of  the  oxygen  and  acetylene  (99.6%)  were 
controlled  by  mass  flow  controllers  with  the  total  flow  rate  being  held  constant  at  approximately 
4  SLM.  Three  different  grades  of  oxygen  were  used  ranging  from  99.5%  to  99.998%  with 
nitrogen  concentration  ranging  from  500  ppm  to  15  ppm  respectively.  Slight  variations  in  the 
oxygen  flow  were  made  in  order  to  adjust  the  O2/C2H2  ratio.  Both  the  enclosed  chamber  and 
open  atmosphere  films  were  grown  on  molybdenum  screws  that  were  placed  in  a  threaded  hole 
in  a  water-cooled  copper  block.  The  temperature  of  the  screw  was  controlled  by  the  depth  of 
penetration  into  the  copper  block  and  was  monitored  using  a  two-color  pyrometer  for  the  open 
atmosphere  experiments,  while  a  one-color  pyrometer  (calibrated  using  the  two-color  pyrometer) 
was  used  for  the  enclosed  chamber  experiments.  The  film  growth  temperature  was 
approximately  990°C  (+20^)  unless  otherwise  noted.  In  order  to  enhance  initial  surface 
nucleation,  the  molybdenum  screw  was  polished  with  600  mesh  silicon  carbide,  and  then 
ultrasonically  cleaned  in  acetone  and  methanol.  Because  of  the  large  difference  between  the 
thermal  expansion  coefficients  of  diamond  and  molybdenum,  films  delaminated  as  the  substrate 
cooled.  All  the  samples  discussed  in  this  paper  were  thus  free  standing  diamond  films. 

A  similar  apparatus  to  that  described  above  was  placed  in  an  enclosed  chamber  in  order 
to  control  the  atmosphere  around  the  flame.  Prior  to  lighting  the  torch,  the  chamber  was 
evacuated  to  several  torr  and  then  filled  with  argon(99.98%).  A  slight  positive  pressure,  with 
respect  to  ambient,  was  maintained  to  avoid  nitrogen  leaking  into  the  chamber.  An  auxiliary 
flow  of  8  SLM  oxygen  was  introduced  in  the  chamber  via  a  shroud  (2  inches  in  diameter)  around 
the  torch  tip. 

The  Raman  measurements  were  performed  in  the  photoluminescence  apparatus  using  the 
488.0  nm  line  of  an  argon  ion  laser  focused  to  approximately  100  p.m  diameter  spot  size[10]. 
The  photoluminescence  experiments  were  carried  out  at  6  K  in  a  Janis  supervaritemp  cryostat. 
Scanning  electron  microscopy  (SEM)  was  performed  on  these  samples  using  a  Leica  360  field 
emission  microscope. 

RESULTS 

For  the  films  grown  in  the  open  atmosphere,  the  O2/C2H2  ratio  was  about  1.12  while  for  the 
films  grown  in  the  enclosed  chamber,  the  O2/C2H2  ratio  was  about  1.07.  Assuming  100% 
combustion,  an  auxiliary  flow  of  approximately  3  SLM  would  be  needed  to  completely  oxidize 
the  reactants  (2  SLM  C2H2  in  our  case),  therefore  our  auxiliary  flow  of  8  SLM  was  chosen  to 
ensure  an  ample  supply  of  oxygen.  The  growth  time  for  these  samples  were  40  minutes.  Figure 
la  and  lb  are  SEM  micrographs  showing  the  morphology  of  the  films  grown  in  the  open 
atmosphere  and  the  enclosed  chamber  respectively.  Compared  to  the  clean  well-faceted 
morphology  seen  in  figure  la,  the  morphology  of  films  grown  in  the  enclosed  chamber  (figure 
lb)  exhibited  many  pits  on  the  crystallites.  Fig  2  shows  the  Raman  spectra  of  two  films  with 
each  spectrum  being  normalized  to  the  diamond  Raman  line  (1332  cm‘l).  Curve  A  (figure  2)  is 
a  typical  Raman  spectrum  of  a  film  grown  in  the  enclosed  chamber,  while  curve  B  and  C  are 
spectra  taken  of  a  film  grown  in  the  open  atmosphere  (2b  is  of  the  central  region  and  2c  is  of  the 
outer  portion  of  the  film).  The  corresponding  photoluminescence  spectra  of  these  films  are 
shown  in  figure  3  (curve  A  from  the  enclosed  chamber,  curve  B  and  C  from  the  center  and  outer 
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portion  of  the  film  grown  in  the  open  atmosphere).  These  photoluminescence  spectra  were  also 
normalized  to  the  diamond  first  order  phonon  line  (labeled  "a”  in  figure  3). 

DISCUSSION 

The  well  crystallized  faces  typical  of  growth  in  the  open  atmosphere  is  shown  in  figure 
la.  In  figure  lb,  the  morphology  of  the  film  grown  in  ah  enclosed  chamber  is  slightly  different. 
While  the  overall  size  of  the  grains  appear  very  similar,  the  surface  of  the  films  grown  in  the 
enclosed  chamber  exhibit  many  pits.  We  believe  these  may  be  etch  pits,  and  are  related  to  an 
increase  in  the  amount  of  OH  and  atomic  O  species  that  are  expected  when  entraining  100% 
oxygen  into  the  flame.  OH,  and  to  a  lesser  extent  atomic  O,  are  believed  to  be  effective  carbon 
etchants[l  1].  Fewer  pits  are  found  on  the  (100)  face  which  is  known  to  be  the  slowest  etched 
face  in  both  natural  and  synthetic  diamond[12].  In  addition  to  the  observed  preferential  etching, 
crystallites  from  the  films  grown  in  the  enclosed  chamber  appear  to  have  rounded  edges  as 
compared  to  the  sharp,  well-defined  edges  on  those  grown  in  the  open  atmosphere. 


1(a)  1(b) 

Figure  1.  Morphology  of  films  grown  in  the  open  atmosphere(la)  and  in  an  oxygen  atmosphere 

in  the  enclosed  chamber(lb). 

The  Raman  spectrum  (figure  2,  curve  A)  of  a  film  grown  in  the  enclosed  chamber  with 
oxygen  as  the  auxiliary  gas,  shows  a  relatively  low  background  luminescence  and  a  very  small 
amount  of  amorphous  carbon  at  1500  cm‘l.  The  Raman  spectra  which  were  taken  at  various 
places  on  the  film,  including  the  outside  portion,  all  yielded  a  spectra  similar  to  that  shown  in 
figure  3a.  The  FWHM  over  the  entire  growth  was  about  3.8  ±  .3  cm‘l.  Because  of  the  large 
spot  size  (100  pm),  the  Raman  signal,  and  hence  the  FWHM,  consists  of  contributions  from 
many  crystallites  and  intergranular  material.  For  growths  in  the  enclosed  chamber,  film  to  film 
variation  in  the  Raman  FWHM  was  found  to  be  less  than  1  cm"'^. 

The  Raman  spectrum  taken  of  a  film  grown  in  the  open  atmosphere  shows  that  the 
central  portion  (figure  2,  curve  B)  of  the  film  contains  higher  quality  diamond  as  compared  to  the 
outer  edge  (curve  C).  The  Raman  background  luminescence  of  the  central  portion  is  much 
smaller  than  that  of  the  outer  portion  and  the  component  at  1500  cm'l,  which  is  attributed  to 
amorphous  carbon,  is  also  smaller.  High  resolution  Raman  of  the  central  area  yields  a  FWHM  of 
about  2.7cm'l,  while  that  of  the  outer  portion  of  the  film  is  about  6.9  cm'l. 

Figure  3  (curve  A)  is  a  photoluminescence  spectrum  of  a  film  grown  in  the  enclosed 
chamber.  Defect  bands  which  commonly  occur  in  the  photoluminescence  spectra  of  diamond  are 
observed  at  2.16  and  1.95  eV.  The  defect  band  at  1.95  eV  has  been  assigned  to  a  nitrogen- 
vacancy  pair[13],  while  the  defect  band  at  2.16  eV  may  be  associated  with  a  nitrogen-double 
vacancy  complex[14].  As  can  be  seen  in  figure  3,  a  peak  at  1.95  eV  was  not  observed,  and  only 
with  magnification  of  the  background  can  the  defect  band  at  2.16  eV  be  observed.  The 
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photoluminescence  spectra  taken  across  the  film  showed  no  variation,  indicating  good  crystalline 
uniformity.  This  suggests  that  the  degradation  across  the  films  grown  in  the  open  atmosphere  is 
probably  not  the  result  of  any  temperature  gradient  across  the  film,  but  rather  the  result  of  the 
entrainment  of  room  air,  and  subsequent  incorporation  of  nitrogen  in  the  films. 


Figure  2.  Raman  spectra  of  films  grown  in  the  enclosed  chamber  (Curve  A),  the  center  of  an 
open  atmosphere  film  (Curve  B),  and  the  outside  edge  of  an  open  atmosphere  film  (Curve  C). 

Also  shown  in  figure  3  are  the  photoluminescence  spectra  of  a  film  grown  in  the  open 
atmosphere.  In  agreement  with  the  Raman  spectra  which  showed  a  better  FWHM  of  the  central 
region,  the  photoluminescence  data  also  indicate  higher  quality  diamond  in  the  central 
region(curve  B)  as  compared  to  the  outer  portion  (curve  C).  The  photoluminescence  spectrum 
taken  near  the  outside  edge  of  this  film,  indicates  lower  quality  diamond  both  by  the  ratio  of  the 
diamond  first  order  phonon  line  (a)  to  the  amorphous  carbon  peak  (a*),  and  also  the  enhanced 
presence  of  the  2.16  eV  band  (b)  and  the  1.95  eV  band(c).  In  all  the  films  examined  that  were 
grown  in  the  open  atmosphere,  the  2.16  eV  band  was  the  dominant  defect  observed  in  the 
photoluminescence  spectra  of  the  central  region  of  the  film.  Spectra  that  were  taken 
progressively  closer  to  the  outer  edge  show  an  increase  in  the  1 .95  eV  band  intensity  that  equals 
that  of  the  2.16  eV  band. 

It  has  been  previously  reported  that  a  decrease  in  the  nitrogen  complexes  seen  in  the 
photoluminescence  spectra  of  films  grown  in  the  open  atmosphere  can  be  achieved  if  turbulent 
flame  conditions  are  used[15].  In  this  study,  we  have  determined  that  even  under  the  present 
laminar  conditions,  one  can  also  achieve  a  decrease  in  the  nitrogen  complexes  simply  by  using 
higher  temperatures  (approximately  990°C).  By  changing  the  growth  temperature  from  990  to 
930°C,  we  have  observed  an  increase  of  the  2.16  eV  band  in  the  photoluminescence  spectra  from 
the  central  portion  of  the  film. 

The  quality  of  films  grown  in  the  open  atmosphere  were  not  found  to  be  dependent  on  the 
quality  of  oxygen  used.  In  films  grown  in  the  enclosed  chamber,  when  lower  grades  of  oxygen 
were  used,  a  small  amount  of  the  2.16  eV  band  was  observed  in  the  photoluminescence  spectra, 
but  no  signs  of  the  1 .95  eV  band  was  observed  in  any  these  films.  These  results  indicate  that 
there  may  be  a  correlation  between  the  nitrogen  complexes  seen  in  the  photoluminescence 
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spectra  with  the  oxygen  purity,  but  further  experiments  need  to  be  done  to  discard  any  effects 
due  to  temperature  variations  in  the  growth.  We  also  used  the  high  purity  oxygen  (99,998  %)  at 
lower  deposition  temperatures  (approximately  930oC)  in  the  enclosed  chamber  and  were  also 
able  to  observe  the  2.16  eV  band  in  the  photoluminescence  spectrum  without  enlarging  the 
background.  This  is  an  indication  that  some  of  the  nitrogen  incorporation  in  the  diamond  films  is 
coming  from  the  acetylene,  which  is  not  surprising  since  the  highest  grade  commercially 
available,  99.6  %,  contains  approximately  1(K)0  ppm  nitrogen.  It  has  also  been  reported  that 
nitrogen  contamination  in  acetylene  is  also  a  problem  in  SiC  growth  where  acetylene  is  used  as 
one  of  the  gas  sources[16]. 


Figure  3.  Photoluminescence  spectra  of  films  grown  in  the  enclosed  chamber  (Curve  A),  the 
center  of  an  open  atmosphere  film  (Curve  B),  and  the  outside  edge  of  an  open  atmosphere  film 

(Curve  C). 


CONCLUSIONS 

In  the  present  work,  we  have  shown  that  in  the  open  atmosphere  films  there  appears  to  be  a 
growth  temperature  dependence  on  the  2.16  eV  band  seen  in  the  photoluminescence  spectra  of 
the  central  portion  of  the  film.  Higher  growth  temperatures,  990°C,  result  in  a  smaller  2.16eV 
defect  band  in  the  photoluminescence  spectra.  Toward  the  outer  portion  of  the  films,  both  the 
2.16  and  the  1.95eV  band  increase  in  intensity.  In  films  grown  in  the  enclosed  chamber  with 
oxygen  as  the  auxiliary  gas,  we  have  made  films  that  show  only  a  trace  amount  of  any  nitrogen 
complexes.  Both  the  Raman  and  the  photoluminescence  spectra  indicate  that  the  films  grown  in 
the  enclosed  chamber  show  uniform  crystalline  quality  over  the  deposition  area  indicating  that 
the  degradation  of  the  outer  portion  of  the  open  atmosphere  films  may  be  the  result  of  room  air 
entrainment,  and  not  a  temperature  variation  across  the  substrate.  When  either  lower  purity 
oxygen  is  used,  or  lower  growth  temperatures,  we  do  observe  a  small  peak  at  2.16  eV  in  the 
photoluminescence  spectrum,  which  may  be  the  result  of  nitrogen  impurities  in  the  source  gases. 
In  the  near  future,  we  plan  to  perform  secondary  ion  mass  spectroscopy  (SIMS)  on  these  samples 
to  determine  if  there  is  a  correlation  between  the  actual  nitrogen  incorporation  and  the  nitrogen 
complexes  in  the  photoluminescence  spectra. 
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ABSTRACT 

We  have  conducted  x-ray  diffraction,  Raman  spectroscopy,  and  scanning  electron 
microscopy  analyses  of  diamond  films  grown  by  hot  filament  assisted  chemical  vapor  deposition 
(HFCVD).  We  present  results  on  the  relative  abundance  of  the  (111),  (220)  and  (400)  faces  in 
polycrystalline  diamond  films  as  functions  of  CH4  concentration.  The  intensity  of  the  (111) 
peak  can  be  varied  from  about  20%  to  60%  by  adjusting  CH4  in  CH4/H2  mixtures.  We  also 
present  results  on  preferred  orientation  in  films  grown  under  varying  hydrogen  treatments.  We 
discuss  correlations  between  the  preferred  orientation,  FWHM  of  the  diamond  peak  in  the 
Raman  spectrum,  and  surface  morphology  of  the  films. 


INTRODUCTION 

There  has  been  an  increasing  interest  in  the  growth  and  characterization  of 
polycrystalline  diamond  films  because  of  their  exceptional  properties.  The  growth  of  these 
films  by  a  variety  of  low-pressure  techniques  and  their  properties  have  been  discussed  in 
numerous  articles.3-5  Whereas  significant  progress  has  already  been  made  in  understanding  the 
growth  of  polycrystalline  and  homoepitaxial  single  crystal  diamond  films,  the  heteroepitaxy  of 
diamond  films  remains  to  be  developed.  Attempts  have  also  been  made  to  grow  highly  oriented 
polycrystalline  diamond  films.®  To  our  knowledge,  there  has  not  been  any  attempt  to 
systematically  study  the  effects  of  growth  parameters  on  the  relative  abundance  of  different 
orientations  present  in  diamond  films  grown  by  HFCVD.  The  only  other  study,  known  to  us, 
has  been  on  the  plasma  grown  films.^  In  this  paper,  we  present  results  on  the  effects  of  CH4 
concentration  in  CH4/H2  mixtures  and  of  hydrogen  treatment  on  the  relative  abundance  of  the 
crystalline  faces  in  HFCVD  grown  diamond  films. 


EXPERIMENTAL  DETAILS 

Polycrystalline  diamond  films  were  deposited  by  using  a  hot  filament  assisted  CVD 
system  that  has  been  discussed  in  detail  elsewhere.®  The  deposition  parameters  for  these 
experiments  were  from  our  so  called  regime-2  and  they  were  as  follows:  CH4/H2  mixture  flow 
rate  ~  60  seem,  system  pressure  ~  25  Torr,  filament  temperature  ~  2300  K,  substrate  temperature 
~  1100  K,  and  filament  to  substrate  separation  ~  1  cm.  Diamond  films  were  grown  at  seven 
different  CH4  concentrations  ranging  from  0.5%  to  4%  in  CH4/H2  mixtures.  The  growth  rates 
for  these  samples  were  typically  1  pm/hr.  These  films  were  examined  by  using  Raman 
spectroscopy,  scanning  electron  microscopy,  and  X-Ray  Diffraction  (XRD).  Our  Raman 
spectrometer  consists  of  an  argon  ion  laser  (A,  =  5145  A),  a  SPEX  14018  double  monochromator, 
and  computer  control  data  acquisition  unit.  A  Cambridge  Stereo  Scan- 120  scanning  electron 
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microscope  was  used  to  observe  and  photograph  surface  morphology  of  the  films.  The  x-ray 
diffraction  measurements  were  made  by  using  a  computer-controlled  Philips  PW1729  x-ray 
diffractometer  equipped  with  Cu-Kq,  monochromatic  x-ray  beam  (45  keV  @  35  mA)  and 

operated  with  a  step  size  of  0.02°  (26)  and  @  0.5  sec  per  step. 


RESULTS  AND  DISCUSSION 

The  Raman  spectra  of  two  films  grown  at  CH4  concentrations  of  1.4  %  and  3.0  %  are 
shown  in  Fig.  1.  The  Raman  spectra  clearly  show  that  the  film  grown  at  1.4  %  CH4 
concentration  is  a  high  quality  diamond  film;  the  sharp  peak  at  1332  cm"'  is  well  known  to  be 
the  characteristic  line  of  crystalline  diamond.  The  film  grown  at  3.0  %  CH4  concentration 
contains  significantly  less  sp^  bonded  diamond  structure;  the  additional  features  around  1350 
cm'l,  1550  cm‘l,  and  1580  cm'i  are  due  to  polycrystalline  diamond,  diamond-like  carbon,  and 
amorphous  carbon.  Details  on  the  evolution  of  these  features,  as  functions  of  growth  conditions, 
in  HFCVD  diamond  films  have  been  discussed  elsewhere.^ 


Figure  1.  Raman  spectra  of  films  grown  at  1.4  %  and  3.0  %  CH4  in  CH4/H2  Mixtures. 


Figure  2  (a).  SEM  of  films  grown  at  1.4  %  CH4  in  CH4/H2  Mixtures. 
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The  surface  morphology  of  the  films  is  shown  by  the  SEM  micrographs  of  Figure  2.  The 
Raman  and  SEM  features  and  their  dependence  on  CH4  concentration  are  in  excellent  agreement 
with  our  previous  results.^ 


Figure  2  (b).  SEM  of  films  grown  at  3.0  %  CH4  in  CH4/H2  Mixtures. 

XRD  spectra  of  two  films  grown,  with  and  without  H2  treatment,  are  shown  in  Fig.  3. 


Figure  3  (a).  XRD  spectra  of  films  grown  without  H2  treatment. 
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A  standard  computer  software  calculates  quantities  of  interest,  like  peak  position  (29), 
area  under  each  peak,  d  spacing,  size  of  the  crystallites,  lattice  strain,  etc.  We  observe  peaks  in 
the  x-ray  diffraction  spectra  of  these  films  corresponding  to  the  (111),  (220),  (311),  (400)  and 
(331)  faces.8  We  have  also  measured  a  spectrum  for  diamond  powder  and  its  results  are  within 
one  standard  deviation  of  the  values  given  in  JCPDS  card  6-0675.*  The  abundance  of  the  (111) 
and  (220)  faces  in  our  diamond  films  are  shown  vi  CH4  concentration  in  Fig.  4.  The  abundance 
of  each  orientation  is  defined  to  be  the  ratio  of  the  area  under  the  peak  originating  from  that 
particular  orientation  to  the  sum  of  the  peak  areas  of  all  other  faces.  The  error  bars  represent 
standard  deviations  calculated  from  ten  different  XRD  measurements  on  each  sample.  A 
comparison  between  the  XRD  spectra  of  the  1.4  %  CH4  concentration  film  and  diamond  powder 
shows  that  this  film  resembles  randomly  oriented  diamond  powder. 


Figure  3  (b).  XRD  spectra  of  films  grown  after  H2  treatment. 


Methane  Concentration  (%)  Methane  Concentration  (%) 


Figure  4.  Relative  abundance  of  the  (111)  and  (220)  faces  vi  CH4  concentration.  The  diamond 
powder  results  are  shown  by  arrows. 
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It  is  observed  that  the  composition  of  the  CH4/H2  mixture  has  an  important  effect  on  the 
growth  of  preferred  crystallographic  orientation  in  the  film.  The  abundance  of  the  (111)  face 
remains  at  around  60%  for  CH4  concentrations  upto  1.4%.  Between  1.4%  and  2.6%  CH4 
concentrations,  the  abundance  of  this  face  drops  sharply  with  increasing  CH4  concentration.  For 
higher  CH4  concentrations,  the  abundance  of  the  (111)  face  increases.  Since  the  abundance  of 
the  (400)  face  is  comparatively  small  (ranging  from  0  to  5%),  the  abundance  of  the  (220)  face 
shows  an  expected  behavior  with  the  composition  of  the  CH4/H2  mixtures.  These  results  clearly 
show  that  the  growth  of  a  preferred  orientation  in  HFCVD  grown  polycrystalline  films  can  be 
controlled,  albeit  within  reasonable  limits,  by  adjusting  CH4  concentration.  In  order  to  study 
whether  the  abundance  of  the  preferred  orientation  could  be  further  influenced  by  hydrogen 
treatment,  we  have  conducted  an  experiment  in  which  the  following  sequence  is  adopted;  1)  first 
a  diamond  film  is  grown  by  using  1.4%  CH4  concentration,  2)  this  film  is  examined  by  Raman, 
SEM,  and  XRD,  3)  the  film  is  exposed  to  continuous  flow  of  H2  for  a  certain  period  of  time  by 
keeping  all  other  growth  conditions  the  same  as  they  were  during  the  original  growth  in  step  (1), 
4)  additional  growth  of  diamond  is  accomplished  on  the  H2-treated  film,  5)  the  film  is 
reanalyzed  by  Raman,  SEM,  and  XRD,  and  6)  steps  (3)  -  (5)  are  repeated.  The  results  from 
these  experiments  are  shown  in  Figure  5,  where  the  ratio  of  the  relative  abundance  of  the  (220) 
and  (1 1 1)  faces  is  plotted  vs  deposition  time  for  different  conditions  of  H2  treatment. 
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Figure  5.  Ratio  of  the  abundance  of  the  (220)  and  (1 1 1)  faces  vs  growth  period  for  different  H2 
treatments;  (•,  growth  without  H2  treatment),  (O,  growth  after  7  hrs  H2  treatment  once 
following  4  hrs  growth),  (♦,  1  hr.  H2  treatment  after  each  growth). 

It  is  observed  that  hydrogen  treatment  influences  growth  of  a  particular  orientation 
((220),  in  this  case)  at  the  expense  of  the  growth  of  other  faces.  There  is  almost  a  three-fold 
increase  in  the  rate  of  growth  of  the  (220)  face  when  the  sequence,  diamond  growth  plus  H2 
treatment,  is  repeated.  We  observe  a  correlation  between  the  abundance  of  the  (220)  faces, 
graphitic  contents,  and  FWHM  of  the  diamond  peak;  as  the  relative  abundance  of  the  (220)  faces 
increases,  the  Raman  spectrum  shows  an  increase  in  the  graphitic  contents  of  the  film  and  the 
1332  cm’l  Raman  line  broadens. 


323 


CONCLUSION 


In  conclusion,  we  have  presented  results  from  a  study  of  the  effects  of  CH4  concentration 
and  H2  treatment  on  preferred  orientation  in  polycrystalline  diamond  films.  Both  methane 
concentration  and  hydrogen  treatment  are  found  to  significantly  influence  the  growth  of  the 
(220)  face  at  the  expense  of  the  growth  of  the  (111)  face.  We  observe  a  three-fold  increase  in 
the  growth  rate  for  the  (220)  face  of  diamond  by  repeatedly  subjecting  "freshly  grown"  diamond 
films  to  H2  treatment.  There  appears  to  be  a  correlation  between  the  preferred  growth  of  the 
(220)  face,  graphitic  contents  in  the  film,  and  the  sharpness  of  the  1332  cm"'  diamond  peak  in 
the  Raman  spectrum. 
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ABSTRACT 

Smooth  diamond  films  have  been  grown  by  hot  filament  chemical  vapor  deposition  under 
d.c.  bias  on  mirror-polished  Si  substrates.  Films  a  few  micrometers  thick  were  obtained  in  .50 
minutes.  Raman  spectra  showed  very  broad  diamond  peaks.  X-ray  diffraction  showed  the 
presence  of  diamond  and  also  other  carbon  phase  with  a  line  2.1 1  A.  With  time,  the  films 
apparently  underwent  a  phase  transformation. 

INTRODUCTION 

Diamond  films  produced  by  low  pressure  chemical  vapor  deposition  (CVD)  are  hard, 
chemically  inert,  and  transparent  over  0.225  to  25  mm.  Such  films  have  already  been  used  as 
protective  coatings  for  infrared  optics.  One  major  limitation  in  optical  coatings  is  their 
surface  roughness  due  to  crystalline  grains.  The  light  scattering  on  the  rough  surface,  rather 

than  the  absorption,  is  responsible  for  optical  losses  in  diamond  films.  ^  Therefore,  smooth 
diamond  films  should  be  of  interest  for  optical  applications. 

This  paper  reports  the  synthesis  and  properties  of  microscopically  smooth  diamond  films 
grown  by  hot  filament  CVD  on  Si  (100)  substrates  by  nucleation  and  growth  under  d.c.  bias. 

EXPERIMENTAL 

The  diamond  films  were  grown  by  hot  filament  CVD  with  a  d.c.  electric  bias  applied 
between  filament  and  substrate.  The  substrates  were  as-received  miiTor-polishcd  Si  (100) 
wafers,  chemically  cleaned.  They  were  mounted  on  a  large  (4x4x1  cm^)  graphite  holder 
biased  positively  with  respect  to  the  filament.  The  distance  between  the  coil  tungsten 
filament  and  the  substrates  was  2  to  4  mm.  The  chamber  pressure  during  deposition  was 
maintained  at  30-40  torr.  Flow  rates  (measured  by  MKS  flowmeters)  of  1  seem  of  methane 
and  99  seem  of  hydrogen  were  used.  The  coil  tungsten  filament  was  carburized  before 
deposition  to  reduce  the  tungsten  contamination  in  films.  The  filament  temperature  varied 
for  different  runs  between  1950  °C  and  2200  ®C  (measured  by  a  Micron  digital  two- 
wavelength  optical  pyrometer).  The  substrate  temperature  was  maintained  at  800  +20  °C 
(measured  by  a  chromel-alumel  thermocouple  placed  under  the  Si  substrate).  This  was,  most 
probably,  the  temperature  of  the  graphite  holder.  The  real  temperature  on  the  growing  surface 
of  the  film  could  be  much  higher,  as  occasional  melting  of  the  silicon  surface  was  observed. 
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Bias  potentials  between  50  V  and  150  V  were  applied  (50,  80,  100,  120,  and  150  V).  The 
bias  current  varied  between  0.19  and  2.30  A,  being  dependent  on  the  applied  potential  and 
also  on  the  filament  temperature,  the  chamber  pressure,  and  the  distance  from  filament  to 
substrate.  As  the  bias  voltage  was  applied,  a  bright  plasma  ball  formed  around  the  filament. 
The  nucleation/growth  time  was  30  min.  Smooth,  visually  transparent  films  approximately  5 
pm  thick  were  obtained  as  detailed  below. 

Scanning  electron  microscopy  (SEM)  with  energy  dispersive  spectroscopy  (EDS),  X-ray 
diffraction  (XRD),  Raman  and  Auger  spectroscopy  measurements  were  used  to  characterize 
the  samples. 

RESULTS  AND  DISCUSSION 


1  0  U  '■ 


Fig.  1.  A  cleavage  of  the  smooth  film 
grown  under  bias  V=50  V,  1=0.20  A 

The  SEM  pictures  of  the  film  cleavage  (Fig.l)  shows  a  film  with  thickness  ~5  pm.  The 
surface  is  smooth.  No  element  heavier  than  Na,  except  silicon,  was  detected  by  energy 
dispersive  spectroscopy. 

Fig.  2  shows  a  typical  X-ray  diffraction  patterns  for  smooth  films,  as  measured  two-three 

weeks  after  growth.  The  films  have  a  strong  (111)  reflection  (dominant  peak  at  44.07°, 
interplanar  spacing  d=2.055  A).  The  XRD  patterns  also  show  a  weaker  non-diamond  peak 
at  20=42.9°  (d=2.1 1  A).  No  graphite  lines  were  observed. 

The  range  from  42°  to  45°  of  a  typical  pattern  is  shown  expanded  in  Fig.  3.  The  pattern 
has  a  strong  line  at  44.07°  (d=2.055  A),  an  adjacent  line  at  43.8°  (d=2.065  A)  and  a  line  at 

42.9°  (d=2.11  A).  For  all  samples  grown  in  various  conditions,  these  three  peaks  were 
present,  their  intensity,  as  measured  a  short  time  (two-three  weeks)  after  growth,  varied  from 

sample  to  sample,  the  peak  at  44.07°  being  always  dominant,  and  the  peak  at  42.9  the 
weaker  one. 

A  carbon  atom  can  be  bound  to  another  carbon  atom  by  a  single,  double  or  triple  bond. 
This  allows  the  existence  of  an  array  of  different  carbon  lattices:  diamond,  graphite, 
buckyballs  and  a  large  number  of  graphite  and  diamond  polytypes. 
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Fig.  2  The  typical  X-ray  diffraction  pattern 
of  smooth  films 
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In  the  cubic  diamond  structure 
each  carbon  atom  is  located  at  the 
center  of  a  regular  tetrahedron  and 
is  singly  bonded  to  the  four 
neighbour  atoms  at  the  tetrahedron 
comers.  Diamond  polytypes  have 
hexagonal  (2H  -  lonsdaleite,  4H, 
6H,  8H  and  so  on)  or 
rhombohedral  (15R,  21R) 

structures.  ^  The  structures  of 
hexagonal  and  cubic  diamond 
differ  only  in  the  stacking  of 
double  -buckled  layers. 


Fig.  3  XRD  pattern  in  the  range  of  42-45  “  typical  for  films  grown  under  bias 
XRD  patterns  for  hexagonal  diamond  polytypes  were  calculated  by  Ownby  ct  al.  ^  The 
line  with  spacing  d=2.1 1  A  might  belong  to  the  4H  polytype,  but  no  other  lines  belonging  to 
diamond  polytypes  were  present  in  XRD  pattern.  Badzian  and  Badzian  ^  have  observed, 
besides  the  usual  (111)  diamond  reflection  (d=2.06  A),  a  peak  with  d=2.12  A  in  epitaxial 
films  grown  on  (1 1 1)  facets  of  natural  diamond.  They  have  suggested  that  the  peak  is  due  to 
interplanar  distance  of  a  new  form  of  tetrahedral  carbon.  The  splitting  of  the  2.06  A  line  in 
two  lines  with  2.055  A  and  2.065  A  can  be  attributed  to  the  presence  of  stacking  faults. 
Planar  defects,  like  stacking  faults  and  twins,  were  found  indeed  to  be  present  with  high 
density  in  the  <11 1>  growth  direction.^ 


Fig,  4  Raman  spectra 


Fig.  5  Differential  Auger  spectra. 
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A  series  of  quite  strange  Raman  spectra,  like  those  shown  in  Fig,  4,  were  obtained  on 
some  samples.  There  is  a  diamond  line,  although  widened  and  displaced.  Diamond  lines  for 
the  different  samples  was  displaced  from  1332  cm-1  to  larger  or  smaller  wave  numbers 
indicating  the  presence  of  stresses  in  the  films.  The  line  at  ~1450  cm"^  is  usually  assigned 
to  amorphous  carbon.  However,  in  our  case  the  line  is  too  narrow  to  be  explained  in  this  way. 
For  amorphous  carbon  it  should  have  been  much  broader.  Differential  Auger  spectra  (  Fig. 
5)  have  diamond  features. 

Figure  6  presents  the  change  of  XRD  line 
intensities  that  occurred  with  time.  The 
narrow  line  with  d=2.054  A  has 
disappeared  and  the  lines  with  d=2.65  A 
and  d=2.11  A  have  first  become 
relatively  stronger,  then  decreased  and 
after  four  month  hardly  any  line  could  be 
observed.  Changes  in  XRD  patterns 
similar  to  those  shown  in  Fig,  4  were 
observed  for  the  other  smooth  films  too. 


Fig.  6  Evolution  in  time  of  XRD  pattern.  Time  of  the  measurements  after  the  film  was 
grown:  1)  two  weeks  2)  three  weeks  3)  two  months  4)  four  month 

It  is  quite  possible  that  the  carbon  phases  obtained  under  electric  field  are  unstable  and  can 
have  polymorphic  changes.  Polymorphic  transformations  are  known  to  happen  with  metal 

lattices  even  at  room  temperature 
CONCLUSIONS 

Microscopically  smooth  diamond  films,  with  preferential  (111)  orientation  have  been 
grown  under  d.c,  bias  on  mirror  polished  Si  substrates  by  hot  filament  CVD,  without  surface 
pre-treatment  to  enhance  nucleation.  Thicknesses  of  a  few  micrometers  were  obtained  in  30 
minute  depositions.  Changes  in  the  relative  diffraction  line  intensities  occurred  in  time.  A 
possible  explanation  of  these  observations  is  that  the  carbon  phases  obtained  under  electric 
field  are  unstable  and  can  undergo  polymorphic  transformations. 
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ABSTRACT 

Microwave  plasma  has  been  used  to  grow  diamond  films  using  CH4  and  H2  over  nickel 
substrates.  Nucleation  of  the  diamond  has  been  achieved  by  manual  scratching  and  ultrasonic 
agitation  of  the  substrates.  The  substrate  was  left  in  the  H2  microwave  plasma  to  remove  any 
oxide  film  present  prior  to  the  diamond  growth.  According  to  SEM  the  morphology  of  the 
grown  films  was  (100)  textured  over  the  entire  surface.  Our  interest  is  to  study  the  effect  of  O2 
on  the  growth  rate  and  the  morphology  of  as-deposited  diamond  films.  Infact,  O2  has  a  tendency 
to  preferentially  etch  the  diamond  (etch  rate:  111  >  110  >100).  Injection  of  O2  into  the  reaction 
mixture  could  enhance  the  100  texture  further.  Raman  analysis  confirms  the  deposited  films  as 
diamond.  Effect  of  O2  on  the  nature  of  the  films  and  the  characterization  of  as-deposited  films 
is  described. 


INTRODUCTION 

Diamond  is  a  remarkable  material  for  innumerable  applications  because  of  its  unusual 
properties  [1,2]  and  therefore,  several  potential  applications  can  be  anticipated  in  electronics  and 
protective  coatings.  However,  the  progress  in  diamond  technology  is  hindered  to  a  large  extent 
because  of  the  inability  to  grow  heteroepitaxially  and  the  difficulties  of  incorporating  n-type 
carriers. 

There  have  been  some  reports  on  the  growth  of  heteroepitaxial  diamond  over  the  Si,  B-SiC, 
and  c-BN  substrates  [3-11].  Heteroepitaxial  growth  of  diamond  on  non-diamond  substrates  is 
potentially  significant  especially  for  electronics  applications.  Heteroepitaxy  is  largely  depend  on 
the  nature  of  the  crystal  structure  of  the  substrate  and  the  deposited  diamond  film.  Suitable 
candidate  materials  to  yield  the  heteroepitaxial  diamond  growth  are  Mo,  W,  Pt,  Pa,  Ta,  Ni,  Cu, 
c-BN,  CE-SiC,  B-SiC,  etc.,  based  on  their  lattice  parameters.  The  lattice  misfit  should  be  small  in 
order  to  produce  epitaxial  films.  The  larger  the  lattice  misfit,  the  greater  the  defect  density  and 
more  likely  the  film  will  be  polycrystalline.  Stoner  et  al.,  [3,7, 1 1  ]  and  Wolter  et  al,  [6]  have 
reported  the  heteroepitaxial  growth  of  diamond  on  the  6-SiC  (lattice  misfit  with  respect  to  B-SiC 
is  18.1%)  and  (100)  silicon  surface  via  carbonization  process,  respectively.  The  defects  caused 
by  the  lattice  misfit  may  be  responsible  for  the  observed  low  electrical  mobility  values  with 
respect  to  homoepitaxial  diamond  films  [11].  Thermal  expansion  coefficient  of  silicon  is  twice 
to  that  of  diamond.  Therefore,  the  diamond  grown  over  the  silicon  substrate  has  good  adhesion 
strength  as  reported  in  the  literature.  If  one  could  get  the  similar  diamond  growth  [3,6,7, 1 1]  over 
the  nickel  or  copper  substrate  (best  lattice  match),  those  films  may  have  minimal  defects  and 
higher  mobilities.  Copper  may  at  presently  be  ruled  out  since  the  melting  point  is  in  the  vicinity 
of  diamond  growth  conditions.  Alternatively,  nickel  is  the  most  appropriate  substrate  to  envision 
the  heteropitaxial  diamond  growth  and  there  are  two  major  problems  associated  with  the  nickel 
substrate.  They  are  the  formation  of  graphite  prior  to  the  diamond  growth  and  adhesion  failure 
of  the  film  due  to  the  higher  thermal  expansion  coefficient  of  nickel. 

Belton  and  Schmieg  [12]  have  reported  the  growth  of  diamond  over  Ni  (100)  substrates  and 
observed  loss  of  epitaxial  growth  due  to  the  formation  of  disordered  carbon  such  as  glassy 
carbon  and  graphite.  Such  interfacial  layers  prevent  the  formation  of  diamond  film  from  seeding 
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the  order  of  the  nickel  substrate.  A  graphite  intermediate  layer  is  formed  over  the  nickel 
substrate  whereas  carbide  intermediate  layer  is  formed  over  the  silicon  substrate.  Chemical  and 
structural  effects  of  the  substrate  are  important  for  predicting  the  type  of  carbon  forms  as  an 
intermediate  layer.  Eimori  et  al.,  [13]  have  reported  the  formation  of  significant  graphitization 
upon  annealing  of  the  nickel  deposited  polycrystalline  diamond  film  in  vacuum  at  temperatures 
of  200  -  900OC.  Nickel  film  has  completely  diffused  mostly  into  the  grain  boundaries  of  the  film 
when  the  sample  was  annealed  at  900°C.  Rudder  et  al.,  [14]  have  reported  on  the  nucleation  of 
thin  single  crystal  (<100  A)  on  Ni  (100)  surfaces  using  remote  plasma  enhanced  CVD.  Badzian 
and  Badzian  [15]  have  reported  that  nickel  may  not  be  a  good  substrate  for  diamond 
heteroepitaxy  because  graphite  would  be  formed  in  an  environment  of  H2  and  CH4.  A 
mechanism  has  been  proposed  to  avoid  the  graphite  formation  by  forming  a  nickel-carbon - 
hydride  layer  just  before  the  CVD  diamond  growth  is  initiated  using  hydrogen  and  hydrocarbons. 
A  ternary  phase  of  Ni-C-H  melts  at  1 1  SO^C  and  has  a  characteristic  Raman  line  at  1 000  cm“  1 . 
Yang  et  al.,  [16]  have  communicated  an  approach  involves  seeding  and  multistep  CVD  process 
to  overcome  the  adverse  effects  such  as  graphite  formation  in  the  plasma.  There  have  been  some 
reports  on  the  growth  mechanism  and  texture  development  that  results  in  via  randomly  oriented 
nuclei  and  higher  growth  rate  direction  that  is  perpendicular  to  the  growth  surface  [8,17,18]. 
Epitaxial  growth  of  diamond  on  single  crystal  diamond  substrates  and  the  exploration  of  the 
diamond  electronic  devices  are  feasible,  but  the  cost  and  size  factors  of  single  crystal  diamond 
dictate  the  research  on  heteroepitaxial  diamond  growth.  We  have  employed  the  two-step  process 
in  ref.  [16]  and  growth  process  proposed  in  refs.  [8,17, 18]  to  enhance  the  texture.  We  have 
provided  the  results  on  the  deposition  and  characterization  of  polycrystalline  diamond  films 
grown  on  various  nickel-base  alloys  in  ref.  [19].  In  this  paper  we  provide  the  effect  of  oxygen  on 
the  textured  growth  of  diamond  thin  films  over  Ni  200  and  single  crystal  nickel  substrates. 

EXPERIMENTAL  DETAILS 

Substrates  were  ultrasonically  damaged  in  methanol  containing  90  pm  monocrystalline 
diamond  particles  [20].  H2  microwave  plasma  treatment  was  performed  at  high  temperature  to 
reduce  the  oxides  present  on  the  substrates  and  to  recrystallize  the  surface  to  prepare  for  the 
diamond  growth.  Microwave  plasma  (2.45  GHz)  assisted  CVD  system  (ASTeX,  Woburn,  MA) 
has  been  used  to  grow  diamond  films.  Schematic  diagram  of  the  diamond  deposition  system  is 
described  earlier  [21].  Nickel  200  alloy  (Ni;  99.5%,  C:  0.06%,  and  Cu:  0.05%)  and  single 
crystal  nickel  substrates  have  been  chosen  in  this  study  to  grow  diamond  films.  Hydrogen  and 
methane  flow  rates  employed  in  all  the  experiments  of  diamond  growth  were  500  and  3.6  seem, 
respectively. 

RESULTS  AND  DISCUSSION 

Figure  1  show  SEM  micrographs  of  diamond  grown  over  (100)  oriented  single  crystal  nickel 
substrate  (#121593-1):  (a)  typical  morphology  and  (b)  magnified  view  of  the  single  particle. 

This  substrate  was  treated  with  H2  microwave  plasma  for  30  minutes  at  12480C  prior  to  CVD 
diamond  growth.  Typical  diamond  deposition  parameters  are  as  follows:  Pressure:  34.4  Toir, 

FP;  707  watts,  RP:  9  watts,  Temperature  of  the  substrate:  9140C,  Deposition  time:  7.5  hours. 
Figure  Ic  and  d  show  SEM  micrographs  of  diamond  grown  in  the  presence  of  O2  over  the  Ni 
200  substrate  (#1 12393-1).  (c)  Typical  morphology  and  (d)  magnified  view  of  "c."  This  sample 
was  treated  with  H2  microwave  plasma  for  30  minutes  at  1316°C.  Percentage  of  the  oxygen  in 
hydrogen  is  1.  Temperature  of  the  substrate  and  deposition  time  are  9530C  and  8  hours, 
respectively.  Very  sparse  deposits  of  faceted  diamond  crystals  were  observed  on  the  Ni  200 
substrate.  The  morphologies  of  the  single  particle  in  figure  lb  and  d  are  different.  Infact 
addition  of  O2  into  the  reaction  mixture  should  enhance  the  (100)  texture  of  diamond  films  [22]. 
Percentage  of  O2  in  H2  may  be  too  high  in  order  to  yield  textured  diamond  films.  Subsequently, 
reduced  the  flow  rate  of  O2  to  2  seem  (#091793-1,  Pressure:  34.3  Torr,  FP:  801  watts,  RP;  12 
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Figure  1:  SEM  micrographs  of  diamond  grown  overH2  microwave  plasma  treated(lOO)  oriented 
single  crystal  nickel  substrate  (#121593-1)  (a)  typical  morphology  (b)  magnified  view  of  single 
particle.  Diamond  grown  over  the  Ni  200  substrate  (#112393-1)  in  the  presence  of  02-  (c) 
Typical  morphology  and  (d)  magnified  view  of  "c". 


Figure  2:  SEM  micrographs  of  the  diamond  grown  over  the  ultrasonically  damaged  and  H2 
microwave  plasma  treated  Ni  200  substrate  using  a  gas  mixture  of  H2/CH4/O2.(500/3.6/2  seem) 
Percent  of  O2  in  hydrogen:  0.4%.  (#091793-1) 
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Figure  4:  SEM  micrographs  of  (a)  typical  moiphology  of  CVD  diamond  grown  over  Ni  200  (b) 
magnified  view  of  (a),  (c  and )  cross-sectional  views  of  the  diamond.  Oxygen  was  injected  into 
0  5  scc^^T^raoVl™^*  ^  ^  minutes)  during  the  growth  period  with  a  flow  rate  of 
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watts,  Temperature  of  the  substrate:  970^0,  Deposition  time:  7.25  hours.)  and  0.5  seem 
(#092093-1)  and  the  eorresponding  SEM  mierographs  of  diamond  grown  on  ni  substrates  are 
shown  in  figure  2  and  3,  respectively.  Very  sparse  deposits  were  observed  in  both  the 
experiments.  Therefore,  it  is  decided  to  admit  the  oxygen  into  the  reaction  mixture  intermittently 
in  order  to  etch  the  non-diamond  carbon  and  enhance  the  texturing  of  diamond  films.  Typical 
diamond  deposition  parameters  for  the  data  shown  in  the  Figure  3  (#092093-1)  are  as  follows: 
Pressure:  35  Torr,  FP:  803  watts,  RP:  6  watts.  Temperature  of  the  substrate:  9660C,  Deposition 
time:  5  hours.  We  have  added  oxygen  (0.05%  - 1.6%)  to  the  reaction  mixture  (H2  and  CH4)  in 
order  to  observe  its  effect  on  the  quality  of  diamond  thin  films.  Preliminary  observations 
indicate  that  the  growth  of  diamond  is  completely  inhibited. 

A  virgin  Ni  200  (#092193-l)sample  was  treated  with  H2  microwave  plasma  and 
subsequently  deposited  diamond  films  ( Pressure:  30.2  Torr,  FP:  650  watts,  RP:  9  watts, 
Temperature  of  the  substrate:  942^0,  Deposition  time:  31  hours.).  O2  was  injected  into  the 
reactor  five  times  during  the  complete  deposition  period  with  a  flow  rate  of  0.5  seem  for  2  to  5 
minutes  to  investigate  texturing  of  diamond  films.  Addition  of  oxygen  into  the  plasma  could 
enhance  the  growth  rate  of  diamond  as  reported  earlier  [23,24].  Our  observations  did  not  show 
any  increase  in  the  diamond  growth  rate  either  on  silicon  or  on  nickel  alloys.  Figure  4a  and  b 
show  the  textured  diamond  films  grown  over  Ni  200  alloy.  Columnar  growth  of  diamond  films 
may  be  seen  vividly  from  the  cross-sectional  micrographs  shown  in  figure  4c  and  d.  One  may 
infer  from  this  experiment  scratching  and/or  seeding  with  diamond  particles  are  not  necessary  to 
initiate  the  growth  of  diamond.  One  could  infer  based  on  the  data  observed  in  AES  and  XPS  that 
there  was  an  increase  in  the  carbon  content  upon  hydrogen  microwave  plasma  treatment.  That 
carbon  might  be  acting  as  a  nucleation  site  for  the  diamond  growth.  The  formation  of  graphite 
on  the  surface  of  the  nickel  in  the  initial  stages  of  the  deposition  and  it  may  be  acting  as  a 
nucleation  center  for  the  diamond  to  grow  in  the  subsequent  duration  of  the  experiment. 

Figure  5  show  SEM  micrographs  of  the  diamond  films  grown  over  the  ultrasonically 
damaged  for  2  hours  and  manually  scratched  with  90  [im  diamond  particles  and  finally  H2 
microwave  plasma  (20  minutes  at  ISOO^C)  treated  Ni  200  substrate  (#092393-1,  Pressure:  31.9 
Torr,  FP:  700  watts,  RP:  10  watts.  Temperature  of  the  substrate:  101 3°C,  Deposition  time:  52 
hours.).  Oxygen  was  injected  (0.2  seem)  into  the  reactor  8  times  (each  time  for  5  minutes)  during 
the  deposition  period.  Typical  morphologies  of  (100)  texture  is  shown  in  figure  a,  b,  and  c. 

Ni  200  substrates  were  cleaned  with  acetone,  2-propanol,  and  distilled  water.  Samples  were 
analyzed  with  AES  and  XPS  and  found  the  presence  of  numerous  surface  contaminants.  The 
contaminants  are  as  follows:  Si,  S,  Cl,  Ar,  Ca,  Pd,  C,  O,  and  possibly  Mn  and  Zn.  The  C,  O,  N 
originates  from  atmospheric  gases  and  is  observed  on  nearly  all  surfaces  exposed  to  the 
atmosphere.  A  cleaned  Ni  200  sample  was  left  in  H2  microwave  plasma  for  1  hour  at  1200^0 
and  analyzed  the  sample  by  AES  and  XPS.  It  was  suiprising  to  note  that  the  surface  was 
completely  cleaned  and  observed  only  carbon  and  oxygen  signals  with  no  traces  of  the 
contaminants  present  before  cleaning.  The  carbon  signal  is  significant  and  higher  than  the 
chemically  cleaned  surface.  This  may  be  attributed  to  the  contamination  of  substrate  base 
(Quartz)  with  carbon  such  as  diamond  from  the  earlier  experiments.  We  speculate  that  the  H2 
microwave  plasma  treatment  deposits  carbon  while  removing  most  other  surface  contaminants. 
AES  and  XPS  spectra  from  the  diamond  covered  surface  show  the  surface  nearly  all  carbon.  The 
binding  energy  of  the  Cls  peak  is  284.6  eV,  precisely  the  expected  binding  energy  of  C-C  bonds. 
H2  microwave  plasma  treatment  did  show  the  enrichment  of  nickel  surface  with  carbon  and  that 
could  be  due  to  formation  of  Ni-C-H  as  proposed  earlier  [15,16].  Our  studies  did  not  show  any 
nickel  film  on  the  diamond  crystallites  as  observed  in  ref.  16.  We  have  observed  the  droplets  of 
nickel  only  in  some  experiments. 

Raman  analysis  of  the  as-deposited  films  on  all  the  substrates  was  performed  by  Renishaw 
2000  Ramascope  using  HeNe  (633  nm,  red)  laser.  All  the  films  were  confirmed  to  be  diamond 
that  contains  non-diamond  carbon  (graphite,  disordered  carbon,  and  glassy  carbons)  inclusions 
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Figure  5:  SEM  micrographs  of  the  diamond  films  grown  over  ultrasonically  damaged  (2  hours), 
manually  scratched  with  90  |im  diamond  particles,  H2  microwave  plasma  treated  Ni  200 
substrate,  (a  and  b)  Typical  morphology  and  (c)  variable  morphology.  Oxygen  was  injected  into 
the  reactor  for  eight  times  (each  time  5  minutes)  during  the  growth  period  with  a  flow  rate  of  0.2 
sccm.(#092393-l) 
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present  in  the  films.  Raman  spectmm  of  the  backside  of  the  diamond  film  grown  on  a  single 
crystal  of  (100)  orientation  Ni  substrate  clearly  shows  a  peak  at  1584  cm“l  apart  from  the 
diamond  peak  at  1326.2cm‘l.  The  former  peak  may  be  due  to  the  presence  of  graphite  that 
means  graphite  is  being  formed  even  before  the  diamond  growth  in  contrast  to  ref.  16  though  the 
sample  was  provided  H2  microwave  plasma  treatment.  Though  the  texture  is  (100)  but  the 
Raman  signature  corresponding  to  diamond  is  either  shifted  towards  the  lower  wave  numbers 
and/or  even  broad.  We  could  only  say  at  this  stage  based  on  the  data  obtained  that  the  (100) 
texture  is  misleading  when  investigated  by  Raman  spectroscopy.  We  have  not  observed  any 
Raman  signature  (1000  cm'l)  corresponding  to  Ni-H-C  in  our  studies  as  observed  in  [15]. 

We  have  performed  the  diamond  growth  on  single  crystal  (100),  (111),  and  (1 10)  oriented 
nickel  substrates.  The  nickel  crystals  were  not  surface  damaged,  but  provided  H2  microwave 
plasma  treatment.  We  have  observed  (100)  textured  growth  on  all  the  substrates.  It  was  quite 
surprising  to  note  that  the  (100)  texture  resulted  in  on  the  (1 1 1)  oriented  single  crystal  nickel 
substrate.  This  indicates  that  the  film  is  not  following  the  order  of  the  substrate.  The 
morphology  was  solely  manipulated  with  the  diamond  deposition  conditions.  Detailed 
investigation  of  diamond  growth  on  single  crystal  nickel  substrates  by  x-ray  analysis  and  other 
techniques  is  under  progress. 


CONCLUSIONS 

Ni  200  substrate  has  yielded  <100>  textured  diamond  growth.  Nickel  droplets  were  observed 
over  the  diamond  crystals  grown  on  Ni  200  substrate.  Continuous  injection  of  oxygen  into  the 
diamond  reaction  mixture  is  not  assisting  in  texturing  the  diamond  films  as  anticipated. 
Intermittent  addition  of  oxygen  may  be  helping  to  enhance  the  texturing  of  diamond  deposited 
over  the  nickel  substrates.  Raman  analysis  of  the  backside  of  the  diamond  film  shows  the 
signatures  of  diamond  and  graphite.  Surface  damage  or  seeding  is  not  necessary  to  grow 
diamond  over  the  nickel.  We  have  grown  textured  (1(X))  diamond  films  on  (100),  (1 1 1),  (1 10) 
oriented  single  crystal  nickel  substrates.  Though  the  diamond  films  were  100  texture  the 
corresponding  Raman  signature  was  not  satisfactory.  Long  period  of  growth  with  and  without 
H2  microwave  plasma  treatment  has  yielded  the  (100)  texture. 
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ABSTRACT 

We  report  results  from  cathodoluminescence  spectroscopy  of  boron  nitride  films  grown  on 
Si  (100)  substrates  by  ECR  ion  source  assisted  magnetron  sputtering  of  a  hexagonal  BN  target. 
Three  main  peaks  are  observed  in  the  near-bandgap  region  for  hexagonal  boron  nitride  films  at 
energies  of  4.90  eV,  5.31  eV,  and  5.50  eV.  In  addition,  deep-level  emission  spectra  of  predom- 
inandy  cubic  boron  nitride  films  are  correlated  with  sample  growth  conditions.  In  particular  we 
show  that  the  emission  intensity,  position,  and  linewidth  are  strongly  dependent  on  the  substrate 
bias  voltage  used  during  sample  growth. 

INTRODUCTION 

The  development  of  III-V  nitride  materials  is  of  considerable  interest  for  semiconductor 
electronic  and  optical  device  applications  [1].  The  bandgaps  of  III-V  nitrides  range  from  1.9  eV 
for  wurtzitic  InN  to  greater  than  6.2  eV  for  cubic  BN,  making  these  materials  well  suited  for  opti¬ 
cal  applications  throughout  the  visible  and  into  the  near-ultraviolet  (UV)  region.  The  polytypes  of 
boron  nitride,  having  some  of  the  largest  bandgaps  of  the  III-V  nitrides,  are  technologically  impor¬ 
tant  materials  for  deep-blue  and  UV  applications,  yet  their  luminescence  properties  are  not  well 
characterized.  While  several  researchers  have  reported  unidentified  defect-  and  impurity-related 
deep-level  luminescence  from  both  hexagonal  and  cubic  boron  nitride  [2-7],  there  has  been  only 
one  report  of  luminescence  at  wavelengths  near  the  band  edge  in  this  compound,  namely  the  work 
of  Lukomskii,  et  al.  [8],  which  was  performed  with  single  crystal  hexagonal  BN.  In  this  paper, 
we  report  the  first  observations  of  near-bandgap  luminescence  from  hexagonal  boron  nitride  films 
and  also  discuss  correlations  between  growth  conditions  and  selected  spectral  features  of  cubic 
boron  nitride  films. 

EXPERIMENTAL  DETAILS 

Boron  nitride  films  were  grown  on  Si  (100)  substrates  by  an  RE  magnetron  sputter  deposi¬ 
tion  process.  During  growth,  the  substrates  were  biased  negatively  with  respect  to  ground  and 
were  immersed  in  a  nitrogen  plasma  produced  by  an  electron  cyclotron  resonance  (ECR)  source. 
Our  previous  work  determined  the  existence  of  a  sharp  threshold  in  the  substrate  bias  voltage 
beyond  which  cubic  BN  is  formed  [9].  The  growth  process  was  studied  in  detail  using  reflection 
high  energy  electron  diffraction  (RHEED).  The  threshold,  which  occurs  at  bias  voltages  on  the 
order  of  -100  V,  was  revealed  by  distinct  differences  in  the  RHEED  ring  patterns  of  hexagonal  and 
cubic  BN.  Furthermore,  the  structural  quality  of  the  cubic  BN  films,  as  monitored  by  the  ring 
width  of  the  RHEED  patterns,  was  found  to  be  optimized  in  a  very  narrow  window  of  voltages 
just  beyond  the  threshold. 

Cathodoluminescence  (CL)  measurements  were  performed  in  a  UHV  chamber  at  a  base 
pressure  of  5  x  lO’'®  torr.  Samples  were  mounted  with  either  indium  or  silver  paint  on  a  UHV 
compatible  open-flow  liquid  helium  cryostat  capable  of  temperature  control  from  4.2  K  to  400  K. 
Sample  temperature  was  monitored  with  a  silicon  diode  and  controlled  to  within  0.05  K  using  a 
Lakeshore  9 1C  temperature  controller.  The  CL  was  excited  with  a  Vieetech  VE-052  electron  gun 
operated  at  an  acceleration  voltage  of  30  keV  and  a  filament  current  of  60  pA  producing  a  beam 
current  at  the  sample  of  ~3.0  pA.  The  spot  size  at  the  sample  was  maintained  at  2  mm  or  larger  to 
reduce  effects  of  sample  heating.  The  CL  was  focused  onto  the  slits  of  an  ISA  THRIOOO  spec¬ 
trometer  equipped  with  a  grating  blazed  at  250  nm.  The  spectrometer  was  operated  in  first  order 
with  a  spectral  resolution  of  0.02  eV.  A  UV  sensitive  photomultiplier  tube  (RCA  C31034a-02) 
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operating  in  photon-counting  mode  was  used  to  detect  the  CL  signal.  Spectra  were  not  corrected 
for  instrumental  response  [10], 

RESULTS  AND  DISCUSSION 

A  hexagonal  BN  film,  of  ~  8000  A  thickness,  was  grown  at  850  °C  without  substrate  bias 
and  was  characterized  by  infra-red  (IR)  absorption  measurements  and  high  resolution  transmission 
electron  microscopy  (HRTEM).  As  shown  in  Figure  1,  the  film  was  characterized  by  strong  IR 
absorptions  at  788  cm’l  and  1383  cm'l  from  hexagonal  BN  TO  phonons  [11].  In  this  film,  there 
was  no  evidence  of  sp^  bonding,  which  would  generate  a  feature  near  1065  cm'l  corresponding  to 
cubic  BN  TO  phonon  absorption  [12].  HRTEM  (not  shown)  confirmed  that  this  film  is  highly 
oriented  hexagonal  BN,  with  the  hexagonal  BN  (002)  planes  aligned  perpendicular  to  the  silicon 
[110]  direction.  This  highly  oriented  growth  mode  of  hexagonal  BN  on  silicon  (100)  substrates 
has  been  observed  previously  [13]. 


Wavenumber  ( cm'^ ) 


Fig.  1.  Infrared  absorption  spectmm  of  hexagonal  BN  film  grown 
without  substrate  bias.  The  peaks  at  788  cm-1  and  1383  cm‘l 
correspond  to  A2u  and  Eiu  vibrational  modes,  respectively. 


The  low  temperature  CL  spectrum  of  this  hexagonal  BN  film,  shown  in  Figure  2(a),  was 
dominated  by  three  deep-level  emission  bands  centered  at  3.40  eV,  3.84  eV,  and  4.40  eV.  In 
addition,  three  near-bandgap  UV  emission  peaks  centered  at  energies  of  4.90  eV,  5.31  eV,  and 
5.50  eV  were  observed  ( Figure  2(b)  ).  To  our  knowledge,  these  near-bandgap  features  have  not 
been  reported  previously  in  any  type  of  boron  nitride  film.  Recent  cathodoluminescence  studies  of 
single  crystals  of  hexagonal  BN  showed  similar  UV  luminescence  features,  as  well  as  additional 
features  at  energies  as  high  as  5.8  eV  [8].  The  widths  of  UV  emission  lines  from  our  hexagonal 
BN  film  were  approximately  a  factor  of  2  greater  than  those  reported  for  single  crystal  BN.  This 
increased  linewidth  was  attributed  to  inhomogeneous  broadening  due  to  the  polycrystalline  nature 
and  small  grain  size  of  the  film.  Similar  effects  have  been  observed,  for  example,  in  the  near- 
bandgap  emission  from  polycrystalline  diamond  films  [14,15].  The  exact  origin  of  the  observed 
peaks  is  currently  under  investigation. 
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2.5  3.0  3.5  4.0  4.5  5.0  5.5  6.0 

Energy  ( eV ) 

Fig.  2.  (a)  Deep-level  and  (b)  near-bandgap  UV  emission  spectra  taken  at  4.2  K  from  a 
hexagonal  BN  film. 


The  temperature  dependence  of  the  near-bandgap  CL  features  is  shown  in  Figure  3.  As  can 
be  seen  in  the  figure,  the  intensities  of  the  peaks  decreased  rapidly  with  increasing  temperature 
above  60  K.  In  addition,  the  peak  positions  were  not  strongly  temperature  dependent,  which  is 
consistent  with  both  experimental  measurements  and  theoretical  expectations  of  the  bandgap  tem¬ 
perature  dependence  of  hexagonal  BN  [16],  The  measured  shift  of  the  hexagonal  BN  bandgap 
with  temperature  is  lower  by  at  least  an  order  of  magnitude  compared  to  shifts  in  cubic  III-V 
materials. 


Fig.  3.  Temperature-dependent  CL  specua  from  a  hexagonal  BN  film 
in  the  near-bandgap  region. 

We  have  also  examined  the  deep-level  emission  from  a  series  of  2000  A  thick  polycrys¬ 
talline  cubic  BN  films  grown  with  varying  substrate  bias.  These  cubic  BN  films  were  grown 
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under  identical  conditions  except  for  substrate  bias  voltage  which  was  varied  systematically  from 
-108  V  to  -116  V.  This  range  of  substrate  bias  voltage  is  just  beyond  the  threshold  value  for  cubic 
BN  formation  with  our  current  growth  conditions,  which  results  in  optimization  of  the  cubic  BN 
crystalline  quality  near  -1 16  V  [9],  HRTEM  measurements  confirmed  that  the  films  have  a  thin 
amorphous  layer  adjacent  to  the  silicon  substrate  followed  by  a  ~  200  A  hexagonal  BN  layer  with 
the  remainder  of  the  film  being  cubic  BN.  A  thin  amorphous  layer  has  been  reported  previously 
for  cubic  BN  films  on  silicon  (100)  substrates  [13], 


2.5  3.0  3.5  4.0  4.5  5.0 

Energy  ( eV ) 


Fig.  4.  Deep-level  emission  spectra  of  cubic  BN  films  grown 
at  bias  voltages  ranging  from  -108  V  to  -1 16  V. 


The  deep-level  defect-related  CL,  shown  in  Figure  4,  diminished  significantly  in  samples 
grown  with  increasing  substrate  bias  voltage.  Normalized  CL  spectra  for  samples  grown  at  -108  V 
and  -116  V,  shown  in  Figure  5(a),  demonstrated  that,  in  addition  to  the  decrease  in  intensity,  the 
emission  linewidth  narrowed  substantially  and  shifted  to  higher  energy  as  the  cubic  BN  crystal 
quality  was  optimized.  The  IR  absorbance  of  the  two  samples  is  shown  in  Figure  5(b).  The  rela¬ 
tive  increase  in  absorbance  at  1065  cm-'  reflects  the  improved  crystallinity  of  the  cubic  BN  film 
grown  with  a  substrate  bias  of  -1 16  V. 


Wavenumber  ( cm'’ ) 


Fig.  5.  (a)  Normalized  CL  spectra  and  (b)  IR  absorption  spectra  of  cubic  BN  films  grown 
with  substrate  bias  voltages  of  -108  V  and  -116  V. 
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CONCLUSIONS 


In  summary,  we  have  presented  the  first  near-bandgap  UV  emission  from  a  hexagonal  BN 
film.  Three  main  peaks  were  observed  in  the  UV  emission  spectrum  at  energies  of  4.90  eV,  5.31 
eV  and  5.50  eV.  In  addition,  we  examined  cubic  BN  films  and  found  strong  correlations  in  the 
intensity,  linewidth,  and  position  of  defect-related  visible  emission  with  substrate  bias  voltage  used 
during  growth.  In  particular,  the  defect-related  emission  was  found  to  decrease  in  intensity  and 
shift  to  higher  energy  as  the  cubic  BN  growth  conditions  were  optimized.  We  are  currently  inves¬ 
tigating  the  origin  of  the  near-bandgap  emission  from  hexagonal  BN  films  and  extending  our 
research  to  examine  near-bandgap  emission  from  cubic  BN. 
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ABSTRACT 

We  report  the  growth  of  cubic  boron  nitride  (cBN)  films  by  magnetron  sputtering  on  Si 
(100)  substrates.  The  films  are  grown  in  the  presence  of  negative  substrate  bias  voltages  and  a 
nitrogen  plasma  produced  by  an  electron  cyclotron  resonance  source.  We  find  evidence  for  a 
sharp  low- voltage  threshold  in  the  substrate  bias  (-105  V)  beyond  which  the  samples  are 
predominantly  cBN.  The  structural  quality  of  the  cBN  films  is  optimized  in  a  narrow  range  of 
voltages  near  this  threshold.  We  discuss  the  important  role  of  energetic  ions  in  the  formation 
of  cBN  in  light  of  recent  theoretical  findings. 

INTRODUCTION 

The  growth  of  high  quality  cubic  boron  nitride  (cBN)  has  been  of  technological  interest 
for  many  years.  First  demonstrated  by  Wentorf  [1]  in  1957,  cBN  has  attractive  properties  such 
as  extreme  hardness,  high  thermal  conductivity,  and  low  chemical  reactivity.  More  recently, 
cBN  has  been  gaining  attention  as  a  III-V  nitride  material  for  semiconductor  device  applica¬ 
tions.  The  relatively  wide  band  gaps  of  the  III-V  nitrides  make  them  particularly  well  suited 
for  blue  to  ultraviolet  optical  devices  as  well  as  for  high  power/high  temperature  electronic 
applications  [2,3]. 

The  challenges  encountered  in  growing  epitaxial  BN  films  arise  in  part  from  the  lack  of 
a  suitable  lattice  matched  substrate.  Perhaps  more  important  is  the  difference  in  equilibrium 
phases  for  BN  and  its  III-V  nitride  counterparts.  Unlike  the  other  III-V  nitrides,  which  tend  to 
stabilize  in  the  wurtzitic  structure,  BN  prefers  to  stabilize  in  a  hexagonal  phase  (hBN)  similar 
to  the  graphitic  phase  of  carbon. 

The  growth  of  cBN  films  has  been  demonstrated  using  a  variety  of  deposition  processes 
[4-10]  which  all  employ  an  energetic  plasma  to  promote  cBN  growth.  From  these  investiga¬ 
tions  it  is  clear  that  the  kinetics  of  the  plasma  plays  an  important  role  in  the  synthesis  of  cBN. 
In  this  report  we  present  new  results  of  BN  films  deposited  on  (001)  silicon  by  RE  sputtering 
using  both  a  low  energy  electron  cyclotron  resonance  (ECR)  ion  source  and  negative  substrate 
bias  to  promote  cBN  formation.  We  find  evidence  for  a  very  sharp  bias  voltage  threshold 
above  which  cBN  is  formed.  Moreover,  the  structural  quality  of  the  cBN  is  optimized  near 
this  threshold.  The  range  of  bias  voltage  over  which  cBN  is  formed  is  much  narrower  than 
previous  reports  in  the  literature  would  indicate  [5,10]. 

EXPERIMENTAL  DETAILS 

Sputtering  of  a  hot  pressed  hBN  target  was  carried  out  in  an  RE  magnetron  sputter 
deposition  system  with  a  base  pressure  of  5x10  '®  Torr.  The  cryopumped  ultrahigh  vacuum 
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chamber  is  equipped  with  an  Astex  compact  ECR  source  and  a  30  kV  reflection  high  energy 
electron  diffraction  (RHEED)  system. 

The  substrate  oxide  layer  was  removed  thermally  at  base  pressure  following  a  modified 
Shiraki  [11]  clean.  The  samples  were  brought  to  the  growth  temperature  of  850“  C  and  dc- 
biased  negatively  with  respect  to  ground.  The  RF  magnetron  source-to-substrate  distance  is 
approximately  20  cm  and  the  ECR  is  mounted  at  45"  with  a  source-to-substrate  distance  of  8 
cm.  At  these  distances  the  substrate  surface  is  completely  immersed  in  the  ECR  plasma  but  is 
well  removed  from  the  plasma  confinement  region  of  the  sputtering  source.  During  growth  the 
chamber  pressure  was  1.0  mTorr  with  flow  rates  of  10  seem  Ar  into  the  chamber  and  10  seem 
through  the  ECR.  Both  gases  were  ultrahigh  purity  (99.999+  %)  and  were  passed  through 
additional  point-of-entry  purifiers  before  entering  the  gas  manifold.  The  samples  were  exam¬ 
ined  in-sihi  immediately  after  growth  using  RHEED. 

RESULTS 


With  the  RF  magnetron  power  fixed  at  600  W  and  the  microwave  ECR  power  fixed  at 
200  W,  the  substrate  bias  was  varied  systematically  from  -100  V  to  -120  V.  With  these  operat¬ 
ing  conditions  our  growth  rate  is  approximately  0.1  A/s.  Although  all  of  the  samples  are  poly¬ 
crystalline  films  there  is  clear  evidence  in  the  RHEED  pattern  of  a  sharp  threshold  in  the  bias 
voltage  at  -105  ±  1.0  V  beyond  which  the  samples  are  cubic.  This  threshold  is  revealed  by 
the  distinct  differences  in  the  RHEED  ring  patterns  of  hBN  and  cBN.  Furthermore,  the  struc¬ 
tural  quality  of  the  films  as  monitored  by  the  ring  width  of  the  RHEED  patterns  is  optimized  in 
a  very  narrow  window  of  voltages  just  beyond  the  threshold.  Figure  1  shows  intensity  profiles 
taken  along  the  shadow  edge  of  the  RHEED  ring  patterns  for  a  series  of  samples  grown  near 
the  threshold  voltage. 


Pixel  Position 


Table  1.  RHEED  ring  width  vs.  substrate  bias  for 
samples  grown  near  the  threshold  voltage.  Diffrac¬ 
tion  ring  widths  are  obtained  from  fitting  the  intensi¬ 
ty  profile  to  Gaussian  line  shapes. 


Substrate 

Bias 

(V) 

Diffraction 
Ring  Width 
(Pixels) 

Structure 

and 

Ring  Index 

-100 

51.6 

hBN  (002) 

-104 

42.3 

hBN  (002) 

-105 

27.5 

cBN  (111) 

-106 

25.2 

cBN  (111) 

-108 

23.7 

CBN  (111) 

-no 

38.1 

cBN  (111) 

-120 

57.2 

cBN  (111) 

Fig.  1,  Intensity  profiles  of  RHEED  ring  patterns  grown  near 
the  threshold  voltage.  The  cBN  (1 1 1)  ring  width 
becomes  noticably  sharper  and  more  intense  at  -108  V. 
Beyond  -108  V  the  rings  quickly  broaden. 
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The  first  set  of  peaks,  to  either  side  of  the  central  diffuse  scattering  peak,  correspond  to  the 
cBN  (111)  diffraction  ring.  The  next  set  (further  out  from  the  diffuse  central  peak)  correspond 
to  the  cBN  (220).  The  width  of  the  cBN  diffraction  rings  is  strongly  dependent  on  the  bias 
voltage  (see  Table  I).  At  the  threshold  value  of  approximately  -105  V  the  RHEED  pattern 
indicates  cBN,  while  below  this  value  (less  negative  bias  voltage)  only  hBN  is  formed.  In  the 
region  between  -106  V  and  -108  V  the  rings  in  the  RHEED  pattern  are  much  sharper  and 
brighter  indicating  larger  grain  sizes  and  a  generally  more  ordered  structure.  Beyond  -108  V 
the  rings  begin  to  noticeably  broaden  indicating  a  significant  decrease  in  structural  quality. 

Shown  in  Figure  2  is  the  infrared  spectrum  of  a  2000  A  film  grown  at  -108  V,  three 
volts  beyond  the  threshold.  The  cBN  TO-mode  is  observed  at  the  accepted  value  of  1065  cm  '. 
The  hBN  A,  and  E,  modes  at  770  cm  '  and  1380  cm  '  indicate  a  small  amount  of  hBN  in  the 
film.  These  results  are  confirmed  by  plan- view  transmission  electron  microscopy  (Fig.  3). 

The  diffraction  pattern  shows  sharp  rings  which  index  to  cBN.  The  diffuse  partial  rings  in  the 
pattern  are  due  to  the  small  amount  of  hBN  in  the  film.  This  small  fraction  of  hBN  is  not 
detectable  in  the  RHEED  diffraction  pattern. 


Fig.  2.  Infrared  spectrum  of  a  cBN  film  grown  with  a 
substrate  bias  voltage  of  -108  V.  The  cBN 
TO-mode  is  at  1065  cm"'  and  the  small  peaks 
at  770  cm"'  and  1380  cm ''  indicate  a  small 
amount  of  hBN  in  the  films. 


Fig.  3.  Plan  view  transmission  electron  diffraction 
pattern  of  a  BN  film  grown  with  a  substrate 
bias  voltage  of  -108  V.  The  spot  pattern  is 
from  the  [1 10]  zone  of  silicon.  The  very  faint 
and  diffuse  partial  rings  index  to  the  (002) 
and  (004)  of  hBN.  All  other  rings  index  to 
cBN. 


DISCUSSION 

The  existence  of  some  type  of  threshold  or  range  of  parameters  for  cBN  formation  has 
been  reported  in  several  investigations  utilizing  plasma  assisted  deposition  [5-7,9,10],  nearly 
all  of  which  have  employed  high  energy  ion  bombardment  from  a  Kaufman  type  source  to 
control  the  formation  of  cBN.  Using  ion  bombardment  of  this  type  the  "window"  for  cBN 
formation,  whether  it  be  defined  in  terms  of  a  substrate  bias  [5,10],  an  ion  energy  [6,7,11,12] 
or  momentum/atom  [9] ,  exists  over  a  wide  range  of  the  controlling  parameter.  Studies  in  the 
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literature  have  shown  cBN  formation  with  ion  energies  as  high  as  7  keV  with  a  typical  window 
of  formation  on  the  order  of  hundreds  of  eV.  Several  investigations  have  claimed  optimized 
growth  with  N^/Ar  ion  beams  with  ion  energies  of  500  eV  [6,9,12].  Our  finding,  to  the  best 
of  our  knowledge,  is  the  first  evidence  of  a  sharp  low-energy  threshold  (on  the  order  of  100 
eV). 

The  existence  of  an  energy  threshold  for  cBN  formation  can  be  understood  by  consider¬ 
ing  how  BN  transforms  from  the  thermodynamically  stable  hexagonal  structure  to  the  higher 
energy  cubic  structure.  In  general,  this  transformation  requires  a  hybridization  change  from 
sp^  to  sp^  accompanied  by  a  reduction  of  the  interplanar  spacing  which  cannot  be  accomplished 
without  both  bond  breaking  and  a  change  in  the  chemical  nature  of  the  bond.  It  is  clear  that 
without  energetic  species,  the  BN  film  will  stabilize  in  the  hexagonal  structure  on  substrates 
other  than  diamond  and  cBN  itself.  While  it  has  been  suggested  [12]  that  cBN  formation  is  the 
result  of  the  build  up  of  biaxial  film  stress,  our  findings  suggest  that  the  role  of  the  energetic 
ions  is  to  break  the  bonds  of  surface  atoms  and  provide  the  kinetics  necessary  for  cBN  forma¬ 
tion. 

Although  our  threshold  energy  is  much  lower  and  sharper  than  previous  work  would 
indicate,  it  is  surprising  that  film  growth  is  possible  in  the  presence  of  such  high  kinetic  ener¬ 
gies.  In  most  material  systems  collision  energies  in  this  range  would  cause  considerable  lattice 
damage.  To  understand  why  cBN  can  withstand  such  energies  the  case  of  diamond  (a  similar 
sp^  bonded  material)  provides  considerable  insight.  Recent  theoretical  investigations  of  radia¬ 
tion  damage  in  diamond  have  shown  that  the  impulse  energy  required  to  permanently  displace 
a  single  atom  on  the  surface  of  a  diamond  lattice  is  approximately  50  eV  [13].  In  terms  of  an 
incident  ion  of  similar  mass  this  would  correspond  to  kinetic  energies  in  the  range  of  100  eV 
which  is  strikingly  similar  to  our  findings  [14].  The  authors  attribute  this  extremely  high 
damage  threshold  in  diamond  (approximately  3.5  times  the  cohesive  energy)  to  the  large  speed 
of  sound  in  diamond.  In  effect,  there  is  a  rapid  dissipation  of  kinetic  energy  into  the  surround¬ 
ing  crystal  via  incoherent  lattice  vibrations,  in  agreement  with  values  derived  from  experiments 
using  high  energy  electron  bombardment  of  diamond  [15]. 

CONCLUSIONS 

In  light  of  our  experimental  findings  and  the  recent  theoretical  work,  we  conclude  that 
cBN  formation  requires  the  arrival  of  energetic  species  on  the  order  of  100  eV  to  facilitate 
bond  breakage  of  surface  atoms  during  growth.  We  expect  this  energy  value  to  be  strongly 
dependent  on  deposition  rate  for  a  given  incident  flux  of  ions  since  at  some  point  the  deposition 
rate  will  saturate  the  kinetic  effects  provided  by  the  ions  and  hBN  will  be  formed.  Once  this 
point  is  reached  either  the  ion  flux  must  be  increased  or  the  energy  must  be  increased  to  pro¬ 
vide  additional  collision  kinetics.  We  believe  this  may  account  for  the  widely  varying  energy 
ranges  reported  in  the  literature  for  cBN  growth.  Furthermore,  our  work  suggests  that  an 
extremely  slow  deposition  rate  combined  with  ions  on  the  order  of  100  eV  will  optimize  not 
only  the  fraction  of  cBN  formation  but  the  crystal  quality  as  well. 
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ABSTRACT 

The  morphology  and  interface  chemistry  occurring  during  the  initial  deposition  of  BN,  AIN 
and  GaN  films  via  metal  evaporation  and  N2  decomposition  under  UHV  conditions  have  been 
determined.  FTIR  spectroscopy  and  TEM  revealed  the  consecutive  deposition  of  an  initial  20A 
layer  of  a-BN,  20-60A  of  oriented  h-BN,  and  a  final  layer  of  polycrystalline  c-BN.  This  sequence 
is  attributed  primarily  to  increasing  intrinsic  compressive  stress  in  the  films.  XPS  analysis  revealed 
the  growth  of  GaN  on  sapphire  to  occur  via  the  Stranski-Krastanov  mode;  growth  on  SiC  showed 
characteristics  of  three-dimensional  growth.  AIN  grew  layer-by-layer  on  both  substrates.  Vicinal 
6H-SiC(0001)  substrate  surfaces  contain  closely  spaced,  single  bilayer  steps.  During  deposition  of 
Si  and  C  at  1050°C,  6H  layers  initially  form  and  step  bunching  occurs.  The  latter  phenomenon 
results  in  more  widely  spaced  steps,  the  nucleation  of  3C-SiC  both  on  the  new  terraces  and  at  the 
larger  steps  and  formation  of  double  position  boundaries.  The  C/Si  ratio  in  the  gaseous  reactants 
also  affects  the  occurrence  of  these  three  phenomena. 


INTRODUCTION 

Boron  nitride,  like  C,  forms  in  three  crystalline  structures:  layered  hexagonal  (h-);  zincblende 
(c-);  and  wurtzite  (w-),  which  are  analogous  to  graphite,  diamond  and  Lonsdaleite,  respectively. 
The  interest  in  c-BN  films  stems  from  their  potential  applications  as  hard  coatings  and  from  their 
electronic  and  thermal  properties.  Unlike  diamond,  c-BN  does  not  react  with  ferrous  metals,  and  it 
can  be  used  at  higher  temperatures  before  the  onset  of  structural  transformation  to  h-BN.  These 
properties  make  it  an  excellent  cutting  tool  material.  Electronic  applications  of  c-BN  would  take 
advantage  of  its  very  wide  band  gap  (Eg  =  6.4  eV)  [1],  its  ability  to  be  doped  both  p-type(Be)  and 
n-type(Si)  [2],  and  its  very  high  thermal  conductivity. 

Several  groups  have  successfully  grown  c-BN  using  various  techniques  including  ion  beam 
assisted  deposition  [3-5],  r.f.  sputtering  [6],  ion  plating  [7],  laser  ablation  [8,9],  ECR  plasma  [10] 
and  chemical  vapor  deposition  (CVD)  [11].  Cracking  and  loss  of  adhesion  of  deposited  c-BN  films 
are  frequently  reported  phenomena,  which  have  been  attributed  to  a  high  level  of  intrinsic 
compressive  stress  in  the  films. [12, 13]  However,  recent  research  strongly  indicates  that  a  high 
stress  level  in  the  film  is  a  necessary  condition  for  the  formation  of  the  cubic  phase  [13,14]. 

An  area  of  research  where  significant  progress  has  been  made  is  in  determining  the  deposition 
conditions  necessary  for  c-BN  growth.  The  work  of  Kester  and  Messier  [15]  established  that  for  a 
given  substrate  temperature,  the  momentum  transferred  into  the  growing  film  by  the  bombarding 
ions  is  the  single  parameter  which  controls  the  formation  of  c-BN.  As  long  as  sufficient  N  is 
present,  a  threshold  value  of  momentum  transfer  exists  for  the  formation  of  c-BN.  This 
controlling  parameter  incorporates  the  values  of  ion  energy,  ion  flux,  and  ion  species.  As  a  result 
of  the  present  study  described  below,  a  better  understanding  of  both  the  conditions  required  for  c- 
BN  growth  and  of  the  mechanisms  responsible  for  that  growth  have  been  developed. 

Successful  commercialization  of  infrared  and  selected  visible  light-emitting  optoelectronic 
devices  simultaneously  stimulated  research  in  the  wide-band  gap  semiconductors  for  similar 
devices  operable  in  the  blue  and  ultra-violet  regions  of  the  spectrum.  Much  attention  has  been  given 
to  GaN  and  AIN,  since  they  form  a  continuous  range  of  solid  solutions  [16-18]  which  possess 
direct  bandgaps  from  3.45  to  6.28  eV,  respectively. 

Bulk  single  crystals  of  these  nitrides  are  not  available,  thus  films  must  be  grown 
heteroepitaxially.  Sapphire  remains  the  most  commonly  used  substrate,  despite  its  huge  lattice 
mismatch.  A  variety  of  other  substrates  including  a-SiC,  P-SiC,  GaAs,  ZnO,  MgO,  and  Si  have 
been  employed.  The  research  reported  below  has  been  concerned  with  the  mode  of  epitaxial 
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growth  and  interface  chemistry  of  AIN  and  GaN  on  sapphire  and  6H-SiC  via  gas  source  molecular 
beam  epitaxy  (GSMBE)  and  investigated  using  X-ray  photoelectron  Spectroscopy.  Epitaxial 
growth  is  normally  divided  into  three  thermodynamicily-controlled  modes.  In  two-dimensional 
layer-by-layer  or  Frank-van  der  Merwe  (F-M)  growth,  material  initially  forms  a  complete 
monolayer  on  the  substrate  and  subsequently  grows  in  sequential  monolayers.  In  the  second 
mode,  the  overgrowth  nucleates  at  random  positions  on  the  surface,  or  at  favorable  surface  sites 
produced  by  different  defects.  Stable  nuclei  then  grow  three  dimensionally  in  all  directions.  They 
may  subsequently  coalesce  and  form  a  continuous  film,  with  or  without  orientational  coherence 
between  individual  surface  crystallites.  This  growth  mode  is  known  as  the  three-dimensional  or 
Volmer-Weber  (V-W)  mode.  The  third  or  Stranski-Krastanov  (S-K)  mode  can  be  viewed  as  a 
composite  of  the  previous  two.  Firstly,  one  or  a  few  monolayers  completely  covers  the  substrate. 
Subsequent  growth  occurs  via  random  nucleation  and  V-W  growth. 

Silicon  carbide  exhibits  polytypism,  a  one-dimensional  polymorphism  derived  from  the  many 
possible  stacking  sequences  of  die  Si/C  bilayers  along  the  closest  packed  direction.  The  lone  cubic 
polytype,  P-SiC,  crystallizes  in  the  zincblende  structure  and  is  also  referred  to  as  3C-SiC.  There 
are  also  approximately  250  other  rhombohedral  and  hexagonal  polytypes  that  are  collectively 
known  as  a-SiC.  The  most  common  of  the  a-SiC  polytypes  is  6H-SiC,  where  the  6  refers  to  the 
number  of  Si/C  bilayers  along  the  closest  packed  direction  in  the  unit  cell  and  the  H  indicates  the 
hexagonal  nature  of  the  unit  cell.  The  4-H  polytype  has  also  recently  become  commercially 
available.  The  3C,  4H  and  6H  materials  are  presently  undergoing  a  significant  revival  in  interest 
for  microelectronic  and  optoelectronic  applications  because  of  the  high  breakdown  electric  fields 
((2. 5-3.0)  X  10^  V/cm),  high  thermal  conductivity  (3.9  W/cm°C),  high  saturated  drift  velocity  (2-3 
X  102  m/s)  and  reasonable  low  field  electron  mobility  at  room  temperature  (300  -  1000  cm^/V/s). 
Most  SiC  films  are  currently  deposited  via  CVD  on  6H  wafers  at  temperatures  exceeding  1500°C1. 
However,  because  of  the  interest  in  the  controlled  deposition  of  different  polytypes  and  the 
fabrication  of  heterostructures  with  hyper-abrupt  junctions  and  closely  controlled  solid  solution 
compositions  with,  e.g.,  AIN,  MBE  has  been  employed  in  our  laboratories  to  investigate  the 
achievement  of  these  goals.  The  results  to  date  regarding  the  first  objective  are  presented  below. 

The  following  sections  describe  the  procedures  used  to  deposit  and  analyze  these  several 
materials  as  well  as  detail  the  results  and  conclusions  of  this  research. 


EXPERIMENTAL  PROCEDURES 

Boron  nitride 

Ion  beam  assisted  deposition  involving  electron  beam  evaporation  of  B  with  simultaneous 
bombardment  by  nitrogen  and  argon  ions  from  a  Kaufman  source  was  used  for  the  growth  of  BN 
films.  The  substrates  were  infrared-transparent,  high  resistivity  (p>50  O-cm)  on-axis  Si(lOO) 
wafers  and  cut  and  polished  natural  diamond(lOO).  The  Si  substrates  were  cleaned  using  a 
standard  RCA  procedure[19].  The  final  step  was  a  5  min  dip  in  10%  HF.  The  surface  was  H 
terminated,  as  determined  by  XPS.  The  diamond  substrates  were  etched  in  a  boiling  3:4:1 
H2S04:HN03:HC104  solution  for  45  minutes  to  remove  any  graphitic  phase.  These  substrates 
were  subsequently  loaded  through  a  vacuum  lock  into  the  UHV  deposition  chamber.  Base 
pressures  in  the  chamber  were  typically  5-8  x  lO  '^Torr. 

Each  substrate  was  heated  under  UHV  conditions  at  700°C  for  20  min  to  remove  residual  H2O 
and  hydrocarbon  species.  Boron  was  deposited  using  a  rate  of  0.5  A/s.  The  Ar/N2  flow  ratio 
through  the  ion  gun  was  1:1.  The  ionization  potentials  of  these  two  gases  are  similar;  thus,  the  ion 
ratio  was  also  close  to  1:1.  The  ion  source  was  operated  at  500  eV;  based  on  the  studies  of  Van 
Vechten  et  al.[20],  the  N  ions  were  predominantly  NzA  The  discharge  voltage  of  this  source  was 
maintained  at  a  sufficiently  low  value  to  prevent  double  ionization  of  either  species.  Both  the  ion 
beam  and  the  boron  evaporation  were  started  and  allowed  to  stabilize  before  deposition.  During 
this  period,  the  substrate  was  covered  by  a  movable  shutter.  To  eliminate  the  potential  for  surface 
damage,  there  was  no  pre-deposition  ion  bombardment  of  the  substrates.  The  ion  current  densities 
for  the  deposition  on  Si  ranged  from  0.20  to  0.30  m/k/cm^;  0.24  mA/cm^  was  employed  for 
growth  on  diamond.  The  temperature  of  the  Si  wafers  ranged  from  400  to  700°C;  the  diamond 
substrates  were  heated  at  400  and  600°C. 
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Fourier  transform  infrared  spectroscopy  (FTIR)  was  the  primary  method  of  characterization 
due  to  the  ability  to  distinguish  between  the  cubic  and  hexagonal  or  amorphous  forms  of  BN. 
Cubic  BN  has  a  transverse  optical  mode  absorption  peak  at  1075  cm-i;  amorphous  and  hexagonal 
BN  have  a  primary  absorption  peak  at  1367  cm-i  and  a  secondary  peak  at  783  cm-i  [21,  22].  The 
film  crystallography  and  the  film-substrate  interface  were  studied  via  high  resolution  cross 
sectional  transmission  electron  microscopy  (HRTEM)  using  a  JEOL  4000EX  operated  at  400kV. 
The  images  were  recorded  using  a  1  mr  convergence  semi-angle  at  a  Scherzer  defocus  of  =47nm. 


Aluminum  and  gallium  nitrides 

A  Perkin-Elmer  430  MBE  containing  standard  effusion  cells  for  the  evaporation  of  Ga  and  A1 
and  an  ECR  microwave  plasma  source  operated  at  50  W  to  activate/dissociate  ultra-high-purity  N2 
was  used  to  deposit  AIN  and  GaN  on  polished  wafers  of  (6H)-SiC(0001)  and  sapphire(OOOl). 
These  substrates  were  heated  in  UHV  to  700°C  for  30  min.  They  were  subsequently  transferred  in 
vacuo  to  the  analytical  chamber  and  examined  via  XPS  for  surface  contamination.  The  intensities 
and  shapes  of  several  characteristic  peaks  were  also  measured  and  later  used  as  references.  Prior  to 
growth,  the  substrates  were  heated  to  the  600°C  deposition  temperature  and  subsequently  exposed 
to  a  flux  of  activated  nitrogen  species.  An  0.5  -  1  monolayer  layer  of  GaN  or  AIN  was  then 
deposited  and  the  samples  transferred  to  the  analytical  chamber.  These  steps  were  repeated  until  a 
total  of  5-12  monolayers  were  grown. 

For  the  study  of  AIN  growth.  Mg  Ka  X-rays  (1253.6  eV)  were  used;  for  GaN  growth,  both 
Mg  and  A1  (1486.6  eV)  anodes  were  employed.  Both  X  ray  sources  was  required  for  the  GaN 
because  of  the  overlap  of  important  photoelectron  peaks  by  the  intense  Ga  LMM  Auger  electron 
emission.  The  Mg  anode  was  used  for  examining  the  Ojs  and  Njs  photopeaks,  while  the  A1  anode 
was  used  for  examining  the  Cis,  Si2s,  Al2p  and  Ga3d  peaks.  For  GaN,  the  Si2s  photopeak  at  153 
eV  was  used,  rather  than  the  more  commonly  used  Si2p  peak.  The  Ga3p  peak  at  107  eV  lies  very 
close  to  the  Si2p  peak  at  103  eV  and  overwhelms  the  emission  of  the  latter,  as  the  Ga  signd 
increases  with  the  thickness  of  GaN  film.  The  Si2s  peak  is  also  near  the  Ga3s  at  160  eV  but  is 
located  farther  from  the  nearby  Ga  peak  than  the  Si2p  peak  is  from  its  Ga  neighbor. 


Silicon  carbide 

Silicon  carbide  monolayers  were  deposited  on  the  Si(OOOl)  face  of  6H-SiC  wafers  via  gas 
source  MBE  in  the  temperature  range  of  950-1 150°C  using  C2H4/Si2H6  rates(sccm)  and  ratios  of 
0.3/0.3  -  1.0/0. 1.  All  substrates  were  chemically  cleaned  in  10%  HF  for  five  minutes  prior  to 
loading.  The  RHEED  pattern  of  the  cleaned  substrate  was  1x1.  The  samples  were  subsequently 
annealed  in  vacuum  at  1050'’C  for  30  minutes  to  remove  the  residual  silicon  dioxide  and 
hydrocarbon  species;  the  RHEED  pattern  remained  1x1.  Transmission  electron  microscopy  was 
employed  to  determine  the  nature  of  the  steps  and  terraces  on  the  6H-SiC  surface  as  a  result  of 
degree  of  off-axis  preparation  and  heating. 


RESULTS  AND  DISCUSSION 

Boron  nitride 


The  FTIR  spectra  for  films  deposited  on  Si(lOO)  under  identical  conditions  except  for  growth 
time  are  shown  in  Fig.  1.  The  relative  amount(s)  of  non-cubic  phase(s)  was  high  for  very  thin 
films  (<2(X)A).  As  the  deposition  time  and  resulting  thickness  increased,  the  relative  percentage  of 
the  cubic  phase  increased.  All  FTIR  spectra  reported  in  the  literature  and  containing  c-BN  have  also 
indicated  the  presence  of  some  non-cubic  phase(s).  Several  explanations  for  this  phenomenon  can 
be  postulated;  (1)  the  occurrence  of  the  non  cubic  phase(s)  on  the  grain  boundaries  within  the  c-BN 
matrix;  (2)  separate  h-BN  or  a-BN  micro-regions  distributed  throughout  the  films;  and  (3)  a 
layered  sequence  of  these  various  phases.  The  increase  in  the  concentration  of  c-BN  with  thickness 
observed  in  the  present  study  would  favor  the  layered  sequence.  To  test  this  hypothesis  cross- 
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Wavenumber 

Figure  1.  FTIR  spectra  of  BN  films  of  various  thicknesses  deposited  on  Si(!O0)  substrates 
under  the  following  conditions:  boron  deposition  rate:  0.26  A/s;  ion  energy:  SOOeV;  ion  flux 
density:  0.5mA/cm2;  ion  bombardment  by  50:50  AnNi;  substrate  temperature:  400°C. 


Figure  2.  Cross-sectional  HRTEM  image  of  BN  film  deposited  under  the  same  conditions  as  noted 
in  Figure  1  and  showing  the  Si  substrate  and  regions  of  amorphous  BN  (a-BN),  hexagonal  BN  (h- 
BN),  and  cubic  BN  (c-BN). 
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sectional  HRTEM  images  were  obtained,  an  example  of  which  is  shown  in  Fig.  2  for  deposition  at 
400°C.  The  images  supported  the  hypothesis  in  that  they  revealed  the  sequentiS  deposition  of  three 
distinct  regions:  an  initial  layer  of  =20  A  of  a-BN  at  the  Si  (100)  interface,  a  layer  of  20-60  A  of  h- 
BN,  and  a  top  layer  of  polycrystalline  c-BN.  The  c-axis  of  the  h-BN  was  oriented  parallel  to  the  Si 
(100)  surface;  however,  it  was  oriented  randomly  around  this  axis.  An  optical  diffraction  pattern 
was  obtained  by  performing  a  fast  Fourier  transform  on  the  HRTEM  image  to  obtain  the  diffraction 
information  shown.  The  lattice  spacings  for  the  top  layer  matched  that  of  c-BN,  while  those  within 
the  middle  layer  matched  that  of  hBN.  These  images  also  showed  that  the  c-BN  is  single  phase  and 
that  it  grows  without  further  transformation,  at  least  to  the  maximum  layer  thickness  deposited  to 
date  (-lOOOA).  To  study  the  effect  of  substrate  temperature  on  the  nature  of  ISOA  thick  BN  films, 
depositions  were  conducted  from  200-700°C.  No  other  variables  were  changed.  The  results  of  one 
of  these  series  of  depositions  are  shown  in  Fig.  3.  Within  the  range  of  200-400°C,  the  films  were 
a  mixture  of  the  cubic  and  the  hexagonal/amorphous  phases.  The  relative  amount  of  cubic  phase 
increased  with  increasing  temperature.  Above  400°C,  the  amount  of  c-BN  dropped  rapidly;  it  was 
not  observed  in  the  films  deposited  at  600  and  700°C. 

The  thickness  of  the  films  deposited  on  diamond(l(X))  were  1000  A.  A  sharp  c-BN  peak  was 
observed  at  =1080  cra-l.  The  h  (or  a-)-BN  peak  was  very  small.  The  spectrum  of  this  relatively 
thick  film  had  a  sharper  c-BN  peak  and  a  better  c-BN/h-BN  ratio  than  any  of  the  films  deposited  on 
Si.  For  the  film  grown  at  600“C,  the  FTTR  spectrum  was  essentially  the  same. 

A  second  significant  parameter  investigated  was  the  ion  flux  which  has  a  linear  relationship  to 
the  momentum  transferred  to  the  growing  film.  The  FTIR  spectra  of  Fig.  4  shows  that  at  600°C, 
only  a  small  concentration  of  the  cubic  phase  is  observed  until  the  flux  reaches  30  mA.  This 
confirms  that  there  is  a  minimum  momentum  transfer  level,  and  therefore  ion  flux,  necessary  to 
grow  the  cubic  phase  at  a  given  temperature. 

To  understand  why  the  sequence  of  BN  phases  occurs,  it  is  necessary  to  examine  the  nature  of 
the  substrate/film  interface  and  the  gradual  changes  in  stress  which  occur  within  the  growing  film. 
The  two  primary  factors  which  control  whether  a  given  bulk  inorganic  solid  can  be  produced  in  an 
amorphous  form  are  chemical  composiuon  and  cooling  rate  from  the  melt.  Additional  factors  such 
as  surface  roughening  [23]  and  residual  stress  may  result  in  the  deposition  of  an  amorphous  films. 
It  may  be  argued  that  the  significant  differences  between  lattice  parameter  and  crystal  structure 
between  Si  and  h-BN  and  c-BN  prevent  the  formation  of  either  phase  directly  on  this  substrate. 
However,  a-BN  also  deposits  on  diamond(lOO)  under  the  same  conditions  with  approximately  the 
same  thickness,  and  the  lattice  parameters  of  this  substrate  and  c-BN  are  very  close.  Thus,  it  may 
be  postulated  that  it  is  the  cooling  rate  of  the  deposited  atoms  which  controls  both  the  formation 
and  the  extent  of  the  a-BN  phase.  This  cooling  rate  is  controlled  initially  by  the  substrate 
temperature  and  subsequently  by  the  thermal  conductivity  of  the  a-BN  layer.  McKenzie,  et  al.  [24] 
and  Cuomo,  et  al.  [25]  have  shown  that  substrate  temperature  has  an  important  effect  of  the  nature 
of  the  amorphous  C  film  which  deposits  during  ion  assisted  deposition.  At  high  (including  room) 
temperatures  a  predominantly  sp2  bonded  glassy  film  results;  as  the  temperature  is  lowered,  a 
predominantly  sp^  material  emerges.  As  the  thermal  conductivity  of  the  amorphous  binary  BN 
phase  is  lower  than  either  the  Si  or  diamond  subshates,  its  occurrence  as  a  series  component  in  the 
thermal  circuit  quickly  becomes  the  controlling  factor  in  the  conduction  of  heat  away  from  the 
interface. 

The  essentially  identical  FTIR  spectra  of  a-  and  h-BN  indicate  that  they  are  closely  related  by 
bonding  and,  perhaps,  to  some  extent  by  structure.  Thus  it  may  also  be  postulated  that  the  small 
amount  of  residual  stress  produced  during  the  initial  deposition  results  in  a  very  thin,  randomly 
oriented  h-BN  layer.  This  increasing  stress  is  partially  relieved  by  the  formation  of  the 
preferentially  oriented  crystalline  h-BN  phase  which  subsequently  forms.  McKenzie  et  al.  [12,13] 
have  presented  a  thermodynamic  argument  based  on  the  Gibbs  free  energy  function  in  which  a 
biaxial  stress  term  has  been  included  which  explains  the  orientation  dependence  of  the  h-BN.  A 
substantial  reduction  in  free  energy  occurs  when  the  c-axis  of  the  h-BN  lies  in  the  plane  of  the 
stress  field.  However,  the  stress  in  the  growing  film  continues  to  increase  primarily  via  ion 
bombardment  and  the  consequent  defect  creation  on  the  BN  lattice  and  incorporation  of  Ar  and 
excess  N2.  This  eventually  takes  the  film  beyond  the  P-T  threshold  where  c-BN  becomes  the  stable 
phase. 

Figure  3  indicates  that  increasing  the  substrate  temperature  above  400°C  slows  the  rate  of 
residual  stress  generation  via  increased  surface  mobilily  of  the  deposited  species  and  therefore 
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Figure  3.  FTIR  spectra  of  BN  films  deposited  at  various  substrate  temperatures  on  Si(lOO)  under 
the  following  condidons:  film  thickness:  200  A;  ion  flux  density:  0.32  mA/cm^;  B  deposition  rate: 
0.5  A/s;  ion  energy:  500  eV;  ion  bombardment  by  50:50  Ar:N2. 
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Figure  4.  FTIR  spectra  of  BN  films  deposited  with  various  ion  flux  densities  on  Si(lOO)  substrates 
at  600°C  under  the  following  conditions:  film  thickness:  250A;  boron  deposition  rate:  0.5  A/s;  ion 
energy:  500  eV;  ion  bombardment  by  50:50  Ar:N2. 
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relaxation  of  the  surface,  reduction  in  both  lattice  defects  and  the  incorporation  of  gas  molecules 
and  possibly  some  bulk  annealing.  By  contrast,  an  increase  in  ion  momentum  results  in  a  more 
rapid  increasing  stress  which  negates  the  effect  of  increased  temperature,  as  shown  in  Fig.  4. 


Aluminum  and  gallium  nitrides 

The  initial  Si2p  signal,  in  the  sequence  of  peaks  acquired  between  deposition  steps  during  the 
growth  of  AIN  on  a(6H)-SiC,  from  the  bare  substrate  was  a  peak  characteristic  of  clean  SiC  with 
only  slight  asymmetry  due  to  spin-orbit  splitting.  With  the  first  AIN  growth  step,  significant 
shouldering  of  the  peak  appeared  on  the  high  binding  energy  side,  indicating  the  presence  of  a 
more  oxidized  state  of  silicon.  This  shoulder  persisted  throughout  the  film  deposition  process  and 
remained  as  the  SiC  component  and  the  overall  Si  intensity  diminished  with  film  growth.  A 
Gaussian  curve  fitting  algorithm  using  chi-square  minimization  was  applied  to  the  most  intense 
shouldered  peak,  obtained  after  the  first  growth  step,  to  resolve  the  position  of  the  high  binding 
energy  component.  The  results  of  curve  fitting  are  shown  in  Figure  5.  The  Gaussian  fit  closely 
matched  most  of  the  peak  except  for  exponential  tailing  on  the  low  binding  energy  side.  The  high 
binding  energy  shouldering  was  found  to  be  primarily  due  to  a  single  component  shifted  1.4  eV 
from  the  main  SiC  peak.  This  component  has  been  attributed  to  the  formation  of  silicon  nitride 
during  the  initial  stages  of  AIN  growth.  This  behavior  shows  that  the  Si-face  of  SiC  initially 
undergoes  nitridation. 

The  peak  areas  were  measured  for  the  growth  on  both  substrates  and  the  relative  peak  intensities 
calculated.  Figure  6  shows  the  change  in  XPS  peak  intensities  of  the  substrate  components  during 
the  growth  of  AIN  on  a-SiC  and  sapphire.  Theoretical  curves  representing  layer-by-layer  growth 
and  calculated  for  two  escape  depths,  namely,  18  A  (Cis,Si2s)  and  12  A  (Ois),  are  shown  for 
comparison.  These  two  curves  correspond  to  the  growth  on  SiC  and  sapphire,  respectively. 

The  experimental  data  matched  the  corresponding  theoretical  curves  very  closely,  with 
progressively  better  fit  to  the  theoretical  curves  as  the  AIN  thickness  increased.  From  this 
dependence,  AIN  appeared  to  grow  two-dimensionally  on  both  substrates.  This  is  in  agreement 
with  several  reports,  which  indicate  that  the  morphology  of  GaN  films  is  affected  beneficially 
when  they  are  grown  on  an  AIN  buffer  layer  previously  deposited  on  the  sapphire  substrate. 

A  similar  conclusion  regarding  initial  silicon  nitride  formation  could  not  be  made  for  the  growth 
of  GaN  on  SiC,  although  there  is  little  reason  to  expect  that  in  this  case  a  completely 
different  chemistry  occurred  at  the  interface.  However,  the  shouldering  effect  was  not  apparent 
due  to  a  poorer  signal-to-noise  ratio.  The  close  proximity  of  the  Ga3s  peic  on  the  high  energy  side 
could  have  obscured  the  evidence  of  the  silicon  nitride  formation  as  well. 

Figure  7  shows  a  plot  of  relative  peak  intensities  of  the  substrate  components  vs.  film 
thickness.  The  plots  show  that  the  substrate  peak  intensity  diminished  faster  initially  for  the  growth 
of  GaN  on  SiC  than  on  sapphire  (compare  Ojs  to  Cis  and  Si2p  signals).  This  is  most  likely  due  to 
a  faster  initial  nucleation  process  on  SiC,  as  well  as  due  to  the  formation  of  a  thin  silicon  nitride 
layer  at  the  interface.  The  Ois  signal  also  decreased  rapidly,  once  initial  nucleation  occurred,  and 
with  the  same  slope  as  the  Si2p  and  Cis  signals  at  the  very  beginning  of  the  growth.  Furthermore, 
an  earlier  study  in  the  authors'  laboratory  of  the  growth  rate  of  GaN  on  different  substrates  did  not 
indicate  a  substantial  difference  between  the  growth  rates  on  SiC  and  sapphire  within  experimental 
conditions.  The  growth  rate  was  controlled  by  the  Ga  arrival  rate  rather  than  by  any  other  factors. 
Similar  behavior  for  the  change  in  the  intensity  of  the  Si2S  and  Cis  photoemission  was  anticipated, 
since  they  both  originated  from  the  same  SiC  substrate.  However,  this  was  not  observed.  As 
shown  in  Figure  7,  the  Cis  peak  intensity  shows  a  faster  initial  drop  and  also  saturates  at  a  lower 
value.  This  can  also  be  explained  by  the  formation  of  a  thin  layer  of  silicon  nitride.  Since  the  Si- 
face  of  the  SiC  substrates  was  used,  a  silicon  nitride  layer  formed  on  the  surface  during  exposure 
to  the  reactive  nitrogen  species  prior  to  film  deposition.  This  resulted  in  burying  the  C  layer  more 
deeply  under  the  Si.  The  difference  in  the  initial  intensity  drop  approximately  corresponds  to  the 
formation  of  one  monolayer  of  silicon  nitride. 

All  three  curves  assumed  a  more  gradual  behavior  after  the  initial  rapid  drop.  The  slopes  of  the 
Cis  and  Si2S  signals  in  this  region  were  considerably  lower  than  the  slope  of  the  corresponding 
theoretical  curve,  which  indicates  an  early  saturation,  while  the  slope  of  the  Ois  signal  exhibits  a 
closer  match  to  its  theoretical  curve.  However,  none  of  the  experimental  curves  resembled  the 
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Figure  5.  Gaussian  curve  fit  of  Si2p  photoemission  from  AIN  deposited  on  a(6H)-SiC  showing 
component  atributed  to  silicon  nitride  shifted  1.4  eV  from  SiC  peak. 
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Figure  7.  Change  of  XPS  photoelectron  intensity  during  growth  of  GaN  on  a(6H)-SiC  and 
sapphire. 

corresponding  calculated  curves  for  layer-by-layer  growth.  The  early  saturation  in  both  cases 
indicated  island  formation  at  some  stage  in  the  growth  process.  As  such,  the  growth  of  GaN  on 
(0001)  a-SiC  and  sapphire  appears  to  follow  the  Stranski-Krastanov  mode. 


.Silicon  carbide 

The  chemically  cleaned  surface  of  the  off-axis  SiC  samples  cut  3.5°  toward  [1120]  showed  a 
continuous  series  of  periodically  and  closely  spaced  single  Si/C  bilker  steps,  the  collection  of 
which  sloped  downward  along  the  surface  when  observed  along  the  [iTOO]  zone  axis.  By  contrast 
very  few  steps  were  observed  in  the  on-axis  material;  they  were  also  single  steps  but  which 
oscillated  up  an  down  across  the  surface.  Heating  both  samples  to  1200°C  for  30  minutes  did  not 
result  in  any  observable  change  in  the  nature  of  these  surface  microstructures. 

Deposition  on  the  off-axis  material  at  950, 1050  and  1 150°C  using  a  C2H4/Si2H6  flow  ratio  of 
0.2/0. 1  resulted  in  the  initial  growth  of  a  1-2  unit  cells  of  6H-SiC  via  step  flow.  Evidence  that  step 
bunching  occurred  is  shown  in  Fig.  8  which  shows  that  the  single  step  planes  of  the  as-received 
material  have  migrated  to  become  collections  of  steps  having  approximately  1-3  unit  cell  heights  (6- 
18  bilayers)  which  are  now  further  displaced  from  each  other  than  the  single  bilayer  steps  noted 
above.  According  to  the  theory  of  Heine  and  coworkers  [26],  the  internal  energy  of  the  6H 
structure  undergoes  a  larger  reduction  if  atoms  deposit  such  as  to  extend  the  A-plane.  Thus  initial 
deposition  in  our  experiments  may  have  occurred  primarily  on  the  B  and  C  planes  such  as  to 
extend  the  6H  structure.  The  higher  the  temperature  of  deposition,  the  more  rapid  movement  of 
atoms  on  the  surface,  the  greater  the  extension  of  the  B  and  C  planes  and  the  more  widely  spaced 
the  steps  and  the  wider  the  terraces.  At  some  point,  the  distance  between  steps  becomes  sufficiently 
large  that  the  kinetics  of  surface  migration  do  not  allow  the  depositing  atoms  to  reach  the  steps  in 
sufficient  numbers  to  continue  the  step  flow  growth  of  6H.  At  this  point  P-SiC  is  nucleated  on  the 
terraces.  Evidence  for  this  theory  is  shown  in  Fig.  8  which  shows  that  the  distance  between  the 
islands  of  3C  increased  as  the  temperature  of  the  deposition  was  increased. 

On  the  basis  of  the  films  obtained  at  three  different  temperatures  and  the  determination  of  the 
mean  growth  rate  of  each  3C  component  of  the  film,  the  activation  energy  was  calculated  to  be  0.4 
eV.  This  may  be  indicative  of  a  surface-diffusion  controlled  process. 

As  noted  and  shown  above,  the  use  of  a  flow  rate  ratio  of  0.2/0. 1  resulted  in  the  deposition  of 
6H  followed  by  3C  on  the  off-axis  films.  Increasing  this  ratio  to  1.0/0. 1  at  1050°C  resulted  in  an 
insignificant  amount  of  deposition  (a  much  reduced  growth  rate-only  a  few  islands  of  3C  were 
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Figure  8.  TEM  micrographs  showing  the  initial  stage  of  3C-SiC  growth  on  6H-SiC  substrates  at 
950, 1050  and  1 150°C.  Note  the  step  bunching  in  proximity  to  each  3C  island. 


Figure  9.  TEM  micrographs  showing  that  a  larger  density  of  islands  have  coalesced  on  the  on-axis 
6H-SiC  substrate  than  on  the  off-axis.  Note  the  presence  of  double  positioning  boundaries  at  the 
steps  in  the  off-axis  substrate. 
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observed).  Increasing  the  flow  rate  ratio  to  0. 1/0.1  on  off-axis  materials  at  1050°C  resulted  in  the 
deposition  of  only  6H.  Step  bunching  and  the  simultaneous  extension  of  the  terrace  distance 
continued  to  occur  during  this  deposition.  Thus  the  absence  of  the  3C  phase  must  be  explained  by 
reasons  other  than  kinetic.  The  increased  terrace  width  is  strong  evidence  for  step  flow  growth. 
Under  these  conditions,  the  as-received  substrate  immediately  reconstructed,  as  shown  by  the 
change  in  the  RHEED  pattern  from  (1x1)  to  (3x3).  Kaplan^?  has  proposed  a  model  for  this 
reconstruction  which  consists  of  an  adsorbed  Si  bilayer.  If  true,  our  results  indicate  that  the  energy 
of  the  growing  surface  is  reduced  due  to  this  reconstruction  and  that  the  surface  mobilities  of 
adatoms  are  enhanced  on  such  a  reconstructed  surface,  leading  to  step  flow  growth  over  a  much 
larger  period  of  time. 

Using  a  combination  of  initially  high  (0.2/0. 1)  (for  30  min)  and  subsequently  lower  (0.3/0.3) 
(for  60  min)  C/Si  ratios  to  deposit  SiC  films  revealed  that  on  the  off-axis  material,  6H  was  again 
formed  initially  with  the  concomitant  step-bunching  followed  by  the  nucleation  of  the  3C  phase  on 
the  terraces.  Most  of  the  time  of  deposition  in  the  off-axis  material  was  expended  in  step  bunching 
rather  than  3C  nucleation.  Thus,  the  density  of  nuclei  on  these  off-axis  planes  should  be  lower  or 
much  lower  than  on  the  on-axis  plane  where  step  bunching  does  not  occur.  As  such  the  size  of  the 
islands  at  the  time  of  coalescence  with  adjacent  islands  on  the  off-axis  material  should  be  notably 
larger  than  on  the  on-axis  material.  This  phenomenon  is  shown  in  Fig.  9.  In  Fig  9(a),  the 
concentration  of  nuclei  is  very  large;  however,  changing  to  a  1/1  C/Si  ratio  allows  for  step  flow 
growth  to  now  occur  for  the  reasons  noted  above.  In  the  off-axis  material,  the  islands  continued  to 
grow  under  the  influence  of  the  high  C/Si  ratio.  However  changing  to  the  1/1  ratio  resulted  in  a 
change  to  either  layer-by-layer  or  step  flow  growth  of  3C-SiC  from  the  islands  such  that  they  meet 
and  form  double  position  boundaries.  Step  flow  is  believed  to  become  the  growth  mode  for  these 
3C  films  as  shown  by  the  increasing  smoothness  of  the  off-axis  film-it  is  essentially  becoming 
very  similar  in  surface  character  as  the  on-axis  films. 


SUMMARY 

Single  phase  c-BN  has  been  achieved  as  the  last  stage  in  a  sequential  deposition  involving 
layers  of  a-BN  and  h-BN  produced  by  IBAD  on  Si(lOO)  and  diamond(lOO)  substrates.  The  a-BN 
is  believed  to  result  from  the  rapid  cooling  of  the  depositing  species,  though  stress-related 
phenomena  cannot  be  ruled  out.  The  c-axis  of  the  h-BN  is  preferentially  oriented  perpendicular  to 
the  growth  direction  to  relieve  the  increasing  residual  stress  produced  by  lattice  defect  formation 
and  gas  incorporation.  The  equilibrium  P-T  threshold  for  the  formation  of  c-BN  is  eventually 
exceeded,  and  this  phase  grows  without  further  transformation.  Raising  the  temperature  results  in 
surface  and  possibly  bulk  annealing  and  a  significant  delay  in  the  formation  of  the  c-BN. 
Increasing  the  ion  momentum  tends  to  cancel  the  effect  of  increased  temperature. 

Sequential  gas  source  MBE  and  XPS  have  been  employed  to  determine  the  mode  of  initial 
growth  of  GaN  and  AIN  on  a(6H)-SiC(0001)  and  sapphire(OOOl)  substrates.  Evidence  for  silicon 
nitride  formation  on  the  SiC  substrates  was  obtained.  No  significant  chemical  changes  at  the 
interface  were  observed  when  films  were  grown  on  sapphire.  The  growth  of  GaN  on  sapphire 
appeared  to  occur  via  the  Stranski-Krastanov  mode.  The  growth  on  SiC  showed  characteristics  of 
three-dimensional  growth.  At  present,  it  is  unclear  whether  or  not  this  latter  result  was  due  to 
formation  of  the  thin  interfacial  layer  of  silicon  nitride.  The  growth  of  AIN  on  both  substrates 
showed  a  better  initial  morphology  and  appeared  to  grow  layer-by-layer  within  the  thickness  range 
of  the  deposited  film. 

The  as-received  wafer  of  vicinal  a(6H)-SiC(0001)  contains  a  series  of  closely  spaced  single 
bilayer  steps  which  do  not  move  after  heating  to  i200°C  for  at  least  an  hour.  The  distance  between 
steps  increases  as  the  degree  of  off-axis  decreases.  Deposition  on  the  vicinal  surface  with 
C2H4/Si2H6  >1.0  results  in  the  initial  growth  of  a  few  monolayers  of  6H-SiC  with  the  concomitant 
action  of  step  bunching  .  The  latter  process  moves  the  steps  apart  such  that  the  kinetics  of  atom 
motion  become  unfavorable  to  step  flow  growth  and  nucleation  of  3C-SiC  occurs  on  the  terraces. 
This  phase  grows  and  coalesces,  often  at  the  steps  where  double  position  boundaries  are  often 
produced.  Increasing  the  temperature  causes  more  rapid  step-bunching.  With  the  C2H4/Si2H6 
=1.0  the  only  phase  which  deposits  is  a-SiC. 
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ABSTRACT 

The  growth  morphology  and  microstructure  of  SiC/AlN/6H-SiC,  SiC/AlN/SiC/Si,  and 
SiC/AlN/Si  heterostructures  grown  by  LPCVD  were  studied  using  transmission  electron  microscopy. 
The  SiC/AlN  bilayers  grown  on  6H-SiC  substrates  were  single  crystalline  and  comprised  of  3C-SiC  and 
2H-A1N.  The  epitaxial  relationship  between  2H-A1N  and  6H-SiC  is  [0001]AlN//[0001]SiC.  The 
SiC/AlN/SiC  trilayers  and  the  SiC/AIN  bilayer  grown  on  (OOl)Si  were  composed  of  3C-SiC  and  2H- 
AIN.  However,  the  2H-A1N  layer  was  polycrystalline  even  though  the  (001)3C-SiC  was  single 
crystalline.  The  preferred  orientation  of  the  AIN  layers  in  SiC/AlN/SiC/Si  and  SiC/AlN/Si  are  [0112] 
and  [0002],  respectively.  The  AlN/3C-SiC  interface  is  relatively  sharp  compared  to  the  AIN/Si  interface 
in  which  an  amorphous  layer  close  to  the  interface  was  observed.  In  general,  the  polycrystalline  AIN 
structure  has  two  distinct  layers:  (1)  nucleation  layer  and  (2)  bulk  layer.  High  resolution  lattice  images 
of  the  polycrystalline  AIN  showed  amorphous  areas  and  small  misoriented  crystallites  in  the  nucleation 
layer.  The  bulk  layer  consists  of  preferentially  oriented  large  columnar  grains. 

INTRODUCTION 

Wide  band  gap  semiconductors  such  as  SiC  and  AIN  show  great  promise  in  electro-optical  and 
high  temperature  applications  [1-5].  AIN  has  a  band  gap  of  6.28  eV  and  cubic  3C-SiC  has  a  band  gap 
of  2.28  eV.  Thin  films  of  AIN  have  potential  use  in  optical  and  surface-acoustic-wave  devices.  The 
chemical  and  thermal  stabilitj'  as  well  as  the  high  resistivity  of  AIN  films  make  them  suitable  as 
insulating  and  passivating  layers  in  semiconductor  devices.  The  combination  of  excellent  physical, 
thermal  and  electronic  properties  of  cubic  SiC  have  resulted  in  device  applications  involving  high 
temperatures  and  high  power.  The  synthesis  and  properties  of  these  materials  have  been  the  subject  of 
intense  study  due  to  their  wide  applicability.  Remarkable  progress  in  single  crj'stal  growth  of  3C-SiC 
and  2H-AIN  has  been  made  in  recent  years.  Thin  films  of  AIN  and  SiC  have  been  grown  on  several 
substrates.  Successful  growth  of  cubic  SiC  on  Si  and  6H-SiC  has  been  reported  [6,7].  Single 
erystalline  AIN  films  have  been  deposited  on  (lll)Si[8],  SiC[9]  and  sapphire[10].  Recently,  Rowland 
et  al.  [11]  obtained  single  cry'stalline  SiC/AIN  multilayers  using  molecular  beam  epitaxy  (MBE) 
technique.  The  electronic  structure  and  bonding  at  the  SiC/AIN  interface  have  been  calculated  by 
Lambrecht  et  al.[12].  In  this  work,  we  present  a  study  of  the  structure  and  growth  morphology  of 
individual  layers  in  SiC/AlN/6H-SiC,  SiC/AlN/SiC/Si,  and  SiC/AlN/Si  heterostructures. 

EXPERIMENTAL  PROCEDURE 

Layers  of  AIN  and  SiC  were  grown  in  a  commercial,  low  pressure  vertical  chemical  vapor 
deposition  (CVD)  reactor.  The  details  of  the  SiC  growth  have  been  reported  elsewhere[  13].  The  AIN 
films  were  grown  on  6H-SiC(0001),  3C-SiC(100)/Si(100)  and  2°  off-axis  (lOO)Si  substrates.  The 
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reactant  gases  used  were  SiH4,  C3Hg,  NH3  and  Trimethylaluminium  (TMA).  The  AIN  growth  was 
performed  at  substrate  temperatures  of  1260-1300°C  while  the  3C-SiC  growth  was  performed  at 
temperatures  of  1250-1350OC.  Hydrogen  was  used  as  the  carrier  gas.  The  flow  rate  of  SiH4  was  fixed 
at  10  seem  whereas  the  flow  rate  of  C3Hg  was  fixed  at  20  seem.  The  TMA  and  NH3  flow  rates  were 
fixed  at  50  and  100  seem,  respectively.  The  system  pressure  was  10  Torr  for  all  the  growth  process 
except  for  the  growth  of  3C-SiC  film  grown  on  Si  in  the  3C-SiC/AlN/3C-SiC/Si  system.  There  was  no 
interruption  of  the  growth  process  until  all  layers  were  deposited.  How'ever,  in  the  case  of  the 
SiC/AIN/SiC/Si  the  first  layer  of  3C-SiC  film  grown  on  Si  substrates  was  deposited  using  a  horizontal 
eVD  reactor  at  a  pressure  of  200  Torr.  The  AIN  and  SiC  layers  grown  on  this  3C-SiC  film  were  then 
deposited  using  the  vertical  reactor. 

Cross-sectional  transmission  electron  microscope  (TEM)  specimens  were  prepared  by 
conventional  mechanical  thinning  procedure  to  about  10  pm  followed  by  Ar-t+  ion  milling  at  5  kV  and 
1  mA  gun  current  to  obtain  perforation.  Additional  milling  at  3  kV  was  performed  for  half  an  hour  to 
remove  any  damage  induced  at  the  higher  energy.  TEM  observations  were  made  using  a  JEOL  2000 
FX-II,  and  a  Philips  400T  electron  microscopes  operating  at  200  KV,  and  400  KV,  respectively. 

Results  and  Discussion 

Figure  1  shows  relatively  low-magnification  high  resolution  images  of  a)  the  AlN/6H-SiC  and 
b)  the  3C-SiC/AlN  interfaces  of  a  SiC/AlN/6H-SiC  heterostructure.  The  corresponding  selected  area 
diffraction  (SAD)  patterns  shown  as  insets  reveal  that  both  layers  are  single  crvstalline  and  composed  of 

2H-A1N  and  3C-SiC.  The  AIN 
layer  has  uniform  thickness  and 
the  AlN/6H-SiC  interface  is 
relatively  sharp.  The  AIN  layer 
has  a  thin  nucleation  or 
transition  layer  of  »  200  A 
adjacent  to  the  6H-SiC  as 
indicated  by  arrows  in  Fig  1(a), 
The  3C-SiC  layer  consists  of 
large-faceted  columnar  grains 
with  a  high  density  of  planar 
defects,  especially  near  the 
interface  (see  Fig  1(b)  ).  The 
lattice  mismatch  between  3C- 
SiC  and  2H-A1N  at  room 
temperature  is  low  (al%). 
However,  the  coefficients  of 
thermal  expansion  a,  of  3C-SiC 
at  300OK  and  1000°K  are 
2.9X10-6  K-1  and  4.5X10-6 
K-^,  respectively.  In  contrast, 
a  of  2H-A1N  remains 
approximately  4.5X10-6  j(^-l  jn 
this  temperature  range  [14].  Therefore,  w’e  attribute  the  high  density  of  planar  defects  observed  in  the 
3C-SiC  layer  to  the  large  («30%)  mismatch  in  a  between  these  two  materials.  This  is  also  consistent 
with  the  defect  density  variation  from  the  interface  (high  density)  to  the  film  surface  (low  density). 
Also,  the  continuation  of  grain  boundaries  across  this  interface  is  clearly  seen  in  Fig.  1(b)  and  only  one 
type  of  {111}  planar  defects  exists  in  each  grain.  The  epitaxial  relationships  obtained  from  the 
diffraction  pattern  of  Fig.  1(b)  are  [0001]6H-SiC//[0001]2H-AlN  and  [0110]6H-SiC//[0110]2H-AlN. 


Fig.  1(a)  Low  magnification  high-resolution  image  of 
2H-AlN/6H-SiC  interface  of  a  SiC/AlN/bH-SiC  structure. 
The  nucleation  layer  is  marked  between  arrows. 
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In  the  case  of  the  3C-SiC/2H-AlN  interface,  the  orientation  relationship  is  [lll]3C-SiC  //  [0001J2H- 
AIN.  Occasionally,  grains  with  another  {111}  type  of  stacking  faults  as  well  as  micro  twins  were 

observed  in  the  3C-SiC  layer  as 


shown  in  Fig.  2.  However,  the 
density  of  these  planar  defects  is 
low  compared  to  the  planar  defects 
lying  parallel  to  the  interface. 
Streaks  observed  in  the  diffraction 
pattern  along  [111]  and  1/3[115] 
directions  in  Fig.  2  (indecated  by 
arrow)  are  due  to  stacking  faults  on 
these  planes.  The  (111)  spot 
becomes  the  1/3(115)  (in  terms  of 
matrix  reciprocal  lattice)  spot  due  to 
twinning.  Figure  3  shows  a  cross- 
sectional  high  resolution  lattiee 
image  of  the  3C-SiC/Si  interface  of 
a  SiC/AlN/SiC/Si  multilayer 
structure.  The  corresponding  SAD 


pattern  is  shown  as  inset. 


Fig,  1(b)  low-magnification  high-resolution  image  of 
3C-SiC/2H-AlN  interface  of  a  SiC/AlN/6H-SiC  strueture. 
Note  the  high  densitj'  of  planar  defects  in  3C-SiC  layer. 


Fig.  2  Low-magnification  high-resolution  image  of  the  3C-SiC/2H-AlN  interface  region  of 
a  SiC  /AlN/6H-SiC  structure  showing  another  type  of  { 1 1 1 }  stacking  faults. 

Cubic  SiC  films  have  successfully  been  grown  on  (lOO)Si  by  several  groups  [15,16].  The  epitaxial 
relationships  between  cubic  SiC  and  Si  are  [001]SiC//[001]Si,  [lll]SiC//[lll]Si,  [lll]SiC//[lll]Si, 
and  [220]SiC//[220]Si  which  are  consistent  with  previous  reports[16].  Stacking  faults  in  the  SiC  layer 
originating  at  the  SiC/Si  interface  are  attributed  to  the  large  lattice  mismatch  of  20%  between  3C-SiC 
and  Si  as  well  as  to  errors  in  deposition  [15,17].  The  defect  density  decreased  away  from  the  interface. 
A  thin  amorphous  layer  is  observed  adjacent  to  the  Si  substrate.  This  layer  is  attributed  to  ion  beam 
damage  during  ion  milling  [15]  since  it  becomes  narrower  away  from  the  edge  of  the  TEM  sample 


(see  left  side  of  Fig.  3).  The  3C-SiC/Si  interface  is  relatively  sharp.  The  AlN/SiC  interface  in  this 
sample  is  shown  in  Fig  4.  The  nucleation  layer  adjacent  to  the  interface  is  indicated  by  arrows.  The 
columnar  grain  in  the  bulk  AIN  layer  are  clearly  seen  in  the  bright  field  image  of  Fig.  4.  Figure  5  shows 
a  cross-sectional  high  resolution  lattice  image  of  the  2H-AlN/3C-SiC  interface  along  with  the 
corresponding  SAD  pattern. 


Fig.  3  Atomic  resolution  lattice  image  of  the  3C-SiC/Si  interface  of  a  SiC/AlN/SiC/Si  structure 
depicting  planar  defects  on  { 1 1 1 }  planes  of  SiC.  A  thin  amorphous  layer  adjacent  to 
the  interface  is  marked  by  arrow.  The  corresponding  SAD  pattern  is  shown  as  inset. 

The  AIN  layer  has  small  crystallites  close  to  the  interface.  The  2H-A1N  layer  in  this  case  is 
polycrystalline  and  contains  columnar  grains  exhibiting  a  particular  orientation  with  the  3C-SiC  layer. 
The  preferred  orientation  in  the  AIN  layer  is  identified  as  [0112]  which  is  parallel  to  [002]  of  3C-SiC 
(reflections  from  (01 12)  are  indicated  by  an  arrow-head  in  Fig.  5).  In  addition,  amorphous  like  and 
disordered  regions  were  observed  in  this  layer.  The  top  3C-SiC  on  the  polycrystalline  2F1-A1N  was 
also  polycrystalline. 


Fig.  4  Bright  field  image 
of  the  3C-SiC/2H-AlN 
interface  of  a 

3C-SiC/2H-AlN/3C-SiC/Si 
heterostructure  showing 
the  columnar  grain 
growth  over  the 
nucleation  layer. 


Figure  6  shows  a  bright  field  image  of  a  cross  section  which  includes  the  (OOl)Si  substrate  and 
the  3C-SiC/AlN  layers  of  a  SiC/AlN/Si  structure.  Both  SiC/AlN  layers  consist  of  a  dense  columnar 
microstructure  without  any  voids  along  the  columnar  grain  boundaries.  The  AIN/Si  interface  is 
relatively  rough  and  contains  an  amorphous  layer  formed  by  interdiffusion  between  the  two  layers.  On 
the  other  hand,  the  SiC/AIN  interface  is  not  well  discernible  because  of  intermixing  at  the  interface. 
The  bulk  AIN  columnar  grains  have  a  [0002]  preferred  orientation,  which  is  consistent  with  previous 
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results[18].  In  contrast,  Azema  et  al.  [19]  observed  [01 10]  preferred  orientation  in  their  2H-A1N  layers 
grown  on  (lOO)Si.  High  resolution  lattice  images  of  the  AIN/Si  interface  showed  a!l60  A  thick 
amorphous  layer  in  the  AIN  film  adjacent  to  the  interface.  The  subsequent  SiC  layer  grown  on  the 
polycrj'Stalline  AIN  layer  was  also  polycrystalline.  The  diffraction  pattern  obtained  only  from  the  bulk 
SiC  layer  is  shown  as  inset  to  Fig.  6.  The  interplanar  spacing  obtained  from  the  first  ring  of  spots 
corresponds  to  (1 1 1)  planes  of  SiC  indicating  the  preferred  orientation  of  the  SiC  layer  on  AIN  layer. 


Fig.  5  [110]  high  resolution  lattice  image  of  the  3C-SiC/2H-AlN  interface  of  a  3C-SiC/ 
2H-AlN/3C-SiC/Si  heterostructure.  The  SAD  pattern  is  shown  as  inset.  (01 12)  reflection  from 
AIN  layer  (arrowhead)  is  parallel  to  the  growth  direction.  . 


Fig.  6  Bright 
field  image  of  a 
SiC/AlN/Si 
cross  section. 


In  the  multilayer  structures  studied  here,  the  AIN  layers  grown  on  (lOO)Si  and  (100)3C-SiC  are 
polycrystalline  with  columnar  grains  possessing  a  preferred  orientation.  How'ever,  AIN  is  single 
crystalline  when  grown  on  6H-SiC.  This  difference  in  AIN  growth  morphology  can  be  attributed  to  the 
activation  energy  for  the  formation  of  AIN  on  chemically  and  crystallographically  different  surfaces.  In 
general,  the  polycrystalline  structure  of  AIN  consist  of  two  distinct  layers:  (1)  a  nucleation  layer  of  « 
200A  and  (2)  a  bulk  layer.  Columnar  grains  in  the  bulk  layer  develop  a  preferred  orientation  from  the 
randomly  oriented  nucleation  layer.  However,  the  nucleation  layer  in  the  case  of  AIN  grown  on  Si 
consists  of  a  thin  amorphous  layer.  This  characteristic  AIN  growth  can  be  attributed  to  the  zone  T 
region  in  the  Thornton  model  [20],  It  is  interesting  to  note  that  the  nucleation  layer  is  also  observed 
when  the  AIN  layer  is  single  crystalline.  However,  the  nucleation  layer  in  this  case  is  well  oriented  with 
respect  to  the  substrate 
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CONCLUSIONS 


A  detailed  microstructural  characterization  of  3C-SiC/2H-AlN/6H-SiC,  3C-SiC/2H-AlN/3C- 
SiC/Si,  and  3C-SiC/2H-AlN/Si  heterostructures  was  carried  out  using  high  resolution  and  conventional 
electron  microscopy.  SiC/AlN  bilayers  were  single  crystalline  when  grown  on  6H-SiC  substrates. 
However,  they  were  polycrystalline  when  grown  on  monocrystalline  (001)  3C-SiC/(001)Si  and  (OOl)Si. 
Also,  a  polycrystalline  AIN  layer  was  found  with  a  different  preferred  orientation  on  3C-SiC/Si  than  on 
Si.  In  general,  the  polycrystalline  AIN  growth  consists  of  two  distinct  layers.  The  first  thin  nucleation 
layer  near  the  interface  is  polycrystalline  followed  by  the  growth  of  large  aligned  columnar  grains. 
However,  the  nucleation  layer  in  the  single  crystalline  AIN  layer  on  6H-SiC  is  epitaxially  well  oriented. 
A  high  density  of  planar  defects  was  observed  in  single  crystalline  3C-SiC  layers  grown  on  2H-A1N/6H- 
SiC  due  to  the  large  thermal  expansion  coefficient  mismatch. 
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NUCLFJVTION  AND  STEP  DYNAMICS  IN  SIC  EPITAXIAL  GROWTH 
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ABSTRACT 

Recent  progress  In  homoepltaxial  growth  of  6H-S1C  by  step-controlled 
epitaxy  utilizing  off-angle  substrates  Is  discussed  in  detail.  Features  of 
step-controlled  epitaxy  and  its  growth  mechanism  are  described  based  on 
experimental  results.  The  growth  mode  on  off-angle  substrates  Is  explained 
by  a  stagnant  layer  model.  The  diffusion  length  of  adatoms  on  a  surface  Is 
calculated  using  a  simple  surface  diffusion  model.  The  critical  conditions 
of  two-dimensional  nucleatlon  and  step-flow  growth  are  predicted  based  on 
theoretical  calculation  and  experimental  results.  Microscopic  surface 
processes  such  as  nucleatlon  and  step  motion  are  made  clear  by  observing  the 
grown  layer  after  short-time  growth. 


INTRODUCTION 

In  recent  years,  single-crystalline  wafers  of  silicon  carbide  (SIC) 
larger  than  1  inch  diameter  are  available  based  on  a  modified  Lely 
(sublimation)  method  [1].  In  addition,  progress  In  homoepltaxial  growth  of 
SIC  utilizing  step-controlled  epitaxy  has  given  superior  single  crystalline 
layers  and  easy  control  of  In-situ  Impurity  doping  [2,3].  Step-controlled 
epitaxy  implies  high-quality  homoepitaxy  of  SIC  at  rather  low  temperatures 
using  SIC  off-angle  substrates.  This  Is,  now,  a  key  technology  of  SIC 
epitaxial  growth  for  electronic  applications.  Much  attention  to  this 
attractive  material  Is  widely  expanding  to  realize  advanced  electronic 
devices. 

In  this  report,  homoepltaxial  growth  of  SIC  on  SIC  at  low  temperatures  by 
step-controlled  epitaxy,  utilizing  step-flow  growth  from  surface  atomic 
steps.  Is  discussed  in  detail.  Its  growth  mechanism  Is  elucidated  based  on 
detailed  experiments  for  off-angle  and  surface  polarity  effects  on  epitaxial 
growth.  To  explain  the  substrate  temperature  dependence  of  epitaxial  growth, 
a  stagnant  layer  model  Is  proposed.  To  make  clear  the  surface  kinetics,  the 
diffusion  length  of  adatoms  on  a  surface  Is  determined  using  a  simple 
surface  diffusion  model.  Then,  microscopic  surface  processes  such  as 
nucleatlon  and  step  motion  are  characterized  by  observing  the  grown  surface 
after  short-time  growth. 


STEP-CONTROLLED  EPITAXY 

Crystal  growth  has  been  carried  out  by  atmospheric-pressure  chemical 
vapor  deposition  (CVD)  In  a  horizontal  reaction  tube  using  SIH^,  C3Hg  and 
H2.  Substrates  were  heated  by  radio  frequency  induction,  and  the  growth 
temperature  was  varied  In  the  range  of  1100~1600°C.  The  growth  procedure 
consists  of  two  steps,  etching  with  HCl  and  epitaxial  growth  at  a  required 
temperature.  The  flow  rates  of  SlH,j,  CoHg  and  H2  during  epitaxial  growth 
were  0.15~0.30  seem,  0.10~0.40  seem  and  3.0  slm,  respectively. 

Single  crystals  of  6H-S1C  {0001}  faces  were  used  as  substrates.  The 
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surface  polarity,  either  (OOOl)SI  or  (OOOl)C  face,  was  identified  by 
thermal  oxidation  (dry  O2  at  lOOO'C  for  5  h)  utilizing  the  difference  in 
oxidation  rates  between  both  faces.  Substrates  were  angle-lapped  to  get  off- 
orientation  within  0  to  10°  toward  <1120>. 

In  Fig.l,  Nomarskl  microphotographs  are  shown  for  layers  grown  at  1500°C 
on  well-oriented  and  6°  off-oriented  {0001}  faces  using  a  standard  growth 
condition  (SiH^:  0.3  seem,  C3Hg:0.2  seem,  growth  rate:2. 5 /z m/h) .  On  well- 
oriented  (OOOl)Si  faces,  although  the  surface  is  very  flat,  the  layer  has  a 
mosaic  pattern  in  which  boundary  lines  divide  the  layer  into  several 
regions.  By  reflection  high-energy  electron  diffraction  (RHEED),  the  layer 
was  identified  as  3C-S1C  Including  <111>  symmetrical  twins.  Molten  KOH 
etching  also  revealed  the  layer  as  3C-SiC,  and  the  boundary  lines  are  twin 
boundaries  known  as  double  positioning  boundaries.  On  (OOOl)C  faces,  the 
surface  has  bumpy  structure  Including  many  islands.  The  layer  has  been 
Identified  as  3C-SiC  by  RHEED. 

On  the  contrary,  on  off-oriented  substrates,  very  flat  and  mirror-like 
layers  are  grown  Independent  of  surface  polarity.  The  layers  were  Identified 
as  6H-SiC  by  RHEED  and  molten  KOH  etching.  The  polytypes  were  also 
characterized  by  photoluminescence  and  Raman  scattering  analysis.  Concerning 
homoepitaxial  growth  of  6H-SiC  by  CVD,  temperatures  over  1800'C  had  been 
necessary  to  get  good  surface  morphology  on  well-oriented  6H-SiC  (0001 )S1 
faces  [4-6].  The  temperature  required  for  epitaxy  was  reduced  by  more  than 
300”C . 

Schematic  Images  of  the  relationship  between  growth  modes  and  poiytypes 
of  grown  layers  are  shown  in  Fig. 2.  On  well-oriented  surfaces,  two- 
dimensional  nucleatlon  does  occur  on  terraces  under  high  supersaturation 
owing  to  low  temperature  (1500'C).  The  polytypes  of  grown  layers  are 
governed  by  environmental  growth  conditions,  especially  temperature,  and  the 
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Fig.l.  Surface  morphology  of  layers 
grown  on  well-oriented  faces  [(a) 
and  (b)]  and  off-oriented  faces 
[(c)  and  (d)]. 


Fig. 2.  Schematic  images  of  growth 
modes.  3C-S1C  by  two-dimensional 
nucleatlon  (a)  and  homoepitaxy  of 
6H-SiC  by  step-flow  growth  (b). 
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grown  layer  becomes  3C-S1C  which  is  stable  at  low  temperatures.  Since  the 
stacking  order  of  3C-S1C  and  6H-S1C  is  different,  the  3C-SiC  grown  layer 
becomes  a  twin  structure  as  shown  In  Fig. 2(a).  By  the  introduction  of  off- 
orientation,  the  surface  step  density  is  increased,  and  6H-SiC  is  grown 
laterally  from  the  steps  inheriting  the  stacking  order  of  the  substrate  as 
in  Fig. 2(b).  Hence  the  author's  group  named  the  growth  method  "step- 
controlled  epitaxy"  [2,3]. 

The  dependence  of  growth  rate  on  C/Si  ratio  is  shown  in  Fig. 3  [7].  The 
substrates  are  GH-SiC  (OOOl)C  faces  with  6“  off-angle.  Solid  and  open 
circles  are  the  results  for  SiH^  flow  rates  of  0.15  and  0.30  seem  at  1500°C. 
In  the  region  of  C/Si<1.4,  the  growth  rate  increases  remarkably  with 
increase  in  the  C/Si  ratio,  which  may  be  caused  by  the  increase  of  C  source. 
In  the  region  of  C/Si>1.4,  the  growth  rate  does  not  change  with  the  C/Sl 
ratio  and  it  increases  proportionally  with  the  flow  of  SIH^,  which  shows 
that  the  supply  of  SIH^  limits  the  growth  under  enough  C  source.  Quite 
similar  results  were  obtained  in  the  growth  on  off-oriented  (0001 )Si  faces. 
These  results  suggest  that  Si-related  species  are  preferentially  adsorbed  on 
a  surface,  and  may  diffuse  on  terraces  terminated  with  C  atoms.  Crystal 
growth  proceeds  through  carbonization  of  adsorbed  Si  by  hydrocarbon 
molecules  or  their  fragments. 


GROWTH  HECHANISN 

To  make  clear  the  polarity  effects,  the  off-angle  dependence  of  growth 
rate  at  1500°C  on  both  (OOOl)Sl  and  (OOODC  faces  is  shown  in  Fig. 4  [7]. 
Open  and  closed  triangles  Indicate  3C-SiC  grown  on  well-oriented  (OOOl)Sl 
and  (OOOI)C  faces,  respectively.  Open  and  closed  circles  Indicate  6H-S1C 
grown  on  off-oriented  (OOOl)Si  and  (OOOl)C  faces.  The  flow  rates  of  SIH^ 
and  C3Hg  are  0.30  and  0.20  seem.  On  well-oriented  substrates,  higher  growth 
rates  were  obtained  on  (OOOl)C  faces  than  on  (OOOl)SI  faces,  which  is 
ascribed  to  the  high  nucleatlon  rate  on  (OOOl)C  terraces.  As  the  terrace 


Fig. 3.  Dependence  of  growth  rate  on 
C/Si  ratio  for  different  SIH^  flow 
rates  at  different  temperatures  (on 
off-oriented  (OOOl)C  faces)  [7]. 


Fig. 4.  Dependence  of  growth  rate  (at 
1500°C)  on  substrate  off-angle  [7]. 
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width  becomes  narrower  with  the  Increase  of  off-angle,  step-flow  growth 
becomes  dominant,  which  yields  6H-SiC  grown  layers.  GH-SIC  can  be 
homoepitaxially  grown  on  substrates  with  more  than  1°  off-angle.  With 
increasing  off-angle,  the  growth  rates  on  both  faces  approach  each  other  and 
become  almost  the  same  value  for  off-angles  higher  than  5°  . 

Figure  5  shows  the  temperature  dependence  of  growth  rate  between  1200°C 
and  1600°C  using  substrates  with  an  off-angle  of  6°  ,  in  which  step- 
controlled  epitaxy  of  6H-S1C  occurs  [7],  Homoepltaxial  growth  on  6H-S1C 
{0001}  faces  can  be  realized  even  at  1200°C,  indicating  a  reduction  of  600°C 
for  homoepitaxy.  With  Increasing  temperature,  the  growth  rate  increases 
showing  a  very  small  activation  energy  of  3.0  kcal/mol.  In  SiC  growth  on 
well-oriented  {0001}  faces  using  CVD,  activation  energies  of  22  [4]  or  20 
kcal/mol  [8]  were  reported.  The  activation  energy  of  22  kcal/mol  has  been 
explained  as  that  for  Si  adsorption  based  on  thermodynamic  consideration. 

To  explain  the  small  activation  energy,  the  growth  mechanism  was 
analyzed.  In  CVD,  the  growth  is  governed  by  (l)surface  reaction  control  or 
(2)mass  transport  control  (or  diffusion  control).  In  surface  reaction 
control,  the  activation  energy  is  given  as  the  sum  of  those  required  for 
various  processes  (evaporation  from  kinks  onto  a  surface,  desorption  from  a 
surface  to  vapor  and  surface  diffusion)  or  at  least  one  of  them  which 
dominates  the  growth.  These  activation  energies,  however,  seem  to  be  higher 
than  10~20  kcal/mol  [9],  though  a  detailed  study  has  not  been  done.  Thus, 
the  surface  reaction  cannot  explain  the  small  activation  energy. 

The  temperature  dependence  of  growth  rate  was  analyzed  based  on  a 
stagnant  layer  model  [10],  in  which  the  crystal  growth  is  controlled  by  mass 
transport.  The  diffusion  of  reactants  from  the  main  gas  stream  through  a 
stagnant  layer  to  the  crystal  surface  controls  the  growth.  As  described 
above,  the  growth  rate  of  SiC  is  determined  by  the  supply  of  Si -related 
species.  Thus,  the  model  proposed  for  Si  growth  in  CVD  using  a  horizontal 


GROWTH  TEMPERATURE  (“C) 


Fig. 5.  Temperature  dependence  of 
growth  rate  on  off-oriented 
(OOOl)Sl  and  (OOOl)C  faces.  Solid 
curve  shows  a  calculated  result  [7]. 


J 


Fig. 6.  Schematic  illustration  of 
simple  surface  diffusion  model, 
with  steps  of  height  h  separated  by 
equal  terrace  width  X  q. 
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reactor  can  be  applied  to  SiC  growth  with  some  modification.  The  growth  rate 
at  a  position  Xq  from  the  front  edge  of  a  susceptor  in  the  reactor  is  given 
by  the  following  equation  [10], 

RCxq)  =  [cDoTgPo/{nokTo^d  (Xo)}lexp[{-DQTg/(ToVob)}  f  {dx/5  (xq)}]  .  (1) 

The  integration  should  be  carried  out  from  0  to  Xg.  Here,  Dg  is  the 
diffusion  coefficient  of  SIH^  in  H2  at  300  K,  Tg  the  substrate  temperature, 
Pg  the  partial  pressure  of  SiH,j,  Vg  the  mean  velocity  of  nonheated  gas,  b 
the  reactor  free  height,  5  (x)  the  stagnant  layer  thickness,  c  the  spacing 
of  6H-S1C  {0001}  faces,  ng  the  density  of  surface  atomic  sites,  and  Tg=300K. 
In  the  idegl  case  (laminar  flow  with  uniform  velocity),  5  (x)  is  given  by 
(;ix/vgp)^'  ,  where  n  and  p  are  the  gas  viscosity  and  density  [11]. 

Using  appropriate  values  for  individual  variables  and  constants,  the 
growth  rates  were  calculated  neglecting  the  complex  flow  by  heating  [7].  The 
result  is  shown  by  a  solid  curve  in  Fig. 5.  The  absolute  values  of  calculated 
growth  rate  surprisingly  well  agree  with  experimental  results,  in  spite  of  a 
simple  model.  The  growth  rate  can  be  predicted  within  an  error  of  20%,  which 
is  ascribed  to  the  underestimation  in  S  (x)  and  some  factor  in  complex  gas 
flow.  The  growth  rate  Increases  gradually  with  temperature  increase  owing  to 
the  enhancement  of  diffusion  in  a  stagnant  layer.  Although  the  stagnant 
layer  model  does  not  give  an  activation-type  formula,  the  calculated  curve 
in  the  range  of  1200~1600°C  yields  an  apparent  activation  energy  of 
3.0  kcal/raol,  which  corresponds  to  the  diffusion  in  a  stagnant  layer. 
Therefore,  the  growth  Is  limited  by  mass  transport  in  step-controlled 
epitaxy,  which  gives  no  polarity  dependence  of  growth  rate. 


SURFACE  KINETICS 

Step-controlled  epitaxial  growth  of  6H-SiC  on  off-oriented  6H-S1C{0001} 
was  quantitatively  analyzed  [12]  based  on  a  simple  surface  diffusion  model 
proposed  by  Burton,  Cabrera  and  Frank  (BCF  model  [13])  to  determine  the 
surface  diffusion  length  and  step-flow  growth  conditions. 

In  a  model  shown  in  Fig. 6,  some  adatoms  on  a  surface  can  reach  steps  and 
are  Incorporated  into  the  crystal,  and  others  reevaporate  to  vapor.  Some 
adatoms  coalesce  to  form  nuclei  on  terraces  if  supersaturation  on  the 
surface  is  high  enough. 

By  solving  the  continuity  equation  of  adatoms  under  the  boundary 
condition  of  perfect  sinks  at  steps,  the  adatom  concentration  ng(y)  per  unit 
area  on  a  terrace  is  given  as 

ng(y)  =  Jr  g  +  (ngg  -  Jr  g  ){cosh(y/A  g  )/cosh(  A  g/21.  g  )},  (2) 

where  J  is  the  flux  of  reactants  arriving  onto  a  surface,  r  ^  the  mean 
residence  time  of  adatoms,  Ogg  the  adatom  concentration  In  equilibrium,  and 
X  g  the  surface  diffusion  length. 

The  growth  rate  R  is  the  product  of  the  step  velocity,  proportional  to 
the  derivative  of  ng(y),  and  tan0  (=h/l.  g  ,  6:  off-angle)  in  step-flow 
growth,  and  is  given  by 

R  =  (2hlg  /ngl  g  ){J  -  (ngg/r  g  )}tanh(A  g/2A  g).  (3) 

Here,  h  is  the  step  height,  Xq  step  width,  and  ng  the  density  of  surface 
atomic  sites  on  the  surface. 

Since  the  supersaturation  ratio  a (y)  defined  as  ng(y)/ngg  is  a  maximum 
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“max  center  of  a  terrace,  two-dimensional  nucleation  occurs  easily 
at  this  position.  The  growth  mode  is  determined  according  to  the  following 
relation: 


“max  ^  “  crit  "  two-dimensional  nucleation, 

“max  ^  “crit  •  step-flow  growth. 

Under  the  critical  condition,  « t®  equal  to  a  •  Therefore,  the 
following  equation  is  given  [12], 

(  A  0  /41.  s  )tanh(  1  0  /41  g  )  -  {(a  ^If  l)h/(2n  oR)}(n  sq/^  s*' 

In  the  equation,  R  is  determined  by  growth  conditions,  1  q  and  h  are 
obtained  by  preparation  condition  of  substrates,  and  Oq  an  inherent 
parameter  of  the  material.  If  the  values  of  HgQ/rg  (desorption  flux  in 
equilibrium)  and  “  pj-it  known,  X  g  can  be  calculated. 

Although  the  individual  estimation  of  OgQ  and  r  g  is  difficult,  ngg/r  g 
can  be  expressed  by  the  equilibrium  vapor  pressure  in  chemical  reactions 
between  Si  and  hydrocarbon  gases  [14].  Among  different  chemical  reactions, 
the  reaction  of  Si  and  CoHo  (a  product  from  CoHg)  is  most  active  and 
dominant  in  SiC  growth  [15,161.  The  temperature  dependence  of  Cgn/rg  was 
calculated  by  the  use  of  equilibrium  vapor  pressure  obtained  from  this 
reaction  [12].  The  Ogg/r  g  increases  exponentially  with  the  increase  in 
temperature. 

In  principle,  «  cru  is  intrinsic  to  a  material  at  a  fixed  temperature. 
When  the  critical  nucleation  rate  is  assumed  to  be  10^^  cm'‘^s'^,  which 
corresponds  to  one  nucleus  per  unit  time  on  a  10  nm  x  10  nm  terrace  (average 
terrace  width  in  the  present  off-angle  substrate),  for  a  disk-shaped 

nucleus  is  given  by  [17] 

=  exp[?rhcr  2  q/{(65  -  In  10^2  );^2t.2  (5) 

where  Q  and  cr  are  the  volume  of  the  Si-C  pair  and  the  surface  free  energy. 
Using  fi  for  6H-S1C  and  assuming  the  surface  energy  of  (OOOl)Sl  and  (OOODC 
faces  as  2220  and  300  erg/cra^  obtained  for  3C-S1C  (lll)Sl  and  (IIl)C  faces 
[18],  the  temperature  dependence  of  for  (OOOl)Si  and  (0001)0  faces 

was  calculated,  and  the  result  is  shown  in  Fig. 7  [12].  The  value  decreases 
with  the  Increase  in  temperature,  which  means  that  a  lower  supersaturation 
ratio  is  enough  for  nucleation  at  higher  temperature.  However,  in  real 
crystal  growth,  nucleation  easily  occurs  at  lower  temperatures  owing  to  a 
significant  decrease  in  Ogg/rg.  The  polarity  dependence  of  “crit 
significant.  The  “crit  (OOOl)C  faces  takes  quite  low  values  of  almost 
unity,  which  indicates  that  nucleation  occurs  more  frequently  on  (OOOl)C 
faces  under  the  same  supersaturation. 

To  estimate  the  surface  diffusion  length  of  adatoms,  the  critical  growth 
conditions  were  found  experimentally  by  observing  the  polytypes  of  grown 
layers  [12].  Some  of  the  critical  conditions  at  which  the  growth  mode 
changes  from  step-flow  growth  to  two-dimensional  nucleation  are  shown  in 
Table  I.  The  critical  conditions  do  not  depend  on  the  substrate  polarity. 

Figure  8  shows  the  calculated  temperature  dependence  of  surface  diffusion 
length  on  both  faces  using  several  data  obtained  from  the  experiments  [12]. 
The  surface  diffusion  length  decreases  at  high  temperatures  due  to  enhanced 
desorption.  The  values  on  (OOOl)C  faces  are  longer  than  those  on  (0001)  Si 
faces  by  more  than  one  order  of  magnitude.  Although  nucleation  occurs  much 
more  easily  on  (OOOl)C  faces,  the  longer  surface  diffusion  length  may 
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TEMPERATURE  (°C) 


Fig. 7.  Temperature  dependence  of 
critical  supersaturation  ratio  for 
(OOOl)Sl  and  (OOOl)C  faces  [12]. 


TEMPERATURE  (°C) 


Fig. 8.  Temperature  dependence  of 
surface  diffusion  length  of  adatoms 
on  (OOOl)Sl  and  (OOOl)C  faces  [12]. 


Table  I.  Some  of  critical  growth  conditions  at  which  growth  mode 
changes  from  two-dimensional  nucleatlon  to  step-flow  growth. 


Growth  temperature 

Off-angle 

Terrace  width 

Growth  rate 

(”C) 

(°  ) 

(nm) 

( Am/h) 

1100 

6 

2.4 

0.80 

1200 

3 

4.8 

0.95 

1300 

6 

2.4 

2.50 

1500 

1 

14.4 

2.00 

compensate  frequent  nucleatlon  on  the  terraces.  This  brings  no  polarity 
dependence  of  surface  morphology  In  step-controlled  epitaxy. 

Since  the  temperature  dependence  of  ngQ/rg,  a  and  1  g  have  been 
obtained,  the  critical  growth  conditions  can  be  predicted  using  eq.(4).  If 
the  growth  temperature  and  off-angle  are  fixed,  the  critical  growth  rate 
(maximum  growth  rate  for  step-flow  growth)  can  be  calculated.  In  Fig. 9,  the 
critical  growth  conditions  are  shown  for  substrate  off-angles  of  0.2,  1,  3, 
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Fig. 9.  Critical  growth  conditions 
as  a  function  of  growth  temperature, 
growth  rate,  and  substrate's  off- 
angle.  Top-left  and  bottom-right 
regions  of  each  curve  correspond  to 
two-dimensional  nucleatlon  and 
step-flow  growth  conditions  [12]. 


6  and  10°  [12].  The  top-left  and  bottom-right  regions  separated  by 
individual  curves  Indicate  two-dimensional  nucleatlon  and  step-flow  growth 
conditions,  respectively.  Almost  no  difference  in  the  critical  conditions 
was  obtained  on  (OOOl)Sl  and  (OOOl)C  faces.  A  higher  growth  rate  and  lower 
off-angle  can  be  taken  for  step-flow  growth  at  higher  growth  temperatures. 
At  1800°C ,  a  very  small  off-angle  of  0.2°  ,  which  indicates  almost  well- 
oriented  faces,  is  enough  to  get  step-flow  growth  with  a  moderate  growth 
rate  of  B/^m/h.  On  the  contrary,  a  large  off-angle  more  than  5°  is 
necessary  to  realize  step-flow  growth  (homoepitaxy  of  6H-S1C)  at  1200°C. 


KUCLEATION  AND  STEP  MOTION 

In  addition  to  the  growth  mechanism  and  surface  kinetics,  microscopic 
surface  processes  such  as  nucleatlon  and  surface  diffusion  of  adatoms  should 
be  made  clear  [19].  The  formation  of  nuclei  and  the  lateral  growth  rates  of 
steps  in  SIC  growth  were  studied.  The  effects  of  growth  temperature, 
substrate  polarity  and  off-orientation  on  the  surface  processes  were 
Investigated. 

Crystal  growth  was  carried  out  in  atmospheric  CVD  In  the  temperature 
range  of  12O0~lG00°C.  Single  crystals  of  6II-SIC,  both  (0001  )Si  and  (0001)0 
faces,  grown  by  the  Achcson  method  were  used  as  substrates.  Since  nucleatlon 
is  sensitive  to  surface  conditions  including  impurities  and  defects 
Introduced  during  polishing,  as-grown  natural  faces  were  used.  The  density 
and  size  of  nuclei  were  characterized  by  observing  the  surface  with  a 
Nomarski  microscope  after  short-time  growth.  To  investigate  step-motion, 
circular  mesa-tables,  120  nm  height  and  20~300/zm  diameter,  were  formed  on 
SIC  substrates  by  conventional  photolithography  and  reactive  ion  etching. 
The  lateral  growth  rates  were  measured  from  the  advance  of  a  table-edge 
after  short-time  growth  using  a  similar  method  as  in  the  literature  [20]. 

Figure  10  shows  a  Nomarski  microphotograph  of  a  (OOOl)Sl  face  with 
circular  mesa-tables  after  growth  for  60  s  at  1600°C  with  the  flow  rates  of 
SIH^:  0.15  seem  and  C3Hg:  0.10  seem  (growth  rate:  1.2// m/h)  [19].  The 
formation  of  many  nuclei  on  the  terraces  and  lateral  advance  of  table  edges 
are  observed.  For  growth  at  higher  temperatures  of  ISOO-^IGOO-C ,  most  nuclei 
showed  distorted  hexagonal  shape  (size:  20~50//m)  with  facets  of  all  nuclei 
parallel  to  {lIOO}  faces.  The  distorted  hexagonal  nuclei  showed  3C-S1C 
component  in  micro-Raman  spectroscopy,  but  it  is  not  clear  why  the  nuclei 
had  distorted  hexagonal  shape.  On  the  other  hand,  for  growth  at  lower 
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temperatures  of  1200~1300°C,  many  small-slze  (<5/zm)  triangular-shaped 
nuclei  showing  3C-SIC  feature  were  formed.  Although  the  facets  of  all  nuclei 
are  parallel  to  {lIOO}  faces,  they  are  rotated  hy  180°  to  each  other, 
corresponding  to  double  positioning  domains. 

In  Fig. 11,  the  temperature  dependence  of  the  nucleus  density  (number  of 
nuclei  per  unit  area)  on  well-oriented  (OOOl)Si  and  (OOOl)C  faces  Is  shown 
[19].  The  nucleus  density  significantly  Increases  at  low  temperatures,  which 
is  attributed  to  higher  supersaturation  owing  to  the  reduced  equilibrium 
vapor  pressure  and  suppressed  surface  diffusion  of  adatoms.  The  nucleus 
density  is  higher  on  (OOOl)C  faces  than  on  (OOOl)Sl  faces  by  more  than  one 
order  of  magnitude.  This  remarkable  polarity  dependence  can  be  explained  by 


Fig. 10.  Microphotograph  of  (OOOl)Si 
faces  with  circular  mesa-tables 
after  growth  at  1600”C  for  60  s 
[191. 
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Fig. 11.  Temperature  dependence  of 
nucleus  density  on  well-oriented 
(OOOl)Si  and  (OOOl)C  faces  [19]. 


Fig. 12.  Temperature  dependence  of 
lateral  growth  rate  on  well- 
oriented  (OOOl)Sl  and  (OOOl)C  faces 
[19]. 


Fig. 13.  Microphotograph  showing 
anisotropy  in  lateral  growth  rate 
after  growth  at  IGOO'C  for  60  s 
[19]. 


377 


the  difference  in  surface  energy  between  both  faces.  Preferential  nucleation 
may  occur  at  screw  dislocations  on  the  substrate  surface.  This  becomes 
important  when  the  nucleus  density  is  low  (<10°  cm~'^). 

The  lateral  growth  rate  estimated  from  the  advance  of  the  table  edge  is 
almost  Independent  of  the  table  diameter.  Figure  12  shows  the  temperature 
dependence  of  lateral  growth  rate  toward  <1120>  on  well-oriented  (0001 )Si 
and  (OOOl)C  faces  [19].  The  lateral  growth  rates  (~10;im/mln  above  1400°C) 
are  very  large  compared  with  the  vertical  growth  rate  (1.2//m/h  at  1G00°C). 
This  results  because  adatoms  diffuse  on  a  surface  and  are  preferably 
incorporated  into  a  crystal  at  steps  and/or  kinks.  The  lateral  growth  rate 
considerably  decreases  at  low  temperatures,  which  is  attributed  to  the 
reduction  in  surface  diffusion  length  of  adatoms. 

As  shown  in  Fig. 13,  the  original  circular  mesa-table  deforms  into  a 
hexagonal  shape,  which  is  caused  by  anisotropy  in  lateral  growth  rates  [19], 
The  fastest  growth  direction  is  <ll20>  and  the  lowest  <1I00>.  The  anisotropy 
may  be  originated  from  the  difference  in  the  arrangement  of  atoms  and  bond 
configuration  at  table  edges.  Microscopically,  the  table  edges  consist  of 
very  small  straight  steps  and  kinks.  Since  the  straight  steps  align  parallel 
to  the  crystal  facets  ((lIOO)  faces),  the  table  edges  perpendicular  to  <ll 
00>  can  be  regarded  as  straight  macrosteps.  The  kink  density  Increases  with 
the  deviation  of  direction  from  <1100>,  and  becomes  maximum  in  <1120>. 
Hereafter,  the  growth  along  <ll00>  and  <1120>  is  referred  as  step  growth  and 
kink  growth.  The  ratio  of  Incorporation  of  migrating  adatoms  at  steps  and 
kinks  gives  the  ratio  of  lateral  growth  rates  for  steps  and  kinks.  The  ratio 
is  0.85  at  1600°C,  and  decreases  down  to  0.45  at  1200°C,  which  indicates  the 
enhanced  anisotropy  in  the  growth  at  low  temperatures. 

To  investigate  the  effects  of  off-orientation  on  surface  kinetics,  the 
growth  on  off-oriented  faces  (5°  off)  with  similar  mesa-tables  was  done  at 
1500°C  [19].  In  this  case,  however,  no  nuclei  were  observed  even  after 
growth  for  300  s.  This  result  can  be  attributed  to  quite  low  supersaturation 
caused  by  high  density  of  steps  on  the  surface.  The  formation  of  {0001} 
facets  along  the  off-dlrectlon  was  observed  at  the  upstream  sides  of  table 
edges.  The  formation  of  facets  can  be  explained  by  the  fact  that  the  growth 
proceeds  through  the  step-flow  mode. 


SUMMARY 

Recent  progress  in  homoepltaxial  growth  of  GH-SiC  by  step-controlled 
epitaxy  utilizing  off-angle  substrates  was  discussed  in  detail.  Features  of 
step-controlled  epitaxy  and  its  growth  mechanism  were  described  based  on 
experimental  results.  The  growth  on  well-oriented  substrates  was  found  to  be 
surface-reaction  controlled,  whereas  that  on  off-oriented  substrates  mass- 
transport  controlled.  The  temperature  dependence  of  growth  rate  was  analyzed 
by  a  stagnant  layer  model,  and  the  small  activation  energy  was  explained  as 
the  required  energy  for  diffusion  of  Si-related  species  in  a  stagnant  layer. 
The  diffusion  length  of  adatoms  on  a  surface  is  calculated  using  a  simple 
surface  diffusion  model.  The  critical  conditions  of  two-dimensional 
nucleation  and  step-flow  growth  were  predicted  based  on  theoretical 
calculation  and  experimental  results.  Microscopic  surface  processes  such  as 
nucleation  and  step  motion  were  made  clear  by  observing  the  grown  layer 
after  short-time  growth.  The  nucleus  density  and  the  lateral  growth  rate 
were  determined. 
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ELECTRON  CYCLOTRON  RESONANCE  PLASMA  CHEMICAL  VAPOUR  DEPOSITION 
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Electrophotonic  Materials  and  Devices,  Department  of  Engineering  Physics,  McMaster 
University,  Hamilton,  Ontario,  Canada  L8S  4L7. 


ABSTRACT 

Silicon  carbide  films  were  deposited  by  electron  cyclotron  resonance  plasma  chemical  vapour 
deposition,  using  Ditertiary  Butyl  Silane  (SiH2(C4H9)2),  a  non-corrosive  organic  compound, 
liquid  at  room  temperature  and  stable  in  air,  as  precursor.  Depositions  were  carried  out  in  an 
Ar/H2  plasma  at  relatively  low  temperatures,  below  400  °C.  The  influence  of  deposition 
parameters  such  as  substrate  temperamre,  gas  flow  rates,  pressure,  and  microwave  power,  was 
systematically  investigated  and  related  to  the  Si;C  ratios  and  the  refractive  index.  The  film 
composition  was  measured  by  Auger  electron  spectroscopy  and  the  surface  morphology  was 
examined  by  scanning  electron  microscopy.  The  deposition  rates  and  refiractive  indexes  were 
extracted  from  the  conventional  ellipsometric  functions,  psi  and  delta.  The  results  show  that 
high  quality  silicon  carbide  of  variable  Si:C  ratios  and  with  very  low  levels  of  impurities  are 
obtained . 


INTRODUCTION 

Silicon  carbide  (SiC)  possesses  interesting  mechanical,  optical,  thermal,  and  electrical 
properties  [1,2].  It  has  drawn  great  interest  in  the  recent  years  for  applications  such  as  light 
emitting  diodes  [3]  and  electronic  devices  in  high  temperature  and  radiation  environments  [4]. 
Our  own  research  effort  is  directed  mainly  at  exploring  the  applications  of  high  quality  SiC  films 
in  optoelectronic  devices  and  for  semiconductor  passivation.  Several  techniques  of  processing 
have  been  used  including  chemical  vapour  deposition  (CVD)  [5],  plasma  enhanced  CVD  [6]  and 
electron  cyclotron  resonance  CVD  [7].  The  latter  method  is  the  most  advantageous  due  to  the 
possibility  of  generating  a  plasma  with  high  ion  density  at  low  pressures  [8].  This  method  is 
becoming  even  more  attractive  with  the  increasing  need  for  low-temperature  thm-film  processing 
for  very  large  scale  integration  technology.  In  general,  SiC  is  deposited  from  a  combination  of 
two  or  more  gas  sources,  where  methane  is  the  commonly  used  carbon  gas  source  [9],  although 
other  sources  have  been  studied  by  different  laboratories  [10].  For  the  conventional  silicon  source, 
silane  (SiH4),  there  are  some  concerns  regarding  the  safe  handling  of  this  material.  SiH4  is  toxic 
and  spontaneously  flammable  in  air,  requiring  special  handling  procedures.  Organic  compound 
sources  are  receiving  considerable  attention  from  the  plasma  processing  laboratories  mainly  due  to 
the  need  for  less  hazardous  materials  than  the  volatile  inorganic  gas  sources.  Recently,  organic 
sources  that  contain  direct  Si-C  bonds  were  suggested  as  a  monosource  for  Si  and  C.  Among  the 
suggested  compounds  is  Ditertiary  Butyl  Silane  (DTBS),  also  known  under  its  commercial  name 
CONSI™  4000  .  A  schematic  of  the  molecule  structure  is  given  in  Figure  1.  The  compound  is 
liquid  at  room-temperature  and  stable  in  air.  The  advantage  of  using  DTBS  is  that,  in  addition  to 
all  elemental  constituents  being  contained  in  the  molecule  and  the  Si  already  bonded  to  C,  this 
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precursor  is  relatively  easy  to  handle.  In  fact,  it  has  already  been  used  for  the  deposition  of  SiC 
in  a  PECVD  reactor  [11],  In  a  recent  paper  we  have  shown  that  good  quality  SiN:H  can  be 
deposited  in  an  ECR-CVD  reactor  using  DTBS  as  a  silicon  source  [12],  In  this  paper,  we  report 
ECR-CVD  of  SiC  with  DTBS  as  a  monosource  for  Si  and  C.  The  effect  of  processing  conditions, 
such  as  substrate  temperature  and  microwave  power  on  the  film  composition  and  refractive  index 
will  be  discussed.  We  show  that  DTBS  is  capable  of  producing  silicon  carbide  of  variable  Si:C 
ratios  and  with  very  low  levels  of  impurities  .  To  our  knowledge  this  is  the  first  time  that  DTBS 
was  used  for  the  preparation  of  SiC  in  an  ECR-CVD  reactor. 
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Figure  1;  Schematic  of  the  Ditertiary  Butyl  Silane  (SiH2(C4H9)2)  molecule. 


EXPERIMENTAL  DETAILS 

The  experiments  were  performed  on  a  custom  designed  ECR-CVD  system.  A  detailed 
schematic  of  the  system  is  shown  elsewhere  [13].  The  system  is  connected  to  a  load-locked 
stainless  steel  chamber  evacuated  with  a  turbo  pump  to  a  base  pressure  of  1x10"^  torr.  A  high 
capacity  diffusion  pump  provides  a  base  pressure  in  the  processing  chamber  below  1x10'^  torr. 
The  gases  for  plasma  generation,  Ar  and  H2,  are  introduced  to  the  ECR  chamber  through  a 
dispersion  ring.  The  DTBS  was  delivered  to  the  processing  chamber  through  a  second  dispersion 
ring  maintained  10  cm  above  the  substrate  holder.  DTBS  was  obtained  from  Olin  Hunt  and  has  a 
chemical  purity  higher  than  99%,  a  boiling  point  of  128  ^C  and  a  vapour  pressure  of  20.5  torr  at 
200c  .  It  was  loaded  in  a  standard  200  ml  stainless  steel  bubbler  under  flowing  argon.  In  all 
experiments,  the  temperature  of  the  bubbler  was  maintained  at  20  ^C.  A  low  vapour  pressure 
mass  flow  controller  allows  accurate  control  of  the  DTBS  flow.  A  throttle  valve  is  used  for 
adjusting  the  pressure  in  the  processing  chamber  at  a  given  gas  flow  rate.  An  Ar/H2  plasma 
cleaning  of  the  processing  chamber  was  done  after  each  deposition  to  ensure  the  reproducibility  of 
the  film  characteristics. 

The  microwave  power  supply  is  capable  of  delivering  up  to  1000  Watts,  and  the  input  power 
was  systematically  varied  between  300  to  1000  Watts.  The  magnet  currents  were  set  to  obtain  a 
stable,  uniform  plasma  mode  and  were  maintained  at  180  A  and  115  A  for  the  upper  and  lower 
magnet  currents  during  all  experiments.  At  such  optimized  conditions  a  reflected  power  as  low  as 
5  Watts  was  typically  obtained.  Real  time  film  optical  properties  and  deposition  rates  were  calcu¬ 
lated  using  a  Rudolph  ilOOO  in  situ  rotating  compensator  eUipsometer.  The  eUipsometer  is 
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interfaced  to  a  personal  computer  with  an  RS-232  serial  communication  link  .  A  dedicated 
software  is  used  to  collect  data  and  to  determine  the  film  thickness  and  index  of  refraction  from 
the  conventional  ellipsometric  parameters.  Samples  were  mounted  on  a  heatable  stage  and  placed 
so  as  to  allow  measurements  of  the  ellipsometric  parameters  during  the  deposition.  The  substrate 
temperature  was  measured  using  a  thermocouple  attached  to  the  sample  holder,  and  was 
systematically  varied  from  350  to  650  in  steps  of  50  “C . 

All  the  films  were  deposited  on 
(100)  silicon  substrates  which  ^ 

were  ultrasonically  degreased  in 
trichloroethylene,  acetone  and  s 

methanol,  rinsed  in  water  and 
dried  with  nitrogen.  Just  prior  to  ^  ^ 

loading  the  samples  into  the  load-  A 

lock  they  were  deoxidized  in  S  ^ 

HF:H20  (1:10),  rinsed  with  1 

dionized  water  and  dried  with 
nitrogen.  Auger  electron  spec- 
troscopy  (AES)  was  performed 
on  1000  A  thick  SiC  deposited  on  o 

low  resistivity  (100)  Si .  The  Si:C  ®  ^oo  eoo  too  boo 

ratio  was  determined  from  the  Si  Kinetic  Energy  (ev) 

and  C  peak  to  peak  ratio.  AES  Figure  2:  Auger  spectrum  of  a  typical  ECR-CVD 
was  also  used  for  the  detection  of  SiC  film, 

contaminants  such  as  oxygen. 


RESULTS  AND  DISCUSSION 

Figure  2  shows  an  Auger 
electron  spectrum  of  a  SiC  film 
deposited  at  a  microwave 
power  of  400  Watts  and  a 
substrate  temperature  of  350OC 
with  an  H2/Ar  gas  flow  ratio  of 
0.5.  These  measurements  of  the 
sputter  cleaned  film  surface  show 
very  low  levels  of  incorporated 
oxygen,  typically  less  than  2 
at.  %.  The  residual  oxygen  likely 
is  a  contaminant  species  in  the 
vacuum  system.  Scanning  elec¬ 
tron  microscopy  of  films  proc¬ 
essed  under  various  conditions 
shows  that  the  films  are  uniform 
over  a  2"  wafer.  We  did  not 
investigate  the  structural 
properties  of  these  films,  but  for 
such  low  deposition  tempera- 


DTBS  Flow  Rate  (seem) 

Figure  3:  Deposition  rate  and  index  of  refraction  vs.  DTBS 
flowrate. 
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tures  they  are  expected  to  be  amorphous. 

The  SiC  film  deposition  rate  and  the  index  of  refraction  versus  DTBS  flow  rate  are  plotted  in 
Figure  3.  During  this  experiment,  the  pressure  was  kept  constant  at  2.5  mtorr,  the  substrate  tem¬ 
perature  was  held  at  350OC,  and  the  microwave  power  at  400  Watts.  The  deposition  rate 
increases  with  the  DTBS  flow, 
reaching  values  higher  than  140 
A/min.  for  a  DTBS  flow  as  low 
as  12  seem.  The  DTBS  flow  was 
intentionally  kept  below  14  seem 
in  order  to  avoid  the  coating  of 
the  chamber  wall.  A  thicker 
coating  will  lead  to  the 
incoiporation  of  deposits  from 
the  wall  into  the  films  and  will 
affect  the  reproducibility  and 
hence  the  quality  of  the  as- 
deposited  films.  A  practical 
upper  limit  on  the  deposition  rate 
then  is  approximately  100  A/ 
min.  The  carbon  content  in  the 
film  increases  with  the  DTBS 
flow  rate,  as  confirmed  by  AES, 
while  the  index  of  refraction  was 
decreasing.  This  could  be  ex¬ 
plained  by  the  fact  that  with 
higher  flow,  relatively  fewer  of  ,  „  . .  , .  ,  . 

the  Si-C  bonds  are  broken.  As  is  4.  Deposition  rate  and  mdex  of  refraction 

shown  in  Figure  1  ,  in  the  DTOS  substrate  temperature, 

molecule,  the  silicon  is  bonded  to  two  carbons.  In  order  to  obtain  stoichiometric  SiC  (Si:C  =1) 
one  of  the  two  bonds  needs  to  be  broken.  The  high  deposition  rate  indicates  that  a  significant 
number  of  Si-C  molecular  bonds  remain  intact  in  an  A1/R2  plasma  and  are  directly  incorporated 


into  the  film. 

The  deposition  rate  and  refractive  index  of  the  SiC  films  as  a  function  of  the  substrate  tempera¬ 
ture,  using  a  fixed  DTBS  flow  at  a  constant  microwave  power  and  total  pressure  is  shown  in 
Figure  4.  The  deposition  rate  decreases  with  increasing  temperature.  This  could  be  due  to  an 
increase  of  the  desorption  rate  of  the  DTBS  at  the  substrate  surface.  The  index  of  refraction  was 
found  to  increase  with  the  deposition  temperature,  suggesting  that  denser  films  are  obtained  at 
higher  temperatures.  While  the  film  density  seems  to  increase  with  the  deposition  temperature,  we 
did  not  observe  a  significant  change  in  fte  Si/C  ratio  suggesting  that  the  film  composition  is 
independent  of  its  density.  A  deposition  temperature  that  gives  a  practical  deposition  rate  was 
found  to  be  about  400  ®C.  A  similar  behavior  of  the  refractive  index  with  the  substrate  tem¬ 
perature  was  observed  earlier  for  various  processes  using  vapour  sources  [14,15]. 

The  effect  of  the  microwave  power  on  the  deposition  rate  and  refractive  index  is  displayed  in 
Figure  5.  A  significant  change  in  the  deposition  rate  is  observed  for  a  microwave  power  higher 
than  500  Watts  at  fixed  gas  and  DTBS  flow  rates.  The  amount  of  incorporated  carbon  has  also 
increased  with  the  microwave  power.  The  silicon  to  carbon  ratio  could  then  be  varied  from 
about  0.75  to  about  1  with  increasing  the  microwave  power.  This  could  be  due  the  fact  that 
under  higher  microwave  power  the  CH3  radicals  are  broken  further  and  carbon  is 
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Figure  5;  Deposition  rate  and  index  of  refraction  vs. 
microwave  power. 


reincorporated  into  the  deposited  films.  It  could  also  be  due  to  the  type  of  precursors  generated 
from  the  DTBS  molecule  being  different  from  those  generated  at  low  microwave  power  .  With 
such  precursors  the  carbon  deposition  is  enhanced  relative  to  the  silicon  deposition.  Studies  of 
the  respective  plasma  characteristics  using  optical  emission  spectroscopy  are  in  progress  and 
should  help  to  clarify  this  point 


CONCLUSIONS 

We  have  described  first  results  obtained  using  DTBS  as  a  sUicon-carbon  monosource  in  an 
ECR-CVD  reactor  .  High  quality  SiC  films  can  be  deposited  at  a  relatively  high  deposition  rate, 
in  excess  of  140  A/min.  This  high  deposition  rate  is  attributed  to  the  direct  Si-C  bonds  in  the 
DTBS  molecule.  The  levels  of  incorporated  carbon  fiom  the  organic  silicon  source  depend 
strongly  on  the  processing  conditions,  leading  to  many  possibilities  of  controlling  the  film's 
composition  and  optical  properties. 
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Abstract 

The  growth  of  SiC  epilayers  by  atmospheric  pressure  CVD  (AP-CVD)  is  influenced  by 
many  chemical  gas  phase  reactions  and  transport  phenomena,  and  is  difficult  to  study  directly 
due  to  the  high  growth  temperatures  (up  to  2100  K).  To  grow  epilayers  of  good  quality,  it  is 
necessary  to  control  the  silicon  and  carbon  supply,  each  affected  by  different  mechanisms.  The 
use  of  graphite  as  the  susceptor  material  causes  a  remarkable  change  in  the  carbon  balance  due 
to  reactions  between  the  graphite  and  the  hydrogen  carrier  gas.  This  graphite-hydrogen  reaction 
enriches  the  gas  phase  with  carbon  and  above  a  certain  critical  temperature  it  is  impossible  to 
control  the  Si:C-ratio  in  the  gas  phase  by  a  variation  of  the  carbon  containing  input  gas.  The 
silicon  supply  is  usually  treated  as  transport  through  a  stagnant  layer  in  the  gas  phase  deter¬ 
mined  by  the  transport  properties  of  the  carrier  gas  and  the  temperature  gradient  in  the  reactor. 
A  numerical  solution  of  the  flow-equations  in  the  reactor  shows  that  the  flow  characteristics  and 
temperature  gradients  in  the  reactor  are  hardly  affected  by  the  gas  flow  velocity. 


Introduction 

SiC  is  rapidly  becoming  the  semiconductor  material  of  choice  for  high  temperature  and  high 
power  electronic  devices.  The  growth  of  epitaxial  layers  by  CVD  is  a  key  step  for  electronic 
device  development.  The  high  temperatures  of  about  1600°C,  necessary  to  grow  a-SiC  layers  in 
a  reasonable  quality,  make  it  difficult  to  gain  insight  into  the  physical  and  chemical  processes 
responsible  for  the  growth.  Lack  of  experimental  methods  implies  that  the  process  can  best  be 
analysed  by  numerical  studies  of  fluid  dynamics  and  reaction  kinetics. 

The  first  step  is  to  determine  the  influence  of  the  reactor  design  on  the  deposition  process, 
which  involves  the  temperature  and  gas  flow  dynamics  in  the  reactor  tube. 

Another  important  factor  is  the  stoichiometry  of  the  gas  phase  necessary  to  grow  stoi¬ 
chiometric  single  crystalline  epilayers. 

The  epitaxial  growth  is  only  one  technological  step  in  manufacturing  electronics,  so  one  of 
the  important  aspects  of  theoretical  and  experimental  work  in  the  field  of  crystal  growth  is  the 
performance  and  properties.  The  simplest  device  structure  necessary  for  nearly  all  electronic 
applications  is  the  pn  junction.  Mesa  pn  diodes  were  fabricated  and  the  results  of  current  volt¬ 
age  measurements  were  compared  with  those  reported  by  other  groups. 


Experiment 

The  CVD-system  we  used  is  nearly  identical  to  most  of  the  horizontal  systems  used  by  other 
groups.  The  material  source  gases  silane  and  propane  are  diluted  in  hydrogen  carrier  gas  with  a 
LIO"*  mixture.  The  standard  gas  flow  rates  are  3  slm  of  hydrogen,  0.5  seem  of  silane  and  for 
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propane  0.3  seem.  The  6H-SiC  substrates  (2°  off  axis  mod.  Lely  wafers)  are  grown  by  a  subli¬ 
mation  proeess  by  the  material  researeh  group  at  Siemens  AG,  Erlangen'  and  are  plaeed  on  a 
wedge-shaped  inductive  heated  graphite  susceptor.  The  reactor  is  a  water  cooled  horizontal 
quartz  tube  with  an  inner  diameter  of  2  inches  2. 

The  device  structure  for  the  mesa  diodes  is  p'^-n' 
on  n'^-substrate  (Fig.l).  The  donor  and  acceptor 
impurities  are  aluminum  and  nitrogen,  the  doping 


300m 


concentrations  are  Na=10''’  cm'^,  Nq=10'*  cm‘^ 
andND=5-10'" 


Atcontact 


’’  cm'^,  respectively.  Each  epilayer  is 


2pm  thick.  Electrical  passivation  of  the  mesa  sur¬ 
face  was  achieved  by  dipping  the  sample  in  sili¬ 
cone  oil. 


nAsubstrate 

Fig.1 

Mesa  structure  schematically. 


Results  and  Discussion 

A.  Numerical  simulation  of  gas  flow  and  temperature  distribution 

To  learn  about  the  fluid  mechanics  in  the  reactor,  the  transport  equations  of  mass  and  heat 
transfer  were  solved  numerically  by  a  finite  elements  method  multigrid  solver'’.  The  reactor  ge¬ 
ometry  was  analysed  using  a  two  dimensional  non-orthogonal  grid  consisting  of  different 
blocks  describing  the  thermal  properties  of  the  reactor  materials  (i.e.  quartz  and  graphite).  Heat 
transfer  by  radiation  was  considered  by  the  calculation  of  "view-factors".  For  the  gas  transport 
properties  the  small  silane  and  propane  concentrations  (one  part  in  10“’)  where  neglected  and 
only  the  hydrogen  considered. 

The  computed  stream  lines  and  isotherms  are  shown  in  Fig. 2  a).  The  used  parameters  are  the 
same  as  our  standard  growth  parameters;  T  =  1800K  and  2.5  cm/s  gas  flow  velocity  at  the  inlet. 
As  shown  the  temperature  gradient  is  extremely  high  at  the  leading  edge  of  the  susceptor. 
Within  a  few  millimetres  the  gas  temperature  increases  from  300  K  to  1600  K  with  a  corre¬ 
sponding  rapid  expansion  of  the  gas  volume.  It  can  be  seen  that  both  behind  and  in  front  of  the 
susceptor  there  are  strong  recirculations  due  to  convection,  which  causes  a  lower  temperature 
gradient  in  the  upper  part  of  the  reactor. 

In  addition,  in  the  region  in  front  of  the  susceptor  these  recirculations  form  a  gas  buffer  due 
to  the  small  amount  of  gas  exchanged  between  the  circulation  currents  in  the  upper  part  of  the 
tube  and  the  remaining  gas  stream  in  the  lower  part. 

This  gas  flow  recirculation  must  be  eliminated  in  order  to  grow  layers  with  sharp  doping  pro¬ 
files  without  an  interruption  of  the  growth  process.  We  have  studied  variations  of  both  geome¬ 
try  and  gas  flow  to  determine  the  optimum  conditions  to  avoid  these  effects.  The  first  attempt 
was  to  increase  the  gas  flow  velocity  to  make  the  forced  convection  term  dominating.  The  com¬ 
puted  stream  lines  and  isotherms  for  higher  carrier  gas  flow  rates  are  shown  in  Fig.2b). 

The  isotherms  show  a  strong  increase  of  the  temperature  gradient  in  the  gas  phase  above  the 
susceptor  and  begins  to  form  of  a  'cold  finger'.  Another  way  to  avoid  circulations  is  to  make  the 
reactor  smaller.  We  computed  a  scaled  down  geometry  without  changing  the  gas  flow  velocity 
of  2.5  cm/s.  The  result  is  given  in  Fig.2c).  The  velocity  profile  above  the  susceptor  is  not 
affected  by  the  scaling,  due  to  the  linear  dependence  of  the  flow  equations  on  the  length. 
However,  the  velocity  gradient  is  inversely  scaled.  At  a  scaling  of  1 :4  the  circulations  begin  to 
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disappear.  The  isotherms  also  change:  Standard  Geometry 

they  get  more  elliptical  and  symmetri-  Isotherms, 
cal  at  the  middle  of  the  susceptor.  In 
addition  the  temperature  gradient  in¬ 
creases  in  the  entire  reactor. 

Stream  Lines: 


b)  Higher  gas  flow  velocity 

The  stoichiometry  of  the  gas  phase  Isotherms: 
is  reported  to  have  a  strong  influence 
on  the  quality  and  the  morphology  of 
the  grown  epilayer.  The  reported 
growth  dependence  on  the  input  gas  Stream  Lines: 
flow  rates  is  not  consistent.  Our  own 
results,  and  those  of  some  other  groups 
show  a  linear  increase  of  the  growth 
rate  with  the  silane  flow  rate,  but  no 
variation  with  the  carbon  containing  Smaller  geometry:  Scale  1 :4 

input  gas  rate"*.  Minagwa  et  aP  (using 
Ta-susceptors)  report  opposite  results: 
variation  of  the  growth  rate  only  with 
the  propane  flow  rate,  but  not  with  the 
silane  flow.  For  some  intermediate 
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cases  Kimoto  et  al*  (using  SiC-coated  -  __ 

susceptors)  found  a  strong  dependence  I;. 

on  the  C:Si-ratio  of  the  input  gases.  — 

These  three  different  results  need  to  be  ,  ,  ,,  ,n->vnn4 

explained.  Since  we  used  graphite  as  ivey  lo  isomermai  ^  o.ieKEOM  g  o.87ieoos 
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this  material  in  the  reaction  system,  pjg  2 

The  graphite  can  react  with  the  hydro-  Computed  isothermes  and  stream  lines  for  1800  K 

gen  to  supply  hydrocarbons  with  the  susceptor  temperature. 

dissociation  of  hydrogen  being  the  a)  standard  parameters  2.5  cm/s  gas  flow  vel. 

limiting  step  in  the  reaction.  The  pro-  b)12.5  cm/s  gas  flow  velocity 

duction  rate  of  hydrocarbons  and  the  c)  Scaled  geometry:  25%  of  original  dimensions 

equilibrium  partial  pressures  of  the 

formed  species  are  given  by  Clarke’  and  DufF. 

Due  to  the  porosity  of  the  graphite  the  effective  area  of  a  susceptor  is  much  larger  than  the 
geometric  one.  We  assumed  the  susceptor  surface  to  be  10  cm’  geometric  and  100  cm’  effec¬ 
tive.  The  results  of  the  numerical  calculation  for  the  carbon  supply  by  different  species  is  shown 
in  Fig.3.  By  assuming  that  all  emitted  hydrocarbons  mix  in  the  whole  reactor  cross  section  and 
that  they  are  allowed  to  reach  equilibrium  conditions  and  composition,  it  can  be  seen  that  the 
entire  rate  of  emission  of  hydrocarbons  exceeds  at  relative  low  temperatures  the  input  carbon 
concentration  determined  by  the  propane  gas  flow  rate  of  0.3  seem.  The  dominant  species  is  up 


Computed  isothermes  and  stream  lines  for  1800  K 
susceptor  temperature. 

a)  standard  parameters  2.5  cm/s  gas  flow  vel. 

b) 12.5  cm/s  gas  flow  velocity 

c)  Scaled  geometry:  25%  of  original  dimensions 
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to  2000  K  methane,  above  2000K  acetylene 
is  the  molecule  with  the  highest  production 
rate.  The  radicals  CHj  and  CjH  are  the  next 
most  abundant  species. 

The  critical  temperature  T^  can  be  de¬ 
fined  by  setting  the  emitted  hydrocarbon 
rate  equal  to  the  molar  flow  rate  of  the  car¬ 
bon  containing  input  gas,  assuming  again 
that  all  hydrocarbons  can  mix  uniformly  in 
the  reactor  cross  section.  The  result  of  this 


calculation  is  shown  in  Fig.4  for  an  input  Temperature  (K) 

carbon  flow  rate  of  5- 10'^  moles/sec  assum-  Fig.3 

ing  0.3  seem  propane.  It  can  be  seen  that  at  Molar  emission  rate  of  hydrocarbons  from 
our  growth  conditions  the  system  is  well  graphite  hydrogen  reactions.  Equilibrium  com- 
within  the  graphite  dominated  region.  To  position  of  most  abundant  species, 
achieve  growth  independent  of  the  graphite 

hydrogen  reactions  without  changing  the  susceptor  material,  we  had  to  use  a  susceptor  with  a 
geometric  area  about  1  cm^. 

The  variations  of  reactor  geometry  described  in  section  A  have  different  effects  on  the 
carbon  balance:  When  enlarging  the  gas  flow  rate  of  hydrogen  the  carbon  flow  rate  must  be 
increased,  to  maintain  a  constant  partial  pressure  of  carbon  but  T^  increases.  When  scaling  down 
the  reactor  geometry  while  keeping  constant  the  gas  flow  velocity,  the  susceptor  area  and  the 
gas  flow  rate  decrease  with  the  square  of  the  scaling  factor.  On  the  other  hand,  the  mixing  of  the 
hydrocarbons  becomes  faster  and  the  estimation  for  T^  becomes  more  realistic. 

The  fact  that  there  is  a  strong  influence  of  the  graphite  on  the  growth  conditions  shows  that 
the  reported  results  of  those  groups  using 

graphite  susceptors  cannot  be  compared  to  2100  t- - 1 

the  results  of  experiments  done  by  groups  2000  ! 

using  metal  as  the  susceptor  material.  The  1900  \ 

results  of  growth  experiments  using  SiC-  ^  igoo  / 
coated  susceptors®  show  differences  to  that  ^1700 

reached  by  pure  graphite  and  metal®  as  sus-  ^  ^ 

ceptor  material.  A  further  conclusion  is,  that 
the  SiC-ratio  in  the  gas  phase  is  not  a  factor 

limiting  monocrystalline  layer  growth  as  | 

suggested  by  Harris’.  We  did  growth  .,q  .,^3 

experiments  up  to  2100  K  and  found  smooth  Susceptor-area  (cm^) 

monocrystalline  layers  could  be  grown,  even  ^ 

at  this  temperature  the  excess  of  carbon  is  Critical  susceptor  temperature  versus  the  effec- 
nearly  one  order  of  magnitude.  This  large  {jv0  susceptor  area.  Above  Tq  the  gas  phase  is 
amount  of  hydrocarbons  compared  to  the  independent  of  the  input  hydrocarbon  and 
propane  produced  by  the  uncoated  graphite  dominated  by  the  graphite  reactions, 
causes  the  gas  phase  to  get  independent  of 
the  input  carbon  concentration. 

The  thermodynamical  calculations  done  by  Allendorf’  show  that  when  considering  the 
sticking  coefficients  the  more  stable  molecules,  like  methane,  contribute  less  to  the  growth 
process  than  reactive  radicals  with  lower  partial  pressures  but  high  sticking  coefficients. 


1  10  100  1000 
Susceptor-area  (cm^) 

Fig.4 

Critical  susceptor  temperature  versus  the  effec¬ 
tive  susceptor  area.  Above  T^  the  gas  phase  is 
independent  of  the  input  hydrocarbon  and 
dominated  by  the  graphite  reactions. 
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C.  Device  performance:  Characteristics  of  pn-diodes. 


The  mesa  diodes  where  manufactured  as  described  in  the  introduction.  We  determined  the 
current  voltage  characteristics  in  the  temperature  range  between  300  K  and  900K.  The  J-V- 
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Fig.5  (a) 

a)  J-V  Characteristics  of  the  6H-mesa  diode.  Reverse  current  measured  with  silicone  oil  and 
without  any  passivation.  The  forward  current  is  unaffected  by  the  passivation  material. 

b)  Temperature  dependence  of  reverse  current  density  at  bias  voltage  10  V.  The  compari¬ 
son  between  our  sample  and  samples  of  other  groups  show,  that  at  room  temperature  the 
theoretical  current  is  not  reached,  but  at  higher  temperatures. 


curve  is  shown  in  Fig. 5a)  with  silicone  oil  used  for  surface  passivation  (■)  and  without  (o). 

The  results  achieved  without  silicon  oil  show  the  strong  influence  of  the  surface  leakage  cur¬ 
rents  even  at  low  voltages.  The  use  of  silicone  oil  decreases  the  reverse  currents  about  two  or¬ 
ders  of  magnitude.  The  curve  shows  that  our  diodes  can  be  compared  to  that  reported  by 
Edmond' ■.  To  reach  higher  voltages  the  thickness  of  the  n'-epilayer  has  to  be  increased.  In  the 
forward  direction  we  reached  current  densities  up  to  1 00  A/cm^.  but  the  high  currents  are  lim¬ 
ited  by  the  contact  resistance  which  is  not  optimised  for  this  diode. 

The  current  densities  at  higher  temperatures  are  shown  in  Fig.  5b)  is  comparable  to  results 
reported  by  other  groups'^.  The  theoretical  1-V  curve  has  been  calculated  by  Ruff  3.  All  diodes 
exceed  at  room  temperature  the  theoretical  value  of  the  reverse  current  density  be  some  orders 
of  magnitude  demonstrating  the  influence  of  surface  or  other  technological  defects.  At  higher 
temperatures  the  theoretical  values  are  reached.  Certainly  the  main  effect  is  the  leakage  current' 
at  the  surface  of  the  pn-junction.  As  shown  in  Fig.  5a)  the  dipping  of  the  diode  in  silicon  oil  de¬ 
creases  strongly  the  leakage  current.  Silicone  oil  is  certainly  not  the  perfect  passivation,  more 
improvement  could  be  achieved  be  "turning  off  the  surface  currents  when  using  better  passiva¬ 
tion  materials. 
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Conclusions 


We  have  studied  numerically  the  gas  flow  and  temperature  parameters  in  a  AP-CVD  reactor. 
At  standard  growth  conditions  there  are  strong  recirculations  due  to  free  convection  in  front  of 
the  susceptor  which  acts  as  gas  buffer,  making  it  impossible  to  grow  sharp  doping  profiles.  By 
increasing  the  gas  flow  velocity  these  recirculations  can  be  eliminated,  but  the  formation  of  a 
cold  finger  is  evident.  Making  the  whole  geometry  smaller  terminates  the  recirculations  but  en¬ 
larges  the  temperature  and  gas  flow  velocity  gradients  and  reduces  the  area  of  the  susceptor 
where  the  substrate  can  be  placed.  The  best  way  to  avoid  these  difficulties  seems  to  be  the 
mixture  of  both  approaches.  Our  calculations  predict  that  a  reactor  diameter  of  25  mm  and  a  gas 
flow  velocity  of  5  cm/s  should  be  the  best  way  to  reach  the  goal. 

The  gas  phase  composition  is  hardly  affected  by  the  use  of  graphite  as  susceptor  material  for 
temperatures  above  1500K.  In  our  experiments  the  silicon  supply  is  found  to  be  the  limiting 
growth  factor  and  the  hydrocarbons  are  always  present  in  excess  quantities.  At  temperatures 
below  2000  K  the  major  carhon  species  is  methane  which  is  not  affected  by  the  hydrocarbon 
species  selected  as  the  input  gas. 

The  prepared  mesa  diodes  show  good  performance  in  current  voltage  characteristics,  but  the 
results  point  out  that  even  at  low  bias  voltages  the  leakage  current  is  mainly  due  to  surfaee  ef¬ 
fects.  This  shows  the  need  of  suitable  passivation  even  at  low  voltages  and  of  better  substrate 
material  with  lower  defect  densities  to  manufacture  larger  diodes  and  so  decrease  the  surface  ef¬ 
fects. 
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ABSTRACT 

Silicon  carbide  films  are  grown  epitaxially  on  ciystalline  silicon  substrates  heated  above 
1000  °C,  by  laser  ablation  of  pure  carbon  targets  to  thicknesses  between  300  and  400  nm.  These 
films  grow  on  top  of  the  silicon  substrate  from  the  carbon  in  the  ablation  plume  and  from  the 
silicon  of  the  substrate.  By  using  a  method  of  alternate  ablation  of  a  pure  carbon  and  a  pure 
silicon  target,  similar  epitaxial  films  can  be  grown  to  thicknesses  in  excess  of  1  ftm  with  part 
of  the  silicon  being  supplied  by  the  ablation  plume  of  the  silicon  target. 


INTRODUCTION 

The  most  frequently  used  method  for  the  growth  of  crystalline  SiC  films  is  that  of 
Chemical  Vapor  Deposition  (CVD)  onto  a  heated  Si  wafer,  from  a  stream  of  carbon  and  silicon 
containing  molecules.  These  molecules  also  contain  hydrogen,  and  in  addition  the  depositions 
are  usually  carried  out  in  a  hydrogen  atmosphere.  Often  the  process  is  initiated  with  a 
carbonization  step,  where  a  thin  SiC  layer  (2  to  30  nm)  is  grown  by  reacting  at  high  temperature 
the  hydrocarbon  with  the  Si  substrate.'"'*  This  "buffer"  layer  is  epitaxially  aligned  SiC,  at  least 
under  certain  conditions,  and  its  growth  induces  a  characteristic  morphology  to  the  underlying 
Si  surface.'*"^  Crystalline  SiC  films  can  be  grown  on  Si  wafers  by  pulsed  laser  ablation  of  a 
ceramic  SiC  target,*"*®  and  under  suitable  conditions  these  films  exhibit  substantial  degree  of 
epitaxial  orientation.®’*®  One  disadvantage  of  this  procedure  is  that  ceramic  SiC  targets  usually 
contain  additives  needed  for  their  preparation,  which  will  get  transferred  as  impurities  to  the 
growing  film.  Also,  the  ablation  rate  of  SiC  is  relatively  low,  thereby  yielding  slow  film  growth 
when  used  as  targets.  Here  it  is  shown  that  epitaxial  fdms  of  SiC  can  be  deposited  on  Si  wafers, 
by  laser  ablation  of  targets  of  pure  elemental  materials,  either  C  alone,  the  films  growing  by 
direct  reaction  of  the  plume  carbon  with  the  Si  substrate,  or.  Si  and  C  ablated  alternately.  The 
ablation  rate  of  these  targets  is  higher  than  that  of  the  ceramic  SiC  and  correspondingly  the  film 
growth  rate  is  also  faster. 


FILM  PREPARATION 

The  depositions  are  carried  out  in  a  vacuum  system  of  5x10"®  Torr  base  pressure.  The 
excimer  laser  beam  impinges  onto  the  target  at  an  angle  adjustable  between  20  and  45  ° ,  where 
it  illuminates  a  rectangular  area  on  the  order  of  0.2  cm^.  Surface  pitting  is  minimized  by 
scanning  the  illuminated  spot  in  a  predetermined  pattern  generated  by  computer  control  of  the 
angular  position  of  a  near  45°  deflection  mirror  ahead  of  the  laser  beam’s  focusing  lens.  When 
Si  and  C  are  used,  the  relative  amounts  of  material  ablated  from  each  target  are  controlled  by 
an  appropriate  scanning  pattern.  The  plume  of  atoms  and  ions  emerges  in  a  cone  normal  to  the 
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target,  and  impinges  onto  the  heated  substrate  located  about  7  cm  away.  The  laser  wavelength 
is  351  nm,  pulsed  at  rates  in  the  range  5-20  Hz.  The  20  ns  long  200  to  350  mJ  pulses  yield  a 
fluence  of  1  to  3  J/cm^  at  the  target. 

The  substrate  ([100]  or  [111]  oriented  Si  wafer)  is  heated  to  between  1000  and  1200°  C 
by  a  resistive  heater.  The  flux  distribution  in  the  plume  is  sharply  peaked  in  the  forward 
direction  causing  non-uniform  deposition  over 
the  substrate.  Increased  uniformity,  i.e.,  a 
uniform  film  over  larger  areas  of  the  substrate, 
is  obtained  by  a  target  scanning  procedure,  as 
the  plume  moves  with  respect  to  the  substrate. 

For  sufficiently  low  pressure  during  the 
deposition  (large  mean  free  path)  the  substrate 
to  target  distance  can  also  be  increased.  The 
front  surface  of  the  substrate  can  be  covered 
by  a  patterned  Ta  contact  mask  to  obtain  a 
correspondingly  patterned  SiC  film.  The 
depositions  performed  with  these  masks  clearly 
showed  that  the  SiC  film  is  formed  on  top  of 
the  Si  substrate,  and  the  gross  average  film 
deposition  rate  can  be  estimated  by  profilomet- 
er  measurements  of  the  edge  thickness  as  a 
function  of  deposition  time.  Figures  1  and  2 
summarize  the  results  of  growth  rate  on  [001] 

Si  wafers,  for  a  carbon  target  only  and 
alternate  1;1  Si  and  C  targets,  respectively. 

The  SiC  films  deposited  with  a  C  target  alone  grow  as  stoichiometric  SiC  on  top  of  the  Si  wafer, 
for  thicknesses  somewhat  over  300  nm.  Beyond  this  thickness,  a  carbon  layer  starts  to  form  over 
the  SiC  film.  This  is  clearly  shown  by  Raman  spectroscopy  (see  below)  and  is  also  confirmed 
by  preliminary  Auger  profiling. 

With  the  use  of  alternate  Si  and  C  targets  the  maximum  film  thickness  limitation  of  300 

nm  is  removed.  SiC  films  were  grown  with 
thickness  up  to  l^rm.  For  the  data  in  Fig.  2, 
the  time  spent  on  each  target  was  2  s,  which 
corresponds  to  40  laser  pulses,  or  about  4  nm 
average  deposition  of  each  element  at  the 
fastest  growth  rate.  The  angle  of  incidence  of 
the  plume  onto  the  substrate  seems  to  affect 
the  average  deposition  rate  much  more  than 
the  expected  geometric  effect,  as  indicated  by 
the  data  in  Fig.  2. 


FILM  CHARACTERIZATION 


Figure  3  shows  examples  of  0-20  X-ray 
diffraction  scans,  which  were  used  to  examine 
the  crystalline  namre  of  the  films.  These  scans 
exhibit  the  diffraction  peaks  from  lattice 


Figure  2.  SiC  deposited  from  alternating  C 
and  Si  targets,  at  two  plume  angles,  on  [001] 
Si.  Circles:  grain  size.  Triangles:  growth  rate. 
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Figure  1 .  XRD  derived  grain  size  and 
average  growth  rate  for  350  ml  pulses,  of 
SiC  deposited  from  a  C  target  on  Si 
substrates  oriented  as  indicated. 
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Figure  3.  X-ray  diffraction  bands.  Bottom:  [001] 
substrate.  Top:  [111]  substrate.  Note  the  reversal  in  the 
(200)/{111)  band  intensity  ratio  between  the  two 
substrates. 


spacings  normal  to  the  film 

plane. ‘0  The  SiC  films  on  [100]  ^ 

Si  wafers  show  strong  peaks  at  2e+oo5  ■  ' "  a  200  222 

spacings  of  2.18  and  1.0893  A  A  -  4000 

(20  =  41.5  and  89.96°,  respec-  le+oos  '  11  '  A  A 

lively)  which  correspond  to  the  II  \  J  \ 

200  and  400  reflections  of  5e+004  /  \  '  V.  ^ 

crystalline  cubic  (3C)  SiC.  On  J  \ 

some  of  the  films  we  also  ^  '  '  2000 

observe  an  extremely  weak  peak  R  pm  '  ' 

at  20  =  35.6°.  This  peak  “  i  A  ■  ■  6e.oo4 

corresponds  to  the  2.52  A  (111)  2  sooo  ■)  \  |1  4e+oo4 

spacing  of  SiC,  and  it  would  be  x  I  /  \  M 

the  strongest  diffraction  peak  in  a  V/  \  ■  /  \  400  2e+004 

polycrystalline  sample.  These  4000  -  \  - 

results,  illustrated  by  the  bottom  - ■ —  — — 1 — ^  Oe+000 

trace  of  Fig.  3,  indicate  that  this  4i  42  89  90  91 

film  consists  essentially  of  3C  (degrees) 

SiC  oriented  with  its  {100}  Figure  3.  X-ray  diffraction  bands.  Bottom:  [001] 
planes  parallel  to  those  of  the  Si  substrate.  Top:  [111]  substrate.  Note  the  reversal  in  the 
substrate.  From  the  small  (200)/(1 11)  band  intensity  ratio  between  the  two 
relative  intensity  of  the  111  peak  substrates, 
we  estimate  the  misoriented 
fraction  of  the  SiC  to  he  at  most 

a  few  percent.  The  top  trace  of  Fig.  3  shows  diffraction  bands  of  a  film  deposited  under  similar 
conditions  on  a  [111]  Si  wafer,  where  the  very  strong  peak  at  20=35.6°  (spacing  of  2.52A 
corresponding  to  (111)  planes  parallel  to  film)  again  indicates  alignment  with  the  substrate. 

The  shape  of  the  diffraction  bands,  after  deconvolution  from  the  instrumental  bandshape 
can  be  analyzed  to  yield  an  average  crystallite  dimension  along  the  film  normal. This  grain 
size  is  a  strong  function  of  the  deposition  temperature  as  shown  in  Figs.  1  and  2,  for  films 
deposited  under  similar  conditions  (20  Hz,  4  minutes).  There  are  substantial  variations  in  XRD 
linewidth,  even  if  substrate  temperature,  pulse  energy  and  repetition  rate,  and  total  deposition 
time  are  kept  the  same.  These  fluctuations  are  larger  for  the  films  from  C  targets  alone  than  for 
those  deposited  from  alternate  targets,  as  indicated  in  the  error  bars  of  Fig.  1,  where  the  data 
correspond  to  results  from  a  large  number  of  depositions  at  each  temperamre.  These  fluctuations 
are  possibly  due  to  variations  in  the  energy  flux  distribution  across  the  laser  beam,  even  if  the 
total  pulse  energy  is  constant.  The  crystallite  dimensions  are  smaller  than  the  thickness  of  the 
films,  but  the  orientation  of  the  grains  must  be  generally  close  to  that  of  the  substrate,  as 
indicated  by  the  weakness  of  the  111  peak  for  the  [100]  films  and  the  200  peak  for  the  [111] 
films. 

Confirmation  of  the  crystallographic  alignment  of  the  [100]  films  was  obtained  from 
recording  of  selected  area  electron  diffraction  (SAED)  patterns.  A  planar  section  of  SiC  film 
on  [001]  substrate  was  core  drilled  from  the  wafer,  ground  and  dimpled  from  the  Si  side  to  less 
than  25  /im  thick  at  center  and  then  ion  milled  until  perforated.  Figure  4 A  is  the  SAED  pattern 
obtained  with  a  JEOL  2000FX  AEM  at  200  keV.  It  shows  that  the  {200}  and  {220}  planes  from 
the  cubic  SiC  are  parallel  to  the  corresponding  planes  of  the  Si  substrate,  indicating  mostly 
epitaxial  grains.  The  extra  reflections,  particularly  from  {111}  planes  indicate  the  presence  of 
twins.  The  grains  are  columnar  with  width  ranging  from  50  to  150  nm,  as  shown  in  Fig.  4B, 
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Figure  4.  A:  Planar  section  SAED  of  a  SiC  film  on  [001]  Si  showing  epitaxial  relation 
between  film  and  substrate.  B:  Dark  Field  TEM  micrograph  of  a  cross  section  of  the  same 
film  showing  columnar  grains  with  stacking  faults. 

which  is  the  dark  field  TEM  micrograph  of  a  cross  section  of  the  film.  Stacking  faults  are  visible 
within  the  grains.  This  SiC  film  was  260  nm  thick. 

It  might  be  expected  that  films  deposited  using  only  the  C  target  would  contain  some 
graphitic  or  amorphous  carbon  material.  It  is  found  that  for  deposition  temperatures  between 
1010  and  1200°  C  for  the  first  6000  to  8000  pulses  (300+50  mJ/pulse)  there  is  no  observable 
carbon  overlayer.  However,  at  lower  deposition  temperatures  or  for  longer  deposition  a  carbon 
overlayer  starts  to  form.  As  the  number  of  pulses  is  increased  beyond  8000,  the  integrated 
intensity  of  the  SiC  XRD  peak  tends  to  saturate  with  respect  to  the  increase  of  the  edge  thickness 
of  the  film  and  eventually  a  dark  carbon  layer  becomes  evident  on  inspection.  Films  deposited 
with  the  dual  target  method,  in  the  same  temperature  range,  do  not  show  any  sign  of  carbon 
even  up  to  l^m  in  thickness. 

Raman  spectra  are  quite  sensitive  to  the  presence  of  carbon.*®’"  The  Raman  intensities 
for  graphitic  (sp^)  carbon  bonds  are  expected  to  be  substantially  stronger  than  those  for  either 
sp^  carbon  or  SiC  bonds,  and  at  the  substrate  temperatures  here  the  carbon  is  expected  to  be 
graphitic.  *^'*^  Figure  5  shows  Raman  spectra  of  two  [001]  films,  deposited  from  a  single  carbon 
target,  with  20000  (spectra  C  and  E)  and  5000  pulses  (spectra  A  and  D).  The  intensities  of  the 
SiC  zone  center  transverse  optic  (TO)  band  near  790  cm  *  are  within  a  factor  of  2  in  the  two 
films  as  are  the  integrated  X-ray  intensities  of  the  SiC  200  and  400  bands.  The  Raman  intensity 
of  the  graphitic  bands  at  1350  and  1580  cm"*  relative  to  that  of  the  SiC  TO  band  is  very  large 
in  spectra  C,  E  and  zero  in  spectra  A,  D.  The  latter  is  the  case  in  all  the  films  deposited  with 
less  than  about  8000  pulses  from  carbon  alone  (with  maximum  edge  thicknesses  less  than  400 
nm)  and  in  all  spectra  of  films  deposited  from  the  two  alternating  targets.  Figure  6  shows 
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Raman  spectra  from  a  SiC  film  deposited  on 
[001]  Si  from  alternate  targets,  the  top 
spectrum  being  that  of  the  film  on  the 
substrate,  as  are  spectra  A  and  C  of  Fig.  5. 
These  spectra  show  clear  evidence  of  the 
presence  of  Si,  by  the  presence  of  the  strong 
Si  zone  center  fundamental  near  520  cm'* 
(Fig.  6,  top  spectrum)  and  the  broad  second 
order  Si  band  near  950  cm'^  especially  obvious 
in  spectrum  C  of  Fig.  5.  The  bottom  spectrum 
of  Fig.  6  as  well  as  spectrum  B  of  Fig.  5  are 
taken  from  small  delaminated  flakes  of  the 
corresponding  films,  and  show  no  significant 
evidence  of  residual  Si,  within  the  deposited 
films  indicating  that  they  consist,  to  good 
approximation,  of  stoichiometric  SiC.  The 
observed  Raman  frequency  shifts  between  the 
film  on  the  substrate  and  the  delaminated  film, 
and  those  between  these  pulsed  laser  deposited 
films,  the  thick  CVD  films  and  the  bulk 
crystals  or  thick  films  might  be  due  to  the 
presence  of  different  strain  fields. 


FREQUENCY  (cm  ') 

Figure  5.  Raman  spectra  of  two  of  the  SiC 
films  deposited  from  a  C  target  at  1100°C. 
Traces  B,  D  and  A  are  from  the  same  film 
deposited  with  5000  pulses,  A  taken  from  a 
small  delaminated  piece.  C  and  E  are  from  a 
film  deposited  with  20000  pulses 


FREQUENCY  (cm'') 


The  intensities  of  the  SiC  TO  band  and  the  zone 
center  longihidinal  optic  (LO)  band  are 
comparable  to  those  of  the  corresponding  bands 
for  SiC  films  deposited  on  Si  by  ablating 
stoichiometric  SiC  targets.^’ All  these  films 
show  a  strong  TO  band  and  a  weak,  often 
broadened  LO  band,  at  times  obscured  by  the  Si 
substrate’s  second  order  Raman  band  near  950 
cm  '.  The  breadth  and  weakness  of  the  LO  bands 
might  be  related  to  the  large  carrier  concentration 
in  these  films,  probably  due  to  the  presence  of  a 
large  concentration  of  electrically  active  defects 
and  to  irregularities  in  the  structure  of  the  Si/SiC 
interface. 


Figure  6.  Raman  spectra  of  SiC  film  on 
[001]  Si  deposited  from  alternating  Si  and 
C  targets.  Top:  Film  on  substrate.  Bottom: 
Delaminated  piece  of  same  film.  The 
spectra  are  displaced  vertically  for  clarity. 


CONCLUDING  COMMENTS 


The  results  presented  above  show  that  crystalline 
SiC  fdms  up  to  a  few  hundered  nm  in  thickness 
can  be  deposited  on  top  of  [100]  and  [111]  Si 
wafers  in  a  vacuum  chamber,  from  a  plume 
generated  by  laser  ablation  from  a  pure  carbon  target.  If  during  deposition  the  substrate  is  held 
at  a  sufficiently  high  temperature,  XRD  indicates  that  the  SiC  film  is  aligned  with  the  substrate 
crystallographic  orientation,  but  that  the  crystallite  dimensions  along  the  film  normal  are 
somewhat  smaller  than  the  film  thickness.  The  rate  of  deposition  of  the  SiC  film  as  well  as  the 
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crystallite  dimension  increase  with  temperature.  However  at  least  for  substrate  temperamres  up 
to  1200°  C  the  maximum  SiC  film  thickness  that  can  be  achieved  is  around  400  nm.  Beyond  this 
thickness  the  film  is  covered  by  an  overlayer  of  graphitic  carbon.  The  growth  of  such  SiC  films 
implies  the  existence  of  two  processes:  a  reaction  between  the  carbon  in  the  plume  and  the  Si 
in  the  substrate  to  form  carbidic  bonds,  and  the  diffusion  of  either  Si  or  C  or  both  through  a 
finite  thickness  of  SiC  even  at  such  relatively  low  temperatures  as  1100°  C.  It  is  also  shown  that 
this  maximum  film  thickness  limitation  can  be  removed  by  using  an  alternatingly  ablated  dual 
target  system  of  carbon  and  silicon  targets  with  no  deterioration  of  the  crystallographic 
properties  of  the  film.  In  this  manner  SiC  films  can  be  grown  to  thickness  in  excess  of  l/xm.  In 
all  cases  the  films  consist  essentially  of  stoichiometric  SiC  with  no  significant  excess  of  free 
carbon  or  silicon. 
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ABSTRACT 

As-grown  SiC  single  crystals  and  as-deposited  SiC  epilayers  often  exhibit  stacking  faults. 
The  most  probable  fault  configurations  that  occur  in  6H-  or  15R-SiC  crystals  are  deduced  from 
calculations  of  the  stacking  fault  energies  using  a  modified  Ising  model  with  the  Ising  parameters 
taken  from  earlier  ab  initio  calculations.  In  this  study,  experimental  TEM  observations  reveal 
stacking  fault  configurations  in  6H-  and  15R-SiC,  and  the  observed  configurations  are  compared 
with  calculated  stacking  fault  energies. 

INTRODUCTION 

Silicon  carbide  (SiC)  is  well  known  for  polytypism,  or  one-dimensional  polymorphism,* 
and  more  than  200  polytypes  have  been  documented.  One  common  polytype  is  p-SiC,  a  zinc 
blende  structure  with  cubic  (C)  symmetry.  All  other  polytypes  are  denoted  as  a-SiC  and  occur  in 
hexagonal  (H)  or  rhombohedral  (R)  structures.  Several  nomenclatures  have  been  used  to 
describe  these  polytypes.  For  example,  in  Ramsdell  notation,^  simple  polytypes  are  labeled  4H, 
6H,  15R,  3C  ....  etc.,  while  in  the  Zhdanov  notation^  these  same  polytypes  denoted  by  (22),  (33), 
(32)3  and  (<><=),  respectively.  The  most  abundant  naturally  occurring  SiC  polytype  is  the  (33) 
structure,  followed  by  the  (22)  and  (32)3  structures,  suggesting  that  these  are  the  most  stable 
polytypes.'* 

A  number  of  theories  have  been  advanced  to  explain  this  curious  behavior,  but  so  far 
nearly  all  of  these  have  been  based  on  non-equilibrium  mechanisms  such  as  crystal  growth  from 
dislocations^.  However,  there  is  considerable  evidence  to  suggest  that  polytypism  is,  at  least 
partially,  an  equilibrium  phenomenon.  In  this  paper,  the  essential  features  follow  from  the 
equilibrium  properties  are  described  by  a  modified  ANNNI  (Axial  Next  Nearest  Neighbor  Ising) 
model,  an  inter-layer  interaction  model  proposed  by  Cheng,  Needs  and  Heine.®'’* 

The  present  paper  investigates  the  most  probable  fault  configurations  in  SiC  (33)  and 
(32)3  polytypes.  Calculations  of  stacking  fault  energies  (SFEs)  in  several  possible  stacking  fault 
configurations  are  carried  out  based  on  a  model  of  inter-layer  interactions,  and  direct 
experimental  observations  of  stacking  faults  by  TEM  are  compared  with  the  calculated  SFEs.  In 
this  study,  we  show  that  (33)  and  (32)3  SiC  polytypes  exhibit  low  SFEs,  and  thus  SiC  single 
crystals  generally  include  stacking  faults. 

REVIEW  OF  ENERGY  EVALUATION  IN  SiC  POLYTYPES 

The  growth  of  SiC  polytypes  can  be  envisioned  as  stacking  Si-C  double  layers  on  top  of 
one  another  in  various  sequences  to  achieve  growth  in  the  [111]  or  [0001]  direction.  Cheng  et 
alJ  modeled  the  energy  of  a  polytype  in  terms  of  the  interaction  between  Si-C  double  layers  and 
treated  the  polytypes  as  consisting  of  identical  double  layers  arranged  in  different  stacking 
sequences.  In  this  treatment,  each  double  layer  can  be  stacked  in  two  different  orientations  on 
the  layer  below  it,  and  the  orientation  (o)  for  the  n-th  layer  is  designated  by  the  symbol  <Jn  =  ±  1. 
For  example,  designation  of  the  common  structures  (<"),  (22),  (33)  and  (32)3  are: 


<3C=  o°>  =■••  or  -  (la) 

<4H  =  2>  =  -  (lb) 

<6H  =  3>  + -I- - +  -^-^ -  (Ic) 

<15R  =  32>  =  *■**  -^-^  + - —  •••  or  - - -t  h - -t  -t-  (Id) 
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where  the  +  (spin  up  t)  and  -  (spin  down  i)  indicate  the  possible  orientations  of  SiC4  tetrahedra. 
The  total  energy  (Etot)  for  a  system  of  N  layers  can  be  written  by  the  Hamiltonian'^-® 

EtOT  =  NE  =  NEo  -  fn(OiCfi+n  +  ^iOi-n)  (2) 

i,n 


where  cti  =  -i-l  or  -1  according  to  whether  the  layer  has  spin  up  or  down.  The  Ising  parameters, 
Jn,  are  the  energies  of  interaction  between  n-th  neighbor  planes,  and  Eq  is  the  energy  of  the 
crystal  without  interaction  between  layers.  Note  that  in  the  above  model,  interactions  beyond  the 
third  nearest  layer  are  neglected,  i.e.,  !„  =  0  for  n  >3. 

According  to  equation  (2),  the  energies  (per  SiC  pair)  of  four  simple  polytypes  (including 
up  to  third  neighbor  interactions)  are 

E<oo>  =  Eq  -  Ji-  h  -J  3 

E<2>  =Eo  +  J2  (3) 

E<3>  =Eo-1/3  Ji  +  1/3  J2-^  J3 
E<32>  =  Eo  -l/5Ji  +  3/5J2-t3/5J3 


At  ground  state  (T  =  0K1 

Cheng  et  al.^  have  investigated,  up  to  the  fourth-nearest  neighbor,  the  interaction  energies 
Ji  to  J4  between  SiC  double  layers  by  c^culating  the  total  energies  of  five  SiC  polytypes,  (11), 
(22),  (33),  (00)  and  (1122),  with  norm-conserving  pseudopotentials  {ab  initio  quantum 
mechanical  calculations  of  total  energies)  at  T  =  0  K.  The  calculated  In  values  (per  SiC  pair)  up 
to  the  third-nearest  neighbors  are  listed  below.l 

Ji  =  5.41  meV  J2  =  -3.49  meV  J3  =  -0.46  meV  (per  SiC  pair) 

With  this  approximation,  (22)  is  predicted  to  be  the  most  stable  phase  at  the  ground  state. 

At  higher  temperatures 

At  higher  temperatures  the  Ising  parameters  Ji(T),  J2(T)  and  JsCT)  will  vary  with  T.  The 
phonon  free  energy  was  calculated  by  Cheng,  Heine  and  Jones’®  for  several  silicon  carbide 
polytypes  using  the  calculations  of  the  interatomic  displacement-displacement  correlation 
(valence  overlap  shell  model).  The  three  most  commonly  observed  polytypes,  i.e.,  (33),  (22)  and 
(32)3,  were  shown  to  be  thermodynamically  stable,  with  (22)  and  (33)  as  the  low-  and  high- 
temperature  phases,  respectively,  and  (32)3  stable  at  intermediate  temperatures.  The  long-range 
phonon  effect  splits  the  multiphase  degeneracy  between  phases  (33)  and  (22),  to  which  SiC  is 
extremely  close  at  T  =  0  K,  and  it  stabilizes  (32)3  with  a  significantly  large  stability  region  of  200 
~  500  K.  The  transition  temperature  for  (22)  to  (33)  is  about  2300  -  2400  K. 

STACKING  FAULT  ENERGY  CALCULATIONS 

Pandey  et  al.”  determined  relative  SFEs  corresponding  to  different  faulted  configurations 
based  on  the  essential  pair  potential  model.  Unfortunately,  the  magnitudes  of  the  SFEs  were  not 
available  in  this  work.  In  the  present  study,  calculations  of  SFEs  in  several  possible  faulted 
configurations  are  carried  out  based  on  the  previously  described  modified  Ising  model.  For  these 
calculations,  it  is  important  to  point  out  that  the  SFE  is  a  function  of  temperature.  As  described 
before,  (33)  and  (32)3  are  stabilized  in  different  temperature  ranges.  Furthermore,  in  the 
temperature  range  of  the  (32)3  phase,  specific  SFEs  for  the  (33)  phase  may  become  negative.  A 
negative  SFE  would  provide  a  driving  force  for  a  phase  transformation  of  (32)3  (33). 

In  the  following  section,  stacking  fault  energy  calculations  for  the  (32)3  and  (33) 
polytypes  will  be  carried  out  using  the  following  definition’^ 

Y  =  Etot(N,  defect)  -  Exot(N,  perfect)  (4) 
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in  which  Etot  indicates  the  total  energy  of  N  layers  calculated  from  a  defect  and  a  perfect 
structure.  The  energies  of  the  perfect  and  defect  (32)3  and  (33)  polytypes  can  be  obtained  from 
the  energy  expression  (2).  The  calculation  and  the  results  are  described  in  the  next  section. 

RESULTS  AND  DISCUSSION 
Stackin2  faults  in  (32)^ 

Using  the  relation  for  the  Ising  parameters  as  a  function  of  temperature  derived  from 
Cheng  et  al.'O,  we  can  find  the  interaction  parameters  !„  for  (32)3  in  the  temperature  range  of 
maximum  stability,  i.e.,  at  2100  K. 

Ji  =  5.570  meV  J2  =  -3.47  meV  J3  =  -0.457  meV  (per  SiC  pair) 

These  values  can  be  used  in  expression  (2)  for  the  total  energy  of  the  structure,  yielding  E<32>  = 
Eq  -  1/5  Ji  +  3/5  J2  +  3/5  J3  =  ^  -  3.470  meV  per  SiC  pair.  This  expression  will  be  altered  when 
a  defect  is  introduced  into  the  structure.  For  example,  a  possible  twin  in  (32)3  can  be  expressed 
as 


3+  2-  3+  2-  3+  3-  2+  3’  2+  3' 

+  +  + - 1  +  + - - 

X  t  y 

where  the  arrow  indicates  the  twin  plane.  Because  we  only  take  the  third-nearest  neighbor  into 
account,  the  left  side  of  x  (<3+2‘>  semi-infinite  layers)  and  the  right  side  of  y  (<2+3‘>  semi¬ 
infinite  layers)  are  not  affected  by  the  disorder  between  x  and  y.  Therefore,  calculation  of  the 
energy  difference  between  the  6-layer  defect  structure  and  the  6-layer  perfect  structure  is 
sufficient.  Thus, 

Etot  (6,  defect)  =  6E0  -  2Ji  +  2J2  +  4J3  =  6E0  - 19.91  meV 
Etot  (6,  perfect)  =  6E<23>=  6E0  -  20.82  meV 
and 

Y  =  Etot  (6,  defect)  -  Etot  (6,  perfect)  =  0.91  meV  per  SiC  pair 
An  alternative  expression  for  stacking  fault  energy  is 


stacking  fault  energy  (per  SiC  pair) 
atomic  area  per  SiC  pair 


(5) 


where  the  effective  atomic  area  per  SiC  pair  on  the  (111)  or  (0001)  plane  is  8.22  x  10'^°  mVper 
SiC  pair.  Therefore,  1  meV  per  SiC  pair  corresponds  to  1.94  mJ/m^. 

Simple  stacking  faults  in  (32)3  can  be  formed  by  inserting  (extrinsic)  or  removing 
(intrinsic)  one  layer.  In  addition,  twins  are  also  possible  in  this  structure.  Some  of  these 
configurations  and  their  corresponding  SFEs  are  summarized  in  Table  1. 

Regarding  the  stacking  faults  in  bulk  crystals,  the  most  frequently  observed  faulted 
configuration,  (3+2‘3''‘3‘3+2'),  is  shown  in  Fig.  1(a).  This  configuration  is  represented  by  (c)  in 
Table  1,  and  exhibits  a  minimum  SFE.  However,  in  epitaxial  15R  films,  high-resolution  images 
reveal  twins  and  stacking  faults.  Twins  are  often  arranged  in  configuration  (a)  in  Table  1.  A 
typical  example  of  this  configuration  is  shown  in  Fig.  1(b).  In  the  same  image,  one  of  the  most 
frequently  observed  stacking  fault  configurations  is  (g),  exhibiting  5  faulted  layers  expressed  as 
(3+2‘)  — >  (2+3‘).  This  type  of  stacking  fault  was  also  frequently  observed  in  bulk  crystals.  The 
formation  of  5  faulted  layers  could  be  related  to  spiral  growth  along  a  giant  screw  dislocation,  or 
possibly  a  step  flow  mechanism^^  involving  a  5-layer  step  such  as  (3+2")  or  (2+3‘).  Thus,  the 
number  of  possible  growth  faults  are  limited  with  the  5-layer  step.  However,  the  one-layer  band 
(example  (f)  in  Table  1)  is  extremely  unstable,  and  the  faulted  configuration  of  (l+d"), 
originating  from  a  (3'*'2')  or  (2+3‘)  step,  was  not  observed. 
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Table  1.  Possible  twins  and  stacking  faults  in  (32)3.  The  arrows  (t)  indicate  the  twin  planes  and 
underlines  indicate  bands  of  disorder  in  (32)3- 


stacking  faults 

stacking  fault  energy  (y) 

(a) 

3+  2-  3+  2-  3+  3-  2+  3-  2+  3' 

-  +  +  +  --  +  +  +  --1  +  +  + - (  +  +  ---  +  + - 

X  T  y 

0.91  meV 

1.77  mJ/m^ 

(b) 

3+  2-  3+  2-  3+  2-  2+  3'  2+  3~ 

•••  +  +  +  --  +  +  +  --  +  +  I  +  --  +  +  -I--  +  + - 

X  t  y 

6.03  meV 

11.70mJ/m2 

(c) 

3+  2-  3+  2-  3+  3-  3+  2'  3+  2' 

-  +  +  +  --  +  +  +  --1  +  +  + - +  +  +  I-  -  +  +  + - 

X  y 

0.91  meV 

1.77  mJ/m2 

(d) 

3+  2-  3+  2-  4+  2-  3+  2-  3+  2’ 

•••+  +  +  --  +  +  I  +  --  +  +  +  +  --  +  I  +  +  --  +  +  + - 

X  y 

7.85  meV 

15.23  mJ/m2 

(e) 

3+  2-  3+  2-  2+  2-  3+  2'  3+  2' 

•••  +  +  +  --  +  +  |  +  --±j;--  +  |  +  +  --  +  +  + - 

X  y 

6.03  meV 

11.70  mJ/m2 

(f) 

3+  2-  3+  2-  3+  1-  3+  2-  3+  2- 

•••  +  +  +  --  +  +  +  --|  +  +  +  -  +  +  +  i--  +  +  + - 

X  y 

14.47  meV 

28.07  mJ/m2 

(g) 

3+  2-  3+  2-  2+  3-  3+  2'  3+  2' 

+  +  !  +  + - +++!__++  + - 

X  y 

3.47  meV 

6.73  mJ/m2 

Fig.  1.  (a)  An  extrinsic  "e"  stacking  fault  in  a  bulk  (32)3,  and  (b)  twinned  and  faulted 
configurations  in  (32)3  epilayers. 
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Table  2.  Possible  stacking  faults  in  (33).  The  underlines  indicate  bands  of  disorder  in  (33). 


The  structure  of  (33)  is  crystallographically  symmetric.  Unlike  the  (32)3,  (33)  does  not 
present  twin  structures.  When  (33)  is  the  most  stable  phase,  the  interaction  parameters  are 
given  below  (for  2500  K).'o 


Ji  =  5.65  meV 


J2  =  -3.468  meV  J3  =  -0.466  meV  (per  SiC  pair) 


Using  these  values,  we  find  E<3>  =  Eq  -  1/3  Ji  +  1/3  J2  +  J3  =  Eo -3.505  meV  per  SiC  pair. 
Possible  stacking  fault  configurations  and  corresponding  stacking  fault  energies  for  the  (33) 
structure  are  listed  in  Table  2. 
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stacking  faults  stacking  fault  energy  (y) 


(a) 

3+ 

3-  3+  3-  2+  3-  3+  3- 

--  +  +  -I-I - +  + - 1  +  +  -1- - 

X  y 

0.96  meV 

1.86mJ/m2 

(b) 

3+ 

-  -I-H--I-- 

3-  3+  1  3-  4+  3- 1  3+  3- 

X  y 

1.77  meV 

3.43  mJ/m2 

(c) 

3+ 

-  -I--H-- 

3-  3+  3-  1+  3-  3+  3- 

- h  +  +  j - + - 1  +  +  H - - 

X  y 

13.98  meV 

27.12  mJ/m2 
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Fig.  2.  (a)  An  intrinsic  "i"  stacking  fault  in  a  bulk  (33),  and  (b)  intrinsic  "i"  and  extrinsic  "e ' 
stacking  faults  coexist  in  (33)  epilayers. 


The  most  frequently  observed  stacking  fault  configuration  in  bulk  (33)  is  sequence  (a)  in 
Table  2,  corresponding  to  the  lowest  stacking  fault  energy.  A  TEM  image  of  this  configuration 
is  shown  in  Fig.  2(a),  where  the  fault  is  indicated  by  "i".  However,  in  epitaxial  (33)  thin  films, 
the  most  frequently  observed  faulted  configurations  are  sequences  (a)  and  (b)  in  Table  2, 
corresponding  to  intrinsic  (i)  and  extrinsic  (e)  faults,  respectively.  A  TEM  image  of  these 
structures  in  a  thin  film  is  shown  in  Fig.  2(b),  where  "e"  and  "i"  designate  the  fault  types.  As 
discussed  in  a  previous  study,'^  epitaxial  growth  mechanisms  may  be  different  from  bulk 
growth.  If  the  substrate  surface  is  intentionally  off-cut,  creating  atomic  steps,  the  step  bunching 
phenomenon  (step  flow)  can  dominate  the  growth  and  force  the  epilayer  to  replicate  the  stacking 
structure  of  the  substrate.*^  Thus,  the  number  of  layers  in  the  epilayer  must  be  the  same  as  the 
substrate  steps,  even  if  stacking  faults  take  place,  e.g.,  (3-3+3-3+3-3+)  in  the  substrate  steps  — > 
(3‘4+3-3’'‘2-3+)  stacking  fault  in  the  epilayers.  Therefore,  (33)  films  exhibit  mixed  intrinsic  (i) 
and  extrinsic  (e)  faulted  configurations,  despite  the  fact  that  the  extrinsic  fault  has  a  slightly 
higher  SFE. 

CONCLUSIONS 

During  crystal  growth  of  SiC,  the  observed  stacking  fault  configurations  are  ones  of 
minimum  or  close  to  minimum  energies.  However,  some  of  the  stacking  fault  configurations 
observed  in  6H-  and  15R-SiC  have  higher  energies,  and  these  are  consequences  of  the  particular 
growth  mechanism  involved.  Temperature  is  also  an  important  factor  affecting  the  magnitude  of 
stacking  fault  energy.  During  crystal  growth,  temperature  fluctuations  may  sometimes  result  in 
negative  SFEs,  causing  a  phase  transformation  to  occur.  For  example,  the  extrinsic  fault  of 
(3'^2'3+3'3+2‘)  in  (32)3,  (c)  in  Table  1,  exhibits  a  relatively  low  stacking  fault  energy,  but  the 
SFE  may  become  negative  when  the  temperature  is  increased  to  the  stability  range  of  (33). 
When  this  happens,  a  phase  transformation  from  (32)$  to  (33)  may  occur.  Negative  SFEs  in 
(32)3  can  be  obtained  by  using  the  Ising  parameters  within  the  stability  region  of  (33).  Similarly, 
the  intrinsic  fault  of  (3"''3"3"''2"3+3")  in  (33)  can  be  stabilized  at  lower  temperatures  within  the 
stability  range  of  (32)3.  Although  phonon  contributions  can  stabilize  the  (32)3  phase,  the  energy 
differences  between  (33)  and  (32)3  are  extremely  small,  and  thus  the  control  of  polytypes  is 
difficult.  Small  temperature  fluctuations  and/or  low  levels  of  impurity  are  known  to  affect  SiC 
polytype  formation. 
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ABSTRACT 

We  present  a  method  for  growing  low-doped  6H  SiC  films  using  chemical  vapour  deposition 
in  a  hot-wall  system.  The  study  discusses  the  influence  of  temperature,  growth  rate  and  C/Si  ratio 
on  the  purity  of  the  layers.  Furthermore,  we  make  a  comparison  between  methane  and  propane  as 
carbon  source,  and  investigate  the  influence  of  bake-out  prior  to  growth.  The  films  are 
characterised  using  low  temperature  photoluminescence.  The  relative  intensity  of  the  free  exciton 
related  luminescence  as  compared  to  impurity  related  bound  exciton  recombination  is  discussed  in 
terms  of  material  purity.  A  capacitance-voltage  technique  is  used  to  determine  the  doping 
concentration. 


INTRODUCTION 

SiC  possesses  properties  such  as  a  large  bandgap,  high  breakdown  electric  field  and  high 
thermal  conductivity  making  it  suitable  as  a  high  power  device  material.  In  order  to  realize  high 
voltage  rectifying  properties  it  is  necessary  to  produce  thick  low-doped  active  layers.  For  instance, 
a  5  kV  rectifier  needs  a  40  p.m  thick  active  layer  with  a  doping  concentration  in  the  low  ID'S  cm-3 
range. 

The  aim  of  this  work  is  to  produce  thick  (up  to  50  (im)  n-type  layers  with  residual  doping 
concentrations  in  the  10*'*  cm'^  range  by  Chemical  Vapour  Deposition  (CVD).  In  order  to  reduce 
nitrogen  incorporation  to  a  minimum,  great  care  must  be  taken  in  the  procedures  prior  to-  and 
during  growth.  We  have  investigated  the  influence  of  bake-out,  growth  rate,  C/Si  ratio  and 
different  carbon  precursors  on  the  purity  of  the  epitaxial  films. 


EXPERIMENTAL 

The  films  were  grown  in  a  hot-wall  reactor,  previously  described  elsewhere  [1],  with  a  SiC- 
coated  graphite  susceptor.  The  precursors  used  were  silane  and  propane  both  diluted  to  1%  in 
hydrogen,  or  silane  and  methane  the  latter  diluted  to  10%  in  hydrogen.  The  reason  for  using 
methane  as  an  alternative  carbon  source  is  that  it  is  commercially  available  in  a  much  purer  form 
than  propane.  The  substrates  (Cree  research,  research  grade.  Si-face,  off-axis,  n-type  =  10*^  cm-^) 
were  cut  into  four  or  six  pieces  prior  to  growth.  The  precursors  were  diluted  in  a  high  flow  of 
purified  hydrogen.  Growth  temperatures  varied  from  1450°C  to  1650°C  and  the  C/Si  ratio  was 
varied  from  1.2  to  6  and  3  to  30  when  propane  and  methane  were  used  as  carbon  precursor, 
respectively.  The  growth  rate  was  kept  between  1  to  2  ftm/h. 


CHARACTERISATION 

The  grown  samples  were  analyzed  with  low  temperature  photolurainescence  (PL)  and 
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Capacitance  versus  Voltage  (CV)  techniques.  PL  measurements  were  performed  at  liquid  helium 
temperature  (4.2  K)  with  an  argon  ion  laser  emitting  in  the  UV  region  (333.6  -  363.8  nm)  as 
excitation  source.  The  power  density  of  the  moderately  focused  laser  beam  was  typically  0.6 
mW/cm2.  The  luminescence  was  dispersed  by  a  double  grating  monochromator  equipped  with 
1200  grooves/mm  gratings  blazed  at  0.5  fim.  and  detected  by  a  GaAs  photomultiplier  tube. 
Schottky  diodes  for  CV  measurements  were  made  by  evaporating  gold  Schottky  eontacts  (0.36  or 
0.58  mm  in  diameter)  on  the  epitaxial  layer  and  alloying  a  nickel-gold  ohmic  backside  contact. 
Layer  thickness  measurements  were  made  by  observing  the  room  temperature  luminescence  from  a 
cleaved  edge  through  a  microscope  with  UV  laser  excitation. 


RESULTS 

Effects  of  bake-out 

One  of  the  most  apparent  effects  we  observe,  growing  material  in  our  reactor,  is  the  long  time 
required  at  elevated  temperatures  before  any  low-doped  material  can  be  produced.  We  grew  three 
runs  in  succession  at  1600°C  for  10  h  with  the  same  set  of  growth  parameters.  The  growths  were 
preceeded  by  a  normal  bake-out  procedure  in  vacuum  at  1200°C  -  1300"C  for  a  few  hours  in 
addition  to  20  runs  made  on  Si  substrates  at  1200"C  or  1250"C  with  a  total  time  of  approximately 
35  h.  The  first  sample  obtained  an  impurity  concentration  just  below  10'^  cm'^.  The  second 
sample  grown  in  this  series  had  one  order  of  magnitude  lower  impurity  concentration,  and  the  third 
had  additionally  5  times  lower  impurity  concentration.  It  is  apparent  that  nitrogen  is  held  within  the 
system  and  released  only  at  high  temperatures  in  spite  of  the  long  time  above  1200°C  prior  to  these 
runs. 


Effects  of  temperature.  C/Si  ratio  and  silane  flow 

To  establish  the  effects  of  different  growth  parameters  on  the  impurity  concentrations  a  series 
of  short  runs  were  made  according  to  a  reduced  factorial  experimental  design.  The  silane  flow, 
temperature  and  C/Si  ratio  were  varied  between  10  -  30  ml/min,  1550°C  -  1650“C  and  10  -  20 
respectively,  and  the  carbon  precursor  in  this  series  was  methane.  The  outcome  of  this  set  of  runs 
shows  that  the  growth  rate  depends  only  on  the  silane  flow.  The  impurity  concentration  depends 
mainly  on  the  silane  flow  in  such  a  way  that  a  high  flux  of  silane  gives  a  low  impurity 
concentration.  High  temperatures  and  high  C/Si  ratios  also  give  lower  impurity  concentration, 
however  the  influence  of  the  C/Si  ratio  was  surprisingly  small  in  view  of  the  site-competition 
mechanism  proposed  by  Larkin  et  al  [2].  It  is  uncertain  to  what  extent  the  growth  rate  influences 
the  impurity  concentration,  it  could  equally  be  so  that  a  certain  thickness  is  required  to  obtain  the 
same  effect.  By  just  varying  the  C/Si  ratio  it  is  possible  to  produce  layers  ranging  from  the  mid 
IQl'*  cm'3  n-type,  without  any  noticeable  compensating  acceptors,  to  extremely  low-doped  p-type, 
provided  there  is  some  aluminium  present  in  the  system. 

The  influence  of  the  C/Si  ratio  when  propane  is  used  is  even  smaller.  An  important  difference 
between  methane  and  propane  is  that  methane  decomposes  less  readily  than  propane.  Since  we 
have  a  high  decomposition  efficiency  in  our  reactor,  being  a  hot-wall  reactor,  it  is  important  to 
compare  the  effective  C/Si  ratio.  In  other  words,  when  propane  is  used,  we  may  even  at  relatively 
low  C/Si  ratios  have  an  effective  C/Si  ratio  exceeding  those  reported  by  Larkin  et  al  [2].  Thus,  it  is 
possible  that  we  are  working  in  a  different  growth  regime.  Evidence  of  this  is  given  by  the  fact  that 
when  we  attempted  to  decrease  the  amount  of  nitrogen  incorporation  in  our  layers  by  raising  the 
C/Si  ratio  to  6  at  1450°C  and  a  growth  rate  of  2  (im/h,  the  produced  layer  showed  extremely  bad 
morphology  and  clear  indications  of  3C  inclusions.  This  indicates  that  in  our  case,  already  at 
relatively  moderate  C/Si  ratios,  the  surface  of  the  growing  crystal  becomes  disturbed  on  account  of 
the  high  carbon  pressures.  Finally,  when  propane  is  used  as  carbon  precursor,  it  is  difficult  to 
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grow  layers  below  the  cm-3  range  without  the  aid  of  compensating  acceptors,  due  to  the  high 
nitrogen  content  of  this  source. 

The  choice  of  temperature  for  growth  of  epitaxial  layers  is,  in  our  case,  determined  by  the 
morphology.  The  morphology  of  the  layer  is  greatly  improved  when  the  temperature  is  raised  from 
1450°C  to  1550°C.  Higher  temperatures  provide  even  better  morphology,  but  the  life-time  of  the 
susceptors  is  greatly  reduced  in  this  case.  Additionally,  the  graphite  releases  more  aluminium  and 
boron  at  temperatures  above  1550°C  which  is  not  desireable  unless  compensated  layers  are 
preferred.  The  crystalline  quality  determined  by  PL  studies  is  also  enhanced  by  higher 
temperatures.  In  the  films  grown  at  lower  temperatures  it  is  possible  to  detect  small  amounts  of  3C 
inclusions  even  in  films  with  relatively  low  growth  rates. 

There  exists  a  difference  between  the  propane  and  the  methane  precursor  with  regard  to 
morphology.  The  methane  precursor  always  gives  slightly  worse  morphology.  Propane  gives 
excellent  morphology  for  C/Si  ratios  below  3-4  [3].  Above  this  value  the  morphology  gradually 
becomes  worse.  Using  methane,  the  morphology  is  bad  for  low  C/Si  ratios,  quite  good  for  C/Si 
ratios  above  5,  and  becomes  slightly  worse  at  higher  C/Si  ratios. 


Photolumine.scence  and  CV  re.sults 

All  films  were  characterised  by  PL  at  liquid  helium  temperatures  and  CV  measurements.  A 
correlation  between  the  ratio  of  the  nitrogen  bound  exciton  lines  to  the  I77  Free  Exciton  (FE)  line 
and  the  residual  doping  concentration  of  the  layers  has  been  established  by  Pensl  and  Choyke,  and 
Clemen  et  al  [4,5].  Figure  1  shows  the  ratio  between  the  nitrogen  bound  exciton  P-line  to  the  I77 
FE  line  as  a  function  of  doping  concentration.  It  is  difficult  to  draw  any  firm  conclusions  between 
our  data  points  and  the  data  points  presented  by  Clemen  et  al  since  the  experimental  conditions 
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Figure  1.  Open  circles  and  dashed  line;  data  points  and  corresponding  slope  obtained  by  Clemen  et 
al,  triangles  and  solid  line:  data  points  from  our  CVD  grown  layers  with  no  observable 
compensation,  squares:  data  points  from  our  CVD  layers  showing  clear  indications  of 
compensation. 


were  not  exactly  the  same.  The  open  circles  are  data  points  taken  from  Clemen  et  al  [4],  wheareas 
the  triangles  and  squares  are  data  points  from  our  epitaxial  layers.  A  major  difference  between  the 
measurements  done  by  Clemen  et  al  and  our  measurements  is  the  wavelength  of  the  excitation 
source.  Since  our  wavelength  is  somewhat  longer  we  penetrate  into  the  epitaxial  film  further.  This 
is  important  since  free  excitons  produced  near  the  surface  may  diffuse  to  the  surface  and  recombine 
nonradiatively,  whereas  on  the  other  hand  free  excitons  produced  deep  inside  the  material  may 
diffuse  to  the  interface  between  the  substrate  and  the  epitaxial  layer  and  recombine  there. 

All  our  points  in  the  figure  are  from  undisputable  n-type  material,  but  the  squares  represent 
points  showing  clear  indications  of  acceptor  compensation  in  the  PL  spectra.  At  doping  levels 
above  lO^^  cm'3  our  data  points  coincide  with  the  results  by  Clemen  et  al,  however,  as  the  doping 
levels  decrease,  the  scatter  between  the  points  increases.  A  normal  scatter  can  be  expected  due  to 
the  uncertainty  CV  measurements  give  at  very  low  doping  levels  with  small  diode  areas. 
Additionally,  at  low  impurity  levels  there  exists  some  inhomogeneity  in  doping  concentration  over 
the  surface  of  the  crystal.  Since  we  can  not  measure  at  the  same  spot  with  CV  as  with 
luminescence  this  inhomogeneity  will  contribute  to  the  scatter  in  the  data  points.  However,  we 
believe  that  the  compensation  mechanism  also  plays  a  role.  When  only  the  triangles  are  taken  into 
account,  which  represent  points  where  no  traces  of  the  Al  bound  exciton  lines  are  seen  by  PL,  the 
slope  of  the  curve  becomes  steeper. 
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Figure  2.  Near  bandgap  luminescence  observed  from  a  60  pm  thick  film  grown  with  methane  as 
carbon  precursor.  The  spectrum  shows  no  indications  of  any  acceptor  compensating  defects. 

Figure  2  and  3  shows  PL  spectra  taken  from  a  low-doped  uncompensated  n-type  layer  and  a 
low-doped  P'type  epitaxial  layer  respectively.  Though  the  spectrum  in  figure  2  by  no  means 
represents  our  highest  ratio  between  the  FE  and  the  nitrogen  bound  exciton  (BE)  related  lines  on  an 
n-type  sample,  it  is  a  sample  which  shows  no  indications  of  any  compensating  Al  defects.  This 
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particular  sample  was  grown  at  1550°C  using  methane  as  carbon  precursor,  the  C/Si  ratio  was  3 
and  the  growth  rate  was  2  p,m/h.  The  layer  was  grown  for  30  h  thus  giving  a  total  thickness  of  60 
pm.  The  doping  concentration  of  this  sample  has  been  measured  by  CV  to  be  in  the  mid  10^^  cm‘^ 
range.  In  this  sample  the  C/Si  ratio  was  kept  deliberately  low  to  prevent  the  film  from  turning  p- 
type  which  is  the  normal  case  for  high  C/Si  ratios  using  methane  due  to  the  much  lower  nitrogen 
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Figure  3.  Near  bandgap  luminescence  observed  from  a  very  low-doped  p-type  film  grown  with 
methane  as  carbon  precursor  using  a  high  C/Si  ratio.  The  spectrum  is  completely  dominated  by  FE 
related  lines. 


content  in  this  precursor.  Figure  3  shows  a  spectrum  of  a  sample  grown  with  methane  using  a  C/Si 
ratio  of  30.  As  can  be  seen  the  spectrum  is  completely  dominated  by  FE  related  lines.  Though  the 
ratio  between  the  I77  FE  line  and  the  nitrogen  bound  exciton  S-line  represents  the  highest  reported 
value  to  our  knowledge,  the  relevance  of  such  a  comparison  is  highly  doubtful.  We  have  noticed 
that  the  ratio  between  the  I77  FE  line  to  the  nitrogen  bound  S-line  appears  insensitive  to  changes  in 
excitation  power  in  n-type  samples,  whereas  for  p-type  saniples  this  ratio  decreases  consederably 
with  increasing  power  densities.  The  explanation  we  propose  for  this  behaviour  is  that  in  the  p- 
type  sample  it  is  necessary  to  produce  sufficient  amount  of  free  electrons  to  neutralise  the  ionized 
nitrogen  donors  before  these  can  capture  a  FE  to  form  a  BE.  The  relevant  comparison  in  this  case 
would  be  between  the  aluminium  BE  and  the  FE  related  lines. 


High  power  device  material 

The  object  of  this  study  is  to  provide  material  of  high  quality  suitable  for  high  power  devices. 
We  have  grown  the  following  structure:  On  top  of  a  high-doped  n-type  substrate,  we  grew  a  45 
|i,m  thick  n-type  layer  in  the  low  10*5  cra-3  range,  and  finished  off  with  a  high  doped  p-type  layer 
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approximately  IQl*  cm'^,  and  1.5  pm  thick.  The  carbon  precursor  we  used  in  this  case  was 
propane  on  account  of  the  better  morphology.  The  growth  temperature,  C/Si  ratio  and  growth  rate 
was  1550”C,  3  and  1.7  pra/hr  respectively.  Aluminium  doping  of  the  p-type  layer  was 
accomplished  by  a  small  addition  of  trimethylaluminium  (TMA).  The  film  showed  excellent 
morphology,  with  the  exception  for  a  barely  noticable  corrugated  structure  when  the  sample  was 
studied  at  400  times  magnification  with  Normarski  optics.  The  corrugated  structure  we  beleive 
arise  from  step  bunching  effects.  PL  data  confirm  that  the  doping  concentration  of  the  layer  is 
between  4  •  10^^  cm'^  according  to  the  calibration  slope  proposed  by  Clemen  et  al  or  just  above  1  • 
10'5  cm‘3  according  to  the  slope  recommended  in  this  paper  for  uncompensated  material. 


CONCLUSIONS 

Using  methane  or  propane  as  carbon  precursors  it  is  possible  to  grow  low-doped  epitaxial 
films  with  residual  carrier-concentrations  below  10* ^  cm'3.  Using  propane  the  limit  of 
uncompensated  layers  is  just  below  10*^  cm'3,  whereas  with  methane  uncompensated  epitaxial 
layers  can  be  produced  in  the  mid  10*^  cra-3  or  lower,  however  with  a  slightly  worse  morphology. 
If  compensated  layers  are  acceptable  both  n-  and  p-type  doping  below  10*"*  cm-3  can  be  obtained 
with  both  carbon  precursors.  Changing  the  C/Si  ratio  when  propane  is  used  in  our  reactor  provides 
unnoticable  effects  on  the  nitrogen  incorporation  of  the  layers,  whereas  when  methane  is  used 
some  effects  are  noticed.  Moderate  to  high  C/Si  ratios  with  methane  as  carbon  precursor  turns  the 
layer  low-doped  p-type.  Optimal  growth  temperatures  we  found  to  be  between  1550”C  to  1600°C 
on  account  of  the  good  morphology  and  high  crystalline  quality  obtained  at  these  temperatures.  At 
1600°C  or  higher,  impurities  from  the  graphite  susceptor  and  graphite  felt  become  disturbing  since 
they  can  provide  unwanted  compensating  defects. 
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ABSTRACT 

A  series  of  CVD-grown  3C-SiC/Si(100)  films  of  different  growth  times,  and  hence 
film  thicknesses,  are  studied  by  X-ray  photoelectron  spectroscopy  (XPS)  and  secondary 
ion  mass  spectrometry  (SIMS).  XPS  showed  that  the  surfaces  of  the  samples  consist  of  Si 
oxides  (Si02  and  SiOx  where  x  <  2)  and  unreacted  CH,  Unreacted  elemental  Si  is  also 
present  and  its  amount  decreases  with  increasing  growth  time.  This  surface  overlayer  is 
further  investigated  by  changing  the  photoelectron  take-off  angle  and  from  chemical 
etching  studies.  Compositional  variations  of  the  SiC  films  are  also  studied  using  SIMS. 

INTRODUCTION 

There  has  recently  been  renewed  interest  in  the  development  of  silicon  carbides 
due  to  the  successful  epitaxial  growth  of  3C-SiC  films  on  Si  substrates  by  chemical 
vapour  deposition  (CVD)  [1-3].  In  the  growth  of  single-crystal  3C-SiC  by  CVD,  a  major 
obstacle  is  the  large  mismatch  of  about  20%  between  the  deposited  SiC  [4.359  A  at 
room  temperature  (RT)]  and  the  underlying  Si  substrate  (5.430  A  at  RT).  However, 
epitaxial  growth  can  be  achieved  by  imposing  an  initial  temperature  ramp  on  the  Si 
substrate  in  the  presence  of  a  hydrocarbon  which  decomposes  to  form  an  initial  layer 
of  SiC  which  acts  as  a  buffer  for  the  subsequent  epitaxial  growth  of  SiC  [4]. 

For  electronic  device  applications,  an  understanding  of  the  characteristics  of  the 
surface  exposed  to  air  is  also  important.  From  this  point  of  view,  surface  oxide  and 
carbonaceous  contaminants  on  the  SiC  produced  by  CVD  have  been  studied  by  Auger 
electron  spectroscopy  (AES)  and  XPS  [5-7]. 

In  this  work,  XPS  and  SIMS  are  used  to  investigate  the  surface  overlayers  and 
the  buffer  SiC  interfacial  layer  in  a  series  of  CVD-grown  3C-SiC  films  on  Si(IOO).  The 
SiC  films  are  grown  for  different  amounts  of  time  and  are  hence  of  varying  thicknesses. 

EXPERIMENTAL 

A  series  of  single  crystalline  3C-SiC  with  the  growth  times  of  2,  15,  45  minutes, 
2,  3  and  4  hours  were  grown  on  Si(IOO)  at  atmospheric  pressure  and  at  a  temperature 
of  1350°C  using  a  vertical  chemical  vapour  deposition  (V-CVD)  system  [8],  The  growth 
rate  under  these  conditions  as  measured  by  FTIR  [9]  was  found  to  be  3.2  pm  h'''. 
Hence  the  thicknesses  of  the  above  six  films  are  0.1  pm  (0.06  pm,  determined  by 
RBS),  0.8  pm,  2.4  pm,  6.4  pm,  9.6  pm  and  12.8  pm  respectively. 

XPS  measurements  were  made  in  a  VG  ESCALAB  MKII  spectrometer  (base 
pressure  <  2  x  10‘’I0  mbar)  using  a  Mg  Ka  X-ray  source  (1253.6  eV,  120  W)  at  a 
constant  analyser  pass  energy  of  20  eV.  All  XPS  binding  energies  are  calibrated  to 
the  CIS  peak  of  CH  at  284.6  eV  [10].  Take-off  angles  (angle  between  the  detected 
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photoelectrons  and  surface)  of  75°  and  20“  were  used  to  vary  the  sampling  depth,  the 
smaller  take-off  angle  being  the  more  surface  sensitive. 

The  SIMS  experiments  were  performed  in  a  VG  SIMSLAB  (base  pressure  <  2  x 
10-10  tnbar)  which  is  connected  to  the  XPS  chamber  via  a  preparation  chamber.  A  9 
keV  Ar"*"  beam  produced  from  a  differentially  pumped  VG  DP50B  duoplasmatron  ion 
gun  was  incident  at  45°  to  the  sample  normal.  Energy  pre-filtered  secondary  ions  were 
detected  normally  by  a  VG  MM12-12  quadrupole  mass  spectrometer  (0-800  amu).  The 
mass  spectra  were  obtained  using  a  tjeam  current  of  10  nA  with  the  beam  rastered  in 
TV  mode.  The  depth  profiles  were  obtained  using  a  80  nA  beam  in  reduced-area-scan 
(RAS)  mode  with  electronic  gating  to  minimize  crater  edge  effects.  The  sample  bias 
(approximately  10  V  for  positive  ions)  was  chosen  to  optimize  yields  at  cluster  ions. 

RESULTS  AND  ANALYSIS 

High  resolution  XPS  spectra  from  Si2p,  CIs  and  01s  were  obtained  for  all  the 
SiC  samples,  no  other  elements  being  detected  in  significant  amounts  by  XPS.  The 
Si2p  and  CIs  spectra  for  the  3h  sample,  both  before  and  after  (see  later)  etching,  are 
presented  in  Figure  1 .  The  Si2p  spectra  can  be  fitted  with  four  Gaussian  peaks  which 
are  assigned  to  elemental  Si  (98.9  +  0.3  eV),  SiC  (100.1  ±  0.2  eV),  SiOx  (x  <  2)  (101.3 
±  0.3  eV)  and  Si02  (102.9  +  0.2  eV).  The  CIs  spectra  exhibit  two  main  peaks 
assigned  to  CH  (284.6  eV)  and  SiC  (282.3  ±  0.3  eV),  the  higher  binding  energy  tail 
being  attributed  to  C-0  and  C=0  atmospheric  contaminant  species.  The  01s  spectra 
are  found  to  be  composed  mainly  of  a  single  peak  with  a  binding  energy  which 
corresponds  to  Si02  (532.0  +  0.2  eV). 
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Figure  1.  Si2p  and  C1s  XPS  spectra  for  the  3  h  (#1228)  SiC/Si  samples. 
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Quantification  of  the  XPS  data  was  performed  by  determining  the  area  of  each 
peak  and  correcting  using  the  manufacturer's  relative  sensitivity  factors  (RSF)  [11], 
The  RSFs  used  were  0.37,  0.32  and  0.72  for  Si2p,  C1s  and  01s  respectively.  Ratios  of 
selected  elements/compounds  of  interest  are  summarized  in  Table  1. 


Sample 

Si2p  region 

Glrowth 

Time 

Sample 

No. 

Si/SiC 

S) 

(SiO,+SiO,) 

SiC 

CH/SiC 

(SiC)si/(SiC)c 

(SiOj+SiOJ 

2  min 

0.3 

0.51 

0.60 

1.3 

0.9 

15  min 

0.1 

0.59 

0.8 

45  min 

#125A 

0.09 

0.19 

0.48 

0.6 

0.8 

2h 

#120 

0.05 

0.21 

0.21 

5.8 

1.1 

3  h 

#122B 

0.08 

0.19 

0.50 

1.1 

0.9 

4h 

#328B 

0.1 

0.11 

0.85 

2.3 

0.8 

Table  1.  Ratios  of  elements/compounds  of  interest  obtained  from  the  XPS  data  (take¬ 
off  angle  is  75°). 

It  is  observed  from  Table  1  (last  column)  that  the  Si:C  ratio  for  SiC  is  1.0  ±  0.2, 
i.e.  the  SiC  compound  is  indeed  stoichiometric.  The  Si/SiC  ratio  shows  that  SiC  film 
that  was  grown  for  2  min  has  the  largest  amount  of  unreacted  elemental  Si,  while  that 
grown  for  2  h  has  the  least.  As  the  growth  time  increases,  the  Si/(Si02+SiOx)  ratio 
decreases.  This  suggests  that  as  the  growth  time  increases,  more  elemental  Si  will  be 
reacted  to  form  SiC  or  Si  oxides.  Table  1  also  shows  that  the  sample  that  is  grown  for 
45  min  has  the  minimum  amount  of  CH  contaminants  [CH/SiC  ratio],  while  the  2  h 
sample  has  the  minimum  amount  of  oxides  [(SiO2+Si0x)/SiC  ratio].  These  XPS  results 
show  that  the  3  h  sample  is  quite  similar  to  the  45  min  sample  except  that  it  has  more 
CH  contaminant. 

These  observations  can  be  rationalized  by  considering  the  CVD  growth  process 
with  C3HS  and  SiH4  as  source  gases.  The  initial  SiC  interfacial  layer  contains 
relatively  large  amounts  of  unreacted  Si  as  indicated  by  the  2  min  sample.  This 
suggests  that  the  initial  SiC  formed  is  not  crystalline,  consistent  with  previous 
observations  [1,2]  which  showed  the  presence  of  dislocations,  stacking  faults, 
microcracking,  etc.,  at  the  SiC/Si  interface.  At  the  end  of  the  growth,  there  appears  to 
be  a  layer  of  unreacted  CH  and  Si  on  top  of  the  SiC  film.  This  is  related  to  the  gas  flow 
shut-down  and  sample  cooling  procedure  in  the  CVD  system.  The  Si  oxides  were 
formed  upon  subsequent  exposure  of  the  samples  to  atmosphere. 

In  order  to  increase  the  surface  sensitivity  of  XPS,  the  take-off  angle  of  samples 
#120  and  #122B  of  growth  times  2  and  3  h  respectively  was  changed  from  75°  to  20°. 
Figure  2  compares  the  Si2p  and  CIs  spectra  obtained  at  take-off  angles  of  75°  and 
20°  for  the  3  h  sample.  Table  2  shows  the  ratios  for  selected  elements  or  compounds 
of  interest  at  a  take-off  angle  of  20° 


Binding  Energy  (eV) 


Figure  2.  (a)  Si2p  and  (b)  C1s  XPS  spectra  for  the  3  h  sample  (#1228)  obtained  with 
take-off  angles  of  20°  and  75°. 


Sample 

Si2p  region 

Growth 

time 

Sample 

No. 

Si/SiC 

Si 

(SiOj+SiOx) 

SiC 

CH/SiC 

(SiC)si/(SiC)c 

(SiOj  +SiOx) 

2h 

#120 

0.1 

0.38 

0.32 

9.5 

1.3 

3h 

#122B 

0.06 

0.087 

0.73 

2.8 

1.1 

Table  2.  Ratios  of  elements/compounds  of  interest  obtained  from  the  XPS  data 
(Take-off  angle  =  20°) 

When  the  angle  is  decreased  from  75°  to  20°,  the  intensity  of  the  CH/SiC  ratio  in 
the  C1s  peak  increases  by  ~100%.  On  the  other  hand,  the  (Si0x+Si02)/SiC  ratio  in 
the  Si2p  peak  increases  by  only  ~50%  (Tables  1  and  2),  This  indicates  that  the  CH 
contaminant  is  deposited  on  the  surface  with  the  Si02  and  SiOx  layer  underneath  it. 
The  origin  of  the  CH  group  can  be  attributed  to  unreacted  C3HS  or  its  intermediate 
products  (such  as  C2H2  or  C2H4)  on  the  surface. 

Chemical  etching  was  also  performed  on  the  2,  3  and  4  h  samples  to  remove 
any  unreacted  Si,  CH  and  Si  oxides.  A  mixture  of  HF  and  HNO3  (1:1)  was  used  as  the 
etching  solution.  The  samples  were  placed  in  the  solution  for  about  10  seconds.  They 
were  then  rinsed  with  deionized  water  followed  by  methanol  and  dried  with  paper.  XPS 
spectra  of  these  samples  were  then  obtained  immediately.  The  widescan  XPS  spectra 
show  a  decrease  in  the  height  of  the  CIs  and  01s  peaks.  This  indicates  that  the 
etching  is  efficient  in  removing  the  contaminant  CH  and  the  oxides  that  exist  on  the 
sample  surface.  A  comparison  of  Si2p  and  C1s  peaks  of  the  etched  and  unetched  3  h 
sample  is  presented  in  Figure  1.  Table  3  shows  the  ratios  for  elements  or  compounds 
of  interest  obtained  from  the  Si2p  and  C1s  regions  for  the  three  etched  samples  at  a 
take-off  angle  of  75° 
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Sample 

Si2p  region 

Cls 

region 

Growth 

time 

Sample 

No. 

Si/SiC 

Si 

(SiO,+SiOJ 

SiC 

CH/SiC 

(SiC)si/(SiC)c 

(SiOj+SiOx) 

2h 

#120 

0.26 

1.2 

0.21 

2.1 

1.1 

3h 

#122B 

0.11 

0.68 

0.16 

0.79 

0.86 

4h 

#328B 

0.036 

0.18 

0.20 

0.31 

0.85 

Table  3.  Ratios  of  elements  or  compounds  of  interest  for  the  etched  samples  at  a  take¬ 
off  angle  of  75° 

On  all  the  etched  samples,  the  Si;C  ratio  for  SIC  remains  the  same  after  the 
samples  were  chemically  etched  indicating  that  etching  does  not  change  the  SiC 
stoichiometry.  The  etched  surfaces  show  negligible  Si02  and  some  SiOx  and  CH, 
suggesting  that  HF  preferably  etches  Si02,  and  to  a  lesser  extent  SiOx  and 
carbonaceous  contaminants.  What  is  particularly  interesting  is  that  removing  the 
topmost  layers  causes  an  increase  in  the  Si/SiC  ratio  for  the  2  and  3  h  samples,  the 
increase  being  larger  than  when  the  take-off  angle  was  reduced  to  20°.  This  suggests 
that  an  elemental  Si  overlayer  exists  atop  the  SiC  film  since  its  signal  increased  when 
the  CH  and  Si  oxides  are  partially  etched  away.  It  was  reported  in  literature  that  the  Si 
overlayer  exists  in  CVD-grown  SiC  films  at  temperatures  above  940°C  [12].  However, 
for  the  4  h  sample,  the  elemental  Si  signal  decreases.  This  may  be  due  to  the  longer 
etching  time  which  resulted  in  some  of  the  Si  overlayer  being  etched  away  as  well. 

Positive  SIMS  depth  profiles  of  all  the  samples  were  performed  to  investigate 
the  compositional  variations  of  the  SiC  films  with  depth.  A  typical  profile  (#125C)  is 
shown  in  Figure  3.  The  SiC/Si  substrate  interface  is  clearly  shown  in  this  depth 
profiles  as  judged  by  the  sharp  decrease  in  the  SiC"  and  C"*"  signals.  Positive  SIMS 
mass  spectra  of  (a)  the  sample  surface;  (b)  inside  the  SiC  film,  and  (c)  inside  the  Si 
substrate  for  the  same  sample  are  presented  in  Figure  4.  It  is  observed  that  there  is 
an  increase  in  N"*"  as  one  goes  deeper  into  the  sample.  The  mass  spectrum  of  a 
control  Si  substrate  was  performed  and  it  showed  negligible  amounts  of  nitrogen  in  it. 
A  possible  explanation  is  that  there  may  be  incorporation  of  nitrogen  during  the  growth 
of  the  SiC  film.  The  high  temperature  that  was  used  in  the  CVD  method  may  facilitate 
the  diffusion  of  nitrogen  into  the  substrate  from  the  growth  chamber  ambient. 

CONCLUSION 

The  following  can  be  concluded  from  the  surface  analytical  studies  of  a  series  of 
CVD-grown  3C-SiC/Si(100)  films  of  different  growth  times  (film  thicknesses): 

(1)  The  results  obtained  from  XPS  showed  that  the  surfaces  of  the  samples  consist 
of  Si  oxides  (Si02  and  SiOx  where  x  <  2)  and  unreacted  CH.  Unreacted  elemental  Si 
is  also  present  and  its  amount  decreases  with  increasing  growth  time.  The  45  min 
sample  was  found  to  have  the  least  amount  of  CH  while  the  2  h.  sample  had  the  least 
amount  of  Si  oxides. 
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(2)  By  changing  the  photoelectron  take-off  angle  and  from  chemical  etching  studies, 
it  was  found  that  an  unreacted  elemental  Si  overlayer  exists  atop  the  stoichiometric 
SiC  film,  followed  by  Si  oxides  and  finally  a  carbonaceous  species  on  the  surface. 

(3)  Positive  SIMS  mass  spectra  showed  an  increase  in  the  N'*'  signal  as  one  goes 
deeper  inside  the  samples.  This  is  attributed  to  the  diffusion  of  nitrogen  from  the 
growth  chamber  ambient  during  high  temperature  SiC  growth. 


Sputter  Time  (h) 


Figure  3.  Positive  SIMS  depth  profile  of 
the  15  min.  SiC  sample  (#125C) 


Figure  4.  Mass  spectra  of  (a)  sample  surface; 

(b)  SiC  region;  and  (c)  Si  region  of  sample  #125C. 
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ABSTRACT 

A  combined  structural  and  optical  assessment  of  cubic  (3C-)  SiC  thin  films  grown  on  Si 
(100)  substrates  by  chemical  vapor  epitaxy  (CVD)  is  presented.  The  CVD  growth  was 
performed  at  both  atmospheric  and  low  (100  Torr)  pressure,  using  a  vertical  reactor.  The 
CVD-grown  3C-SiC  films  with  different  growth  time  were  characterized  by  X-ray 
diffraction,  Raman  scattering  and  Fourier  transform  infrared  (FTIR)  spectroscopy  to  be 
single  crystalline  with  a  high  degree  of  crystal  perfection.  The  film  thickness  was  determined 
from  FTIR  spectra.  Variations  of  X-ray,  FTIR  and  Raman  spectra  with  different  growth 
conditions  and  film  thicknesses  are  studied  comparatively.  Related  problems  are  discussed. 

INTRODUCTION 

In  recent  years,  much  attention  has  been  focused  on  the  research  and 
development  of  silicon  carbides  because  of  their  unique  electrical,  optical  and  thermal 
properties.  In  particular,  cubic  silicon  carbide  (3C-SiC)  which  possesses  a  wide  band 
gap  of  2.2  eV  at  room  temperature  (RT),  high  breakdown  electric  field,  high  melting 
point  and  high  thermal  conductivity,  are  suitable  for  device  applications  at  high 
temperature,  high  power  and  high  radiation  environment  in  electronics  and 
optoelectronics.  Since  the  first  report  of  the  success  of  large  area  epitaxial  growth  of 
3C-SiC  films  on  Si  substrates  by  chemical  vapor  deposition  (CVD)  [1],  a  great  deal  of 
effort  has  been  made  in  this  field  [2-4].  We  have  previously  made  optical  studies  on 
CVD-grown  3C-SiC/Si  (100)  by  low  temperature  photoluminescence  (PL)  and  Raman 
scattering  techniques  [5-6]. 

Here,  a  combined  structural  and  optical  assessment  on  CVD-grown  3C-SiC 
epilayers  on  Si  (100)  substrates  is  presented.  The  CVD  growth  was  performed  at  both 
normal  (1  atm.)  and  low  (100  Torr)  pressure,  using  a  vertical  reactor.  Different  growth 
conditions  were  used.  The  samples  were  characterized  by  x-ray  diffraction  (XRD), 
Raman  scattering  and  Fourier  transform  infrared  (FTIR)  spectroscopy.  Information  of 
the  structural  and  optical  properties  for  SiC  films  were  obtained  from  these 
complementary  analyses.  Variations  in  X-ray,  FTIR  and  Raman  spectra  with  different 
growth  conditions,  film  thicknesses  and  other  parameters  are  studied  comparatively. 

EXPERIMENT 

The  epitaxial  cubic  SiC  films  were  prepared  at  Auburn  University,  using  a  new 
chemical  vapor  deposition  (CVD)  system.  This  system  employs  a  vertical  reactor 
configuration  with  a  rotating  susceptor  and  is  capable  of  operating  in  both  atmospheric 
and  low  pressure  modes.  The  silicon  carbide-coated  susceptor  is  heated  by  a  RF 
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induction  power  supply.  The  gases  used  for  the  experiments  in  this  paper  were 
hydrogen,  2%  propane  in  hydrogen,  2%  silane  in  hydrogen  and  10%  hydrogen  chloride 
in  hydrogen.  General  substrate  cleaning  procedure  involve  successive  rinses  in 
trichloroethylene,  acetone,  methanol  and  deionized  water.  The  outline  of  the  growth 
procedure  for  the  epitaxial  growth  of  3C-SiC  on  both  on-  and  off-axis  (100)  Si 
substrates  is  generally  similar  to  that  reported  by  Powell  et  al.  [7].  Generally,  the 
growth  procedure  consists  of  in-situ  etching  of  the  substrate  by  3%  HCI  at  about 
1200°C,  a  buffer  growth  initiated  by  a  temperature  ramp  to  1350°C  followed  by  a 
growth  at  1350oC. 

We  present  here  only  the  results  from  samples  on  on-axis  (100)  Si  substrates 
and  grown  at  both  1  atmosphere  and  100  Torr  pressure.  A  series  of  3C-SiC/Si(100) 
with  different  deposition  time  ranging  from  0.5  -  4  hours  were  studied. 

X-ray  diffraction  and  Fourier  transform  infrared  (FTIR)  measurements  were 
performed  at  National  University  of  Singapore  (NUS).  A  Philips  PW1729  x-ray 
generator  with  Cu  Ka  radiation  and  a  PW1710  diffractometer  were  used  for  the  x-ray 
patterns  with  digital  data  output  for  computer  interfacing.  FTIR  transmission 
measurements  were  made  using  a  Perkin  Elmer  PE1710  spectrometer.  Raman 
scattering  measurements  were  performed  at  room  temperature  (RT),  in  a  near- 
backscattering  geometry  with  the  4880  A  excitation  from  an  Ar"*"  laser,  using  a  triple 
spectrometer  -  optical  multichannel  analyzer  (OMA)  system  at  Emory  University. 

TABLE  I  Sample  information  from  CVD-grown  3C-SiC/Si  (100) 


sample 

No. 

growth 

time 

x(hr) 

XRD  (400) 
w/2 
(°) 

Raman  scattering 
FWHM(cm-i)  Ijo/Ilo 

®LO  ®TO 

FTIR 

d 

(pm) 

1  atmosphere: 

#413  0.5 

0.217 

11 

10 

0.23 

1.5 

#409 

1 

0.160 

9 

9 

0.18 

3,2 

#414B 

2 

0.133 

8 

8 

0.15 

6.2 

#419 

4 

0.109 

7 

7 

0.12 

12.7 

100  Torr: 

#721 A 

1 

0.160 

9 

9 

0.15 

3.0 

#720A 

2 

0.142 

8 

8 

0.11 

5.7 

RESULTS  AND  DISCUSSION 

X-Ray  Diffraction 

All  the  films  were  examined  by  XRD.  Figure  1  shows  a  typical  XRD  0-20  pattern, 
consisting  of  only  Bragg  diffraction  from  the  (200)  and  (400)  planes  of  the  3C-SiC  film, 
and  the  (200)  diffraction  from  the  Si  substrate.  There  is  no  signal  from  crystal  planes 
other  than  (200),  (400),  etc.  This  indicates  the  single  crystallinity  of  the  structure  and 
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its  (100)  surface  of  the  SiC  film. 

Slow  and  high  resolution  scans  were  made  around  the  (400)  diffraction  20 
angles  of  Si  (~69°)  and  3C-SiC  (89-90°),  shown  as  in  Figs.  2  and  3.  The  diffraction 
patterns  due  to  the  x-ray  source  radiation  from  Cu  Ka1  (>.=1.54051  A)  and  Ka2 
(>.=1.54433  A)  are  well-resolved.  The  line  width  at  the  half  maximum  intensity,  w/2,  is 
only  0.08°  due  to  the  Si  substrate  and  0.16°  or  0.19°  due  to  the  3C-SiC  film.  Such 
narrow  widths  of  XRD  patterns  show  the  good  crystalline  quality  of  our  films  [8].  The 
values  of  w/2  for  samples  with  different  growth  time,  x,  are  listed  on  Table  I  and  shown 
in  Fig.  4  (1  atm.  only).  With  increasing  x,  from  0.5  to  4  hours,  corresponding  to  the  film 
thickness,  d,  from  1.7  to  12.7  pm,  which  were  determined  by  FTIR  and  will  be  shown 
later,  w/2  (filled  square  symbols  with  the  Y-axis  scale  multiplied  by  0.02°)  decreases, 
indicating  an  improvement  in  the  crystalline  perfection  of  the  3C-SiC  films  with  x. 


Fig.  1  X-ray  diffraction  6-2dscan 

(38-100°)  of  a  CVD  3C-SiC/Si  (100). 


Fig.  2  XRD  9-29 pattern  from 
substrate  Si  (400)  planes. 


t 

▼ix 


FWHM  LO  (cm-')  ^ 

FWHMTO(cm-’)  ./ 


t 


♦ 


•  d  (|a.m) 

♦  l(TO)/l(LO)(x0.02) 

■  XRD  w/2  (X  0.02®) 


2  3 

Growth  Time  x  (hr) 


Fig.  3  XRD  9-29  pattern  from  film 
3C-SiC  (400)  planes. 


Fig.  4  XRD  w/2,  LO  and  TO  FWHM, 
l(TO)/l(LO),  and  d  (pm)  versus  t. 
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Raman  scattering 

Fig.  5  shows  the  Raman  spectra  from  three  of  these  SiC  samples  with  x  =  0.5,  1 
and  2  hours  and  grown  at  1  atm.  pressure.  Raman  signal  from  the  Si  substrate  is 
located  predominantly  at  520  cm-''  (RT).  The  longitudinal  optical  (LO)  and  transverse 
optical  (TO)  phonons  from  3C-SiC  appear  near  970  and  796  cm-'',  respectively.  Their 
intensities  increase  with  respect  to  that  of  the  Si  mode  with  increasing  t.  Their  peak 
positions  in  wavenumber  are  shifted  down  1-2  cm-"'  in  comparison  with  the  published 
data  of  bulk  3C-SiC  because  of  the  effect  of  the  biaxial  tension  within  the  film  [6]. 


RAMAN  SHIFT  (cm’’) 

Fig.  5  Raman  spectra  of  three  CVD 
3C-SiC/Si  (100). 


RAMAN  SHIFT  (cm''') 

Fig.  6  Expanded  Raman  spectra  of 
Fig.  5. 


Fig.  6  displays  the  expanded  Raman  spectra  of  the  3C-SiC  LO  and  TO  modes 
from  these  three  samples.  As  shown,  the  line  shapes  of  LO  and  TO  modes  vary 
among  the  different  samples,  from  which  more  information  about  the  film  quality  can  be 
obtained.  The  full  width  at  half  maximum  (FWHM)  values  for  these  modes  are  listed  in 
Table  I  and  illustrated  with  filled  triangle  and  reversed  triangle  symbols,  respectively,  in 
Fig.  4  (1  atm.  samples  only).  They  are  decreasing,  indicating  the  improvement  in  the 
film  quality,  with  increasing  x.  Moreover,  for  the  x=0.5  hr  sample,  there  exist  extra 
features  at  the  left  and  right  sides  of  the  LO  mode,  which  are  probably  due  to  the 
defects  or  other  non-cubic  SiC  polytypes,  and  partially  the  second  order  phonons  from 
the  Si  substrate.  As  x  increases,  these  features  at  frequencies  higher  and  lower  than 
colo  decrease  in  intensity,  and  almost  disappear  for  the  x=4  hr  sample. 

Raman  scattering  from  the  (100)  surface  of  a  cubic  crystal  is  allowed  for  LO  and 
forbidden  for  TO  according  to  the  selection  rule.  The  appearance  of  TO  in  Figs.  5  and 
6  are  mainly  due  to  two  reasons.  One  is  from  the  non-perfect  backscattering  geometry 
arrangement  (~  60°  incidence  with  respect  to  the  normal  direction  of  the  sample 
surface  in  the  present  Raman  measurements),  and  another  is  due  to  the  disorder  of  the 
measured  crystal.  The  intensity  ratios  of  the  forbidden  TO  to  the  allowed  LO, 
l(TO)/l(LO)  are  plotted  in  Fig.  4  (filled  rhombus  symbols),  and  also  listed  in  Table  I. 
This  ratio  decreases  with  increasing  x  and  approaches  a  saturated  value  as  x 
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increases  beyond  4  hr.  When  the  measurements  were  made  in  a  real  backscattering 
geometry,  this  ratio  was  less  than  1%  for  the  t=4  hr  thick  film  (not  shown  here). 
Therefore,  it  is  reasonable  to  assign  the  saturation  ratio,  tis,  for  very  large  x  (~11%)  as 
the  base  line  for  the  effect  from  the  quasi-backscattering  alone.  The  value  ri  = 
l(TO)/l(LO)  -  Tis  should  be  the  ratio  due  to  the  effect  from  the  disorder  of  film  3C-SiC, 
which  can  be  used  as  a  figure  of  merit  to  characterize  the  crystalline  quality  of  the  3C- 
SiC  film,  together  with  FWHM.  From  Table  I,  l(TO)/l(LO)  values  for  low  pressure 
samples  are  lower  than  those  for  1  atm  samples  with  the  same  growth  time,  indicating 
an  improvement  of  the  quality  of  3C-SiC  films  under  low  pressure  growth. 

FTIR  and  film  thickness 

Figs.  7  and  8  exhibit  two  typical  FTIR  transmission  spectra  for  CVD  3C-SiC 
grown  on  on-axis  Si,  #409  with  t=1  h  at  1  atm  pressure  and  #720  with  t=  2  h  at  low 
(100  Torr)  pressure,  respectively.  A  deep  and  flat  band  exists  for  both  samples 
between  790  and  960  crn'l,  which  is  due  to  the  strong  lattice  absorption  from  SiC.  This 
reststrahlen  band  represents  the  range  of  the  phonon  dispersion  curve  with  the  edge 
frequencies  characteristic  of  TO  and  LO  phonons.  Multi-phonon  absorptions  are 
responsible  to  three  dips  at  1310  cm-l  (21-A),  1520  cm-l  (LO+LA),  and  1625  cm-l 
(LO+LA),  where  LA  is  the  longitudinal  acoustic  phonon  [9].  The  dip  at  1065  cm-''  is 
due  to  the  Si-O-Si  stretching  vibration.  A  small  dip  near  3000  cm-'',  which  is  almost 
covered  by  the  strong  noise  level,  is  due  to  the  stretching  of  O2-C  complex. 

Other  features  in  Figs.  7  and  8  are  the  interference  fringes  from  the  thin  cubic 
SiC  film.  Obvious  oscillations  are  observed  beyond  1700  cm-'.  The  intervals  between 
maxima  or  minima  vary  from  sample  to  sample  with  thicker  film  having  denser 
oscillation  fringes  (comparing  Fig.  8  for  a  x=2  film  with  Fig.  7  for  a  t=1  h  film).  This  can 
be  used  to  determine  the  thickness,  d,  of  the  3C-SiC  film.  The  values  of  d,  determined 
from  FTIR  spectra,  for  a  set  of  samples  grown  on  on-axis  substrates  are  listed  in  Table 
I  and  shown  in  Fig.  4.  From  these  data,  we  obtain  a  growth  rate  of  3.2  (+0.1 )  pm/hr  for 
1  atm  growth  [10].  The  growth  rate  for  low  pressure  is  slightly  lower  than  3  pm/hr. 


Fig.  7  FTIR  spectra  of  a  CVD-grown 
3C-SiC/Si(100),  #409,  t=1  h. 


Fig.  8  FTIR  spectra  of  a  CVD-grown 
3C-SiC/Si  (100),  #720,  r=2  h. 
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CONCLUSION 


In  summary,  we  have  successfully  grown  cubic  SiC  thin  films  on  Si  (100) 
substrates  by  a  newly  developed  CVD  system  with  a  vertical  reactor  and  a  rotating 
susceptor  at  both  normal  atmosphere  and  low  pressure  environment,  and  under 
different  growth  conditions.  The  CVD  epitaxial  films  were  characterized  by  X-ray 
diffraction,  Raman  scattering  and  Fourier  transform  infrared  (FTIR)  spectroscopy.  XRD 
showed  the  3C-SiC  (200)/(400)  and  Si  (200)  lines  only,  characteristic  of  the  single 
crystalline  structure.  FTIR  spectra  exhibited  the  strong  reststrahlen  bands  due  to  the 
SiC  optical  phonons.  The  sharp  interference  fringes  varied  with  films,  showing  the 
uniformity  of  film  thickness,  and  were  used  to  determine  the  film  thickness.  Raman 
spectra  showed  the  characteristic  3C-SiC  LO  phonon  mode  which  is  strong  and 
allowed  for  the  (100)  surface.  The  existence  of  the  forbidden  TO  mode  reveals  the 
disordered  structure  particularly  in  the  very  thin  films.  The  analysis  on  the  variations  of 
X-ray,  FTIR  and  Raman  spectra  with  different  film  thicknesses  and  other  parameters 
confirm  that  the  CVD-grown  3C-SiC  films  on  Si  (100)  thicker  than  13  pm  or  with  4  hours 
growth  time  possess  high  quality  of  crystalline  perfection.  It  also  shows  that  low 
pressure  growth  achieves  an  improvement  of  the  quality  of  3C-SiC  films.  This 
combined  structural  and  optical  study  on  CVD-cubic  SiC/Si  enhances  our 
understanding  of  the  CVD  growth  of  SiC.  Further  studies  on  CVD  3C-SiC  grown  under 
different  conditions,  including  on  off-axis  Si  substrates,  are  in  progress. 
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ABSTRACT 

Silicon  carbide  films  have  been  grown  on  6H-SiC  (0001)  and  Si  (001)  wafers  by  laser  ablation 
using  an  excimer  laser.  The  films  were  deposited  at  heater  plate  temperatures  between  970°  C 
to  1270°  C.  Film  composition,  morphology  and  polytypism  were  determined  by  Auger  electron 
spectroscopy,  atomic  force  microscopy  and  high  resolution  transmission  electron  microscopy 
(TEM).  In  the  course  of  these  experiments  growth  of  2H-SiC  on  6H-SiC  was  observed  at  the 
highest  heater  plate  temperatures.  Cross-sectional  TEM  images  clearly  show  the  symmetry  of  a 
film  grown  at  1270°  C  as  c-axis  oriented  2H-SiC  containing  columnar  grains  with  average 
diameter  of  20  nm  and  length  of  100  nm. 


INTRODUCTION 

Silicon  carbide  has  been  of  wide  interest  as  a  potentially  important  semiconducting 
material  for  a  long  time'.  Silicon  carbide  has  a  large  band-gap  (2.4  to  3.3  eV),  high  thermal 
conductivity  (5  W/cm-°C),  high  electric  breakdown  (4x10®  V/cm),  good  radiation  resistance,  and 
excellent  stability  at  temperature  in  excess  of  1000  °C.  These  properties  make  it  an  attractive 
material  for  high  temperature  electronic  and  UV  optical  applications.  More  than  a  hundred 
different  polytypes  of  SiC  have  been  identified,  all  which  are  different  stackings  of  two  variants 
of  a  basic  tetrahedral  SiC  unit  along  an  unique  direction,  the  c-axis^.  SiC  polytypes  have  cubic 
(C),  hexagonal  (H),  or  rhombohedral  (R)  symmetry  and  following  Ramsdell  are  identified  by  the 
periodicity  of  the  Bravais  lattice  of  the  crystal’.  To  date  many  different  polytypes  have  been 
grown  in  thin  film  form  (6H,  4H,  3C,  and  15R)  by  various  methods,  such  as  atmospheric  and  low 
pressure  chemical  vapor  deposition  (CVD)'*,  and  molecular  beam  epitaxy  (MBE)®.  The  growth 
of  these  different  polytypes  depends  on  the  orientation  of  the  crystal  surface,  the  temperature  and 
substrate  surface  cleanliness®,  and  the  growth  technique.  For  example,  thin  film  growth  by  CVD 
on  6H-SiC  substrates  lapped  several  degrees  off  the  {0001} direction  toward  the  {1120}  result 
in  the  formation  of  6H-SiC  thin  films®  at  1200  °C.  On  the  other  hand,  gas  source  MBE  growth 
on  similarly  prepared  6H  substrates  resulted  in  the  formation  of  3C-SiC  in  the  temperature  range 
of  1050  °C  to  1250  °C®.  However,  no  technique  in  the  past  has  been  able  to  produce  in  thin  film 
form  the  SiC  polytype,  2H-SiC,  with  the  highest  bandgap  and  lowest  repeat  order.  2H-SiC  in  the 
past  has  only  been  grown  as  extremely  small  whisker  crystals  of  no  more  than  400  pm  in 
diameter’. 

2H-SiC  is  an  important  polytype  for  electronic  and  optical  properties,  if  usable  quantities 
and  geometric  form  can  be  produced.  It  has  the  highest  bandgap  (3.3  eV)*,  the  largest  bi- 
refringency®,  and  may  have  the  highest  electron  mobility"’  of  any  of  the  SiC  polytypes. 
Furthermore  its  structure,  wurzite,  and  its  lattice  parameter  matches  those  of  2H-A1N.  The 
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possibility  of  growth  of  2H-SiC  on 
AlN/sapphire  enhances  the  usefulness  of  the 
material.  The  AlN/sapphire  system  offers 
potential  growth  of  films  over  areas  greater 
than  75  cm^  on  high  resistivity  substrates. 
Furthermore,  this  method  avoids  the 
difficulties  associated  with  the  micropipes 
common  to  SiC  substrates  grown  by  the 
modified  sublimation  method."  Possible 
applications  of  2H-SiC  are  UV  LEDS,  high 
speed  and  high  frequency  devices,  optically 
active  devices,  2H-AlN/2H-SiC  hetro- 
structures  and  a  wide  variety  of  photonic 
applications. 


200 


I  100 


0 


100  200 
nm 


EXPERIMENT 


One  growth  method  that  has  not  been 
extensively  applied  to  SiC  is  that  of  pulsed 
laser  deposition  (PLD).  This  method  has 
recently  proved  to  be  very  successful  for  the 
epitaxial  growth  of  a  wide  variety  of 
compounds.  Examples  include  the  high 
temperature  superconductors  YBCO  and 
BKBO,  as  well  as  insulators  such  as  MgO, 

LaAlOj  and  SrTiOj.  Under  conditions  typical 
for  laser  deposition  of  materials  the  initial 
plasma  temperature  is  of  the  order  of  10''  K, 
whereas  the  species  in  the  CVD  or  MBE 
processes  have  energies  which  are  several 
orders  of  magnitude  lower.  In  the  course  of 
investigation  into  the  use  of  PLD  for  SiC  thin 
film  growth,  we  discovered  conditions 
necessary  for  the  growth  of  epitaxial  2H-SiC 
on  (0001)  6H-SiC.'"  The  6H-SiC  and  Si 
substrates  were  mounted  on  the  front  of  a  molybdenum  plate  which  was  heated  from  the  backside 
resistively  by  tantalum  coils.  The  substrate  was  held  onto  the  molybdenum  plate  by  a 
molybdenum  clip.  The  surface  of  the  heated  plate  was  placed  parallel  to  the  surface  of  a  poly¬ 
crystalline  SiC  (purity  99.999%)  target.  The  laser  beam  was  focused  onto  the  target  through  a 
fused-silica  window  on  the  vacuum  chamber.  The  fluence  of  the  laser  beam  at  the  target  surface 
was  approximately  2.5  I/cm^.  The  repetition  rate  was  2  pulses  per  second.  The  chamber  pressure 
was  approximately  5  x  10'®  torr  during  deposition.  The  laser  beam  was  scanned  over  the  target 
using  a  conventional  beam  steerer.  The  temperature  of  the  plate  was  measured  by  a  type  R- 
thermocouple  welded  to  the  molybdenum  plate.  SiC  was  deposited  on  Si  with  the  Mo  plate 
temperature  held  at  970  "C  and  1125  °C  while  the  plate  temperature  for  SiC  films  on  SiC  was 
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Figure  1 . — Atomic  force  micrographs  of  SiC 
films  grown  on  6H-SiC  at  1125  °C  (a),  and 
1270  °C  (b).  The  RMS  roughness  is 
0.32  nm  (a)  and  6.3  nm  (b). 
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970  °C,  1125  °C  and  1270  °C.  The  growth  rate  was  approximately  0.05  nm  per  second.  After 
deposition  the  samples  were  analyzed  by  X-ray  diffraction  (XRD),  atomic  force  microscopy 
(ATM),  Auger  electron  spectroscopy  (AES),  electron  diffraction,  and  high-resolution  transmission 
electron  microscopy  (HTREM). 


CHARACTERIZATION 


All  of  the  SiC  films  described  here  (both  on  Si  and  SiC  substrates)  were  specular  and 
featureless  under  an  optical  microscope  at  magnification  to  400x.  Examination  of  the  films  by 
a  scanning  electron  microscopy  revealed  a  featureless  surface  at  25Kx,  with  the  presence  of  an 
occasional  particulate  believed  to  originate  from  the  ablation  target.  To  reveal  the  SiC  film 
surface  morphology,  AFM  was  employed  using  a  Digital  Instruments  Nanoscope  III  apparatus. 
Films  grown  on  Si  and  6H-SiC  at  970  °C  and  those  on  Si  at  1125  °C  were  featureless  by  AFM. 
The  films  grown  on  6H-SiC,  as  seen  in  Fig.  1.,  at  1125  °C  and  1270  °C  were  granular  with 
average  grain  size  and  roughness  of  0.32  nm  and  15  nm,  and  6.3  nm  and  65  nm,  respectively. 
The  grains  of  the  film  grown  at  1270  °C  have  a  hexagonal  symmetry  as  shown  in  Fig.  lb. 

X-ray  diffraction  measurements  revealed  that  only  the  films  grown  on  6H-SiC  at  1125  °C 
and  1270  °C  were  crystalline.  Reflections  corresponding  to  d-spacings  of  0.126  nm  and  0.252 
nm  were  observed.  The  X-ray  rocking  curve  performed  on  the  film  grown  at  1270  °C  indicated 
that  substrate  was  lapped  2.5°  off-axis.  The  full-width-at-half-maximum  of  the  rocking  curve 
about  the  d=0.252  nm  film  reflection  was  3  degrees.  This  result  may  be  attributed  to  both  the 
small  grain  size  and  a  slight  variation  of  the 
grain  orientation. 

The  AFM  data  along  with  the  XRD 
data  suggests  that  the  film  grown  at  1270  °C 
is  crystalline  with  hexagonal  symmetry,  but 
can  not  reveal  the  polytype.  In  order  to 
determine  the  polytype  of  the  film  grown  at 
1270  °C  a  cross-sectional  specimen  was 
prepared  by  the  sandwich  technique  and  was 
investigated  using  a  JEOL  4000EX  electron 
microscope.  Fig.  2  shows  a  low  magni¬ 
fication  high  resolution  electron  micrograph 
of  the  film.  Inset  in  this  figure  is  a  diffrac¬ 
tion  pattern  corresponding  to  the  film.  The 
symmetry  and  measurements  on  the 
diffraction  pattern  of  the  film  both  corre¬ 
spond  to  2H-SiC.  The  data  in  fig.  2  were 
obtained  with  the  incident  beam  in  the 
microscope  accurately  aligned  with  the  [1120] 
axis  of  the  film.  From  this  diffraction  data 
we  conclude  that  the  2H  grains  have  parallel 


Figure  2. — Cross-sectional  TEM  micrograph 
of  the  2H-SiC/6H-SiC  interface  with  the 
electron  beam  along  the  [1120]  zone-axis 
of  the  film.  Inset  is  the  diffraction  pattern 
of  the  film. 
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Figure  3. — A  high  magnification  HREM  of  a 
2H-SiC  grain. 
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Figure  4. — Auger  eiectron  spectroscopy  depth 
profiie  of  the  backside  of  a  6H-SiC  wafer 
held  at  1270  °C  during  deposition. 


c-axis,  and  their  [1010]  axis  are  aligned  with  the  [lOlO]  axis  of  the  6H  substrate.  However,  the 
film  c-axis  was  tilted  by  3°  to  4°  away  from  the  substrate  normal. 

Fig.  3  shows  a  high  magnification  micrograph  of  two  of  the  2H-SiC  grains  and  the 
interface  between  them.  The  faces  of  the  basal  planes,  (0002)  are  nearly  horizontal  and  have 
a  spacing  of  0.5  nm,  as  marked  on  the  figure.  Except  for  a  few  faults  (especially  near  the  top 
of  the  grains)  where  small  regions  have  the  3C  structure,  the  grains  are  relatively  defect  free. 

AES  was  performed  on  the  SiC  films  grown  on  both  Si  and  6H-SiC  and  bare  6H-SiC 
substrates.  The  Si(KLL)  and  the  C(KLL)  peaks  were  used  to  determine  the  ratio  of  Si  to  C.  The 
ratio  of  the  peak  heights  from  the  bare  6H-SiC  substrate  (69:30)  was  used  to  calibrate  the 
findings  for  the  thin  films.  In  all  the  films,  we  observed  an  oxygen  signal  (0.5  %  to  3%)  at  or 
below  the  noise  level  for  the  system;  therefore,  no  conclusion  regarding  the  effect  of  the 
background  gases  in  the  chamber  on  the  growth  of  2H-SiC  can  be  made.  At  970  °C  and  1125 
°C  the  films  grown  on  silicon  and  at  970  °C  the  film  grown  on  6H-SiC  had  the  same  Si;C  ratio 
as  in  the  calibration  sample.  The  SiC  film  grown  at  1270  °C  had  a  Si:C  ratio  which  was  carbon 
rich.  The  backside  of  the  substrate  which  had  SiC  deposited  on  it  at  1270  °C  was  analyzed  by 
AES  and  was  found  to  be  carbon  rich  on  the  surface  and  then  approach  the  calibrated  values 
deeper  into  the  crystal  as  can  be  seen  in  Fig.  4.  AES  data  on  the  SiC  film  grown  at  1125  °C  was 
inconsistent.  One  AES  depth  profile  showed  a  carbon  rich  surface  while  two  others  did  not. 
These  data  suggest  that  silicon  is  partially  volatile  at  higher  growth  temperatures  and  result  in 
the  2H-SiC  films  on  SiC  being  carbon  rich. 
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CONCLUSIONS 


We  have  discovered  that  epitaxial  2H-SiC  thin  films  can  be  grown  on  off-axis  6H-SiC  using 
PLD  in  a  high-vacuum  environment  with  the  substrate  holder  plate  temperatures  at  least  1125  °C. 
The  size  of  the  2H-SiC  grains  increases  with  deposition  temperature  and  is  65  nm  in  diameter 
for  a  growth  temperature  of  1270  °C.  _A11  the  grains  have  their  c-axis  nearly  aligned  and  are 
aligned  with  the  substrate  along  the  [1010]  direction.  There  is  a  tilt  of  approximately  3°  between 
the  substrate  c-axis  and  that  of  the  film.  Silicon  carbide  grows  amorphously  on  silicon  up  to 
temperatures  of  at  least  1125  °C. 
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ABSTRACT 

Silicon  carbide  has  excellent  physical  and  electronic  properties  for  use  in  devices  when 
higher  temperatures  or  higher  power  densities  are  required.  We  have  investigated  a  direct  laser 
conversion  technique  to  create  electrical  conductors  on  the  high  band-gap  silicon  carbide.  Thin 
films  of  silicon  carbide  (SiC)  were  sputter  deposited  on  AI2O3,  Si02,  and  Si  substrates  using  a 
SiC  target  with  an  RF  planar  magnetron.  These  films  were  irradiated  at  308  nm  with  multiple  15 
ns  excimer  laser  pulses  creating  0.5  to  2  mm  wide  electrically  conducting  paths.  Both  the 
irradiated  and  unirradiated  films  were  evaluated  as  a  function  of  substrate  type,  deposition 
temperature,  finish,  stoichiometry,  annealing  temperature,  sputter  gas,  film  thickness,  and  laser 
processing  conditions.  The  lowest  re.si.stivity  films,  originally  10  ohm-m,  were  calculated  to  be 
160  pohm-m  obtained  after  iiradiation,  which  compares  to  a  value  of  50  pohm-m  obtained  after 
irradiating  bulk  SiC.  The  films  were  characterized  using  XPS,  SIMS,  AES,  SEM,  and  Raman 
spectroscopy.  We  were  able  to  characterize  the  composition  of  the  films  and  conducting  traces,  the 
surface  oxide,  the  critical  binding  energies,  the  lattice  structure,  and  the  morphology  of  the 
microstructure.  Models  for  the  pha.se  transformations  and  conductivity  have  been  formulated. 

INTRODUCTION 

Many  of  the  limitations  of  semiconductor  devices  are  a  result  of  the  properties  of  silicon. 
To  achieve  higher  performance  devices,  gallium  arsenide  (GaAs)  and  silicon  carbide  (SiC)  are 
being  evaluated.  Of  these  two  leading  candidates  silicon  carbide  has  the  higher  bandgap  energy 
(2.2  eV  for  13  SiC;  2.9  eV  for  6H  SiC);  the  higher  breakdown  electrical  field  (2.5  x  lO*’  V/cm  for 
6H;  2  X  l()i’  V/cm  for  1.1);  and  the  higher  thermal  conductivity  (4.9  W/cm-K).  These  advantages 
permit  the  u.se  of  silicon  carbide  at  high  temperatures  without  intrinsic  conduction  effects,  under 
high  voltage  gradients,  and  in  situations  requiring  high  heat  dissipation.  If  the  application  tech¬ 
nology  is  developed  for  silicon  carbide,  this  will  enable  new  levels  of  power  in  semiconductor 
devices.  Becau.se  of  its  high  saturated  electron  drift  velocity,  SiC  would  also  be  favored  at  high 
(microwave)  frequencies.  These  properties  .suggest  that  .silicon  carbide  could  be  u.sed  in  devices  as 
a  high  temperature  .semiconductor,  a  blue  light  emitting  diode,  a  p-doped  window  for  solar  cells, 
an  ultraviolet  radiation  detector,  and  in  high  temperature  sensors  and  actuators. 

Silicon  carbide  has  been  considered  for  u.se  in  electronic  devices  in  three  different  forms. 
These  include  single  crystal  SiC  in  both  15  cubic  and  hexagonal  phases,  high  temperature  chemical 
vapor  deposited  15  SiC,  and  low  temperature  sputter  deposited  amoiphous  thin  films.  Our  research 
has  focussed  on  the  low  temperature  sputter  deposited  form.  The  fabrication  parameters  for  these 
films  have  been  studied  by  Wasa  et  al  1-2  and  Tohda  et  aU  in  order  to  produce  wear  resistant  films 
and  temperature  sensors.  They  established  parameters  for  producing  amorphous  films  (substrate 
temperature  below  5()()°C)  and  15  SiC  films  (above  7(K)°C).  Further  work  by  Seaward,  Barbee,  and 
Tiller^  using  magnetron  sputtering  was  u.sed  to  optimize  the  optical  properties  and  band  gap. 
Suzuki  et  ais  established  that  the  properties  of  RF  .sputtered  SiC  films  making  them  useful  for  p- 
doped  windows  for  Si  .solar  cells.  As  the  technology  of  the  .sputter  deposited  films  advances,  it  is 
expected  that  more  applications  will  be  established. 

In  order  to  fabricate  silicon  carbide  .semieonductor  devices,  .several  technologies  must  be 
developed.  For  example,  to  construct  a  junction  field-effect  transistor,  other  FETs  or  light  emitting 
diodes,  the  planar  technologies  of  doping,  oxidation,  and  metallization  are  needed  as  well  as 
patterning  technologies.  One  of  the  limiting  processing  steps  with  silicon  carbide-based  devices 
pertains  to  the  metallization  for  the  source,  drain,  and  gate  eontacts.  These  contacts  must  be  free  of 
oxidation  and  unreactive  with  materials  in  contact,  including  silicon  carbide  for  long  times  at  350°- 
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4()0°C.  Aluminum  is  unsatisfactory  and  much  of  the  preliminary  testing  of  these  devices  has  been 
performed  in  nitrogen  to  prevent  oxidation  of  the  metal  electrodes.  A  recent  discovery  by 
Quick®.'?  may  result  in  a  new  method  of  forming  electrical  contacts  on  SiC  without  the  need  for 
(external)  metallization.  He  has  used  Nd:YAG  lasers  to  (thermally)  irradiate  silicon  carbide, 
producing  tracks  which  are  highly  conductive.  We  report  on  testing  those  materials  and  make 
comparison  to  laser  irradiated  silicon  carbide  films  produced  here  at  NIST. 

Silicon  carbide  (SiC)  is  a  line  compound  with  little  solubility  for  carbon  or  silicon  and  does 
not  melt  congruently,  but  is  characterized*  by  a  peritectic  reaction  at  2545±40°C.  Therefore,  upon 
heating  by  laser  irradiation  beyond  2545°C,  SiC  will  form  solid  carbon  and  liquid  silicon  with  27% 
atomic  carbon  dissolved.  After  sufficient  heat  is  supplied  for  the  latent  heat  of  fusion,  the  temp¬ 
erature  of  the  two  phase  mixture  will  increase  further,  and  more  carbon  will  dissolve  until  Si  gas  is 
formed  above  3500°C.  In  the  presence  of  oxygen,  both  CO  and  SiO  could  form  rapidly  which  also 
would  change  the  carbon  to  silicon  ratio  of  the  remaining  condensed  phase.  However,  due  to  the 
rapid  heating  and  cooling  during  a  laser  pulse  (<15  ns),  there  is  little  time  for  segregation  by 
diffusion.  This  investigation  was  intended  to  find  optimal  processing  conditions  for  laser 
transformed  thin  film  silicon  carbide  and  explain  the  resultant  structures. 

Experimental  Procedure 

Thin  films  were  sputter  deposited  from  CVD  SiC  (99.5%)  onto  substrates  of  silicon 
wafers,  fused  quartz,  a  SiC,  and  alumina  with  a  0.1  jiM  and  1  |iM  finishes.  Power  levels  of  50- 
200W  rf  and  125  W  dc  were  supplied  to  a  10  cm  target  in  0.4  Pa  of  argon  and  also  argon  -i-  4% 
hydrogen  sputtering  gas  after  a  pump  down  to  10-s  Pa.  Additional  graphite  or  silicon  targets  were 
used  simultaneously  to  produce  films  with  excess  carbon  or  silicon.  The  target  to  substrate 
distances  used  were  5-10  cm  and  the  substrate  temperatures  were  varied  between  40°C  to  380°C  to 
investigate  the  relationship  between  processing  parameters  and  film  properties.  A  range  of  laser 
intensities  were  used  to  convert  the  SiC  to  conductive  layers.  Typically,  the  XeCl  excimer  laser 
(308  nm,  15  ns)  was  operated  at  10  Hz  and  a  7.5  mm  diameter  (0.5  cm2)  center  portion  of  the  laser 
beam  was  selected.  This  light  was  spatially  filtered  by  focusing  through  a  pinhole  and  then 
recollimated  using  fl.5  optics.  A  3  mm  diameter  uniform  center  portion  of  the  beam  was  then 
selected  and  focused  down  to  beam  sizes  of  0.5- 1.0  mm  diameter.  This  procedure  was  found  to 
produce  a  relatively  uniform  distribution  in  the  irradiated  area.  Typically,  the  incident  energy  in  the 
irradiated  area  was  about  5-10  mJ/pulse,  corresponding  to  about  6(K)-1200  mJ/cm2/pulse  (for  a  1 
mm  diameter  irradiated  area).  The  sample  to  be  irradiated  was  mounted  on  a  stepper  motor  driven 
stage  allowing  the  la.ser  spot  to  be  translated  across  the  sample  surface  at  a  controlled  rate. 

Four  point  resistance  measurements  were  made  with  osmium  points  at  temperatures  rang¬ 
ing  from  22°C  to  120°C  to  evaluate  the  conductivity  of  the  films  and  the  thermal  coefficient  of 
resistivity.  Depth  profiling  by  Auger  electron  spectroscopy  was  performed  using  a  Perkin-Elmer 
PHI  660  scanning  Auger  microprobe  with  3  keV  electron  beam  to  stimulate  Auger  transitions  and  a 
4  keV  Ar+  ion  beam  to  sputter-etch  the  surface.  Secondary  ion  mass  spectrometry  (SIMS)  was 
performed  using  a  Cameca  IMS  4F  instrument  with  a  14.5  ke'V  Cs+  beam  and  monitoring  negative 
secondary  ions.  Sputtered  crater  depths  for  both  Auger  and  SIMS  measurements  were  determined 
using  a  surface  profilometer.  XPS  Spectra  were  acquired  using  a  nonmonochromatized  A1  anode 
operated  at  240  W  as  the  excitation  source.  A  hemispherical  analyzer  was  operated  in  the  retarding 
mode  at  a  pass  energy  of  20  eV  for  electron  energy  analysis.  Raman  spectra  were  acquired  by 
exciting  at  514  nm  (argon  ion  laser),  irradiating  the  sample  with  typically  250  mW  in  a  60  pm 
diameter  spot  at  near  grazing  incidence  (<15o)  and  vertically  polarized  light,  collecting  the  scattered 
light  at  near  surface  normal  (>75«)  with  roughly  f6  optics,  dispersing  the  Raman  shifted  light  using 
a  0.5  m  monochromator,  and  detecting  with  a  512x512  CCD  array. 

Results 

Our  investigation  of  the  optimization  of  electrical  conductivity  of  the  laser  converted  tracks 
focussed  on  film  fabrication  parameters  and  laser  proce,ssing  parameters.  The  la.ser  power  density 
was  varied  by  either  attenuating  the  laser  beam  with  glass  and  quartz  plates  or  by  varying  the  dis¬ 
tance  between  the  focusing  lens  (more  typical).  A  variety  of  laser  intensities  were  used:  from  low 
intensities  where  little  visible  change  in  the  irradiated  area  was  ob.served  (as  well  as  little  conductiv¬ 
ity  change)  to  significant  visible  change  to  clear  ablation  (where  a  2-4  mm  long  plume  was  ejected). 
In  general,  visible  changes  in  the  irradiated  area  would  occur  at  low  intensities,  but  with  little 
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change  in  conductivity.  Visible  emission  from  the  surface  was  observed  upon  laser  irradiation. 
This  was  dependent  upon  laser  intensity,  the  specific  surface,  and  whether  the  surface  had  been 
irradiated  previously.  For  the  SiC  on  polished  silicon  surfaces  at  low  intensities,  no  visible  emis¬ 
sion  was  observed.  For  all  of  the  other  SiC  samples  (a,  reaction-bonded,  SiC  thin  films  on 
alumina  and  quartz)  even  at  very  low  intensities,  an  initial  "spark"  was  observed  that  went  away 
after  a  few  pulses.  This  was  interpreted  as  a  "cleaning"  or  aUation  of  the  surface  layer,  such  as 
removing  a  thin  surface  oxide  (SiO*)  layer.  For  all  of  SiC  surfaces  it  was  determined  that  there 
was  an  optimum  laser  intensity  for  best  conversion  to  conductive  layers;  that  is,  at  low  intensities 
(<500  mJ/cm2/pulse)  little  change  in  the  conductivity  was  measured  and  at  high  intensities  (>1500 
mJ/cm2/pulse)  material  was  ablated.  It  was  also  found  that  there  was  also  a  optimum  rate  of 
translation  of  the  irradiated  area  along  the  surface.  Very  fast  rastering  (<4  repeat  pulses/spot) 
resulted  in  non-uniform  conversion.  Very  slow  rastering  (>25  repeat  pulses/spot)  resulted  in  good 
conversion,  but  loss  of  some  material.  Rastering  at  a  rate  corresponding  to  effectively  about  1 1-16 
repeat  pulses  on  each  spot  resulted  in  the  best  conversion.  Good  conductivity  (50-60%  of  best 
values)  was  obtained  even  at  very  fast  rastering  and  only  slowly  improved  as  the  rate  of  rastering 
decreased  until  an  optimum  value  was  reached.  After  this  point  was  reached,  the  resistance  of  the 
laser  transformed  film  abruptly  increased,  consistent  with  partial  ablation  of  the  transformed  film 
(from  optical  microscopy  and  visible  emission  from  a  2-4  mm  plume  from  the  irradiated  area). 

Table  1  is  a  presentation  of  some  of  the  results  and  parameters  of  the  investigation  of  fabri¬ 
cation  variables.  An  optimization  of  these  parameters  after  laser  irradiation  for  resistance  permits 
the  following  conclusions.  (1)  Alumina  substrates  were  superior  to  silicon,  silica,  or  SiC.  (2) 
Better  results  were  accomplished  with  an  optical  finish  on  the  AI2O3.  (3)  A  substrate  temperature 
of  330-380°C  was  better  than  50°C.  (4)  Excess  silicon  in  the  deposit  was  inferior  to  stoichiometric 
SiC.  (5)  Excess  carbon  (20%)  produced  the  best  results.  (6)  Annealing  the  sputtered  film  at 
930°C  (to  crystallize  p  SiC)  was  not  useful.  (7)  Pure  argon  sputtering  gas  was  better  than  argon 
plus  4%  H2.  (8)  The  thickness  of  the  SiC  thin  film  should  be  3  pm  or  more  to  obtain  the  best 
results.  The  best  laser  irradiated  tracks  on  sputter  deposited  SiC  were  made  using  polished  AI2O3 
substrates  at  330°C  and  3.4  pm  thick  with  excess  carbon  in  an  argon  sputter  gas  and  had  a  resis¬ 
tance  of  800Q.  This  compares  to  10*- 109  ohms  for  the  as  deposited  films. 

In  addition  to  the  room  temperature  4  point  probe  resistance  tests,  we  tested  the  resistance 
of  the  laser  transformed  tracks  as  a  function  of  temperature  between  20°C  and  120°C.  The  thermal 
coefficient  of  resistivity  was  negative  in  all  the  laser  transformed  thin  films  indicating  semiconduc¬ 
tor  behavior.  The  coefficient  was  approximately  1500  ppm  per  K  for  low  resistance  (1400  ohm) 
films  and  higher  for  films  with  greater  resistance  (3000  ppm  per  K  for  12000  ohm). 

A  series  of  diagnostic  techniques  were  employed  to  characterize  the  laser  irradiated  silicon 
carbide.  Optical  microscopy  and  scanning  electron  microscopy  were  used  to  characterize  the 
morphology  and  topology  of  the  phases.  X-ray  photoelectron  spectroscopy  (XPS)  was  used  to 
monitor  the  surface  composition  and  carbon  to  silicon  ratios,  SIMS  depth  profiling  and  Auger 
depth  profiling  were  used  to  determine  changes  in  composition  with  depth  and  Raman  analysis  was 


Figure  1.  SEM  photographs  of  laser  transformed  silicon  carbide  samples 
(a)  hot  pressed  SiC  (b)  thin  film  SiC  on  alumina 


431 


used  to  identify  bonding  pairs  in  the  transformed  material. 

The  microscopic  topology  of  the  highly  conductive  films  is  presented  in  the  SEM 
photographs  Figures  la  and  lb.  Rg.  la  illustrates  the  coarse,  5  pm  “globules”  solidified  from  the 
molten  particle  on  hot  pressed  SiC.  Fig.  lb  shows  the  smaller  agglomerated  globules  solidified 
from  the  laser  melted  thin  (3  pm)  films.  These  structures  appear  very  similar  at  lOOOx  using 
optical  microscopy  although  the  depth  of  focus  is  significantly  inferior.  Films  which  were  trans¬ 
formed  to  lower  electrical  conductivity  either  had  more  widely  spaced  globules  (lower  power)  or 
had  sections  where  the  film  was  ablated.  In  general,  we  could  correlate  high  conductivity  films 
with  the  appearance  of  uniform  and  complete  melting  of  the  surface  of  the  laser  track. 

One  key  issue  in  explaining  the  high  conductivity  of  the  laser  transformed  material  is 
identifying  the  phase  or  phases  in  Fig.  la  and  lb.  The  irradiation  includes  a  heating  to  the  point  of 
vaporization  and  melting  of  the  silicon  carbide.  The  peritectic  melting  at  2545°C  should  produce 
molten  silicon  with  27  atomic  percent  carbon  plus  solid  carbon  according  to  the  phase  diagram. 
However,  because  the  heating  is  so  rapid  (10  ns)  diffusion  distances  would  be  very  small  (<10 
nm,  assuming  a  liquid-like  diffusivity  of  10-4  cm  2/s)  and  a  melt  of  50%  carbon  could  be  produced 
above  3000°C  which  would  require  little  or  no  phase  separation.  We  expect  the  cooling  to  be 
similarly  rapid  and  therefore  phase  separation  is  also  severely  constrained  during  solidification. 

The  stoichiometric  ratio  of  silicon  and  carbon  in  the  silicon  carbide  thin  films  was  measured 


by  Auger  depth  profiling.  We  measured  silicon,  carbon,  and  oxygen  signals  as  a  function  of  depth 
on  areas  of  high  conductivity  and  on  areas  of  as  deposited  films.  The  silicon-carbon  ratio  was  1:1 
(+5%)  throughout  all  the  films  tested  and  was  not  affected  by  the  hydrogen  in  the  sputtering 
atmosphere.  We  did  not  see  significant  differences  between  high  conductivity  and  low 
conductivity  traces  and  the  oxygen  signal  was  within  the  noise  level  (5%). 


Depth  (micrometers) 

Figure  2.  SIMS  depth  profile  of  a  high 
conductivity  laser  irradiated  SiC  thin 
film 


It  was  felt  that  secondary  ion  mass 
spectrometry  (SIMS)  would  be  more  sensitive  to 
the  low  concentration  levels  of  oxygen.  Several 
thin  films  were  analyzed  by  sputter  depth 
profiling  with  SIMS.  Fig.  2  shows  SIMS  depth 
profiles  of  an  high  conductivity  track  (resistance 
of  8(X)  ohm)  in  a  laser  irradiated  film.  The  unir¬ 
radiated  films  show  flat  depth  profiles  with  sig¬ 
nals  identical  to  that  observed  at  the  largest 
depths  in  the  irradiated  films.  The  irradiated 
film  shows  the  presence  of  a  thin  surface  oxide. 
Similar  surface  spikes  in  the  oxygen  signal  were 
observed  in  other  irradiated  SiC  samples  (but 
not  in  the  unirradiated  samples).  The  SIMS 
depth  profiles  also  indicate  a  depleted  region  of 
oxygen  that  reaches  a  minimum  value  at  a  depth 
of  about  0.05  micrometers.  The  oxygen  secon¬ 
dary  ion  signal  at  the  minimum  values  is  about  4 
times  lower  than  in  the  unirradiated  film.  The 


oxygen  variation  in  the  irradiated  films  occurs  over  a  depth  of  about  0.0  to  0.3  micrometers. 
Beyond  0.3  micrometers,  the  oxygen  signal  is  comparable  to  the  unirradiated  sample.  We 
associate  the  dip  in  oxygen  with  the  laser  transformed  zone  with  high  conductivity.  Combining 
our  estimate  of  0.2  pm  from  the  SIMS  profile  and  the  800  ohm  resistance  on  the  4  point  probe,  the 
apparent  resistivity  of  the  transformed  track  is  0.016  ohm-cm. 

The  presence  of  a  surface  oxide  was  also  apparent  on  the  XPS  intensity  traces  (as  well  as 
with  AES).  XPS  was  useful  in  measuring  the  excess  carbon  and  silicon  in  the  films  deposited 
from  multiple  targets,  but  not  in  identifying  changes  in  the  bonding  nature  of  the  irradiated  layers. 
Twenty  percent  excess  carbon  was  measured  on  the  sample  tested  with  7000  ohms  resistance  and 
permitted  estimation  of  all  of  the  compositions  of  the  samples  with  excess  carbon.  Similarly  14% 
excess  silicon  was  measured  on  sample  18B  but  all  samples  with  excess  silicon  had  poor 
conductivity  after  laser  irradiation. 

Raman  spectroscopy  can  be  used  to  identify  interatomic  bonding.  We  were  particularly 
interested  in  characteristic  Si-C,  Si-Si,  and  C-C  bonds  that  would  indicate  the  presence  of  the 
peritectic  reaction  of  SiC=Si(C)  C.  The  Raman  spectra  for  both  unirradiated  and  irradiated 
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silicon  carbide  and  sputtered  thin  film  silicon  carbide  are  presented  in  Fig.  3.  In  the  hot  pressed 
SiC,  as  expected  there  are  two  strong  peaks  at  785  and  975  cm-i  indicative  of  ordered  silicon 
carbide^,  while  in  the  as-deposited  films  their  absence  suggests  an  amorphous  state.  In  the 
irradiated  films,  there  is  a  sharp  peak  at  520  cm-i,  indicative  of  ordered  siliconii  and  broad  peaks 
at  1580  and  1360  cm-i,  indicative  of  graphite  and  disordered  carbon,  respectively,  lo  Although 
Fig.  3  seems  to  imply  that  there  is  little  silicon  or  carbon  in  the  irradiated,  hot  pressed  SiC,  other 
Raman  spectra  obtained  at  lower  irradiation  indicate  the  presence  of  silicon  and  carbon.  There  are 
several  signiOcant  observations,  consistent  with  the  reaction  SiC  =  Si(C)  +  C.  (1)  Si-C  bonds 
were  reduced  in  a  SiC  upon  irradiation.  (2)  Si-Si  bonds  increased  in  laser  irradiated  a  SiC  and 
SiC  films.  (3)  C-C  bonds  increased  the  films  (but  decreased  in  a  SiC). 

The  reduction  in  Si-C  bonds  at 
the  surface  of  the  highly  conductive  tracks 
in  a  SiC  coupled  with  the  increase  of  Si- 
Si  bonds  indicates  the  progression  of  the 
peritectic  reaction  SiC=Si(C)  +  C  in  the  a 
SiC.  The  increase  in  Si-Si  bonds  and  C-C 
bonds  in  the  film  also  indicates  the  peritec- 
tic  reaction.  In  the  case  of  the  films,  there 
was  no  excess  carbon  before  irradiation 
and  the  melting  cycle  was  faster  as 
evidenced  by  tbe  microstructure  (Fig.  la, 
lb),  suggestive  of  increased  C-C  bonds 
with  the  laser  processing.  Note  the  appar¬ 
ent  photoluminescence  at  lower  energies 
(“scattered”  light  at  >13(X)  cm-i  shift  from 
514  nm,  consistent  with  a  bandgap  of 
-2.3  eV)  in  the  insulating,  unirradiated  a 
SiC  material.  In  summary,  some  peritectic 
phase  separation  of  carbon  and  silicon  are 
apparent  by  Raman  spectroscopy. 
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Figure  3.  Raman  spectra  from  hot  pressed 
SiC  and  thin  film  SiC  on  alumina  before 
and  after  laser  irradiation. 

Summary 

It  was  found  that  laser  irradiation  of  sputter  deposited  amorphous  silicon  carbide  films 
could  cause  a  resistance  drop  from  10*-105'  ohms  to  800  ohms  in  a  4  point  test.  A  0.2  |im  thick 
conducting  film  within  the  sputtered  film  was  created  by  melting  and  solidification  which  had  very 
little  change  in  composition.  These  results  are  similar  to  that  previously  reported  for  laser  trans¬ 
formed  hot  pressed  alpha  SiC.  Although  some  evidence  of  phase  separation  into  carbon  and 
silicon  was  observed  by  Raman  spectroscopy  it  is  unlikely  that  major  segregation  has  taken  place 
because  of  the  rapid  (15  ns)  thermal  treatment.  Some  surface  silicon  dioxide  is  formed  and  some 
material  loss  due  to  vaporization  was  also  noted. 

The  technique  of  laser  writing  conducting  paths  on  silicon  carbide  may  lead  to  important 
applications  as  harsh  environment  sensors  and  electronic  devices. 
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Laser  Transformed  Silicon  Carbide  Sputtered  Thin  Films 


HH 

15 

30. 

50°C*  1 

16 

17 

_ 1 

Al2C>, 

1.6 

70. 

18 

AI2O3 

1.4 

>100. 

xs  Si 

19 

AI2O3++ 

1.3 

7. 

xs  C 

AI2O3 

1.7 

6. 

xs  C 

AI2O3 

1.7 

35. 

-i-930‘’C  2h 

20 

AI2O3 

4.8 

6.5 

xs  C 

AI2O3** 

3.4 

0.8 

xs  C 

AI2O3 

3.4 

1.6 

-i-930°C  2h 

■all 

4.0 

1.7 

1.4 

Si 

3.1 

4.2 

22 

A1203 

3.3 

24. 

Ar  -1-  4H2 

A1203** 

2.5 

14. 

Ar  +  4H2 

Si 

2.9 

20. 

Ar  +  4H2 

23 

A1203 

2.7 

4.0 

Ar  +  4H2 

A1203** 

3.7 

7. 

and 

Si 

2.0 

mmmi 

*  Substrate  temperature,  all  others  300  -  370°C 
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Reactive  magnetron  Sputtering  of  silicon  in  ar  +  CH4: 

IDENTITY  AND  ENERGY  OF  THE  SiC  GROWTH  SPECIES 
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Coordinated  Sdence  Laboratory  and  the  Department  of  Materials  Science  and 
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Abstract 

Double-modulation  mass  spectrometry  is  used  to  analyze  the  identity  and  energy 
distribution  of  the  particle  flux  during  low-temperature  growth  of  Sii-xCx  by  reactive 
magnetron  sputtering  of  a  silicon  target  in  3  mTorr  argon  and  0  -  0.35  mTorr  methane. 
The  ion  fluxes,  methane  consumption,  film  deposition  rate,  and  film  composition  are 
determined  as  a  function  of  the  methane  partial  pressure  at  fixed  target  current.  Argon, 
silicon,  carbon  and  hydrocarbon  ions  are  detected  at  the  substrate  position.  The  argon 
and  hydrocarbon  ions  have  a  narrow  energy  distribution  consistent  with  the  plasma 
potential.  The  silicon  and  carbon  ions  have  a  broad  energy  spread,  consistent  with  that 
of  sputtered  neutrals  which  are  post-ionized  by  the  plasma.  The  film  composition 
(C/Si)  varies  in  the  same  manner  as  the  arrival  ratio  of  (C+/Si+)  ions,  but  does  not 
correlate  well  with  the  arrival  ratio  of  (ECHx'''/Si+)  ions  or  the  methane  consumption 
rate.  We  conclude  that  the  main  source  of  carbon  in  Sii-xCx  films  is  the  sputtering  of 
C  atoms  from  the  Si  target  surface. 


INTRODUCTION 

Cubic  silicon  carbide  (SiC)  is  receiving  much  attention  as  a  semiconductor  for  power 
devices  because  of  its  wide  band  gap  (2.3  eV)  and  high  thermal  stability  (Tm  =  2800  °C). 
However,  device  fabrication  has  been  limited  by  the  high  temperatures  (~  1200  °C) 
required  to  grow  epitaxial  films  using  chemical  vapor  deposition.  Recently,  Ivanov  and 
Sundgren  have  successfully  grown  SiC  films  at  lower  temperatures  (800  °C)  using 
DC  reactive  magnetron  sputtering  (RMS)  of  a  Si  target  in  an  (Ar  +  CH4)  atmosphere. 
Little  direct  evidence  exists  concerning  the  particle  fluxes  that  reach  the  growing  film 
surface,  or  the  mechanism(s)  by  which  carbon  is  transferred  from  CH4  molecules  to  the 
SiC  film  in  the  absence  of  thermal  pyrolysis.  Quantitative  information  is  desirable  for 
process  optimization,  since  low  energy  ion  bombardment  can  be  used  to  promote 
crystallinity  at  low  temperatures^,  and  the  defect  chemistry  will  depend  on  the  relative 
fluxes  of  C  to  Si.  During  reactive  magnetron  sputtering  of  Si  in  an  (Ar  +  CH4)  plasma, 
C  will  arrive  at  the  growing  SiC  surface  in  several  forms.  Hydrocarbon  radicals  and 
ions  are  generated  by  fast  electron  collisions  with  methane  molecules.  The  production 
rates  for  these  species  are  highest  in  the  intense  plasma  near  the  target.  Some  of  the 
C-bearing  species  will  chemisorb  on  the  Si  target  surface  and  then  be  sputtered  off  by 
argon  ions.  The  hydrocarbons  may  also  chemisorb  directly  onto  the  growing  film 
surface.  Since  a  weak  plasma  escapes  the  magnetic  trap  and  extends  to  the  substrate. 


435 

Mat.  Res.  Soc.  Symp.  Proc.  Vol.  339.  «'1994  Materials  Research  Society 


local  production  of  radicals  and  ions  is  potentially  significant  compared  with  transport 
from  the  target  region. 

This  work  reports  the  ion  fluxes,  CH4  consumption,  film  deposition  rate,  film 
composition,  and  plasma  parameters  near  the  substrate  (potential,  density,  and  electron 
energy  distribution  function)  as  a  function  of  the  CH4  partial  pressure  at  fixed  target 
current.  These  data  provide  a  nearly  complete  and  quantitative  understanding  of  the 
SiC  growth  fluxes  during  RMS. 


Experimental 

The  deposition  system  is  of  high  vacuum  construction,  turbo-pumped  to  a  base 
pressure  of  5  x  lO'^Torr.  The  deposition  source  is  a  5  cm  diameter  planar  magnetron 
(AJA  International)  with  a  polycrystalline  silicon  target,  7  cm  from  the  substrate. 
Amorphous,  hydrogenated  Sii-xCx  films  are  deposited  in  a  plasma  of  3  mTorr  Ar  and 
0  -  0.35  mTorr  CH4  onto  electrically  grounded  crystalline  silicon  substrates  held  at 
235°C.  The  plasma  current  is  maintained  at  50  mA  (~  12.8  ma/cm^);  the  cathode 
voltage  ranges  from  407  -  385  V,  decreasing  as  methane  is  added  to  the  system. 

Plasma  ions  are  analyzed  using  the  double  modulation  mass  spectrometry  (DMMS) 
technique  as  previously  described^  but  with  the  electron-impact  ionizer  turned  off. 
DMMS  samples  particles  line-of-sight  from  a  point  on  the  erosion  "racetrack"  of  the 
sputter  target,  through  a  pair  of  2  mm  diameter  collimating  orifices  and  the  quadrupole 
mass  filter.  Particle  energy  distributions  are  provided  by  an  AC  modulated  retarding 
field  between  the  last  grid  of  the  ion  optics  and  the  quadrupole  rods,  i.e.,  a  "pole  bias." 
The  DMMS  can  also  be  operated  as  a  standard  mass  spectrometer  to  determine  the 
fractional  consumption  (depletion)  of  CH4  by  the  plasma.  In  order  to  detect  thermal 
and  nearly  thermal  plasma  ions,  it  is  necessary  to  accelerate  them  into  the  first  orifice  of 
the  DMMS  by  raising  the  plasma  potential.  A  disc  electrode,  11.4  cm  in  diameter  with  a 
1.9  cm  hole  in  the  middle,  is  placed  above  the  orifice  and  biased  positively  with  respect 
to  the  (grounded)  orifice  and  chamber  walls.  This  electrode  becomes  the  plasma  anode, 
and  the  plasma  potential  equals  the  anode  potential  plus  ~  2  V.  For  anode  biases  of 
>  -I-  27  V,  all  ion  signals  saturate.  Unless  noted  otherwise,  an  anode  bias  of  -i-  27  V  was 
used  for  all  DMMS  measurements.  Film  compositions  (C/Si)  are  determined  by 
Rutherford  backscattering  spectrometry  (RBS).  To  improve  the  resolution  for  C, 
samples  were  deposited  on  C  (graphite)  substrates. 


RESULTS  AND  DISCUSSION 

Figure  1  shows  a  mass  scan  of  the  hydrocarbon  ions  produced  by  the  plasma  and 
accelerated  into  the  DMMS.  The  quadrupole  has  been  adjusted  for  maximum 
sensitivity  for  fast  ions,  at  the  expense  of  mass  resolution.^  However,  the  individual 
hydrocarbon  peaks  can  be  accurately  determined  by  a  gaussian  fitting  procedure.  For 
reference,  the  inset  shows  the  Ar+  ion  signal  and  a  fit  with  1  amu  full  width  at  half 
maximum.  For  the  hydrocarbon  peaks,  the  mass  locations  are  fixed  and  the  widths  are 
held  constant  at  1  amu  full  width  at  half  maximum;  only  the  signal  heights  are  adjusted 
to  produce  the  fit  to  the  data  shown  by  the  solid  line. 
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Fig.  1.  A  mass  scan  of  the  hydrocarbon  ions  produced  by  the 
plasma  and  accelerated  into  the  DMMS.  Gaussian  fits 
(dashed  lines)  are  used  to  resolve  individual  hydrocarbon 
peaks.  The  overall  fit  is  excellent  (solid  line). 


Methane  Pressure  (mTorr) 


Fig.  2.  The  area  of  each  ion  peak  in  figure  1  as  a  function  of 
the  CH^  partial  pressure. 


Figure  2  shows  the  area  of  each  ion  peak  as  a  function  of  the  methane  partial 
pressure.  The  hydrocarbon  ion  signals  increase  linearly  with  methane  pressure  across 
the  range  investigated.  By  contrast,  the  carbon  ion  signal  increases  more  rapidly.  A 
possible  source  of  C+  ions  is  the  sputtering  of  C  atoms  from  the  Si  target  surface, 
followed  by  post-ionization  as  these  atoms  traverse  the  plasma.  This  is  the  mechanism 
that  produces  the  Si+  ion  flux.  We  performed  Langmuir  probe  measurements  near  the 
substrate  and  determined  that  the  plasma  density  and  electron  energy  distribution  do 
not  vary  strongly  with  methane  pressure;  hence  the  ionization  probability  for  sputtered 
atoms  is  essentially  constant,  and  the  C+  and  Si+  signals  are  proportional  to  the 
sputtered  C  and  Si  atom  fluxes.  Note  that  the  Si+  signal  remains  constant,  indicating 
that  the  target  surface  does  not  become  heavily  covered  ("poisoned")  by  C  even  at 
high  CH4  pressure.  5-6 

Three  experiments  establish  the  origin  of  the  C+  signal.  In  the  absence  of  anode  bias, 
plasma  ions  are  not  accelerated  into  the  DMMS.  But  when  we  grounded  the  anode,  all 
signals  fell  below  the  detection  limit,  except  for  C'*',  which  decreased  by  only  a  factor 
of  ~  2.  This  is  strong  evidence  that  many  of  the  C+  ions  have  a  directed  velocity  that 
allows  them  to  enter  the  DMMS.  Note  that  the  collection  probability  for  fast  ions 
increases  with  anode  bias,  since  a  greater  sheath  potential  will  re-direct  a  greater 
fraction  of  the  ion  velocity  vectors  into  the  narrow  acceptance  angle  of  the  collimating 
orifices.  Thus  the  drop  in  C’*’  signal  cannot  be  interpreted  simply  in  terms  of  fast  vs. 
slow  ions.  In  a  pure  Ar  discharge,  only  Si'*',  Ar'*'  and  Ar'*"*'  ions  are  detected. 

Because  of  the  narrow  acceptance  angle  into  the  DMMS,  we  can  block  any  signal 
originating  from  the  Si  target  surface  by  iirserting  a  small  (1  cm^)  insulated  beam  stop  in 
the  line-of-sight  from  the  target  to  the  DMMS.  As  a  result  the  Ar'*'  and  hydrocarbon  ion 
signals  remained  nearly  constant,  while  the  C'*'  and  Si'*'  signals  fell  below  the  range  of 
detection.  This  is  further  proof  that  C'*'  signal  is  mostly  comprised  of  sputtered  carbon. 
Finally,  figure  3  shows  the  energy  distributions  of  the  Ar'*',  CH3'*',  Si"*"  and  C"*"  ions, 
obtained  by  differentiating  DMMS  retarding  potential  scans.  Both  Ar+  and  CHs'*'  have 
relatively  narrow  distributions  consistent  with  near-thermal  ions  that  fall  through  the 
plasma  sheath.  The  Si'*  and  C'*'  distributions  are  significantly  broader,  as  expected  for 
sputtered  species.  The  fact  that  C'*'  has  the  broadest  distribution  is  consistent  with  the 
sputtering  of  atoms  of  low  binding  energy,  i.e.,  C  chemisorbed  on  the  Si  target  surface. 
The  data  from  these  three  experiments  conclusively  demonstrate  that  the  majority  of 
the  C'*'  signal  originates  from  sputtered  C  atoms. 

The  relative  importance  of  sputtered  C  in  determining  the  Sii-xCx  film  composition 
is  suggested  by  the  data  of  figure  4.  The  ratio  of  arriving  C'*'/Si'*',  of  all  hydrocarbon 
ions  ZCHx'''/Si'*',  and  of  C/Si  in  the  films  is  plotted  as  a  function  of  methane  pressure. 
The  film  composition  and  C'''/Si'''  ratio  track  each  other  very  well,  whereas  the 
integrated  hydrocarbon  arrival  and  depletion  have  a  different  pressure  dependence. 
Since  a  large  flux  of  hydrocarbon  ions  and  neutrals  reach  the  film  surface,  these  data 
imply  that  the  reactive  sticking  coefficient  for  sputtered  C  is  much  higher  than  for  these 
species. 
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Fig.  3.  Energy  distributions  of  the  Ar+,  CH3+,  Si+  and  C+ 
ions,  obtained  by  differentiating  DMMS  retarding  potential 
scans.  Gaussian  fits  are  shown. 
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Fig.  4.  The  ratio  of  arriving  C+ZSi'*',  of  all  hydrocarbon  ions 
SCHx+/Si+,  and  of  C/Si  in  Sii-xCx  films  grown  under  identical 
conditions,  as  a  function  of  methane  pressure. 
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Conclusions 


The  ratio  of  C/Si  sputtered  from  the  target  surface  correlates  exactly  with  the  film 
composition  over  a  wide  range  of  CH4  pressures.  By  contrast,  the  flux  of  hydrocarbon 
ions  and  neutrals  follow  a  different  dependence.  These  data  imply  that  the  reactive 
sticking  coefficient  for  sputtered  C  is  much  higher  than  for  hydrocarbon  species, 

i.e.,  sputtered  C  dominates  the  growth  process. 
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ABSTRACT 

High-quality  AlGaN/GaN  and  AlGaN/GalnN  DHs  were  fabricated  by  MOVPE 
using  low-temperature  deposited  AIN  buffer  layer.  We  applied  the  newly  designed  dual¬ 
flow-channel  reactor,  by  which  high-quality  and  well-controlled  AlGaN  and  GaInN  alloys 
and  their  heterostructures  have  been  grown.  AlGaN/GaN-DH  shows  low-threshold 
stimulated  emission  by  optical  pumping  at  room  temperature  for  both  edge  and  surface 
modes.  The  peak  wavelength  of  stimulated  emission  for  edge  mode  was  369. 5nm.  The  peak 
wavelength  of  stimulated  emission  was  affected  by  the  strain  due  to  heterostructure  as  well  as 
the  many  body  effect  under  high  excitation.  The  wavelength  for  stimulated  emission  can  be 
widely  changed  by  using  GaInN  as  the  active  layer.  AlGaN/GaInN  DH  with  InN  molar 
fraction  of  the  active  layer  of  0.09  shows  room  temperature  low-threshold  stimulated 
emission  for  edge  mode  by  optical  pumping  with  peak  wavelength  of  402. 5nm.  A  few  mW- 
class  symmetrical  AlGaN/GaN  DH  LED  and  antisymmetrical  AlGaN/GaInN/GaN  DH  LED 
using  low  energy  electron  beam  irradiation  (LEEBI)  treated  Mg-doped  P-AlGaN  cladding 
layer  were  fabricated.  These  results  show  that  column-ill  nitrides  are  promising  for  the 
realization  of  practical  short  wavelength  LED  and  LD. 

INTRODUCTION 

AIN,  GaN,  InN  and  their  alloys  AlGaN  ,GaInN  and  AlGaInN  are  promising  for 
the  application  to  short  wavelength  light  emitter,  because  they  possess  direct  large  band  gaps 
of  L95eV  for  InN  to  6.2eV  for  AIN.  The  elastic  constants  of  column-III  nitrides  are  about 
twice  as  large  as  those  of  II- VI  compounds,  such  as  ZnSe  and  ZnS.  Therefore,  these  nitrides 
are  physically  harder  and  more  stable  than  II- VI  compounds.  However,  because  of  the  lack 


443 

Mat.  Res.  Soc.  Symp.  Proc.  Vol.  339.  ^1994  Materials  Research  Society 


of  the  substrate  materials  the  lattice  constant  and  thermal  expansion  coefficient  of  which  are 
close  to  those  of  column-III  nitrides,  it  had  been  quite  difficult  to  grow  high-quality  films. 
We  succeeded  in  growing  high-quality  GaN  and  AlGaN  epitaxial  layers  on  the  sapphire 
substrate  using  AIN  buffer  layer[l,2]  by  metalorganic  vapor  phase  epitaxy  (MOVPE), 
Afterwards,  some  research  groups  showed  similar  effects  either  using  GaN  buffer  layer  by 
MOVPE[3]  or  using  initial  nitridation  of  the  sapphire  and  GaN  buffer  layer  by  electron 
cyclotron  resonance  plasma  assisted  molecular  beam  epitaxy  (ECR-MBE)[4]. 

Control  of  n-type  conductivity  has  been  achieved  in  the  GaN,  AlGaN  and  GaInN 
by  us  for  the  first  time  by  doping  with  Si[5-7]  from  the  undoped  level  up  to  near  lO'^cm"^. 

On  the  other  hand,  it  had  been  fairly  difficult  to  grow  nitrides  having  p-type 
conductivity.  Among  many  candidates.  Mg  is  thought  to  be  one  of  the  best  candidates  as  the 
shallow  acceptor  impurity  in  GaN,  AlGaN  and  GalnN.  In  the  early  1970's,  some  research 
groups  attempted  to  grow  GaN  doped  with  Mg  by  hydride  vapor  phase  epitaxy(HVPE). 
Maruska  et  al.  succeeded  in  fabricating  MIS-type  violet  light  emitting  diode  using  Mg-doped 
highly  resistive  GaN  as  the  insulating  iayer[8].  In  1989,  we  used  bis- 

cyclopentadienylmagnesium  (Cp2Mg)  as  the  Mg  source  gas  in  MOVPE  and  found  that  Mg 
concentration  changed  linearly  with  the  flow  rate  of  Cp2Mg[9].  As-grown  GaN:Mg  showed 
high  resistivity.  We  realized,  for  the  first  time,  that  GaN:Mg  with  distinct  p-type 
conductivity  by  low  energy  electron  beam  irradiation  (LEEB])[10] .  Dehydrogenation  process 
of  the  hydrogen  passivated  Mg  is  proposed[l  1,12].  Later,  another  groups  also  succeeded  in 
obtaining  GaN:Mg  with  p-type  conductivity  by  thermal  annealing  of  the  as-grown 
GaN:Mg[l  1]  under  nitrogen  atmosphere,  or  by  growing  GaN:Mg  with  hydrogen-free  atmos- 
phere[13-16]. 

For  the  design  of  the  structure  of  the  devices  such  as  light  emitting  diode  (LED) 
and  laser  diode  (LD)  using  alloys  and  heterostructures,  understanding  the  basic  physical, 
optical  and  luminescence  properties,  in  particular  impurity-related  luminescence  and  many- 
body  effects  under  high  excitation  are  essential  as  well  as  the  control  of  electrical  properties. 
In  this  paper,  (1)  control  of  conductivity  for  p-type  GaN  and  AlGaN,  (2)  dispersion  of 
refractive  indices  of  GaN,  AlGaN  and  GalnN,  (3)  properties  of  stimulated  emission  at  room 
temperature  from  AlGaN/GaN  DH  and  AlGaN/GaInN  DH,  and  (4)  characteristics  of  P- 
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AlGaN/GaInN  DH  are  discussed. 


EXPERIMENTAL 

Horizontal  type  MOVPE  reactor  was  used  in  this  study.  To  reduce  parasitic 
reactions  between  organometallic  sources  and  NH^,  dual-flow  channel  reactor  was  used[17]. 
TMAl,  TMGa,  TMIn  and  NH^  were  used  as  Al,  Ga  and  In  and  N  source  gases,  SiH4  and 
Cp2Mg  as  the  Si  and  Mg  source  gases,  respectively.  Sapphire  was  used  as  the  substrate.  Just 
before  the  growth  of  GaN,  AlGaN  or  GalnN,  AIN  buffer  layer  about  50nm  was  deposited  at 
600°C.  The  effects  of  AIN  buffer  layer  has  been  published  elsewhere[18].  Both  Si  and  Mg 
were  doped  during  growth.  Mg-doped  GaN  and  AlGaN  were  treated  with  LEEBI.  Electrical 
properties  of  Mg-doped  p-type  films  after  the  LEEBI  treatment  were  characterized  by  Hall 
effect  measurement  using  van  der  Pauw  method.  Refractive  indices  were  measured  by 
spectroscopic  ellipsometry  using  A-tanT*  method.  Linearly  polarized  light  was  incident  on  the 
film  with  angle  of  70°  ,  which  means  that  approximately  Elc  components  of  the  refractive 
indices  was  measured.  Optical  pumping  measurement  was  performed  at  room  temperature 
using  pulsed  nitrogen  laser  as  the  excitation  source.  In  order  to  form  electrodes  for  both  n- 
type  and  p-type  layer  in  DH,  selective  growth  method  was  used[5]. 

RESULTS  AND  DISCUSSION 
Conductivity  control  for  p-type  GaN  and  AlGaN 

Conductivity  of  Mg-doped  film  is  more  depend  on  the  treatment  condition  rather 
than  on  the  concentration  of  Mg.  Hole  concentration  up  to  2xl0l8cm‘3,  and  resistivity  of  0.2 
f2cm  at  room  temperature  was  achieved  for  GaN:Mg.  The  Mg-shallow  acceptor  ionization 
energy  in  GaN  was  found  to  be  about  160meV  from  tbe  temperature  dependence  of  the 
intensity  of  D-A  pair  emission[19]  and  from  that  of  the  hole  concentration[13].  The 
ionization  energy  in  Al^Gaj  ^^N  is  larger  than  that  in  GaN  by  about  (0.4xx)eV,  where  x  is  the 
AIN  molar  fraction  in  AlGaN.  Figure  1  shows  the  temperature  dependence  of  the  hole 
concentration  of  Mg-doped  AIq  08030.92^-  Fitting  parameter  to  obtain  activation  energy 
E^  is  also  shown  in  the  figure.  Free  hole  concentration  does  not  saturate  even  at  high 
temperature,  which  is  promising  for  the  fabrication  of  devices  operating  at  high  temperature. 
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Figure  1.  Temperature  dependence  of  the  hole  concentration  in  AIq  QgGaQ  g-fs!:Mg 

Dispersion  of  the  refractive  indices 

Figure  2  shows  the  dispersion  of  the  refractive  indices  of  the  Elc  components 
in  AlGaN,  GaN  and  GaInN  alloys.  Refractive  index  of  all  the  sample  tends  to  have  a 
maximum  at  MO  specific  points  in  a  photon  energy  range  studied  here.  Figure  3  summarizes 


Photon  Energy  (eV) 

Figure  2  Dispersion  of  refractive  indices  of  El  c  components  for  GaN,  AlGaN 

and  GaInN  at  room  temperature. 
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compositional  dependence  of  the  refractive  indices  as  a  function  of  wavelength.  The 
difference  in  refractive  index  between  GaN  and  alloys  indicate  the  possibility  of  the 
fabrication  of  waveguide  using  heterostructure. 


AIGaN  GaN  —  GaInN 


Molar  fraction  of  AIN  Molar  fraction  of  InN 


Figure  3  Compositional  dependence  of  the  refractive  indices  for  AIGaN  and  GaInN  at 
various  wavelengths 
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Critical  layer  thickness  of  AlGaN  and  GaInN  grown  on  GaN  is  estimated  by  using 
the  theory  of  Matthews  and  Blakeslee[20].  In  the  calculation,  elastic  constants  of  the  alloys 
are  assumed  to  vary  linearly  with  the  alloy  composition.  Figures  4(a)  and  4(b)  show  critical 
layer  thickness  of  AlGaN  and  GaInN  on  GaN  as  a  function  of  alloy  composition,  respectively. 
It  is  clear  that  the  critical  layer  thickness  is  very  thin  even  at  low  molar  fraction  of  AIN  or 
InN.  AlGaN/GaN  quantum  wells  have  been  fabricated  on  the  basis  of  this  calculation. 
Quantum  size  effect  has  been  clearly  observed[21]. 

Optically  pumped  stimulated  emission 

Figure  5  shows  the  emission  spectra  at  room  temperature  from  optically 
pumped  AlGaN/GaN  DH(Fig.5(a))  and  AIGaN/GaInN  DH(Fig.5(b))  excited  above  threshold 
power  density(Pjp|y  Clear  stimulated  emission  can  be  observed  from  both  structures.  Pth  is 
about  0. 1  lMW/cm2  for  AlGaN/GaN  DH,  and  0. 13MW/cm2  for  AlGaN/GalnN  DH.  Pth  from 
AlGaN/GaN  DH  is  in  good  agreement  with  the  estimated  value  obtained  using  the  measured 
refractive  indices  of  the  alloys  shown  in  Fig.2[22].  Pth  from  AlGaN/GalnN  DH  is  slightly 
larger  than  that  from  the  estimated  value.  This  may  be  caused  by  the  poorer  crystalline 
quality  of  GaInN  active  layer  than  that  of  GaN  active  layer.  Further  developments  for  the 
fabrication  of  these  heterostructures  will  surely  lead  to  the  realization  of  low  threshold 
violet  LDs.  In  either  case,  peak  wavelength  of  stimulated  emission  is  lower  than  that  of 
spontaneous  emission.  Cingolani  et  al.  also  observed  the  red  shift  of  the  stimulated  emission 
at  80K  from  needle  GaN  crystals[23].  They  explained  this  phenomenon  using  electron-hole 
plasma  model.  In  this  measurement  at  RT,  however,  at  the  present  time,  it  is  unclear  whether 
this  red  shift  is  caused  by  the  electron-hole  plasma  or  other  effects,  for  example,  excitonic. 

Properties  of  mW-class  LEDs  based  on  column-til  nitrides 

GaN  p-n  homojunction  LED  with  output  power  of  l.SmW  at  a  forward  current 
of  30mA  and  peak  wavelength  of  0.37pm  and  0.42pm  at  room  temperature  had  been 
fabricated[24].  Figure  6  shows  EL  spectrum  at  a  forward  current  of  10mA  from  P- 
GaN/GalnN/N-GaN  DH.  Clear  band-to-band  transition  in  GaInN  layer  can  be  observed.  Peak 
wavelength  is  0.40pm  and  FWHM  is  0.09eV  which  is  the  narrowest  EL  from  column-111 
nitride-based  LED[25].  P-AlGaN/GaInN/N-GaN  antisymmetrical  DH  was  also  fabricated. 
Peak  wavelength  is  about  445nm,  and  output  power  is  a  few  mW  at  a  forward  current  of 
20mA. 
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Wavelength  [nm] 


Figure  5  The  emission  spectra  at  RT  from  optically  pumped  AlGaN/GaN  DH(Fig.5(a))  and 
AlGaN/GalnN  DH(Fig.5(b))  excited  above  threshold  power  density. 
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Figure  6  EL  spectrum  at  a  forward  current  of  1 0mA  from  P-GaN/GaInN/N-GaN  DH. 
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SUMMARY 


By  MOVPF,  using  the  AIN  buffer  layer,  crystalline  quality  as  well  as  the  electrical 
and  luminescence  properties  of  GaN,  AIGaN  and  GalnN  films  have  been  remarkably 
improved.  Utilizing  such  high-quality  nitrides,  conductivity  control  for  n-type  GaN,  AIGaN 
and  GalnN  has  been  achieved.  By  combining  with  the  LEEBI  treatment,  both  GaN  and 
AlCiaN  with  distinct  p-type  conduction  have  been  realized  for  the  first  time.  Basic  optical 
properties  are  clarified  with  use  of  such  a  high  quality  nitride  layer.  High-quality  AlGaN/GaN 
DH  and  AIGaN/GaInN  DH  showing  stimulated  emission  with  low  threshold  power  by  optical 
pumping  at  room  temperature  have  been  fabricated.  High  power  of  1 .5mW  UV/blue  light 
emitting  p-n  diodes  with  homodiode,  P-GaN/GalnN/TM-GaN  symmetrical  DH  with  narrow 
band-to-band  transition,  and  P-AlGaN/GalnN/N-GaN  anti-symmetrical  DH  with  output 
power  of  a  few  mW  have  been  fabricated. 
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ABSTRACT 

Recent  progress  in  the  growth  of  high  quality  6H-SiC  single  crystals  has  led  to  an  ideal  substrate 
material  for  GaN  epitaxial  films.  Nearly  matching  lattice  constants  of  wurzite  GaN  to  6H-SiC  in 
the  hexagonal  plane  can  reduce  strain  effects  at  the  interface.  We  employed  the  sublimation 
sandwich  method  to  grow  single  crystal  layers  at  reasonable  growth  rates  with  free  carrier 
concentrations  of  2xl0l7  cm-3  Very  sharp  x-ray  diffraction  peaks  of  the  GaN  (0002)  plane  are 
obtained  indicating  the  high  quality  of  this  system  (A(26)  <  0.1  degrees).  These  findings  are 
directly  reflected  in  the  optical  properties.  The  photoluminescence  is  dominated  by  a  single  sharp 
exciton  line,  impurity  related  donor  acceptor  transitions  are  seen  with  very  weak  intensities. 
However,  at  lower  energies  the  internal  luminescence  transitions  of  the  3d  transition  metal  ions 
Fe  and  V  are  observable.  The  incorporation  of  Fe  is  confirmed  by  electron  paramagnetic 
resonance. 

INTRODUCTION 

The  potential  of  GaN  as  a  blue  light  emitter  is  intimately  connected  to  the  substrate  material 
used  in  the  epitaxial  growth  [1].  One  of  the  key  issues  is  lattice  matching,  but  also  the  difference 
in  thermal  expansion  and  conductivity  of  substrate  and  epitaxial  layer  has  to  be  taken  into 
consideration.  Growth  of  GaN  on  6H-SiC  offers  distinct  advantages  over  the  commonly  used 
sapphire  substrate  [2].  The  lattice  mismatch  is  only  3.5  %  and  this  should  reflect  in  the  structural 
and  optical  properties  of  the  layers.  This  has  been  demonstrated  quite  recently  [2].  Molecular 
beam  epitaxy  (MBE)  and  metal  organic  chemical  vapor  deposition  (MOCVD)  are  two 
commonly  used  techniques  to  achieve  GaN  layers  of  high  crystalline  quality  [4,5].  The 
sublimation  growth  technique  is  an  alternative  method.  It  achieves  very  high  growth  rates, 
typically  300  pm  per  hour,  and  offers  a  great  freedom  in  doping.  The  potential  of  this  technique 
is  best  demonstrated  by  the  growth  of  SiC  epitaxial  layers  on  various  polytypes  of  SiC 
substrates,  having  outstanding  quality  [6,7].  In  this  report  we  present  results  from 
photoluminescence  and  X-ray  reflection  measurements  of  GaN  layers  grown  on  6H-SiC  using 
the  sublimation  growth  technique  [8].  The  structural  and  optical  properties  are  compared  to 
samples  grown  by  MBE  and  MOVED. 

EXPERIMENTAL  DETAILS 

The  GaN  epilayers  are  grown  from  metallic  Ga  and  activated  ammonia  on  SiC.  The  substrates  of 
the  6H  polytype  (6H-SiC)  have  been  grown  by  the  LELY  method  and  are  oriented  in  the  [0001] 
plane.  The  growth  of  the  GaN  layers  is  performed  using  a  modification  of  the  sandwich  method 
as  originally  described  in  Ref  [8].  The  quartz  reactor  contains  several  deposition  cells  in  a  row 
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that  share  the  same  gas  stream  of  ammonia.  Each  cell  consists  of  a  Ga  source  and  SiC  substrate 
separated  by  a  gap  of  5  mm.  The  heating  is  performed  by  a  high  frequency  generator  on  a 
graphite  rod.  The  surface  of  this  rod  is  covered  by  a  layer  of  SiC  to  prevent  the  evaporation  of  C 
into  the  reactor  volume.  The  gradient  of  the  resulting  temperature  field  across  the  narrow  gap  is 
perpendicular  to  the  surface  of  the  substrate.  Through  this  gap  ammonia  flows  with  a  speed  of 
25  to  50  l/min.  Under  these  conditions  there  is  an  efficient  mass  transport  of  Ga  vapor  and 
activated  nitrogen  towards  the  substrates.  Prior  to  deposition  the  6H-SiC  substrates  are  etched 
in  molten  KOH.  At  growth  temperatures  between  1170  and  1270  single  crystal  layers  of 
GaN  are  obtained  at  a  growth  rate  up  to  300  pm/h.  These  GaN  layers  showed  n-type 
conduction,  the  electron  mobility  ranged  from  30  to  80  cm^/Vs.  The  layer  thickness  was  60  pm. 
The  GaN  epitaxial  layers  were  characterized  by  temperature  dependent  photoluminescence  in 
the  spectral  range  from  3.5  to  0.5  eV  using  a  grating  monochromator  or  a  Fourier  Transform 
spectrometer.  Standard  absorption  or  reflection  measurements  were  performed  to  determine  the 
free  electron  concentration.  For  further  details  see  Ref  [7] 

EXPERIMENTAL  RESULTS 

For  the  X-ray  diffraction  the  Cu  line  was  used.  The  sample  was  oriented  along  a  high 
symmetry  axis  in  the  basal  plane.  One  hence  expects  reflections  from  the  planes  perpendicular  to 
the  c-axis  [0001]  as  shown  in  Fig.  1.  At  34.5  degrees  the  GaN  (0002)  reflection  occurs  with  a 
half  width  of  6  minutes.  X-ray  reflection  data  for  GaN  grown  on  sapphire  using  MBE  or 
MOCVD  are  of  the  same  order.  At  73  degrees  the  second  order  of  the  (0002)  reflection  is  seen. 
Simultaneously  the  reflections  from  the  6H-SiC  can  be  observed  in  first  order  (0006)  and  in 
second  order  (000  12).  Measuring  the  backside  of  the  sample,  i.e.  the  substrate,  a  reversed 
intensity  ratio  for  GaN  and  SiC  reflections  is  found.  A  matching  of  the  lattice  constant  cannot  be 
observed  since  mainly  reflections  from  the  c-axis  are  seen.  However,  within  the  deformation 
potential  model  a  change  of  the  lattice  constant  a  within  the  plane  is  directly  connected  with 
changes  in  c.  For  the  analysis  the  following  lattice  constants  were  used:  SiC  a=3.0806  A, 
c=15.1173  A  and  GaN  a=3.186  A,  c=5.176  A;  accordingly  the  lattice  mismatch  amounts  to  3.5 
%. 

In  Fig.  2  we  show  the  low  temperature  photoluminescence  results.  In  this  particular  sample  the 
donor  bound  exciton  recombination  at  3.47  eV  [10]  is  rather  weak  and  the  luminescence  is 
dominated  by  the  impurity  related  transitions  (donor-acceptor  or  band-acceptor)  around  3.26 
eV.  Not  shown  in  Fig.  2  is  the  deeper  luminescence  band  at  2.2  eV  which  according  to  other 
groups  is  related  to  intrinsic  defects  [11].  The  ratio  of  exciton  to  donor-acceptor  pair 
recombination  can  be  taken  as  a  measure  of  the  quality  of  the  samples.  In  the  best  ones  it  was 
30:1  and  the  donor  bound  exciton  had  a  line  width  of  4  meV  thus  comparable  to  MBE-  or 
MOCVD-grown  layers.  A  second  transition  with  rather  strong  intensity  is  seen  100  meV  below 
the  exciton  line.  It  is  not  a  phonon  replica  of  the  3.47  eV  line.  The  temperature  dependence  of 
this  line  could  be  followed  up  to  40  K,  where  the  intensity  had  decreased  beyond  detection  limit. 
The  activation  energy  is  5  meV  which  points  to  excitonic  behavior.  In  a  recent  publication  [12] 
it  was  reported  that  the  3.37  eV  line  appeared  after  hydrogen  passivation  of  the  Mg  acceptors  in 
GaN.  If  this  is  true  the  recombination  could  be  explained  by  exciton  recombination  at  neutral 
acceptor  hydrogen  complexes.  Another  less  intense  line  appears  at  3.31  eV.  Its  temperature 
dependence  allows  to  distinguish  whether  it  is  an  independent  transition  or  a  phonon  replica  of 
the  3.37  eV  line.  From  5  K  up  to  30  K  its  intensity  decreases  more  or  less  linearly  being  reduced 
by  30  %  at  30  K.  At  higher  temperatures  it  merges  into  the  transition  centered  around  3.26  eV 
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Fig.  J:  X-ray  diffraction  along  the  c-axis.  GaN  and  SiC  substrate  reflect  in  first 
and  second  order. 

and  could  not  be  followed  any  more.  Assuming  band  acceptor  transitions  which  is  plausible  for 
the  high  carrier  density  of  4x1 0l 7  cm-3  a  binding  energy  of  190  meV  is  calculated  (the  band  gap 
of  GaN  at  low  temperatures  is  3.5  eV).  Such  a  shallow  acceptor  level  has  to  our  knowledge  not 
been  reported  before.  The  acceptor  binding  energies  in  GaN  span  a  very  wide  range  from  220 
meV  down  to  800  meV  (Mg,  Zn)  [1].  In  Zn  doped  GaN  [13]  four  Zn  related  acceptor  levels 
have  been  observed,  the  shallowest  one  being  340  meV  above  valence  band.  Zn  belongs  to  the 
group  II  acceptors  amongst  Be,  Mg  and  Cd.  Since  the  epitaxial  layers  were  undoped  and  the 
group  II  acceptors  are  not  common  trace  impurities  we  disregard  them  as  the  source  of  the  3.3 1 
eV  line.  On  the  other  hand  Zn  is  sometimes  used  as  a  dopant  and  may  remain  in  the  reactor.  The 
group  IV  elements  C,  Si  and  Ge  are  also  shallow  acceptors  in  III-V  compounds,  possibly  also  in 
GaN.  Carbon  doped  GaN  as  well  as  GaN  implanted  with  C  have  been  investigated  earlier 
[11,14].  In  the  implantation  study  [  1 4]  no  near  band  gap  luminescence  due  to  C  could  be  found, 
only  the  deep  center  at  2.2  eV  appeared.  Doping  with  C  [11]  enhanced  this  particular 
luminescence  and  it  was  concluded  that  the  recombination  is  between  a  shallow  donor  level  and 
a  deep  acceptor  complex  involving  C  as  a  constituent.  We  can  speculate  that  C  induces  also  a 
shallow  level  but  more  experiments  are  needed  to  clarify  the  role  of  C  in  GaN. 

The  recombination  at  3.26  eV  is  often  observed  in  undoped  GaN.  The  zero  phonon  line  is 
followed  by  up  to  4  phonon  replicas  with  average  energies  of  92  meV.  The  peak  positions  agree 
well  with  values  reported  by  Khan  et  al.[15].  They  studied  the  influence  of  Si  on  the 
photoluminescence  of  GaN  and  concluded  that  the  3.26  eV  donor  acceptor  recombination  is  due 
to  Si  as  unintentional  dopant.  The  intensity  of  the  luminescence  was  proportional  to  the  amount 
of  Si  in  the  sample.  For  GaN  on  SiC  grown  at  temperatures  around  1100  oc  Si  can  evaporate 
from  the  substrate  and  diffuse  into  the  epilayer.  The  amphoteric  character  of  Si  is  well 
established  in  GaAs  and  it  points  that  Si  shows  a  similar  behavior  in  GaN. 
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Fig.  2:  Photoluminescence  in  the  bandgap  region  consists  of  donor  bound 
excitons  and  impurity  related  transitions. 

Most  previous  researchers  in  photoluminescence  investigations  concentrated  on  the  spectral 
range  from  the  band  gap  region  down  to  1.5  eV.  They  thus  missed  the  characteristic  internal 
luminescence  lines  of  the  3d  transition  metal  elements  in  the  near  infrared.  Baur  et  al.  [16]  were 
the  first  to  report  on  infrared  luminescence  of  the  iron  acceptor  in  undoped  epitaxial  GaN  layers. 
We  confirm  their  results  and  show  the  presence  of  vanadium  in  addition.  In  Fig.  3  the 
luminescence  spectrum  from  11000  cm"  I  to  7000  cm'l  is  shown.  In  order  to  achieve  the  high 
resolution  a  Fourier  Transform  spectrometer  was  used.  Three  prominent  zero  phonon  lines 
(ZPL)  are  seen  at  10480,  9629  and  8450  wave  numbers  followed  by  phonon  replicas.  The 
transition  at  10480  cm"^  corresponds  to  the  internal  ‘^T](G)  ®A](S)  recombination  of  Fe^"*" 

on  Ga  site,  the  3d5  configuration  [16].  The  origin  of  the  ZPL  at  9628.8  cm’l  deserves  further 
investigations.  In  Ref  [16]  it  is  tentatively  assigned  to  the  ^T2(F)  ->  ^  A2(F)  transition  of  Cr^"*" 
The  iron  acceptor  level  has  been  determined  to  be  2.6  eV  above  the  valence  band  [17]. 
According  to  the  Langer  Heinrich  rule  [18]  the  energy  levels  of  the  transition  metal  elements  can 
be  used  as  a  measure  of  the  band  offset.  Knowing  the  energy  level  of  Fe3'''^2+  GaAs  and  in 
GaN  allows  us  to  conclude  where  the  energy  level  position  of  other  3d  elements  will  be.  It 
predicts  for  chromium  the  3+/2+  level  to  be  located  around  0.6  eV  below  the  conduction  band. 
In  n-type  material  the  Cr2+  charge  state  will  be  present  and  excitation  will  start  from  the  2+ 
charge  state,  i.e.  Cr2+  ->  Cr3+  +  e^b.  So  the  internal  luminescence  of  Cr^"*"  is  expected  to  be 
seen.  For  an  internal  transition  of  a  3d  element  the  9628.8  cm"l  line  has  an  unusual  temperature 
dependence,  it  can  be  seen  up  to  150  K  whereas  the  other  lines  disappear  around  80  K.  Also 
hardly  any  broadening  of  the  line  is  observed.  The  full  width  at  half  maximum  is  below  1  cm"l 
and  thus  narrow  enough  to  perform  Zeeman  spectroscopy  and  to  conclude  about  spin  and  hence 
charge  state  of  the  impurity.  These  experiments  are  currently  underway. 
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Fig.  3:  Phololuminescence  in  the  infrared  of  V  and  Fe  internal  transitions.  The 
line  at  9629  cnr^  is  tentatively  assigned  to  Cr. 

The  third  line  at  8450  cm'^  is  attributed  to  the  internal  luminescence  of  V^'*'  on  Ga  site.  The 
internal  luminescence  of  V3+  in  III-V  semiconductors  is  a  well-known  feature  [19],  has  the 
Sd^  configuration,  the  identical  configuration  as  Cr^'*'  mentioned  above.  In  each  compound 
GaAs  [20],  GaP  [20]  and  InP  [21]  the  luminescence  of  V^'*'  is  dominated  by  a  ZPL  ("cold"  line) 
and  a  "hot"  line  10  to  15  wave  numbers  at  higher  energies.  This  line  appears  at  higher 
temperatures  (>8  K).  The  identical  behavior  is  seen  on  the  8450  cm"^  line.  More  details  will  be 
presented  in  a  forthcoming  publication  [9].  The  three  ZPLs  were  strongest  when  illuminating  the 
sample  with  above  band  gap  light,  but  also  could  be  seen  under  the  excitation  of  the  green  line 
of  an  Ar  ion  laser  (514  nm).  All  three  impurities  hence  are  electrically  active  inducing  energy 
levels  in  the  band  gap  of  GaN.  The  high  free  electron  concentration  did  not  allow  us  to  perform 
magnetic  resonance  experiments  which  could  clarify  which  impurity  in  what  charge  state  is 
present.  We  could  however  compensate  the  layers  by  fast  neutron  irradiation.  For  a  dose  around 
IQIS  n/cm2  the  layers  became  transparent  in  the  infrared.  In  the  electron  paramagnetic 
resonance  (EPR)  experiments  the  Fe^"^  resonance  [17]  was  seen  meaning  that  the  Fermi  level  is 
at  least  1  eV  below  the  conduction  band.  It  also  shows  that  by  neutron  irradiation  acceptors 
probably  gallium  vacancies,  are  formed  in  an  amount  to  compensate  the  action  of  nitrogen 
vacancies,  the  shallow  donors,  in  GaN. 

CONCLUSION 

GaN  grown  on  6H-SiC  by  the  sandwich  sublimation  technique  has  excellent  crystalline  and 
optical  properties  comparable  to  MBE-  and  MOCVD-grown  layers.  The  residual  impurities 
acting  in  GaN  on  SiC  as  shallow  acceptors  are  tentatively  assigned  to  Si  and  C.  The  presence 
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of  three  3d  transition  elements  with  their  characteristic  luminescence  bands  between  1.3  and 
1  eV  in  GaN  is  shown. 
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ABSTRACT 

The  acceptor  binding  energy  is  calculated  to  find  out  the  best  acceptor  impurity  in  InN,  GaN 
and  AIN.  Be  is  predicted  to  be  the  shallowest  acceptor  and  the  next  are  Mg  and  Zn.  Group  IV 
elements  such  as  C  or  Si  are  very  deep.  Band  lineup  is  calculated  to  be  AEc  ;  AEv  =  2.1  eV  : 
0.76  eV  =  0.73  :  0.27  =  2.8  :  1  for  GaN/AlN  and  AEc  :  AEv  =0.88  eV  :  0.66  eV  =  0.57  :  0.43  = 
1.3  :  1  for  GaN/InN.  GaN  is  grown  on  GaAs  and  GaP-coated  Si  substrate  by  MOCVD.  GaAs 
intermediate  layer  gives  better  GaN  compared  to  GaP  intermediate  layer.  It  is  suggested  that  the 
lower  bulk  modulus  of  GaAs  than  that  of  GaP  gives  this  difference. 

Introduction 

Although  light  emitting  diodes  in  blue  region  is  realized  by  GaN  material  system,  the 
difficulties  regarding  this  material  are  too  deep  acceptor  level  that  limits  doping  in  p-GaN,  band 
lineup  which  is  important  in  device  designing  and  the  problems  associated  with  sapphire  substrate. 
Mg  has  widely  been  used  as  a  shallow  acceptor,  however,  there  is  no  theoretical  background  in 
selecting  a  suitable  acceptor  in  GaN,  InN  and  AIN.  First  part  of  this  paper  deals  with  the 
impurity  levels  of  simple  substitutional  acceptors  in  nitride  compounds.  The  primarily  interest  of 
this  calculation  is  to  look  for  the  best  impurity  in  GaN,  InN  and  AIN.  The  valence  band  energy  of 
nitrides  is  then  calculated  by  the  Harrison  model  using  the  effective  bond  length  of  aluminum 
compounds.  The  last  part  of  this  paper  is  related  to  the  substrate  that  can  be  an  alternative  to 
sapphire.  Silicon  coated  by  crystalline  GaAs  and  GaP  are  used  to  grow  GaN  by  MOCVD,  since 
the  direct  growth  of  GaN  on  silicon  is  prevented  by  the  formation  of  amorphous  SiN  at  the 
interface.  Additional  advantage  of  the  use  of  GaAs  or  GaP  intermediated  layer  is  that  more 
dislocation  is  expected  to  be  formed  in  the  intermediate  layer  than  in  GaN,  since  bulk  modulus  of 
GaN  is  much  larger  than  those  of  GaAs  or  GaP.  The  material  characterization  results  of  GaN  on 
Si  is  presented  and  compared  with  those  of  GaN  on  sapphire. 

Acceptor  Binding  Energy  in  Nitrides 


The  impurity  level  in  a  crystal  is  most  simply  calculated  by  the  hydrogen  model  which  is  Ea  = 
m*/E^  13.6  eV.  The  hydrogenic  energy  for  several  materials  are  shown  in  Table  1.  Effective  mass 
m*  do  not  change  significantly  from  material  to  material  and  is  linearly  proportional  to  Ea,  but 
dielectric  constant  e  which  effects  on  Ea  in  square  is  fairly  small  in  the  nitride  compounds.  It  is 
this  small  value  that  makes  Ea  of  nitrides  deep.  The  reason  for  this  small  dielectric  constant  is 
related  to  the  atomic  structure  of  nitrogen  atom.  Since  nitrogen  atom  has  only  K  and  L  shells,  the 
electrons  are  tightly  bounded  to  atomic  core  making  electronic  polarization  and  hence  dielectric 
constant  small.  Although  the  hydrogen  model  reveals  an  essential  problem  associated  with  acceptor 
level  in  nitride  compounds,  it  does  not  give  quantitative  Ea,  because  the  effective  Bohr  radius  a* 
in  nitrides  is  as  small  as  the  lattice  spacing  of  the  crystal. 
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Table  1.  Acceptor  binding  energy  calculated  by  the  hydrogen  model. 


GaAs 

GaP 

InN 

GaN 

AIN 

c 

13.1 

11.1 

9.3 

5.8 

4.8 

m* 

0.45 

0.6 

0.8“’ 

0.8 

0.8“’ 

Ea  (meV) 

36 

66 

126 

323 

472 

a*  (nm) 

1.5 

0.9 

0.6 

0.4 

0.2 

a)  Value  of  GaN. 
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Fig.l  Acceptor  binding  energy  in  GaAs,  GaP,  Si  and  Ge  as  a  function  of  atomic  electronegativity 
(  difference  in  p-state  energy  of  host  and  impurity  atoms). 

The  chemical  trend  of  impurity  atom  can  be  included  by  considering  difference  in  electronic 
structure  of  impurity  and  host  atoms  as  discussed  by  Phillips'  and  Jaros.^  Due  to  ref.l,  the 
activation  energy  of  the  acceptor  is  expressed  as  E,  -  E^  =  const.  [  X,  -  where  E^  is 

hydrogenic  energy,  X,  is  the  electronegativity  of  impurity  atom  and  X^,^  is  the  electronegativity 
of  anion  or  cation  which  is  replaced  by  the  impurity.  Jaros's  theory  also  expresses  activation 
energy  as  a  function  of  atomic  electronegativity  which  is  the  difference  in  p-state  energy  of 
impurity  and  host  atoms.  The  dependence  of  the  energy  in  this  theory,  however,  is  not  a  simple 
square  function  but  is  derived  after  some  calculation.  Although  both  theories  do  not  give  an 
accurate  absolute  value  of  the  impurity  level,  they  correctly  indicate  the  chemical  trend  of  many 
impurity  atoms  in  known  crystals.  Jaros's  plot  for  Si,  Ge,  GaP  and  GaAs  is  shown  as  a  function 
of  atomic  electronegativity  in  Fig.l,  where  Hartree-Fock  atomic  term  values  are  used  as  p-state 
energy^.  The  energy  becomes  suddenly  deep  when  atomic  electronegativity  value  exceeds  about 
1.5  eV,  and  the  energy  is  constant  for  the  smaller  electronegativity  value.  This  behavior  of 
binding  energy  is  qualitatively  the  same  as  the  that  predicted  by  the  theory,  and  do  not  change 
from  one  material  to  the  other.  The  binding  energy  for  small  value  of  electronegativity  is 
determined  by  the  long  range  potential  (hydrogenic  model  like)  and  is  different  from  material  to 
material,  however,  the  behavior  of  Fig.l  in  certain  material  is  independent  on  the  host  crystal, 
and  therefore,  the  chemical  trend  in  an  unknown  crystal  can  roughly  be  estimated  by  the  atomic 
electronegativity  value.  The  electronegativity  values  in  InN,  GaN  and  AIN  are  summarized  in 
Table  2.  The  shallowest  acceptor  impurity  in  all  of  the  three  crystals  is  predicted  to  be  Be.  Mg, 
Zn  and  Cd  might  be  shallow  in  InN,  but  is  uncertain  in  GaN  and  AIN,  since  the  values  are  at  just 
the  onset  of  increase  in  binding  energy.  These  prediction  is  consistent  with  the  recent  experimental 
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results  in  GaN.  (Mg  =  155  meV‘‘,  Zn  =  210  meV'*  and  Cd  =  500  meV^.)  Group  IV  impurities  are 
predicted  to  be  very  deep  in  all  nitride  compounds.  The  big  difference  of  nitrides  from  other 
III-V  compounds  such  as  GaAs  and  GaP  in  which  C  and  Si  are  shallow  comes  from  large  p-state 
energy  of  nitrogen  atom. 

Table  2.  Calculated  electronegativity  of  impurity  atoms  in  InN,  GaN  and  AIN.  Units  are  in  eV. 


Be 

Mg 

Zn 

Cd 

C 

Si 

InN 

-0.42 

1.53 

1.36 

1.39 

2,77 

6.26 

GaN 

-0,12 

1.83 

1.66 

1.69 

2.77 

6.26 

AIN 

-0.08 

1.87 

1.7 

1.73 

2.77 

6.26 

Band  Lineup  of  AIN,  GaN  and  InN 


The  valence  band  energy  of  several  binary  compounds  which  include  B  an  N  was  calculated*^ 
by  the  Harrison  model.’  Although  this  model  is  convenient  to  calculate  energy  in  unknown 
materials,  it  gives  the  error  for  aluminum  compounds.  This  error  can  be  compensated  by  considering 
the  effective  bond  length  of  aluminum  compounds  as  pointed  out  by  Gonda.*  The  bond  length  of 
BN,  GaN  and  InN  lines  up  on  a  straight  line  as  shown  in  Fig.2  together  with  As  and  P  compounds, 
but  only  aluminum  compounds  deviate  from  the  lines.  It  was  empirically  shown  that  the  effective 
bond  lengths  of  AlAs  and  AlP  which  were  the  interpolated  values  on  the  straight  lines  gave 
correct  valence  band  energy  of  Harrison  model.*  We  apply  the  same  method  to  obtain  correct 
energy  for  AIN  whose  effective  bond  length  is  1.76  A.  The  calculated  energy  (top  of  the  valence 
band  and  bottom  of  the  conduction  band)  is  shown  as  a  function  of  bond  length  in  Fig.3.  The 
most  important  values  for  the  practical  application  must  be  the  band  discontinuities  at  GaN/AlN 
and  GaN/InN.  The  results  are  AEc  :  AEv  =  2.1  eV  :  0.76  eV  =  0.73  ;  0.27  =  2.8  :  1  for  GaN/AlN 
and  AEc  :  AEv  =  0.88  eV  :  0.66  eV  =  0.57  ;  0.43  =  1.3  :  1  for  GaN/InN.  Both  interfaces  are  type 
I.  The  value,  AEv  =  0.76  eV  at  GaN/AlN,  is  in  reasonable  agreement  with  that  of  Albanesi  et  al 
(0.85  eV)*. 
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Fig.2  Bond  length  of  several  binary  compounds.  Fig.3  Top  of  the  valence  band  and  bottom 

of  the  conduction  band  for  several 
binary  compounds. 
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Growth  of  GaN  on  GaAs  and  GaP-coated  Si  Substrates 


Silicon  is  a  useful  substrate  to  grow  GaN  and  its  heterbstructures,  but  the  direct  growth  of 
nitrides  on  Si  is  prevented  by  the  formation  of  amorphous  SiN  at  the  interface.  The  ^tentative 
way  is  to  use  the  intermediate  layer  of  crystalline  GaAs  or  GaP  between  GaN  and  Si.  GaAs  or 
GaP  are  first  grown  on  Si  (100)  4  °  off  Si  substrate  by  MOCVD,  and  then  GaN  are  grown.  The 
effects  of  intermediate  layers  on  GaN  crystal  quality  are  investigated. 

GaAs  are  grown  in  the  separate  MOCVD  system.  The  Si  substrates  is  annealed  prior  to  the 
growth,  and  thin  (about  50  nm)  GaAs  is  grown  at  450  °C.  Some  samples  are  taken  out  from  the 
system  to  grow  GaN  on  low-temperature-grown  GaAs  in  the  separate  MOCVD  system.  The 
growth  of  GaAs  is  continued  for  other  samples  at  750  'C.  The  thickness  of  GaAs  layer  is 
changed  from  0.2  to  2  pim.  GaAs  grown  at  450  °C  and  750  °C  on  Si  are  poly-crystalline  and 
single  crystalline,  respectively.  GaP  is  grown  in  the  same  MOCVD  system  as  that  used  for  GaN 
growth.  The  growth  condition  is  almost  the  same  as  that  of  GaAs,  except  that  the  growth  rate  is 
reduced  and  the  V/III  ratio  is  increased  to  obtain  mirror  surface. 

No  strong  relation  between  crystal  quality  of  GaN  and  the  thickness  of  the  intermediate  layers 
is  observed.  The  X-ray  diffraction  curves  from  GaN  ((X)02)  face  for  three  samples  grown  on 
different  substrates  (GaAs  on  Si,  GaP  on  Si  and  sapphire)  are  compared  in  Fig.4.  The  FWHM  is 
smallest  on  sapphire  substrate  (9  min  which  is  the  resolution  of  the  apparatus).  The  next  is  GaAs 
on  Si  (12  min),  and  GaP  on  Si  results  in  the  broadest  FWHM(18  min).  This  result  is  qualitatively 
understood  by  the  difference  in  bulk  modulus  of  GaAs,  GaP  and  G^.  The  dislocations  tend  to 
be  formed  in  the  material  that  has  the  smaller  bulk  modulus.  Since  GaAs  has  smaller  bulk 
modulus  than  GaP,  more  dislocations  are  formed  in  GaAs  reducing  the  dislocation  density  in 
GaN.  The  X-ray  fWHM  obtained  in  this  work  can  be  compared  with  those  of  the  other  works 
that  use  Si  substrates;  Lei  et  al‘°  (60  min),  Watanabe  et  al.  ”  (12.8  min)  and  Hirosawa  et  al.‘^ 
(18  min). 


Fig.4  X-ray  diffraction  curves  from  GaN  (0002)  plane  grown  on  sapphire,  GaP  on  Si  and  GaAs 
on  Si  substrates. 


462 


Summary 


The  acceptor  binding  energy  is  investigated  to  find  out  the  best  acceptor  impurity  in  InN, 
GaN  and  AIN.  It  was  pointed  out  that  the  small  dielectric  constant  due  to  small  atomic  number  of 
N  is  the  main  reason  of  the  deeper  acceptor  levels  in  nitrides  compared  to  the  other  III-V 
compounds.  Be  is  predicted  to  be  the  shallowest  acceptor,  and  the  next  are  Mg,  Zn  and  Cd. 
Group  IV  elements  such  as  C  or  Si  are  very  deep. 

Valence  band  energy  of  nitride  compounds  is  calculated  by  the  Harrison  model  using  the 
effective  bond  length  of  aluminum  compounds.  The  results  are  AEc  :  AEv  =  2.1  eV  :  0.76  eV  = 
0.73  :  0.27  =  2.8  :  1  for  GaN/AlN  and  AEc  :  AEv  =  0.88  eV  :  0.66  eV  =  0.57  :  0.43  =  1.3  :  1  for 
GaN/InN.  Both  interfaces  are  type  I. 

GaN  is  grown  on  GaAs  and  GaP-coated  Si  substrate  by  MOCVD.  GaAs  intermediate  layer 
gave  better  GaN  compared  to  GaP  intermediate  layer.  It  was  suggested  that  the  lower  bulk 
modulus  of  GaAs  than  that  of  GaP  gave  this  difference.  However,  GaN  layers  grown  on  these 
substrates  are  still  inferior  to  the  layer  grown  on  sapphire  substrates. 
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ABSTRACT 

The  effect  of  epitaxial  growth  temperature  in  the  range  985  -  1050°C  on  the  preparation 
of  device  quality  Si-doped  GaN  layers  on  seif-nucleated  (00.1)  sapphire  has  been 
explored.  Not  unexpectedly,  several  device-related  properties  monotonically  improve  with 
increasing  growth  temperature,  including:  (a)  carrier  density;  and,  (b)  volume  fraction  of 
heteroepitaxial  domains.  However,  a  number  of  equally  important  device-related 
properties  show  a  local  maximum  or  minimum  and  include:  (a)  optical  second-harmonic 
generation  intensity;  (b)  structural  coherence;  and,  particularly  (c)  surface  morphology. 
The  antecedents  of  the  first  class  is  found  in  an  increase  in  surface  and  bulk  diffusion  and 
a  reduction  in  film  defect  incorporation  and  stress  at  the  GaN/GaN  (nucleation  layer)/a- 
AljOj  heterointerface  (even  for  overlays  with  thicknesses  near  1  jim).  The  second  class 
apparently  stems  from  the  limited  range  over  which  the  thermally  annealed  GaN 
nucleation  layer  stimulates  pseudo  two-dimensional  growth  of  the  overlayer. 

INTRODUCTION 

To  a  large  degree,  the  recent  and  rather  remarkable  improvement  in  the 
morphological  and  physical  (structural,  optical  and  electrical)  characteristics  of 
heteroepitaxial  thin  films  of  gallium  nitride  (GaN)  deposited  on  (00.1)  oriented  sapphire  (a- 
AljOj)  can  be  attributed  to  the  utilization  of  a  predeposited  nucleation  layer.  Without  this 
nucleation  layer,  the  extremely  large  lattice  mismatch  between  GaN  and  (00.1)  oriented 
sapphire  generally  results  in  films  with  pronounced  hexagonal  features,  owing  to  a  three- 
dimensional  (3D)  island  growth  mechanism.  Thus  far,  nucleation  layers  consisting  of 
either  lattice-mismatched  aluminum  nitride  (AIN;  -2.2%)  [1,2]  or  zinc  oxide  (ZnO;  -1.9%) 
[3]  or  lattice-matched  GaN  [4-6]  itself  have  been  investigated.  In  each  instance,  it  has 
been  suggested  that  the  seed  layer  provides  a  significant  increase  in  nucleation  density 
for  the  subsequent  GaN  overgrowth  and  in  the  process  converts  the  growth  mechanism 
from  3D  to  pseudo  two  dimensional  (2D). 

As  the  nucleation  layers  are  usually  deposited  at  temperatures  below  that  of  the 
overlayer.  It  became  essential  that  data  be  accumulated  on  the  effect  of  thermal  annealing 
on  the  nucleation  layers  and,  obviously,  on  the  succeeding  overlayer.  In  this  regard,  we 
have  recently  described  m  the  evolution  of  the  structural  and  optical  properties  with 
thermal  annealing  of  GaN  nucleation  layers  on  (00.1)  sapphire  and  demonstrated  that  the 
as-deposited  layers  have  a  measurable  epitaxial  component,  although  the  crystallite  size 
is  quite  small.  Upon  annealing  to  higher  temperatures,  the  crystallite  size  increased 
significantly  through  solid-phase  epitaxy  and  the  crystal  perfection  improved  markedly. 

Herein,  we  describe  studies  of  self-nucleated.  Si-doped  thin  films  (~0.7-8nm)  of 
GaN  grown  with  a  variety  of  device  applications  in  mind.  It  was  certainly  anticipated  that 
the  self-nucleated  overgrowth  of  GaN  (a  process  that  is  thermally  and  metrically  matched) 
should  exemplify  the  concepts  outlined  above.  In  fact,  while  the  data  offered  here 
supports  that  view,  a  simple  caveat  emerges  that  is  crucial  to  the  preparation  of  device 
quality,  self-nucleated  GaN  films  for  optoelectronic  applications. 
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EXPERIMENTAL  RESULTS  AND  DISCUSSION 


The  samples  were  prepared  in  a  vertical  spinning  disc  MOCVD  reactor  operating 
at  70  torr.  Trimethylgallium  ^MG)  and  ammonia  (NHj)  gases  were  used  as  precursor 
chemicals  and  nitrogen  (Nj)  gas  as  the  carrier.  Prior  to  loading  into  the  reactor,  precisely 
oriented  (0001)  sapphire  substrates  were  cleaned  and  lightly  etched.  Immediately  before 
growth,  the  surfaces  were  further  processed  by  heating  in  situ  at  850°C  for  5  minutes. 
The  nucleation  layers  were  deposited  for  180  seconds  at  540°  to  give  a  thickness  near 
450A.  The  substrates  were  then  ramped  at  a  constant  rate  in  flowing  NHj  and  Nj  gases 
to  growth  temperatures  in  the  range  985°C  to  1050°C.  Overlayers  were  grown  for  45 
minutes  using  a  TMG  flow  rate  of  54  p.mol/min,  an  NH,  flow  rate  of  6.7  x  10'^  mole/min 
and  a  N2  flow  of  4.0  sIm.  During  growth  the  samples  were  doped  with  silicon  by  flowing 
SiH^  at  a  rate  of  1.1  x  10'^  jimol/min. 

X-ray  data  were  collected  on  a  Phillips  APD  diffractometer  (step  resolution  0.005°) 
employing  graphite-monochromatized  CuKa  radiation  and  using  the  precession  method 
and  Zr-filtered  MoKa  radiation.  The  nonlinear  second-harmonic  generation  (SHG) 
measurements  were  performed  utilizing  the  1.0e4nm  output  of  a  Nd:YAG  laser  at  a  peak 
power  density  of  10MW/cm^  -  well  below  the  damage  threshold  of  the  GaN  film.  The  p- 
polarized  incident  beam  was  set  at  an  angle  of  55°  to  the  air/GaN  interface  to  maximize 
the  SHG  signal,  and  as  the  film  thickness  is  less  than  the  coherence  length  (~2.5ixm  for 
GaN),  the  reported  peak  intensities  have  been  normalized  by  the  square  of  the  film 
thickness.  Room-temperature  electrical  resistivity  and  Hall  effect  (in  0.5T)  were  measured 
using  a  four-probe  van  der  Pauw  technique.  The  surface  morphology  of  the  films  were 
investigated  in  polarized  light  utilizing  a  Vickers  Photoplan  metallographic  microscope. 

As  a  means  of  reference  for  the  present  data,  it  is  recalled  that  earlier  work  [7]  has 
shown  that  as-deposited  GaN  nucleation  layers  on  (00.1)  sapphire  are  comprised  of  a 
mixture  of  crystalline  and  amorphous  domains.  These  deductions  were  initially  inferred 
by  contrasting  the  optical  absorption  spectra  of  as-deposited  and  thermally  annealed  (to 
simulate  overlayer  growth  conditions)  nucleation  layers.  As  the  temperature  is  increased, 
these  crystallites  undergo  solid-state  epitaxy  and  their  size  is  augmented  by  Ostwald 
ripening.  A  quantitative  measure  of  this  increased  crystallinity,  as  determined  from  the 
absorbance  data,  is  obtained  by  subtracting  the  absorbance  curve  of  the  as-deposited 
sample  from  those  of  the  annealed  samples  and  taking  the  gradient  of  the  resulting 
difference  curves.  The  maximum  of  the  absorbance  gradient  of  the  difference  curves  as 
a  function  of  anneal  temperature  was  subjected  to  an  Arrhenius-type  analysis,  yielding  an 
apparent  energy  for  the  crystallization  of  the  GaN  nucleation  layers  of  0.9±0.1  eV  (22±2 
kcal/mole).  This  value  compares  favorably  to  typical  activation  energies  for  steady  state 
self-diffusion  in  alloys  and  suggests  that  possible  mechanisms  for  the  recrystallization 
include  the  movement  of  vacancies  or  dislocations,  self  diffusion  within  the  bulk  material, 
creep  and  grain  boundary  diffusion.  [8] 

The  presence  of  a  crystalline  component  in  GaN  nucleation  layers  (for  both  as- 
deposited  and  post-deposition  annealed  layers)  was  confirmed  by  the  detection  of  well- 
defined,  essentially  Lorentzian  0/26  X-ray  diffraction  peaks.  An  as-deposited  GaN 
nucleation  layer  had  a  measured  (00.2)  d-spacing  of  2.603  A  and  a  full-width  at  half 
maximum  (FWHM)  of  an  unresolved  ar®2  doublet  of  0.35°.  The  increase  in  crystallinity 
with  annealing  temperature  was  confirmed,  for  example,  by  a  monotonic  reduction  in 
tensile  strain  (Ac/c^,,  where  c^,  =  5.1850A  is  the  equilibrium  cell  constant  for  thick  GaN 
films  [9,10])  in  the  nucleation  layer  as  the  anneal  temperature  is  increased.  In  fact,  by  an 
anneal  temperature  of  900°C,  the  nucleation  layers  are  essentially  fully  relaxed,  and  by  an 
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anneal  temperature  of  1050°C  the  FWHM  has  decreased  to  near  7  arc  minutes.  These 
results  further  indicate  that  not  only  do  the  crystallites  of  the  GaN  nucleation  layer 
continue  to  grow  but  their  degree  of  orientation  to  the  substrate  improves  as  well. 

In  the  present  study,  the  structural  properties  of  GaN  overlayers  deposited  at 
various  growth  temperatures  (in  the  range  985-  1050°C)  on  self-nucleated  (00.1)  sapphire 
substrates  is  presented.  [11]  Initially,  the  structural  coherence  of  these  films  normal  to 
the  substrate  (parallel  to  the  growth  direction)  was  examined  by  conventional  9/20  X-ray 
scans.  These  data  are  illustrated  in  Figure  1  and  show  that:  (a)  the  (00.1)  plane  of 


Figure  1.  X-Ray  diffractometry  (0/20  scan,  0.005°  step  resolution)  of  four  GaN  overlayers 
deposited  on  self-nucleated  (00.1)  sapphire  at  various  growth  temperatures. 

the  GaN  overlayer  parallels  that  of  the  sapphire  substrate  and,  not  surprisingly,  the  GaN 
nucleation  layer  as  well;  (b)  the  structural  coherence  parallel  to  the  growth  direction  is 
excellent,  as  demonstrated  by  a  clear  separation  in  the  Ka^/Kccj  doublet  for  (00.2)g3^  and 
a  Lorentzian  fit  to  the  Ka,  component  that  yields  a  FWHM  near  4  arc  min  or  less;  (c)  the 
film  stress  is  minimal  as  the  uniformly  deduced  d  spacing  for  (00.2)(,3^  at  2.589(1  )A  is 
identical  to  that  reported  for  thick  GaN  films.  [9-10]  It  is  also  noted,  as  can  be  seen  in 
Figure  2,  that  the  temperature  dependence  of  the  integrated  intensity  for  the  (00.2)53^ 
reflection  exhibits  a  functional  dependence  reminiscent  of  an  activated  (Arrhenius-type) 
process.  Given  the  discussion  outlined  above,  the  ripening  of  the  predeposited  nucleation 
layer  is  a  likely  precursor  to  this  trend.  In  a  similar  vein,  the  electrical  transport  properties 
of  these  films  improve  monotonically  with  growth  temperature  as  exemplified  by  the  n-type 
carrier  density  which  also  shows  an  Arrhenius-type  behavior.  [11]  However,  not  all 
parameters  display  such  a  simple  dependence  on  growth  temperature.  For  example,  as 
depicted  in  Figure  3,  there  is  a  shallow  but  discernible  minimum  in  the  FWHM  at  the 
penultimate  growrth  temperature  of  1025°C  (a  point  to  which  we  shall  return). 
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Figure  2.  Arrhenius  plot  of  the  logarithm  Figure  3.  Plot  of  normalized  values  for 
of  the  intensity  of  the  (00.2)GaN  reflection.  several  parameters  with  temperature. 


Employing  the  X-ray  precession  method,  the  in-plane  heteroepitaxy  of  these  films 
[(10.0)(.3N//(21.0)5gpp^j,.J  has  also  been  ascertained  and  shown  to  be  equally  robust; 
typical  results  for  the  film  grown  at  1025°C  are  presented  in  Figure  4.  From  photographs 
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Figure  4.  X-Ray  precession  photographs  for  the  GaN  overlayer  deposited  at  1025°C. 

such  as  these,  the  mean  ellipticity  (defined  as  the  ratio  of  the  reflection  width  in  the  0/20 
scan  direction  to  that  in  the  o  scan  direction  and  denoted  as  ELL  in  Figure  3)  has  been 
measured  for  the  family  of  reflections  {11.0}  from  the  GaN  films.  [12]  On  an  absolute 
scale,  the  ellipticities  for  the  reflections  from  the  GaN  film  rival  those  from  the  (00.1) 
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Figure  5.  Phase  contrast  optical  images  of  the  surface  of  the  GaN  overlayers  deposited 
at  (a)  985°C;  (b)  lOIS^C;  (c)  1025°;  and,  (d)  1050°C. 

opaque  in  visible  light  due  to  scatter  from  a  dense  matrix  of  three-dimensional  islands. 
The  other  three  films  are  all  transparent  in  visible  light;  however,  the  optical  micrographs 
of  Figure  5  show  specular  surfaces  and,  therefore,  pseudo  2D  growth  only  for  the  films 
deposited  at  1015  and  1025°C.  By  a  growth  temperature  of  1050°C,  an  island  growth 
mode  reemerges  and  a  featured  surface  reappears  as  shown  in  Figure  5(d).  In  parallel, 
results  from  the  nonlinear  optical  studies  shows  a  SHG  intensity  that  is  optimized  for  a 
growth  temperature  of  1025°C,  presented  once  again  in  Figure  3. 

The  unanticipated  trends  for  the  SHG  intensity,  the  structural  coherence  of  the 
epitaxial  volume  (FWHM),  and  the  reflection  ellipticity,  and  particularly  the  surface 
morphology  surely  lie  in  the  altered  overlayer  growth  mode  engendered  by  the  presence 
of  the  nucleation  layer.  We  attributed  this  latter  result  to  a  coarsening  of  the  GaN 
crystallites  to  the  point  of  a  premature  coalescence  of  GaN  mesa  islands  at  a  growth 
temperature  of  1050°.  Apparently  then,  this  coarsening  of  the  GaN  nucleation  layer  at 
higher  temperatures  leads  to  a  critical  increase  in  island  size,  a  decrease  in  nucleation 
density,  and  a  return  to  a  3D  island  growth  mechanism  for  the  GaN  overlayer,  and  an 
optimal  growth  temperature  for  self-nucleated  GaN  films,  especially  for  optoelectronic  and 
device  processing  applications,  that  lies  in  a  narrowly  defined  regime. 


SUMMARY 


In  summary,  it  has  been  shown  that  Si-doped  GaN  thin  films  grown  on  self- 
nucleated  (00.1)  sapphire  exhibit  excellent  in-plane  and  out-of-plane  structural  coherence 
and  are  virtually  free  of  residual  stress.  Moreover,  the  dependence  of  the  properties  of 
these  films  on  growth  temperature  seems  to  directly  stem  from  that  of  the  GaN  nucleation 
layers  predeposited  at  540°C.  These  results  can  be  interpreted  within  the  model 
proposed  by  Akasaki  and  coworkers  [13]  for  AIN-seed  layers,  where  it  was  suggested 
that  the  as-deposited  AIN  nucleation  layers  are  largely  amorphous  but  anneal  and 
crystallize  to  a  random  columnar  microstructure  upon  the  thermal  ramp  to  the  GaN 
overlayer  deposition  temperature.  This  model  further  implies  that  the  GaN  overlayer 
nucleates  on  the  AIN  columns,  and  that  a  preferred  overlayer  heteroepitaxy  dominates 
initial  and  subsequent  stages  of  the  GaN  film.  As  described,  the  as-deposited  GaN 
nucleation  layers  also  have  a  measurable  crystalline  component,  although  the  crystallite 
size  is  very  small.  Upon  annealing  to  the  growth  temperature,  the  crystallite  size  and 
crystal  perfection  of  the  nucleation  layer  improves  until  it  approaches  that  of  a 
heteroepitaxial  GaN  thin  film.  Finally,  GaN  overlayers  deposited  at  growth  temperatures 
in  excess  of  900°C  mimic  the  excellent  structural  coherence  of  the  mature  GaN  nucleation 
layer.  However,  beyond  a  critical  crystallite  size  for  the  nucleation  layer,  a  three- 
dimensional  growth  mode  and  a  textured  surface  reemerges  and  the  GaN  overlayer  is 
less  than  optimal  for  optoelectronic  applications. 
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ABSTRACT 

Wurtzite  GaN  films  on  AIN  buffer  layers  were  grown  on  Si  (111)  by  electron  cyclotron 
resonance  microwave  plasma  assisted  MBE  (ECR-MBE).  High  resolution  x-ray  diffraction 
studies  indicate  that  the  mosaic  disorder  decreases  with  increasing  growth  temperature.  The 
grain  size  is  related  to  the  growth  temperature.  The  best  (0002)  diffraction  peak  full  width  at 
half  maximum  was  22  min.  for  a  film  1.7  pm  thick.  Prominent  exciton  luminescence  is 
observed  at  3.46  eV  at  10  K. 

Tbe  plasma  I-V  characteristics  were  measured  with  a  Langmuir  probe  near  the  growth 
position.  The  nitrogen  ion  density  has  been  extracted  from  the  data,  and  is  a  strong  function  of 
the  N2  flow  rate,  the  microwave  power  and  the  aperture  size  of  the  ECR  source.  The  crystal 
quality  of  AIN  is  strongly  affected  by  the  plasma  conditions. 


INTRODUCTION 

Gallium  nitride  is  one  of  the  most  important  targets  among  the  wide  bandgap  nitrides  for 
future  optical  devices.  GaN-based  p-n  junction  blue  light-emitting  diodes  [1,  2]  have  already 
been  fabricated  using  sapphire  substrates  and  commercial  introductions  in  Japan  have  begun. 
From  the  standpoint  of  a  prospective  device  technology,  sapphire  poses  severe  problems  as  a 
substrate  material  because  it  is  hard  to  cleave,  relatively  expensive,  not  amenable  to  in  situ 
homoepitaxy  and  cannot  be  made  conductive.  Silicon  solves  all  these  difficulties.  Availability 
of  wide  bandgap  light  emitters  and  detectors  on  Si  would  be  a  significant  benefit  to  nitrides  and 
potentially  will  have  a  big  impact  on  Si  integrated  circuit  technology  as  well. 

Research  on  GaN  films  on  Si  substrates  dates  to  1991  [3-6].  The  difficulties  in  achieving 
good  crystal  quality  of  GaN  on  Si  come  from  the  large  differences  in  lattice  constants,  thermal 
expansion  coefficients,  and  surface  chemistry.  In  recent  reports  [4-6],  chemical  vapor 
deposition,  vapor-phase  epitaxy,  and  ECR-MBE  methods  were  tried  using  SiC,  AIN,  or  low- 
temperature-grown  GaN  as  buffer  layers  to  overcome  those  obstacles. 

In  this  paper,  the  first  detailed  investigation  of  wurtzite  GaN  growth  on  Si  (1 1 1)  using  AIN 
buffer  layers  by  ECR-MBE  is  reported.  Apparently  also  the  material  is  the  first  optically  active 
GaN  on  Si.  The  mosaic  structure  and  grain  size  are  studied  using  x-ray  diffractometry.  This 
project  is  based  on  the  simple  observation  that  along  the  (111)  direction  in  the  diamond 
structure,  2-D  triangular  nets  are  stacked  in  the  sequence  ABCABC...,  whereas  along  the  c  axis 
in  the  wurtzite  structure,  similar  triangular  nets  are  stacked  in  the  ABAB....  sequence.  Thus,  in 
an  ideal  layer-by-layer  growth  mode,  wurtzite  overlayers  can  in  effect  be  lattice  matched  to  a 
diamond  or  zincblende  (111)  face.  GaN  on  Si  (1 1 1)  unfortunately  constitutes  a -17%  mismatch 
(V2a(3^N /Og; -1).  Nonetheless,  substantial  progress  toward  high-quality  epitaxy  has  been 
demonstrated.  The  presence  of  the  thin  AIN  layer  is  very  helpful,  as  without  it,  the  GaN  growth 
becomes  disordered.  This  difference  may  be  due  to  the  formation  at  the  interface  of  Si3N4  or 
other  silicon  nitrides.  To  make  further  progress,  the  activity  of  the  drift  plasma  from  the  ECR 
source  is  a  key  issue  in  control  of  the  crystal  quality.  For  the  first  time  in  the  nitride  ECR-MBE 
process,  I-V  characteristics  of  the  drift  plasma  were  measured.  Some  interesting  features  of  the 
drift  plasma  related  to  the  efforts  to  optimize  film  growth  are  shown,  namely  that  the  ion  energy 
and  especially  the  density  are  strong  functions  of  the  microwave  power,  nitrogen  flow  rate,  and 
the  aperture  size  of  the  ECR  plasma  source. 
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EXPERIMENTAL  PROCEDURES 

The  EPI  Model  930  MBE  system  with  Astex  Compact  ECR  plasma  source  was  used  for  this 
work.  Prior  to  the  growth,  the  p-type  (B  doped,  1-10  Q-cm,  miscut  approximately  2.6°  toward 
(100))  Si  (111)  substrates  were  cleaned  using  a  standard  RCA  process,  then  outgassed  in  the 
deposition  chamber  at  850  °C  for  60  minutes  to  remove  the  native  oxide.  After  cooling  to  the 
growth  temperature,  the  7-fold  surface  reconstruction  and  prominent  Kikuchi  lines  were 
confirmed  in  the  electron  diffraction  pattern  indicating  a  high-quality  Si  surface. 

The  AIN  buffer  layers  and  GaN  films  were  deposited  with  substrate  temperatures  over  the 
range  of  500  to  800  °C,  a  microwave  power  input  of  40  W,  an  N2  flow  rate  of  2  seem  and  a 
deposition  chamber  pressure  of  2.0x10”^  torr.  The  thickness  of  the  AIN  buffer  layers  is  about  10 
nm.  The  crystallographic  structures  of  AIN  buffer  layers  and  GaN  films  were  examined  by 
reflection  high  energy  electron  diffraction  (RHEED),  and  double-crystal  4-bounce  x-ray 
diffractometry  with  a  line-focused  x-ray  generator.  The  x-ray  wavelength  is  1.540  A  (Cu  Ka). 

The  x-ray  beam  width  is  1.2  mm  for  them  scanning  mode  and  0.2  mm  for  the  0-20  scanning 
mode.  To  study  the  optimum  plasma  conditions,  AIN  films  were  grown  with  different 
microwave  powers  and  nitrogen  flow  rates,  and  with  two  different  exit  apertures  on  the  ECR 
source. 


RESULTS  AND  DISCUSSION 


X-rav  measurements 

According  to  the  theory  of  x-ray  diffraction  from  thin  films  of  mosaic  structure  [7,  8],  the 
full  width  at  half  maximun  of  the  m  scanning  mode,  (A6co)  is  attributed  to  the  superposition  of 
the  orientation  distribution  (A0i),  the  distribution  of  the  lattice  spacing  (A02),  and  the  finite  size 
of  crystallites  and/or  the  finite  thickness  of  film  (A03).  Therefore  A0£i,~(A0i  +  A02  +  A^).  On 
the  other  hand,  the  FWHM  of  the  0-20  scanning  mode  with  a  narrow  x-ray  beam  is  Adze  ~ 
2(A02  -t-  A^  ).  The  relation  between  A03  and  the  mean  dimension,  D,  the  grain  size  or  the 
thickness  of  the  thin  film  was  given  by  Scherrer  [9], 


2(cos0b)(A03)  ^ 

where  X  is  a  constant  related  to  the  crystallite  shape,  Og  is  the  Bragg  angle,  and  A  is  the  x-ray 
wavelength.  The  value  of  K  was  given  as  0.7  for  microcrystallites  [10,  11],  and  0.89  for  thin 
films  [12]. 

The  Add)  of  the  GaN  samples  depends  on  the  growth  temperature  (Fig.  1).  The  value  of 
(l/2)A^e  is  smaller  than  that  of  Ada,.  This  result  implies  that  the  GaN  films  have  a  mosaic 
structure  that  improves  as  the  growth  temperature  increases.  In  fact,  (l/2)A02e  decreases  as  the 

growth  temperature  increases.  The  theoretical  value  of  (1/2)A02  for  GaN  is  very  small,  20.5  s 
[8].  The  FWHM  from  the  finite  thickness  of  the  film  (eq.  1)  is  also  negligible  compared  to  the 
measured  Adze  ■  Therefore  the  temperature  dependence  of  Adze  reflects  the  temperature 
dependence  of  the  grain  size  of  the  microcrystallites.  The  surface  morphology  observed  by 
scanning  electron  microscopy  corresponds  to  the  above  x-ray  analysis,  that  is,  the  size  of  the 
hiUs  on  the  GaN  surface  increases  with  growth  temperature. 
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Figure  1.  FWHM  from  GaN(0002)  vs.  growth  Figure  2.  Tilt  angie  vs.  growth  temperature, 

temperature.  400)  (a);  A929  (b);  grain  size  from  Angle  between  GaN(0002)  and  Si(1 11)  (a); 

equation  1  (c).  The  film  thickness  is  0.6-0.7  pm.  angle  between  GaN(0002)  and  surface 

normal  (b). 


The  alignment  of  the  GaN(0002)  direction  with  respect  to  the  Si(l  1 1)  and  the  surface  normal 
shows  a  temperature  dependence  as  in  Fig.  2.  The  (0002)  axis  tends  to  align  to  Si(lll)  and 
away  from  the  surface  normal  as  the  growth  temperature  increases  up  to  750  °C.  From  these 
results,  we  get  an  optimum  growth  temperature  of  750  °C.  When  the  growth  temperature 
exceeds  750  °C,  the  sublimation  rate  of  GaN  from  the  film  becomes  comparable  to  the  growth 

rate.  This  decomposition  of  the  film  is  correlated  with  an  increase  in  ABa,  and  the  reorientation 
of  GaN(0002)  away  from  Si(l  1 1). 
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The  photolurainescence  spectrum  of  GaN  at  10  K  is  shown  in  Fig.  3.  Five  different  types  of 
emissions  are  recorded.  The  most  efficient  emission  is  obtained  at  3.46  eV  with  23  meV  full- 

width  and  is  identified  as  the  donor 
bound  exciton  [13-15].  The  peaks  at 
3.40  and  3.30  eV  may  be  LO-phonon 
replicas  of  the  lowest  free  exciton  [15]. 
More  detailed  study  is  needed  for  an 
identification  of  the  peak  at  3.35  eV.  A 
broad  peak  near  2.27  eV  bas  been 
ascribed  to  deep-donor  /  deep-acceptor 
recombination  [13].  The  growth 
conditions  for  this  sample  were  a 

substrate  tempertature  of  750  °C  ,  a 
microwave  power  of  20  W,  and  a  film 
thickness  of  1.0  pm.  The  observation  of 
photoluminescence  only  from  films 
grown  at  this  reduced  microwave 
power  strongly  suggests  that  the  more 
energetic  plasma  species  are  damaging 
to  the  growth  of  optically  active  films. 

Figure  3.  Photoluminescence  spectrum. 
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Molecular  nitrogen  gas  is  supplied  to  the 

ECR  active  region  (Fig.  4),  where  active  and  _ ^  ■— - - I 

ionic  nitrogen  are  created  through  electron  i  * _ g,  —  ^ 

collision.  Some  of  the  active  N2*,  ionic  Ni*'  p  _ 

species  and  electrons  migrate  through  the 

aperture  of  the  ECR  source  and  hit  the  sample  t  [  ^  i 

surface.  Among  those  species,  the  positively  1  .  '  T 

charged  Af2'''  ions  potentially  cause  surface  Pom  o  coi  1  Langmuir  probe  | 
damage  due  to  their  high  mass  and  the  high  ECR  active  ' 

kinetic  energy  obtained  from  acceleration  reoion  Substrate 

through  the  plasma  potential.  ® 

Powell  et.  al.  reported  that  the  bombardment 

of  high  energy  nitrogen  ions  (kinetic  energy  >  Figure  4.  The  ECR  plasma  configuration 

60  eV)  in  a  reactive-ion  MBE  system  causes  showing  location  of  the  probe, 

severe  damage  to  GaN  film  quality  [16].  In 

order  to  optimize  growth  conditions,  the  activity  of  the  plasma  was  studied  via  the  I-V 
characteristics  measured  near  the  growth  position  by  a  conventional  Langmuir  probe  of  0.127 
mm  diameter  and  4.445  cm  length. 

The  qualitative  behavior  of  the  !-V  characteristics  is  explained  as  follows.  For  a  low  density 
plasma  and  a  small  probe,  the  standard  theory  of  "orbital  motion"  described  by  Langmuir  [17] 
gives  the  positive  ion  current.  Ip  ,  when  the  probe  radius  is  much  less  than  the  Debye  length 

Ao .  In  this  work,  rp/Xp  was  always  less  than  0.2.  The  ion  current  is 


Figure  4.  The  ECR  plasma  configuration 
showing  location  of  the  probe. 


/p  =  eAn 


-2e(Vp-V,))^ 


where  e  is  the  electron  charge,  n  the  density  of  ions,  A  the  probe  area,  Vj  the  space  potential 
for  the  ion,  and  nip  the  mass  of  the  ion.  The  ion  number  density  and  the  plasma  potential  are 
analyzed  by  plotting  Ip^  vs  Vp . 

The  plasma  data  are  shown  in  Fig.  5.  The  density  of  ions  inferred  from  the  ion  current 
increases  sharply  with  the  nitrogen  flux  and  the  microwave  power.  From  these  data,  a 
microwave  power  of  40  W  and  nitrogen  flow  rate  of  2  seem  for  an  aperture  diameter  of  12  mm 
seems  to  be  a  moderate  condition  in  terms  of  the  plasma  bombardment  of  the  sample  surface. 
Using  this  plasma  condition  and  a  growth  temperature  of  750  °C,  we  were  able  to  grow  at  a  rate 

of  0.12  pm/hr.  Unless  otherwise  noted,  these  conditions  were  used  for  the  GaN  growths 
reported  here.  In  order  to  reduce  the  ion  density  at  the  growth  surface,  we  installed  a  smaller 
aperture  (4  mm  diameter)  in  the  ECR  source.  By  doing  so,  the  density  of  ions  becomes  one 
order  of  magnitude  smaller,  which  is  the  same  order  as  the  reduction  in  the  aperture  area.  The 
ionic  ^2+  species  that  hit  the  aperture  surface  seem  to  cool  down,  relaxing  or  recombining  to  N2 
or  N2*  .  The  density  of  ions  increases  as  the  microwave  power  increases  in  the  same  way  for 
both  apertures.  But  the  density  dependence  on  the  flow  rate  is  contrary  between  those  two 
apertures  (Fig.  5a).  Since  the  nitrogen  molecule  pressure  inside  the  ECR  tube  is  a  function  of 
the  nitrogen  flow  rate  and  the  aperture  size,  and  the  ionization  collision  frequency  is  related  to 
the  nitrogen  pressure,  there  is  an  optimum  nitrogen  pressure  for  the  creation  of  the  ionized 
nitrogen.  From  Fig.  5b,  this  optimum  pressure  is  about  3  mtorr.  The  space  potential  (Fig.  6)  of 
the  12  mm  aperture  is  almost  independent  of  the  nitrogen  pressure  and  microwave  power.  To 
the  contrary,  the  space  potential  of  the  4  mm  aperture  increases  as  the  microwave  power 
increases,  and  decreases  as  the  nitrogen  flow  rate  increases.  In  the  case  of  the  4  mm  aperture 
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Figure  5.  Ion  density  vs,  nitrogen  flow  rate  (a).  Ion  density  vs.  calculated  nitrogen  pressure  inside 
ECR  tube  (b).  The  ion  production  is  maximized  at  about  3  mtorr. 
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Figure  7.  FWHM  of  AIN  vs.  plasma  condition  for 
the  4  mm  aperture.  The  AIN  crystal  quality  is 
improved  compared  to  12  mm  aperture.  The 
deposition  time  is  3  hr.  The  growth  temperature 
is  750°C, 


Figure  8.  Growth  rate  vs.  plasma  condition 
(4  mm  aperture).  The  growth  rate  is  reduced 
compared  to  the  12  mm  aperture. 
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and  a  flow  rate  of  more  than  2  seem,  the  use  of  an  I-V  eurve  to  estimate  the  spaee  potential  is 
unreliable. 

The  FWHM  of  the  AIN  (0002)  x-ray  peak  (Fig.  7)  indieates  that  under  the  plasma 
eonditions  of  high  ion  density  (10^  em“3)  and  high  ion  kinetie  energy  (>  40  eV)  (0.5  seem, 
100  W)  the  erystal  quality  of  AIN  deteriorates.  On  the  other  hand,  the  growth  rate  of  AIN 
inereases  under  plasma  eonditions  of  higher  ion  density  (Fig.  8).  The  ion  flux  for  a  nitrogen 
flow  of  2  seem  and  a  mierowave  power  of  50  W  is  about  10*^  em^2  see“'  assuming  the  ion 
kinetie  energy  is  equivalent  to  the  spaee  potential  of  10  eV  infered  from  Fig.  7.  The  typieal 
growth  rate  of  0.06  pm/hr  eorresponds  to  a  nitrogen  flux  of  8  x  10*3  cm-2  sec“*  that  is  one  order 
of  magnitude  greater  than  the  ion  flux.  Thus,  these  data  suggest  that  the  growth  rate  is  not 
limited  by  the  ion  flux.  Instead,  the  flux  of  aetive  nitrogen  limits  the  growth  rate.  With  the  4- 
mm  aperture,  the  growth  rate  is  about  a  factor  of  2  smaller,  even  though  the  ion  density  is  ten 
times  smaller. 

CONCLUSION 

We  have  grown  single-crystal  GaN  films  on  Si  (111)  by  ECR  plasma-assisted  MBE  using 
AIN  buffer  layers.  The  samples  have  a  mosaic  structure,  and  this  mosaic-type  disorder 
decreases  with  increasing  temperature  (less  than  750  °C)  .  The  grain  size  of  the  mosaic 
structure  is  related  to  the  growth  temperature.  The  plasma  particle  density  and  energy  were 
characterized  by  analysis  of  the  Langmuir  probe  I-V  data.  The  density  of  positively  charged 
nitrogen  ions  of  the  drift  plasma  is  a  strong  function  of  the  microwave  power  and  the  nitrogen 
flow  rate.  The  ionic  nitrogen  hinders  good  crystal  quality  of  AIN  films. 
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ABSTRACT 

Gallium  nitride  layers  were  grown  by  organometallic  vapor  phase  epitaxy  on  AIN  buffer 
layers  deposited  in  the  range  of  450-650°C.  The  GaN  growth  conditions  were  kept  constant 
so  that  changes  in  film  properties  were  due  only  to  changes  in  the  buffer  layer  growth 
temperature.  A  monotonic  improvement  in  relative  crystallinity  as  measured  by  double¬ 
crystal  X-ray  diffraction  corresponded  with  a  decrease  in  buffer  layer  growth  temperature. 
Improvements  in  GaN  electron  transport  at  300  and  77  K  were  also  observed  with  decreasing 
AIN  buffer  layer  temperature.  Photoluminescence  spectra  for  the  lowest  temperatures 
studied  were  dominated  by  sharp  excitonic  emission,  with  some  broadening  of  the  exciton 
linewidth  observed  as  the  buffer  layer  growth  temperature  was  increased.  The  full  width  at 
half  maximum  of  the  excitonic  emission  was  2.7  meV  for  GaN  grown  on  a  450°C  buffer 
layer.  These  results  indicate  that  minimizing  AIN  buffer  layer  temperature  results  in 
improvements  in  GaN  fdm  quality. 


INTRODUCTION 

Gallium  nitride  (GaN)  is  a  promising  material  for  electronic  and  optoelectronic  devices.  The 
immediate  need  for  a  lattice-matched  substrate  for  GaN  has  been  somewhat  alleviated  by  the 
use  of  low-temperature  buffer  layers  of  AIN  [1-3]  or  GaN  [3-5]  deposited  on  sapphire 
(AI2O3)  prior  to  GaN  growth  at  elevated  temperatures.  This  200-500  A  Uiick  buffer  layer  has 
a  dramatic  effect  on  the  properties  of  subsequently  grown  GaN  films.  These  films  have 
exhibited  greatly  improved  electrical  properties  including  a  reduction  of  the  net  n-type  carrier 
concentration  by  two  orders  of  magnitude.  Previous  studies  of  the  effect  of  GaN  [5]  or  AIN 
[6]  buffer  layer  growth  temperature  on  the  GaN  film  were  conducted  at  600-1000°C.  In  both 
accounts,  optimal  properties  were  reported  for  buffer  layers  deposited  at  the  lowest 
temperatures  studied  (600°C).  This  raises  the  possiblity  that  GaN  film  properties  may  be 
further  improved  as  the  buffer  layer  growth  temperature  is  lowered  below  600°C. 

In  this  work,  the  (0001)  GaN  films  are  grown  by  organometallic  vapor  phase  epitaxy 
(OMVPE)  on  AIN  buffer  layers  deposited  on  (0001)  AI2O3  substrates.  The  effect  of  varying 
the  buffer  layer  growth  temperature  in  the  range  of  450°-650“C  on  properties  of  the  resultant 
film  will  be  discussed. 


EXPERIMENTAL 

An  inductively-heated,  water  cooled,  vertical  OMVPE  reactor  operated  at  57  torr  was  used 
for  growth  as  previously  described  [9].  The  AIN  buffer  layers  of  375  A  thickness  were 
formed  in  the  range  of  450°C  to  650'’C  using  1.5  pmol/min  triethylaluminum  (TEAl),  2.50 
slm  NH3,  and  3.50  slra  H2.  Buffer  layer  thickness  was  independently  calibrated  by  growing 
buffer  layers  under  these  conditions  to  0. 3-0.5  [tm  thickness  followed  by  measurements  using 
cross-sectional  scanning  electron  microscopy.  The  buffer  layers  were  then  annealed  in  2.50 
slm  NH3  and  3.50  slm  H2  for  10  min  at  1025°C.  Growth  occurred  at  1050°C  using  25.7 
pmol/min  TMGa,  2.50  slm  NH3,  and  1.75  slm  H2,  with  a  resultant  growth  rate  of  1.9  |im/hr. 
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To  prevent  GaN  decomposition,  samples  were  cooled  after  growth  in  NH3/H2  until  they  were 
near  room  temperature. 

Sample  thickness  was  measured  using  interference  fringes  obtained  via  infrared  reflectance 
spectroscopy  and  all  samples  were  2.8  +  0.1  |im.  Surface  morphology  was  examined  using 
Nomarski  optical  microscopy.  Van  der  Pauw  Hall  measurements  (2240  G)  using  a  clover- 
leaf  geometry  were  performed  on  the  samples  at  300  K  and  77  K  using  either  In  or  In-6%  Ge 
as  ohmic  contacts.  Double-crystal  x-ray  diffractometry  (DCXRD)  using  Cu  Ka  radiation 
was  used  to  assess  crystallinity  of  these  films.  Selected  films  were  examined  by  low- 
temperature  (6  K)  photoluminescence  (PL)  using  the  325  nm  line  of  a  He-Cd  laser  as  the 
excitation  source. 


RESULTS 

Figure  1  shows  the  surface  morphology  of  the  resultant  GaN  grown  on  AIN  bnffer  layers 
deposited  at  (a)  450°C,  (b)  SSO^C,  and  (c)  650°C.  Other  than  semicircular  features  present 
on  all  samples,  which  may  be  due  to  gas-phase  reaction,  GaN  films  grown  on  AIN  buffer 
layers  formed  at  450°C  were  quite  smooth.  A  similar  morphology  was  observed  for  GaN 
grown  on  500°C  buffer  layers.  The  roughness  of  GaN  films  increased  with  increasing  AIN 
buffer  layer  growth  temperature  as  indicated  by  the  increased  roughness  present  in  films  on 
buffer  layers  deposited  at  (b)  550°C  and  (c)  650°C. 

The  relative  crystal  quality  of  the  GaN  films  was  then  assessed  using  DCXRD.  Figure  2 
shows  the  full  width  at  half-maximum  (FWHM)  for  (0002)  diffraction  of  GaN  films  as  a 
function  of  AIN  buffer  layer  growth  temperature.  The  IWHM  decreased  monotonically  from 
about  8  min  for  buffer  layers  grown  at  650°C  to  5  min  for  buffer  layers  grown  at  450°C. 
Thus  improved  crystallinity  and  decreased  surface  roughness  occured  when  AIN  buffer 
layers  are  formed  at  lower  temperatures. 


(a)  (b)  (c) 


Figure  1.  Nomarski  optical  micrographs  of  GaN  films  grown  at  1050°C  on  AIN  buffer 
layers  deposited  at  (a)  450°C,  (b)  550°C,  and  (c)  650°C. 
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Figure  2.  Relative  crystallinity  as  measured 
by  DCXRD  for  GaN  films  as  a 
function  of  buffer  layer  growth 
temperature. 


Figure  3.  Net  n-type  carrier  concentration 
determined  by  van  der  Pauw  Hall 
measurements  as  a  function  of 
buffer  layer  growth  temperature. 
Solid  squares  denote  300  K 
measurements,  while  triangles 
denote  77  K  measurements. 


The  GaN  layers  were  n-type  and  the  free  carrier  concentration  as  a  function  of  AIN  buffer  layer 
growth  temperature  at  300  and  77  K  are  plotted  in  Figure  3.  Figure  4  shows  the  Hall  mobility 
plotted  as  a  function  of  AIN  buffer  layer  temperature  at  (a)  300  K  and  (b)  77  K.  The 


(a)  (b) 


Figure  3.  Electron  Hall  mobility  as  measured  by  van  der  Pauw  Hall  measurements  at 
(a)  300  K  and  (b)  77  K. 
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highest  carrier  concentrations  and  the  highest  mobility  values  occurred  for  films  grown  on 
AIN  buffer  layers  deposited  at  the  lowest  temperature  studied.  Suppressed  mobility  and 
carrier  concentration  values  were  consistently  observed  in  films  grown  on  AIN  buffer  layers 
formed  at  500°C  for  reasons  not  understood  at  this  time. 

Photoluminescence  spectra  measured  at  6K  for  the  films  are  shown  in  Figure  4.  The 
spectrum  of  GaN  grown  on  450°C  AIN  buffer  layer  (spectrum  (a))  was  dominated  by  sharp 
excitonic  emission.  Examination  of  this  emission  with  higher  spectral  resolution  gives  a 
FWHM  of  2.7  meV,  indicative  of  high  quality  material.  The  exciton  linewidth  is  only 
slightly  broader  for  films  on  buffer  layers  grown  at  5(X)°C  (not  shown)  and  550°C  (spectrum 
(b)),  but  is  substantially  broader  (FWHM  =  5.8  meV)  for  GaN  grown  on  buffer  layers  grown 
at  650°C  (spectrum  (c)).  Additional  features  are  observed  in  PL  spectra  of  GaN  films  grown 
on  AIN  buffer  layers  formed  at  (b)  550°C  and  (c)  650°C  in  the  spectral  range  between  3.41 
and  3.04  eV.  To  our  knowledge,  these  spectral  features  do  not  correspond  to  any  previously 
reported  or  identified  in  the  literature.  Photoluminescence  studies  as  a  function  of 
temperature  and  excitation  intensity  will  be  examined  in  the  near  future  in  an  attempt  to 
identify  these  features. 


Figure  4.  Low-temperature  (6K)  photoluminescence  spectra  of  2.8  |ira-thick  GaN  films 
on  AIN  buffer  layers  grown  at  450°C  (spectrum  (a)),  550°C  (spectrum  (b)), 
and  650°C  (spectrum  (c)).  Previously  unreported  spectral  features  are  located 
at  3.415  eV,  3.364  eV,  3.350eV,  3.314eV,  3.290  eV,  3.228  eV,  3.197  eV, 
and  3.105  eV  in  spectrum  (b). 
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DISCUSSION 


Based  on  the  results  presented,  it  is  evident  that  a  reduction  in  AIN  buffer  layer  growth 
temperature  from  650  to  450°C  results  in  an  improvement  in  film  properties.  A  previous 
study  which  included  AIN  buffer  layer  temperature  as  a  variable  [6]  concluded  that  the 
lowest  buffer  layer  temperature  studied  (6()0°C)  resulted  in  improvements  in  electrical 
transport  properties,  crystallinity  and  surface  morphology.  This  trend  is  continued  in  the 
present  work.  As  the  only  variable  in  this  study  was  the  buffer  layer  growth  temperature,  the 
vast  difference  in  GaN  film  properties  can  only  be  due  to  physical  differences  which  result  as 
the  buffer  layer  growth  temperature  is  varied.  Two  mechanisms  are  proposed  which  could 
influence  the  characteristics  of  the  GaN  films.  It  is  possible  that  the  GaN  film  is  seeded 
differently  depending  on  the  buffer  layer  growth  temperature,  thus  affecting  its  properties.  A 
second  mechanism  is  that  impurities  incorporated  in  the  buffer  layer  as  a  function  of  growth 
temperature  diffuse  into  the  growing  AIN  film,  thus  modifying  its  properties.  Some  evidence 
exists  that  lends  support  to  each  of  these  mechanisms. 

First,  we  consider  the  nucleation  mechanism.  Previously,  500  A  buffer  layers  grown  at 
600°C  using  trimethylaluminum  (TMAl)  and  NH3  were  found  to  be  at  least  partially 
crystalline  [2].  Also,  oriented  crystalline  AIN  layers  using  these  precursors  have  been 
reported  at  temperatures  as  low  as  400°C  [8].  Conversely,  AIN  buffer  layers  formed  using 
TEAl  and  NH3  (the  same  precursors  as  used  in  this  work)  at  550°C  were  amorphous  prior  to 
annealing  [3].  It  is  reasonable  from  these  studies  to  believe  the  cystallinity  of  AIN  buffer 
layers,  especially  the  surface,  can  be  dependent  on  growth  conditions.  In  this  fashion,  the 
GaN  film  nucleates  differently  depending  on  the  buffer  layer  growth  temperature.  The 
nucleation  of  the  resulting  film  therefore  may  determine  the  overall  morphology, 
crystallinity,  transport,  and  optical  properties  as  shown  in  this  work. 

Next,  we  consider  the  impurity  mechanism.  Possible  impurities  in  the  TEAl  or  NH3  sources 
could  be  incorporated  in  the  AIN  buffer  layer.  Likewise,  impurities  from  incomplete 
decomposition  of  sources  could  be  incorporated  Furthermore,  OMVPE  growth  kinetics  are 
known  to  be  extremely  temperature  sensitive  [9],  Impurity  atoms  present  on  the  top  surface 
could  affect  the  GaN  nucleation  and  the  resulting  growth  as  discussed  above.  If  these 
impurities  are  present  in  sufficient  concentration,  they  may  diffuse  into  the  GaN  film  and 
serve  as  compensating  centers  and  may  also  affect  film  crystallinity.  In  the  near  future, 
secondary  ion  mass  spectrometry  will  be  utilized  to  determine  the  concentration  of  impurities 
in  the  films  as  a  function  of  buffer  layer  growth  temperature. 


SUMMARY 

Gallium  nitride  layers  were  grown  at  1050°C  by  organometallic  vapor  phase  epitaxy  on  AIN 
buffer  layers  of  375  A  thickness  deposited  in  the  range  of  450-650°C.  Changes  in  GaN  film 
properties  were  due  only  to  changes  in  the  buffer  layer  growth  temperature.  Improvements  in 
surface  morphology,  relative  crystallinity,  and  electron  transport  were  observed  with  a 
decrease  in  buffer  layer  temperature.  Photoluminescence  spectra  for  the  lowest  temperatures 
studied  were  dominated  by  sharp  excitonic  emission.  The  exciton  emission  became  broader 
and  less  intense  as  the  buffer  layer  temperature  was  increased,  and  several  as  yet  unidentified 
spectral  features  dominated  the  spectra  at  the  highest  buffer  layer  growth  temperatures 
studied.  It  is  proposed  that  the  effect  observed  in  this  study  was  due  to  differences  in 
nucleation  on  the  buffer  layer  or  impurities  present  in  the  buffer  layer. 
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Abstract 

Gallium  nitride  is  one  of  the  most  promising  materials  for  ultraviolet  and  blue  light-emitting 
diodes  and  lasers.  Both  Molecular  Beam  Epitaxy  (MBE)  and  Metal-Organic  Chemical  Vapor 
Deposition  (MOCVD)  have  recently  made  strong  progress  in  fabricating  high-quality  epitaxial 
GaN  thin  films.  In  this  paper,  we  review  materials-related  issues  involved  in  MBE  growth.  We 
show  that  a  strong  understanding  of  the  unique  meta-stable  growth  process  allows  us  to 
correctly  predict  the  optimum  conditions  for  epitaxial  GaN  grovrth.  The  resulting  structural, 
electronic  and  optical  properties  of  the  GaN  films  are  described  in  detail. 

Introduction 

The  fabrication  of  high-quality  single  crystal  GaN  has  been  a  formidable  challenge  to 
researchers  to  date.  In  order  to  produce  GaN,  it  has  been  experimentally  realized  that  high 
temperatures,  activated  nitrogen  species  and/or  high  nitrogen  pressures  are  necessary  to 
overcome  the  large  kinetic  barriers  of  formation.  For  this  reason,  conventional  bulk  and  thin- 
film  growth  technologies  which  are  commonly-used  to  produce  III-V  semiconductors  such  as 
GaAs  and  InP  can  not  all  be  directly  transferred  to  GaN  production.  Only  the  MOCVD 
technique  operates  under  analogous  principals  when  growing  GaN  and  other  III-V 
semiconductors.  In  this  report,  we  highlight  the  important  issues  involved  in  the  MBE  growth 
process  which  we  have  reported  in  journal  articles.'’^  We  also  include  more  detailed 
characterization  of  the  films  using  a  number  of  techniques  including  Transmission  Electron 
Microscopy  (TEM),  ion-channeling  Rutherford  Backscattering  (RBS),  Cathodoluminescence 
(CL),  and  Photoluminescence  (PL) 

Standard  bulk  growth  techniques  such  as  Czochralski,  Bridgeman  and  Float-zone  are  not 
practical  alternatives  for  the  growth  of  GaN  because  experimental  techniques  have  not  been 
developed  which  can  contain  the  high  equilibrium  nitrogen  pressures  at  the  melt  temperature.  In 
fact,  even  when  contained  at  pressures  possible  with  diamond  anvil  cell  technology,  melting  of 
GaN  has  not  been  achieved.  Single  crystals  have  been  produced  by  solution  growth  in  a 
predominantly  Ga  melt  under  high  pressure  (~  2  GPa)  and  high  temperature  (-1500  C) 
conditions.  ’ 

In  contrast  to  bulk  growth,  the  successful  use  of  both  MBE  and  MOCVD  to  fabricate  high- 
quality  epitaxial  GaN  thin  films  by  a  large  number  of  groups  is  striking.  MOCVD  is  grown 
under  conditions  which  GaN  is  the  stable  phase.(Fig.  la)  Typically  pressures  of  0. 1-1.0 
atmospheres  and  temperatures  of -1300  K  are  used.  Since  the  growth  temperature  is  less  than 
50%  the  theoretically-predicted  melt  temperature  (2793  K)  ^  the  kinetic  barriers  of  epitaxial 
growth  may  be  limiting  the  quality  of  the  growing  film.  For  comparison,  device  quality  GaAs  is 
fabricated  using  MOCVD  at  -950  K  which  is  -63%  of  the  melting  temperature(151 1  K). 

Chemistry  of  GaN  Growth  by  MBE 

Essential  conditions  for  growth:  In  contrast  to  all  III-V  MOCVD  growth  and  MBE  growth  of 
conventional  III-V  compounds,  MBE  growth  of  GaN  occurs  under  metastable  conditions. 
Fig.  lb  shows  the  equilibrium  phase  diagram  for  the  reaction  of  Ga(l)  and  N2(g)  to  form  GaN(s), 
as  well  as  the  conditions  under  which  successful  MBE  growth  occurs.'  The  figure  clearly  shows 
that  the  conditions  of  growth  fall  below  the  critical  stability  line(solid  line).  This  indicates  that 

483 

Mat.  Res.  Soc.  Symp.  Proc.  Vol.  339.  <^1994  Materials  Research  Society 


additional  energy  is  required  to  drive  the  forward  synthesis  reaction.  The  use  of  a  more  reactive 
species  such  as  activated  nitrogen  or  nitrogen  ions  provides  sufficient  energy  to  form  GaN,' 
Since  the  growth  occurs  in  the  unstable  region  of  the  phase  diagram,  decomposition  will  also 
occur  during  growth.'  Fig.  2  compares  the  rate  at  which  nitrogen  ions  arrive  at  the  growing 


Fig.  1.  Phase  diagram  for  the  reactions;  (a)  Ga  (1)  +  NH3(g)  GaN  (s)  +’4  H2  (g)  and 
(b)  Ga  (1)  +  V2  N2  (g)  GaN  (s).  Also  shown  are  typical  gas  pressure  and  substrate 
temperature  used  for  the  success&l  production  of  GaN.  From  Ref  1 


Fig.  2.  A  comparison  of  the  flux  of  N2+  at  the  growth  surface  during  MBE  growth  and  the  N2 
flux  from  the  experimentally-determined  sublimation  rate^  of  GaN  in  vacuum.  From  Ref  1 . 

GaN  surface  with  the  rate  of  thermal  decomposition,  as  measured  by  Munir  and  Searcy.’  Note 
that  film  growth  by  MBE  only  occurs  when  the  rate  of  arrival  of  the  activated  species  (i.e.  the 
maximum  rate  at  which  the  forward  reaction  could  occur)  is  greater  than  the  thermal  rate  of 
decomposition  (the  minimum  rate  at  which  the  reverse  reaction  could  occur).  As  is  illustrated, 
the  growth  process  is  controlled  by  a  competition  between  the  forward  reaction  which  depends 
on  the  arrival  of  activated  nitrogen  species  at  the  growing  surface  and  the  reverse  reaction 
whose  rate  is  limited  by  the  unusually  large  kinetic  barrier  of  decomposition  of  GaN.' 

Experimental  parameters  of  growth 

Substrate  temperature:  The  effect  of  substrate  temperature  on  the  electrical  properties  of  the 
GaN  films  is  shown  in  Fig.  3.'  Consistent  with  our  analysis,  the  large  kinetic  barrier  of 
decomposition  allows  crystalline  film  growth  up  to  substrate  temperatures  of  approximately 
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800  °C.  As  the  temperature  was  reduced  to  600  °C,  the  carrier  concentration  decreased  to 
10W/cm3  and  the  mobility  rose  to  1200  cm^^V  sec.  This  is  strong  evidence  that  at  the  higher 
substrate  temperatures,  the  enhanced  rate  of  decomposition  results  in  the  formation  of  a 
significant  concentration  of  the  auto-doping  donor  levels,  presumably  the  non-stoichiometric 
defect,  Vjj.  For  substrate  temperatures  below  600  °C,  epitaxial  films  are  not  obtained, 
presumably  because  the  thermal  energy  was  not  sufficient  to  overcome  the  kinetic  barriers  of 
compound  formation  and  epitaxial  growth. 

Plasma/Ion  energy:  The  requirement  that  activated  Group  V  species  are  present  during  the 
growth  of  GaN  by  MBE  is  distinctly  different  than  that  for  other  III-V  compounds  such  as 
GaAs  and  InP.  This  requirement  may  limit  the  quality  possible  with  this  technique  due  to 


Growth  Temperature  {*C) 


Grosvth  Temperature  {*C) 


Fig.  3.  (a)  Hall  carrier  concentration  and  (b)  Hall  mobility  versus  growth  temperature  for 
unbiased  undoped  n-GaN  films.  From  Ref  2. 


several  different  processes.  The  reverse  decomposition  rate  can  be  significantly  enhanced  by  the 
impinging  flux  of  energetic  ions,  electrons,  atoms  and  molecules.'  Also,  damage  can  be 
produced  by  energetic  species,  resulting  in  defects  in  the  growing  film.’  Brice  et.  al.®  reported 
that  subsurface  damage  is  found  when  ions  with  kinetic  energies  of  ~3  times  the  cohesive  energy 
of  the  film.®  This  is  on  the  order  of  ~20  eV  for  GaN.  Also,  the  presence  of  the  ion  beam  or 
plasma  results  in  much  less  stringent  control  of  contamination  due  to  sputtering  of  absorbed  gas 
and  the  system  components. 

In  order  to  minimize  ion-impact  damage  and  decomposition  during  the  film  growth,  a  source 
which  can  produce  a  high  flux  of  activated  species  with  a  small,  but  well  defined,  kinetic  energy 
is  required.  A  Kauflftnan  Ion  Source  is  used  for  these  experiments  because  it  superior  to  ECR 
sources  for  the  production  of  low-energy  monoenergetic  species.  In  order  to  reduce  the  kinetic 
energy  of  the  impinging  ions  with  a  Kauffman  Ion  Source,  the  substrate  to  anode  potential 
should  be  kept  small.  The  minimum  anode  potential  of  +  30  V  combined  with  a  substrate  bias 
of  +  18  V  is  expected  to  reduce  the  impinging  N2+  ion  kinetic  energy  to  ~10  V.  Because  the 
Kauffinan  source  typically  uses  a  tungsten  filament  for  the  production  of  the  plasma  and  a  nickel 
or  carbon  grid  for  the  extraction  of  the  ions,  it  is  inherently  higher  in  contamination.  An 
activated  ion  source  which  can  produce  a  high-flux  low-energy  monoenergetic  ion-beam  with 
low  levels  of  contamination  is  clearly  needed  in  this  field. 

When  the  substrate  bias  was  used  in  combination  with  low  temperature  and  high  N2'''  flux,  p- 
GaN  was  obtained  without  intentional  doping.’  Hall  measurements  indicate  a  hole 
concentrations  of  SxlO'l  cm"^  and  hole  mobilities  of  over  400  cm^A’  s  at  250  K.  These 
electrical  parameters  compare  quite  well  with  values  for  GaAs  when  adjusted  for  the  strength  of 
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the  electron-phonon  coupling  and  the  Debye  temperature,  despite  the  higher  level  of  impurities 
in  our  ion-beam  MBE  system  compared  to  conventional  GaAs  MBE  and  the  wider  x-ray  peaks 
of  the  GaN  films. 

Properties  of  the  epitaxial  films 

In  this  section,  we  give  a  brief  overview  of  the  properties  of  the  films  grown  in  our  laboratory. 

Structural  Properties:  0-20  X-ray  diffraction  data  (Fig.  4a)  indicate  that  the  films  are  single 
phase  with  the  hexagonal  structure  and  the  c-axis  is  parallel  to  the  growth  direction. 

Fig.  5a  shows  the  RBS  channeling  yield  as  a  function  of  depth  when  the  beam  is  aligned 
perpendicular  to  the  film.  The  channeling  data  for  bulk  GaAs  is  also  plotted  for  comparison. 
Note  that  the  200  nm  closest  to  the  surface  show  a  low  minimum  yield  (5%),  indicating  a 
'  reasonably  perfect  crystal.  The  significant  slope  starting  at  200  nm  indicates  that  the  material 
contains  a  significantly  larger  density  of  extended  defects  closer  to  the  substrate/semiconductor 
:  surface.  The  TEM  study  described  below  indicates  the  density  and  nature  of  the  extended 
defects  responsible  for  this  observation.  Off-axis  X-ray  O-scans  (Fig.  4b)  and  off-axis  RBS 
channeling  data  (Fig.  5b)  show  that  the  film  is  well-oriented  in-plane,  indicating  the  films  are 
single  crys^lline. 
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Fig.  4.  X-ray  diffraction  data,  (a)  0-20  scan  illustrating  that  the  GaN  films  are  predominantly 
c-axis  oriented  and  (b)  O-scan  for  the  (lT02)  diffraction  condition  illustrating  that  there  is  a 
high  degree  of  in-plane  epitaxy  (i  .e.  a-b  plane)  with  no  detectable  high  angle  grain  boundaries. 


Fig,  5.  RBS  channeling  yield  for  the  beam  directed  along  the  normal  (001)  direction  (a)  and 
along  off-axis  (1012)  and  (1011)  directions  (b). 
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Transmission  Electron  Microscopy  of  plan-view  and  cross-section  samples  confirm  the 
conclusions  from  the  RBS  study  that  the  GaN  thin  films  are  high  quality  crystalline  material.  A 
Topcon  002B  microscope  was  used  for  the  TEM  studies.  The  high  resolution  micrograph  (Fig. 
6a)  fi'om  a  plan-view  sample  shows  the  six-fold  symmetry  characteristic  of  the  hexagonal 
structure.  Diffraction  patterns  obtained  from  the  plan-view  samples  indicate  thatjhe  thin  films 
are  monocrystalline.  The  (iToO)  planes  of  the  GaN  layers  are  parallel  to  the  (2110)  sapphire 
planes  with  [0001]  A1 2O3 1|  [0001]  GaN  and  show  about  13%  mismatch  between  these  two 
materials,  as  predicted  theoretically  from  bulk  lattice  constants. 

The  most  common  defects  in  the  GaN  layers  are  low  angle  grain  boundaries.  The  average 
grain  size  is  on  the  order  of  800  nm.  In  cross-sectioned  samples,  a  significant  concentration  of 
two  other  defects  are  also  found.  Fig.  6b  is  a  high  resolution  micrograph  which  shows  both  of 
these  defects.  The  defects  perpendicular  to  the  interface  are  twins  and  are  initiated  at  the 
interface  and  extend  through  the  entire  layer  thickness.  Their  width  is  of  the  order  of  8-10  nm 
and  the  distance  between  them  is  about  20  nm.  Their  contrast  disappears  for  the  (0001) 
diffraction  vector.  These  defects  appear  to  be  the  same  as  the  double  positional  boundaries 
described  by  Paisley  and  Davis’.  Image  simulation  is  in  progress  in  order  to  determine  the 
detailed  atomic  nature  of  these  defects. 

The  second  type  of  defects  observed  in  cross-section  samples  form  domains  terminated  by 
stacking  faults  parallel  to  the  (0001)  growth  surface.  Their  contrast  disappear  for  the  diffraction 
vector  parallel  to  [T010]GaN.  In  the  area  close  to  the  interface,  the  distance  between  the 
stacking  fault  is  of  the  order  of  50  nm  and  this  distance  increases  to  200  nm  when  the  GaN  layer 
thickness  is  larger  than  300  nm.  The  smaller  concentration  of  these  defects  away  from  the’ 

substrate/semiconductor  interface  can  explain  the  RBS  data  that  indicates  the  crystal  quality 
improves  near  the  surface  of  the  film. 

Optical  properties:  Fig.  7  shows  cathodoluminescence  spectra  for  typical  undoped  (a)  and 
Mg-doped  (b)  samples  at  90  K.  For  the  undoped  sample,  the  spectrum  is  dominated  by  near¬ 
band  edge  exciton  emission  at  362  nm  (3.43  eV).  Note  the  absence  of  significant  emission  from 
deep-levels.  In  the  Mg-doped  sample,  the  near-band  edge  emission  at  372  nm  (3.33  eV)  is 
associated  with  donor-acceptor  pair  transitions.  Also,  a  strong  emission  from  deep  levels  is 
observed  at  550  nm  (2.2  eV).  Other  groups  typically  report  emission  at  similar  energies,  even  in 
undoped  films.  The  physical  origin  of  this  defect  has  not  been  directly  identified,  although  our 
data  suggests  the  presence  of  Mg  during  growth  can  induce  the  formation  of  this  deep  defect. 

Electrical  properties;  Achieving  p-type  doping:  Diffusion  of  Mg  into  unintentionally  doped 
n-type  GaN  films  resulted  in  conversion  to  p-type  material.’  The  films  were  grown  at  600  °C 
without  substrate  bias.  The  diffusion  was  performed  in  a  sealed  ampoule  for  80  hours  at 
atmospheric  N2  pressures  and  800  °C.  Hall  measurements  at  room  temperature  indicated  a  hole 
concentration  of  2xl0'®/cm3  and  a  mobility  of  12  cnP-fVs  at  room  temperature.  Higher 
diffusion  temperatures  resulted  in  the  removal  of  the  film  by  decomposition  and  evaporation. 
Lower  diffusion  temperatures  were  not  successful  in  converting  the  material  to  p-type. 

Finally,  a  Knudsen  cell  for  direct  in-situ  co-evaporation  of  Mg  was  used.’  At  a  Mg  source 
temperature  of  180  °C  and  a  substrate  bias  of  18  V,  the  films  were  found  to  exhibit  hole 
conduction.  Hall  measurements  indicated  a  hole  concentration  of  2x10^^  /cm^  and  hole 
mobilities  of  <1  cm^/V  s  at  room  temperature. 


487 


Fig.  6.  (a)  High  resolution  plan-view  TEM  micrograph,  (b)  High  resolution  cross-sectional 
TEM  micrograph  illustrating  a  defect  which  lies  perpendicular  to  the  substrate  surface  and 
extends  throughout  the  thickness  of  the  film  and  defects  (marked  by  arrows)  which  lie  parallel 
to  the  substrate  surface.  The  concentration  of  the  latter  defect  is  found  to  decrease  with 
distance  from  the  substrate/film  interface. 
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Fig.  7.  Cathodoluminescence  data  for  an  undoped  (a)  and  Mg-doped  (b)  GaN  film  at  90  K. 


Summary 

We  show  that  an  understanding  of  the  unique  meta-stable  growth  process  allows  us  to 
correctly  predict  the  optimum  conditions  for  the  epitaxial  growth  of  GaN  with  MBE.'  Using 
this  method,  high-quality  GaN  epitaxial  thin  films  are  routinely  fabricated.*  We  have  also 
demonstrated  that  the  control  of  hole-doping  lies  primarily  in  reducing  the  defects  in  the  base 
material.* 
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ABSTRACT 

Electron  cyclotron  resonance-metalorganic  molecular  beam  epitaxy  (ECR-MOMBE)  has 
been  used  to  deposit  cubic  and  hexagonal  gallium  nitride  (GaN)  on  various  substrates,  namely 
GaAs,  ZnO  and  AI2O3.  This  paper  will  report  on  the  effect  of  the  growth  rate  of  the  GaN  layer 
on  the  surface  morphology,  as  analyzed  using  scanning  electron  microscopy  (SEM).  Structural 
characterization  of  this  material  was  conducted  using  cross-sectional  transmission  electron 
microscopy  (XTEM)  and  x-ray  diffraction.  Conditions  such  as  pre-deposition  annealing, 
growth  rate  and  growth  temperature  are  critical  in  determining  the  phase  and  crystallinity  of  the 
deposited  layers.  These  parameters  were  optimized  to  obtain  the  cubic  GaN  phase  on  GaAs 
substrates  and  single  crystal  wurtzitic  GaN  on  ZnO  and  AI2O3  substrates. 


INTRODUCTION 

The  growth  of  GaN  is  becoming  increasingly  important  due  to  its  potential  for  application 
in  optoelectronic  and  high-power  devices.  Though  a  great  deal  of  information  is  available 
regarding  GaN  growth  by  metalorganic  chemical  vapor  deposition  (MOCVD)  and  molecular 

f  -3 

beam  epitaxy  (MBE)  ,  little  is  known  about  the  deposition  of  nitride  based  compounds  using 
electron  cyclotron  resonance-metalorganic  molecular  beam  epitaxy  (ECR-MOMBE)^’^,  where 
the  advantages  of  both  MOCVD  and  MBE  can  be  utilized. 

A  variety  of  substrates  such  as  Si^‘^,  GaAs^’’**,  GaP^,  a-SiC^,  p-SiC’  *,  MgO*^,  Ti02^  , 
ZnO®  and  variously  oriented  A^Oa*®’*^  have  been  used  for  the  deposition  of  GaN  thin  films. 
Depending  on  the  substrate  symmetry,  GaN  crystallizes  in  either  a  wurtzitic  structure  having 
lattice  constants  a=  3.189A  and  c=  S.ISSA’^,  or  a  zincblende  structure  with  a  lattice  constant  a= 
4.52A®.  In  general,  wurtzitic  GaN  grows  on  substrates  with  a  hexagonal  symmetry  and  the 
zincblende  polytype  grows  on  substrates  with  cubic  symmetry.  Because  the  wurtzite  and 
zincblende  polytypes  differ  only  in  the  stacking  order  of  the  zincblende  <1 1 1>  planes,  the 
wurtzite  having  an  ABABAB...  sequence  and  zincblende  an  ABCABC...  sequence,  they  have 
similar  physical  properties^. 

In  this  paper,  we  will  discuss  the  deposition  and  structural  characterization  of  GaN  films 
grown  on  AI2O3,  ZnO  and  GaAs  substrates.  The  resulting  microstructure  of  the  wurtzitic  and 
cubic  GaN  films  are  subsequently  presented. 
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EXPERIMENTAL 


Samples  were  grown  on  2"  diameter  (100)  GaAs  using  In-free  mounting  and  (0001)  AI2O3 
or  (0001)  ZnO  using  In-mounting  in  an  INTEVAC  Gas  Source  Gen  II.  Triethylgallium  (TEG) 
and  trimethylamine  alane  (TMAA)  were  used  as  the  Ga  and  A1  sources  respectively  and  were 
transported  with  either  H2  or  He  carrier  gas.  Prior  to  growth  of  the  GaN  on  GaAs  a  1000 A 
homoepitaxial  buffer  layer  was  deposited.  ASH3  decomposed  in  a  catalytic  cracker  held  at 
1 100°C  was  used  as  the  As  source.  The  nitrogen  beam  used  for  deposition  of  the  nitrides  was 
derived  from  a  nitrogen  plasma  generated  from  2-13  seem  of  N2  at  200W  in  a  Wavemat  ECR 
MPDR610.  Film  thicknesses  ranged  from  4000A  to  9000 A  and  were  grown  at  rates  of  either  60 
or  140A/min.  GaN  layers  were  deposited  directly  on  the  ZnO  substrates  at  700°C  using  7  seem 
of  N2.  All  other  substrates  were  first  exposed  to  a  nitrogen  plasma  at  500°C  or  700°C  for  15-30 
min  followed  by  deposition  of  a  low  temperature  AIN  or  GaN  buffer  layer  at  425°  -  500°C. 
Surface  morphologies  were  examined  using  Nomarski  optical  and  scanning  electron  (SEM) 
microscopes  .  X-ray  diffraction  (XRD)  scans  were  obtained  using  CuK(x  radiation  in  a  single¬ 
crystal  powder  diffractometer.  Transmission  electron  microscopy  (JEOL  200CX)  and  high 
resolution  electron  microscopy  (JEOL  4000FX)  were  used  for  the  structural  characterization  of 
the  layers  by  analysis  of  selected  area  diffraction  patterns  (SADP),  cross-sectional  bright  field 
microphotographs  and  high  resolution  lattice  images.  Cross-sectional  samples  were  prepared 
using  standard  techniques'^. 

RESULTS  AND  DISCUSSIONS 

When  observed  under  SEM,  the  surface  of  GaN  films  grown  on  (0001)  AI2O3  at  a  rate  of 
140A/min  appears  rough  and  faceted,  indicating  that  the  deposited  layers  are  polycrystalline  in 
nature  (Fig.la-lc).  However,  when  the  growth  rate  was  reduced  to  60A/min,  epitaxial  GaN  with 
a  specular  surface  was  observed  (Fig.  Id). 

Fig.2a  shows  a  low  magnification  cross-section  view  of  a  GaN  sample  deposited  at  700°C 
and  60A/min  on  (0001)  AI2O3  with  an  AIN  buffer  layer.  It  is  clear  that  the  defect  density  is 
lower  in  the  GaN  film  than  in  the  AIN  buffer  layer.  The  vertical  defects,  perpendicular  to  the 
(0001)  planes  are  believed  to  be  misfit  dislocations  and  antiphase  domain  boundaries^.  Also,  the 
defect  density  decreases  with  distance  from  the  GaN/AlN  interface.  This  is  also  seen  in  the 
microstructure  of  wurtzitic  GaN  grown  directly  on  (0001)  ZnO  (Fig3a).  The  HREM  image 
(Fig3b)  also  shows  a  series  of  microtwins  close  to  the  interface. 
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Fig2b)  SADP  from  GaN/AlN/Al203  interfaces 
The  orientation  relationship  is 

(000i)nit//(000i)sub ;  [ioTo]„i,//[i  120], 


Fig2a)  BF  image  of  GaN/AlN/Al203(low 
growth  rate)  g=(  lOTO) 


Fig  la)  GaN/Al203 
TGaN=700°C 


Fig  lb)  GaN/GaN/Al203 
Tbuff.=500°C,  TGaN=700°C 


IJTO 


Fig  Id)  GaN/AlN/Al203(Iow  growth  rate) 
Tbuff.=425T,  TGaN=700“C 


Figlc)  GaN/AlN/Al203 
Tbuff.=425°C,TGaN=700T 


Figl:  Surface  morphology  of  GaN/(0001)  AI2O3  grown  under  different  conditions. 


Ijrra 


Fig  3a)  BF  image  of  GaN/(0001)ZnO 
TGaN=700”C 


Fig  3b)  HREM  of  GaN/(0001)ZnO 
interface 


In  order  to  take  advantage  of  the  processing,  materials  and  device  technologies  already  in 
place,  it  is  desirable  to  deposit  GaN  on  another  Ill-V  substrate  such  as  GaAs.  Due  to  the  large 
mismatch  (-20%)  between  GaN  and  GaAs,  large  defect  densities  are  often  observed  in  the 
epilayer^’*^.  Hence,  careful  control  of  the  initial  nucleation  conditions  is  required  to  grow  single 
crystal  cubic  GaN.  Table  I  lists  the  GaN  samples  grown  on  (100)  GaAs  under  various 
conditions.  All  samples  show  a  highly  oriented  polycrystalline  columnar  structure  with  grain 
size  from  300A-900A.  Just  as  in  the  growth  of  wurtzitic  GaN  on  AI2O3,  it  appears  that 
incorporation  of  a  low  temperature  buffer  layer  improves  the  crystalline  quality  of  GaN  on  GaAs. 
Use  of  a  GaN  buffer  layer  grown  at  500°C  helped  in  nucleation  of  cubic  GaN  at  the  interface. 
However,  there  is  a  transition  to  the  hexagonal  phase  with  increasing  distance  from  the  interface. 
It  is  clear  from  the  table  that  when  the  in-situ  anneal  time  under  nitrogen  plasma  at  700°C  prior  to 
deposition  is  increased  from  15  min  to  30  min  the  cubic  phase  is  dominant.  This  implies  a 
structural  change  of  the  GaAs  surface  upon  exposure  to  the  nitrogen  plasma.  The  formation  of 
cubic  GaN  on  the  surface  seems  to  be  the  most  probable  explanation'*.  This  was  confirmed  by 
examination  of  a  GaAs  substrate  exposed  to  nitrogen  plasma  for  30  min  at  700°C  in  TEM.  A 
150A  cubic  GaN  layer  was  observed  at  the  surface,  along  with  misfit  dislocations. 


CONCLUSIONS 


The  dependence  of  the  GaN  phase  on  the  substrate  utilized  for  growth  has  been 
investigated.  The  effect  of  nucleation  condition  on  film  quality,  as  determined  by  surface 
morphology  and  cross-section  TEM,  has  been  studied.  It  was  shown  that  single  crystal  wurtzitic 
GaN  can  be  grown  on  (0001)  AI2O3  with  an  AIN  buffer  layer  at  low  growth  rates.  All  of  the 
samples  deposited  on  GaAs  appear  to  be  highly  oriented  polycrystalline  with  300 A  to  1000 A 
grain  size.  Incorporation  of  a  low  temperature  buffer  layer  and  nitrogen  pre-annealing  helps  in 
nucleation  of  the  cubic  phase  but  there  is  a  transition  to  the  hexagonal  phase  with  increasing  film 
thickness. 
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ABSTRACT 

The  growth  of  high-quality  thin  films  of  the  Group  lOA  nitrides  is  exceedingly  difficult  given 
their  propensity  for  nonstoichiometry  and  the  lack  of  suitable  substrates  for  either 
homoepitaxial  or  heteroepitaxial  growth.  A  novel  deposition  technique,  ultrahigh  vacuum 
electron  cyclotron  resonance-assisted  reactive  magnetron  sputtering,  has  been  developed  for 
the  preparation  of  Group  lOA  nitride  thin  films.  Thus  far,  thin  films  of  the  semiconductor 
InN  have  been  deposited  on  AlN-seeded  (00.1)  sapphire  substrates,  and  the  properties 
(structural,  morphology,  and  electrical  transport)  of  these  films  studied  as  a  fiinction  of 
growth  temperature,  ^mparison  to  InN  thin  films  grown  by  conventional  reactive 
magnetron  sputtering  shows  enhanced  Hall  mobilities  (from  about  50  to  over  100  cm^/V- 
sec),  a  decreased  carrier  concentration  (by  about  a  factor  of  2-3),  an  increased  optical 
bandgap,  and  an  apparent  reduction  in  homogeneous  strain  that  is  in  part  to  be  due  to  film 
relaxation  induced  by  the  ECR  beam  and  in  part  to  enhanced  nitrogen  content  and  more 
nearly  stoichiometric  films. 


INTRODUCTION 

Two  of  the  main  obstacles  limiting  the  utilization  of  thin  films  of  the  Group  niA 
nitrides  (AIN,  GaN,  InN)  in  wide  bandgap  electronic  and  photonic  devices  [1]  are  deviations 
from  stoichiometry  (typically  nitrogen  deficiency  and  oxygen  incorporation)  and  residual  film 
strain  (arising  from  poor  lattice  and  thermal  e3q)ansion  matches) .  The  introduction  of  seeded 
substrates  (in  particular,  AIN  [2]  and  GaN  [3]  nucleation  layers)  has  done  much  to  increase 
the  nucleation  density  and  lateral  growth  rate  and  reduce  residual  strain.  In  parallel,  one 
novel  method  of  increasing  the  nitrogen  content  has  been  developed  aroimd  ECR-assisted 
molecular  beam  epitaxy  (MBE),  using  conventional  gas  sources  [4-9]  and  metal-organic 
sources.  [10] 

Similarly,  reactive  sputtering  has  been  ytidely  employed  for  the  preparation  of  AIN, 
GaN  and  InN  thin  films,  [1 1]  and  generally  high  carrier  concentration  (in  excess  of  10“  cm'^) 
are  observed.  Thus,  off  stoichiometry  remains  a  problem  in  these  sputter  deposited  films, 
and  data  from  the  reactive  magnetron  sputtering  of  InN  films  in  an  ultrahigh  vacuum 
chamber  and  in  situ  electrical  transport  measurements  indicate  that  oxygen  incorporation  can 
be  minimized.  [12]  Prompted  by  the  success  of  the  ECR-assisted  MBE  growth  technique, 
an  ECR  source  has  been  added  to  this  ultrahigh  vacuum  (UHV)  deposition  chamber  to  yield 
what  is  believed  to  be  a  unique  growth  facility  [13],  and  additional  results  are  reported  here 
for  InN  films  grown  on  AIN -nucleated  (00.1)  sapphire. 
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EXPERIMENTAL 


A  UHV  stainless  steel  chamber 
forms  the  core  of  the  ECR-assisted 
magnetron  sputtering  system  (Figure 
1).  The  chamber  is  equipped  with  a 
combination  of  turbo-,  ion-  and  cryo- 
pumps  and  typically  achieves  a  base 
pressure  of  5  x  10'^^  Torr.  [12]  A 
Wavemat™  Inc.  ECR  source  [Model 
MPDR  610]  is  aligned  parallel  to  the 
rotation  axis  of  the  substrate/heater 
assembly  and  normal  to  the  substrate 
surface,  here  (00.1)  sapphire.  The 
magnetron  sputtering  guns  are  at  an 
angle  of  45°  to  this  common  axis,  and 
to  facilitate  uniform  film  thickness,  the 
substrate/heater  assembly  is 
incrementally  rotated  through  ±180° 
during  deposition.  Under  typical 
sputtering  conditions,  the  substrates 
(after  initial  chemical  cleaning)  were 
heated  to  850°C  in  vacuum  and  then 
cooled  to  600°C  where  a  400A 
nucleation  layer  of  AIN  was  dc 
sputtered  from  a  high-purity  A1  target  in  5  mTorr  of  N2.  Subsequently,  the  seeded  substrates 
were  ramped  to  the  growth  temperature  (100  -  400°C),  the  ECR  source  activated  (150W, 
N2  flow  of  50  seem)  and  InN  deposited  for  90  min  by  the  reactive  sputtering  (lOOW,  rf)  of 
a  high-purity  In  target. 

Ex  situ,  the  InN  films  were  characterized  by  a  variety  of  physical  techniques.  The 
structural  coherence  and  strain  normal  to  the  film  plane  was  ascertained  from  X-ray  data 
collected  on  a  Phillips  APD  diffractometer  employing  graphite-monochromatized  CuKa 
radiation.  Analogous  in-plane  structural  parameters  were  derived  from  X-ray  data  collected 
using  the  precession  method  and  Zr-filtered  MoKa  radiation.  Room-temperature  electrical 
resistivity  and  Hall  effect  (in  a  magnetic  field  of  0.5  T)  were  measured  using  the  four-probe 
van  der  Pauw  technique.  The  optical  bandgap  was  derived  from  absorption  spectra  using  a 
Perkin-Elmer  Model  330  dual-beam  spectrophotometer.  Finally,  surface  morphology  was 
examined  with  a  Digital  Nanoscope  HI:  in  AFM  (atomic  force  microscope)  mode  employing 
both  commercial  triangular  Si3N4  cantilever  tips  and  high  aspect  ratio  Si  tips;  and  in  STM 
(scanning  tunneling  microscopy)  mode  using  Ir-Pt  dip  etched  and  cut  tips. 

RESULTS  AND  DISCUSSION 

As  for  conventionally  grown  materials  [14],  the  InN  thin  films  deposited  by  ECR- 
assisted  magnetron  sputtering  have  their  (OO.I)  planes  parallel  to  the  (00.1)  plane  of  the 
sapphire  substrate  [(00.1)inN//(00.1)sjpphi„].  Using  normal-beam  X-ray  diffractometry,  the 
structural  coherence  and  strain  along  the  film  growth  direction  have  been  studied,  and  Figure 
2  shows  the  0/29  profile  of  the  (00.2)  reflection  from  an  ECR-assisted  magnetron  sputtered 
InN  thin  film.  The  full-width  at  half-maximum  (FWHM)  for  this  reflection  is  quite  small 
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Figure  1.  Schematic  drawing  of  ECR-assisted 
reactive  magnetron  sputtering  system. 
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at  0.12°  [reduced  by  about  0.1°  compared  to  a  standard  film  growth]  and  tliere  is  a  distinct 
indication  of  tlte  resolution  of  the  Kai,Ka2  doublet.  Both  of  these  aspects  of  die  diffraction 
profile  confirm  die  excellent  structural  coherence  of  the  film  in  the  growth  direction  and 
imply  a  considerable  reduction  in  inhomogeneous  strain.  Similarly,  the  apparent 
homogeneous  strain  normal  to  the  growth  surface  has  been  estimated  [(d(oo.2)°*“  - 
<i(oo.2)‘’““')/<l(oo.2)'’“"']  and  a  comparison  of  the  results  from  conventionally  grown  films  is 
displayed  in  Figure  3.  Apparendy,  the  homogeneous  strain  in  the  ECR-assisted  films  is 
measurably  reduced  from  that  found  in  the  conventionally  grown  films.  In  a  cautionary  note, 
however,  there  is  a  distinct  possibility  that  some  of  the  shift  in  measured  d-spacing  may  arise 
from  an  enhanced  nitrogen  content  and  not  from  reduced  strain. 


29  (deg.) 


Figure  2.  X-ray  profile  (9/20)  of  the 
(00.2)  reflection  from  an  InN  film 
grown  at  325°C. 


GROWTH  TEMPERHTURE  (°C> 


Figure  3.  Derived  homogeneous  strain  as 
a  function  of  growth  temperature  for  two 
ECR-assisted  and  conventional  InN  films. 


The  surface  morphology  of  the  ECR-assisted  magnetron  sputtered  InN  thin  films  has 
been  investigated  by  scanned  probe  techniques,  and  a  typical  STM  micrograph  from  a  film 
grown  at  325°C  is  shown  in  Figure  4.  On  a  fine  scale,  these  films  show  hi^ly  orientated 
grains  with  diameters  on  the  order  of  a  few  hundred  angstroms.  On  a  larger  scale,  there  is 
clear  evidence  of  Ostwald  ripening  to  yield  well-defined  islands  with  diameters  on  the  order 
of  I|im.  This  is  in  marked  contrast  to  conventionally  grown  films  where  there  is  no  evidence 
of  island  formation,  only  the  dense  packing  of  micrograins.  Finally,  the  X-ray  scattering  from 
the  (OO.I)  planes  of  the  InN  film  and  the  sapphire  substrate  [(I0.0)inN//(2I.0),apphire]  is 
illustrated  in  Figure  5.  Here,  it  is  evident  from  the  nearly  circular  shape  of  the  diffraction 
maxima  that  the  misorientation  of  grains  is  quite  small  (near  0.5°),  improved  by  about  a 
factor  of  two  compared  to  the  best  conventionally  grown  films.  Much  of  the  improvement 
in  in-plane  misorientation  likely  follows  from  the  island  formation  indicated  in  Figure  4. 
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Figure  4.  Morphology  of  an  InN  film  Figure  5.  X-ray  scattering  from  the  (00.1)  planes 

on  (00.1)  sapphire  grown  at  325°C.  of  the  InN  film  and  the  sapphire  substrate. 


The  effects  of  the  ECR  plasma  on  the  magnetron  sputter  growth  of  InN  films  are  also 
well  illustrated  by  comparing  the  electrical  transport  properties  of  the  present  films  to  those 
grown  by  conventional  reactive  magnetron  sputtering.  In  Figure  6,  the  room-temperature 


Figure  6.  Dependence  of  the  electrical 
mobility  on  growth  temperature. 


Figure  7.  Variation  in  carrier  density 
as  a  function  of  InN  film  thickness. 


Hall  mobility  as  a  function  of  growth  temperature  is  presented  for  both  conventional  [14] 
and  two  sets  (one  with  a  mean  thickness  of  0.4pm  and  one  with  a  mean  thickness  of  1.1pm) 
of  ECR- assisted  sputtered  films  of  InN.  It  is  apparent,  except  at  the  very  lowest  and  the  very 
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highest  growth  temperatures,  that  the  mobility  of  the  InN  thin  films  deposited  by  ECR- 
assisted  sputtering  are  enhanced,  by  factors  as  large  as  3-4.  It  is  also  evident  that  the  thicker 
ECR-assisted  films  ( ~  1 . 1  pm)  generally  show  a  higher  mobility  compared  to  the  thinner  films 
( ~0.4pm),  especially  in  the  intermediate  temperature  regime.  The  improved  mobility  for  the 
thicker  films  in  large  measure  arises  from  a  distinct  thickness  dependence  to  the  carrier 
concentration  as  shown  in  Figure  7  for  a  series  of  films  grown  at  350°C.  It  can  be 
speculated  that  the  reduction  in  importance  of  surface  and  interfacial  scattering  states  lead  to 
trend  observed  in  Figure  7.  However,  another  major  contributor  to  the  enhanced  mobility 
is  a  reduction  in  nitrogen  defect  sites,  especially  at  grain  boundaries.  Here,  as  for  other 
polygrained  films,  the  improvement  in  mobility  probably  originates  from  diminished  charge- 
carrier  trapping  and  a  reduction  in  scattering  from  localized  defects  at  intergrain  boundaries. 
Finally,  in  parallel  with  these  observations,  the  sharpening  of  the  optical  absorption  spectrum 
and  an  increase  in  magnitude  of  the  optical  bandgap  for  these  ECR-assisted  InN  films  further 
attests  to  the  reduction  in  sub-bandgap  carriers. 

In  summary,  heteroepitaxial  thin  films  of  InN  have  been  deposited  on  AlN-seeded 
(00. 1)  sapphire  substrates  by  ultrahigh  vacuum  ECR-assisted  reactive  magnetron  sputtering 
and  the  properties  of  these  films  studied  as  a  function  of  growth  temperature.  Contrasting 
these  InN  films  to  those  grown  by  conventional  reactive  magnetron  sputtering  shows 
enhanced  Hall  mobilities,  decreased  carrier  concentrations  and  increased  optical  bandgaps, 
and  increased  structural  coherence  and  an  apparent  reduction  in  homogeneous  strain  that  is 
in  part  be  due  to  film  relaxation  and  in  part  to  more  nearly  stoichiometric  films. 
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ABSTRACT: 

Raman  spectroscopy  and  x-ray  diffraction  are  used  to  characterize  Gallium  Nitride  (GaN) 
films  grown  on  (100)  Gallium  Arsenide  (GaAs)  substrates.  Reflection  X-ray  diffraction  data 
from  (200)  planes  of  GaAs  and  cubic  GaN  are  presented.  The  linewidth  of  the  cubic  GaN 
diffraction  peak  is  shown  to  be  a  strong  function  of  the  growth  temperature.  Raman  spectra  are 
presented  for  a  series  of  samples  grown  at  different  temperatures.  Raman  scattering  is 
characterized  by  strong  peaks  at  560  cm‘l  and  at  736  cm'l ,  corresponding  to  TO  and  LO  phonon 
modes  of  cubic  GaN,  respectively.  An  additional,  unexplained  feature  at  768  cm‘1  is  clearly 
observed  in  Raman  spectra  of  c-GaN  samples  grown  at  lower  temperatures.  The  polarization 
dependence  of  the  intensity  of  the  GaN  LO  phonon  mode  is  presented  and  compared  with  the 
GaAs  LO  phonon  mode  to  establish  the  relative  orientation  of  the  c-GaN  epitaxy  on  GaAs. 


INTRODUCTION: 

Gallium  nitride  (GaN)  is  a  direct  gap,  III-V  semiconductor  which  crystallizes  in  both 
wurtzitic  and  cubic  form.  High-quality  wurtzitic  GaN  has  been  grown  successfully  on  a  variety 
of  substrates,  in  particular  basal  plane  sapphire  [1-4].  Cubic  GaN  has  also  been  grown  on  a 
variety  of  substrates,  including  silicon  and  GaAs  [5-9].  Use  of  GaAs  or  silicon  as  substrates  for 
the  growth  of  GaN  is  desirable  for  reduction  of  interfacial  defects  and  impurities  as  well  as  for 
device  processing  and  integration  of  GaN-based  devices  into  existing  silicon  and  GaAs-based 
systems.  Potential  optical  and  electronic  device  applications  of  these  materials  have  been 
reviewed  by  Davis  [10]  and  Strite  and  Morkoq  [1 1],  among  others. 

Previous  polarized  Raman  scattering  studies  of  wurtzitic  GaN  have  identified  an  A  l(TO) 
mode  at  533  cm‘l ,  an  E  i(TO)  mode  at  559  cm'l ,  and  an  E2  mode  at  568  cm‘l  [12-14].  In 
addition,  Raman  studies  of  cubic  GaN  films  have  identified  a  TO  phonon  mode  with  a  frequency 
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of  556  cm‘l  and  an  LO  mode  with  a  frequency  of  737  cm‘l  [9,  15-16].  In  this  work,  Raman 
scattering  results  from  cubic  GaN  are  presented.  We  compare  results  of  Raman  shifts  and 
intensities  versus  temperature  as  well  as  the  polarization  dependence  of  the  Raman  scattering 
with  the  earlier  work,  using  X-ray  diffraction  measurements  to  confirm  the  cubic  phase  of  the 
GaN  films. 


EXPERIMENT: 

GaN  films  were  grown  by  MOCVD  on  (lOO)-oriented  GaAs  substrates.  Substrates  were 
degreased  and  cleaned  using  standard  procedures  prior  to  loading  into  the  MOCVD  reactor. 

Prior  to  growth,  the  substrate  was  annealed  in  H2  and  AsH3  for  5  minutes  at  670  °C  to  remove 
the  surface  oxide.  The  substrate  was  then  brought  to  the  growth  temperature;  growth 
temperatures  ranged  from  530  °C  to  700  °C  in  this  study.  Sample  heating  is  provided  by  halogen 
lamps.  The  sample  temperature,  measured  by  a  thermocouple  mounted  on  the  sample  holder, 
was  continuously  monitored  and  actively  stabilized.  Nitridation  of  the  substrate  with  a  10  minute 
exposure  to  ammonia  preceded  every  growth.  High  purity  trimethylgallium  was  then  introduced 
through  a  hydrogen  bubbler  in  addition  to  the  NH3  at  a  fixed  V/III  ratio  of  3300  for  GaN  growth. 
System  pressure  was  kept  at  60  Torr  during  film  deposition.  The  growth  rate  was  on  the  order  of 
0.65  pm/hr  at  600  °C.  Film  thicknesses  ranged  from  2500  to  4000  A,  depending  upon  the 
growth  temperature. 

Reflection  X-ray  diffraction  studies  used  a  conventional  single-axis  goniometer  in  9-20 
geometry.  The  Cu  Ka  line  (A,=  1.537  A)  was  used  as  an  x-ray  source. 

Raman  scattering  measurements  were  performed  in  a  backscattering  geometry.  For 
excitation,  100  mW  of  488  nm  radiation  from  an  argon  ion  laser  was  focused  onto  the  sample 
with  a  150  mm  focal  length  lens.  A  small  pick-off  mirror  steered  the  light  onto  the  sample.  Care 
was  taken  to  ensure  that  incident  light  was  perpendicular  to  the  plane  of  the  sample  and  that  only 
light  scattered  into  a  solid  angle  of  0.04  pi  steradians  about  the  backscattering  direction  reached 
the  spectrometer.  An  intensified  diode  array  coupled  with  a  signal  digitizer  allowed  for  rapid 
signal  averaging;  typically,  500  scans  of  one  second  duration  were  averaged.  The  accuracy  of 
the  system,  referenced  to  both  the  GaAs  substrate  and  a  CCI4  standard,  was  estimated  to  be  better 
than  5  cm‘l .  The  polarization  of  the  incident  light  was  controlled  with  a  polarization  rotator.  A 
polarizer  in  front  of  the  entrance  slits  to  the  spectrometer  analyzed  the  scattered  polarization. 
Finally,  samples  were  mounted  on  a  calibrated  rotation  stage  for  rotation  of  the  samples  in  the 
plane  perpendicular  to  the  wavevector  of  the  incident  light. 
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RESULTS  AND  DISCUSSION: 


X-ray  diffraction  results  for  a  GaN  film  grown  at  a  substrate  temperature  of  600  °C  are 
shown  in  Figure  1.  The  diffraction  peak  at  39.8“  originates  from  the  (200)  cubic  GaN  plane, 
giving  a  lattice  constant  of  4.52  A.  Analysis  of  the  linewidth  of  the  GaN  diffraction  peak  as  a 
function  of  growth  temperature  is  presented  in  Figure  2.  The  width  of  the  cubic  peak  at  39.8° 
shows  a  strong  20  minimum  of  1°  for  a  growth  temperature  of  600  °C.  For  comparison,  the 
width  of  the  (200)  GaAs  peak  is  less  than  0.25°.  The  increased  width  of  the  GaN  diffraction 
peak  relative  to  the  GaAs  peak  is  an  indication  of  disorder  in  the  material.  TEM  measurements 
have  also  confirmed  the  cubic  phase  of  the  GaN  [17]. 
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Figure  1.  X-ray  diffraction  pattern 
of  GaN  film  grown  at  600  °C  on 
(100)  GaAs. 


Figure  2.  Dependence  of  the 
linewidth  of  the  (200)  GaN  x-ray 
diffraction  peak  on  the  growth 
temperature. 


Typical  z(xx)z  and  z(xy)z  Raman  spectra  from  c-GaN  films  are  shown  in  Figure  3.  Co¬ 
polarized  Raman  spectra  are  characterized  by  a  strong  peak  at  736  cm"^ ,  a  small  shoulder  at  768 
cm"l ,  and  a  weak  continuum  extending  from  700  cm"l  to  500  cm'l  with  a  second  peak  at  560 
cm“l .  The  shoulder  at  768  cm"l ,  the  second  peak  at  560  cm‘l ,  and  the  continuum  are  shown 
more  clearly  in  the  cross-polarized  spectrum,  where  the  intensity  of  the  736  cm'l  feature  is 
reduced  by  a  factor  of  three.  These  results  are  consistent  with  previous  work  on  cubic  GaN  [16] 
and  sharply  contrast  recent  Raman  results  from  wurtzitic  GaN  films  [4],  The  peaks  at  736  cm‘l 
and  560  cm‘l  are  consistent  with  cubic  LO  and  TO  phonon  energies;  the  peak  at  768  cm"l  is 
assumed  to  be  defect-related,  although  it  is  close  in  energy  to  quoted  wurtzitic  LO  phonon 
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energies  [12].  There  are  two  contributions  to  the  background  continuum,  one  arising  from 
second  order  Raman  scattering  from  GaAs  in  the  600  cm"^  region,  the  other  from  disorder- 
activated  first  order  Raman  scattering  from  GaN  [18].  A  disorder-activated  contribution  to  the 
Raman  spectrum  is  consistent  with  x-ray  diffraction  results;  the  width  of  the  GaN  diffraction 
peak  is  also  indicative  of  disorder  in  the  material. 


Figure  3.  Co-  and  cross-polarized 
Raman  spectra  from  a  GaN  film  grown 
on  (100)  GaAs. 


Figure  4.  Cross-polarized  Raman 
spectra  from  GaN  films  grown  at 
different  temperatures. 


Figure  4  shows  the  temperature  dependence  of  the  cross-polarized  Raman  signal.  The 
intensity  of  the  768  cm'l  peak  decreased  strongly  as  the  growth  temperature  was  increased, 
while  the  736  cm'l  feature  broadened  and  shifted  to  lower  energy.  The  strength  of  symmetry 
forbidden  transitions  from  the  GaAs  substrate  also  increased  with  the  growth  temperature, 
indicating  increased  interfacial  disorder  at  higher  growth  temperatures. 

The  polarization  dependence  of  scattering  from  c-GaN  LO  phonon  modes  GaN  at  736 
cm“l  and  GaAs  modes  at  292  cm‘l  are  plotted  in  Figure  5.  In  this  experiment,  the  incident 
polarization  was  rotated  while  the  detector  polarization  remained  fixed;  the  sample  was  oriented 
such  that  the  (100)  crystallographic  direction  is  along  the  x-direction.  The  disorder-induced  TO 
phonon  mode  from  the  GaAs  substrate  at  270  cm‘l  and  the  560  cm'l  and  768  cm"l  modes  from 
the  GaN  showed  no  polarization  dependence.  The  LO  phonon  modes  from  GaAs  and  cubic  GaN 
show  similar  polarization  dependence,  and  agree  well  with  theoretical  predictions  [19].  In  a 
second  experiment,  the  incident  and  scattered  polarizations  were  kept  fixed,  while  the  sample 
was  rotated  180°  in  the  plane  of  polarization  of  the  incident  and  scattered  light.  Co-polarized 
results  are  shown  in  Figure  6;  cross-polarized  results  are  similar.  These  data  are  reflect  a 
distribution  in  the  orientation  of  grains  with  respect  to  the  GaAs  substrate.  The  polarization - 
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dependent  Raman  data  are  consistent  with  recent  TEM  results  of  GaN  films  grown  on  (100) 
GaAs  [17,  20], 


Figure  5.  Polarization  dependence 
of  the  GaN  and  GaAs  LO  phonon 
intensity  as  the  incident  polarization 
is  rotated.  0=0  corresponds  to  the 
co-polarized  signal  for  the  GaAs 
aligned  along  a  (100)  direction. 


0  GaAs  LO  phonon 

Figure  6.  Polarization  dependence 
of  the  co-polarized  GaN  and  GaAs 
LO  phonon  intensity  as  the  sample  is 
rotated.  6=0  corresponds  to  (100)- 
oriented  GaAs. 


In  summary,  we  have  observed  an  X-ray  diffraction  peak  at  39.8  degrees  corresponding 
to  a  cubic  GaN  (200)  reflection  and  a  lattice  constant  of  4.52  A  in  thin  films  grown  on  (100) 
GaAs.  A  1°  minimum  in  the  linewidth  of  the  x-ray  diffraction  peak  was  observed  for  a  growth 
temperature  of  600  °C,  reflecting  the  high  quality  of  the  material.  Unpolarized  Raman  features 
from  c-GaN  were  seen  at  560  cm‘l  and  768  cm'l .  A  strong  polarization-dependent  Raman  peak 
associated  with  the  LO  phonon  was  observed  at  736  cm"^ .  An  unpolarized  continuum  reflecting 
the  phonon  density  of  states  in  the  region  between  500-700  cm‘l  was  also  observed  and 
attributed  to  a  combination  of  second-order  scattering  from  the  GaAs  substrate  and  disorder- 
induced  scattering  from  the  GaN. 
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ABSTRACT 

Introduction  of  a  buffer  layer  to  facilitate  heteroepitaxy  in  thin  films  of  the  Group  MIA 
nitrides  has  had  a  tremendous  impact  on  growth  morphology  and  electrical  transport. 
While  AIN-  and  self-seeded  growth  of  GaN  has  captured  the  majority  of  attention,  the  use 
of  AIN-buffered  substrates  for  InN  thin  films  has  also  had  considerable  success.  Herein, 
the  properties  of  InN  thin  films  grown  by  reactive  magnetron  sputtering  on  AIN-buffered 
(00.1)  sapphire  and  (111)  silicon  are  presented  and,  in  particular,  the  evolution  of  the 
structural  and  electrical  transport  properties  as  a  function  of  buffer  layer  sputter  time 
(corresponding  to  thicknesses  from  -50A  to  -0.64iim)  described.  Pertinent  results 
include:  (a)  for  the  InN  overlayer,  structural  coherence  and  homogeneous  strain  normal 
to  the  (00.1)  growth  plane  are  highly  dependent  on  the  thickness  of  the  AlN-buffer  layer; 
(b)  the  homogeneous  strain  in  the  AlN-buffer  layer  is  virtually  nonexistent  from  a  thickness 
of  200A  (where  a  significant  X-ray  intensity  for  (00.2)AIN  is  observed);  and  (c)  the  n-type 
electrical  mobility  for  films  on  AIN-nucleated  (00.1)  sapphire  is  independent  of  AlN-buffer 
layer  thickness,  owing  to  divergent  variations  in  carrier  concentration  and  film  resistivity. 
These  effects  are  in  the  main  interpreted  as  arising  from  a  competition  between  the  lattice 
mismatch  of  the  InN  overlayer  with  the  substrate  and  with  the  AlN-buffer  layer. 

INTRODUCTION 

The  heteroepitaxial  growth  of  thin  films  of  the  Group  IIIA  nitrides  (AIN,  GaN,  and 
InN)  has  come  under  extensive  study  [1]  owing  to  their  potential  micro-  and  opto¬ 
electronic  applications.  For  many  studies,  (00.1)  sapphire  has  been  the  substrate  of 
choice  because  of  its  device  oriented  optical  and  dielectric  properties.  However,  a 
generally  large  lattice  mismatch  leads  to  a  low  density  of  nucleation  sites,  three- 
dimensional  island  growth,  and  thin  films  composed  of  a  mosaic  of  columnar  grains 
exhibiting  low-angle  grain  boundaries.  Much  recent  effort  has  focussed  on  the 
predeposition  of  a  nucleation  layer,  and  the  earliest  study  of  growth  of  a  Group  IIIA  nitride 
thin  film  on  a  modified  substrate  was  that  by  Yoshida  [2]  on  reactive  molecular  beam 
epitaxy  of  GaN  on  AIN-coated  (00.1)  sapphire.  More  recently,  Amano  and  Akasaki  have 
grown  smooth,  high  mobility  films  of  GaN  on  AIN-nucleated  (00.1)  sapphire  using  metal- 
organic  vapor  phase  epitaxy  [3]  and  fabricated  the  first  GaN  p-n  junction  diode.  [4] 
Additionally,  Nakamura  [5]  and  Wickenden  [6]  have  shown  that  self-nucleated  GaN  films 
on  (00.1)  sapphire  display  similarly  enhanced  structural  and  electrical  properties. 

In  parallel,  growth  by  reactive  magnetron  sputtering  of  InN  thin  films  on  AIN- 
nucleated  (00.1)  sapphire,  see  Figure  1,  has  also  yielded  [7]  enhanced  structural 
coherence  and  electrical  transport.  Recently,  these  studies  have  been  extended  to 
include  the  deposition  of  InN  onto  AIN-nucleated  (111)  silicon,  and  in  particular  the  effect 
of  substrate  bias  was  examined.  [8]  Herein,  a  comparison-is  given  of  the  effect  of  buffer 
layer  thickness  on  the  structural  and  electrical  properties  of  InN  overlayers  deposited  onto 
AIN-nucleated  (00.1)  sapphire  and  (111)  silicon  substrates. 
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Figure  1.  Schematic  diagram  of  the  overgrowth  of  InN  onto  AlN-seeded  (00.1)CP  or 
(111)Si.  In  each  case,  the  (00.1)  plane  of  InN  lies  parallel  to  the  substrate  surface. 


EXPERIMENTAL 

The  reactive  sputtering  system  employs  planar  magnetron  sources  mounted  in  the 
sputter-up  configuration.  The  targets  were  high-purity  Al  or  In  disks  and  growth  was 
carried  out  in  pure  Nj  gas  at  a  pressure  of  SmTorr.  In  a  typical  deposition  sequence, 
chemically-polished  (00.1)  sapphire  [(OO.I)CP,  nominal  resistivity  of  >10'*  fl-cm]  and 
(111)  silicon  [(111)Si,  nominal  resistivity  of  5  milli-Q-cm]  substrates  were  cleaned  and 
loaded  into  the  deposition  chamber  and  subsequently  heated  to  900°C  in  vacuo.  The 
temperature  was  then  reduced  to  600°C  and  the  AIN  layer  was  dc  sputtered  (150W; 
15min  presputter;  sputter  time  from  2min  to  4hr;  buffer  layer  thickness  from  ~50A  to 
0.64nm).  Subsequently,  the  AIN-seeded  substrates  were  cooled  to  the  film  growth 
temperature  (400°C)  and  an  InN  overlayer  deposited  for  Ihr  (rf,  SOW;  30min  presputter; 
substrate  bias  -90V).  The  clear,  reddish-brown  films  were  examined  in  reflection  using  a 
Read  X-ray  camera  [V-filtered  CrKa  radiation]  and  a  Phillips  APD  powder  diffractometer 
[graphite-monochromated  CuKa  radiation]  and  in  transmission  employing  a  Buerger 
precession  X-ray  camera  [Zr-filtered  MoKa  radiation].  Room-temperature  electrical 
resistivity  and  Hall  effect  (in  a  magnetic  field  of  0.5T)  were  measured  using  the  van  der 
Pauw  technique.  Film  thickness  was  determined  using  a  stylus  profilometer. 


RESULTS  AND  DISCUSSION 

The  variation  in  total  bilayer  film  thickness  with  AIN  seed  layer  sputter  time  is 
presented  in  Figure  2.  Previous  independent  measurements  on  AIN  and  InN  films  on  both 
(00. 1  )CP  and  (1 1 1  )Si  substrates  demonstrated  a  linear  relationship  between  film  thickness 
and  deposition  time.  Utilizing  these  independent  data  to  obtain  growth  rates 
(approximately  25A/min  for  AIN  films  and  lOoA/min  for  InN  films),  bilayer  film  thicknesses 
as  a  sum  of  each  estimated  layer  thickness  have  been  computed  and  are  shown  as 
dotted  lines  in  Figure  2,  to  guide  an  explanation  of  the  data.  It  is  first  noted  that  parallel 
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Figures.  Variation  in  homogeneous  strain 
with  growth  time  of  the  AIN  buffer  layer. 

experimental  trends  are  observed  for  deposition  onto  both  substrates.  Secondly,  there 
is  in  each  case  a  sharp  reduction  in  film  thickness  fdue  to  in-plane  densification)  even  at 
the  thinnest  AIN-nucleation  layer  (estimated  at  50A).  At  intermediate  AIN  layer  sputter 
times  (up  to  one  hour;  approximately  1600A),  deposition  onto  (OO.I)CP  well  matches  the 
linear  dependence  based  on  the  simple  addition  of  layer  thicknesses.  The  match  is 
obviously  less  robust  for  growth  on  (111)Si.  There  remains,  however,  a  monotonic 
increase  in  total  film  thickness  for  deposition  onto  (111)Si  for  growth  times  for  the  AIN 
buffer  layer  up  to  60min.  Finally,  there  is  a  rather  sharp  drop  from  the  projected  total  film 
thickness  at  a  sputter  time  of  2hr  (-0.32jim)  and  a  return  to  projection  at  a  sputter  time 
of  4hr  (~0.64^lm).  No  simple  explanation  for  this  anomalous  behavior  at  larger  AIN  buffer 
layer  thicknesses  has  been  advanced  at  this  time.  Whatever  the  factors  are  that 
determine  the  observed  thickness  variation,  these  same  factors  are  apparently  significant 
in  determining  trends  in  the  electrical  transport  properties,  as  will  be  exposed  below. 

Structurally,  the  films  grown  on  (00.1)CP  fall  exclusively  into  one  of  two  classes. 
In  the  absence  of  the  AIN-nucleation  layer,  scattering  from  a  roughly  equal  mixture  of 
broadly  heteroepitaxial  [(00.1)lnN//(00.1)CP;  (10.0)lnN//(11.0)CP]  and  textured 
[(00.1)lnN//(00.1)CP,  only]  domains  is  observed.  However,  for  AIN-nucleation  layers  with 
thicknesses  from  ~50A  to  0.64(im,  the  InN  overlayers  are  nearly  (~95%)  completely 
composed  of  heteroepitaxial  domains.  The  variation  in  structural  quality  is  considerably 
more  varied  for  growth  on  AIN-nucleated  (111)Si.  In  the  absence  of  an  AIN-nucleation 
layer,  the  X-ray  scattering  is  typical  of  a  mixture  of  polycrystalline  and  textured 
[(00.1)lnN//(1 1 1)Si]  domains.  With  the  deposition  of  a  50A  AIN-nucleation  layer,  the  InN 
film  becomes  simply  textured,  and  by  a  100A  AIN-nucleation  layer  a  considerable 
heteroepitaxy  [(00.1]lnN//(111)Si  and  (21 .0)lnN//(220)Si]  component  is  achieved, 
although  there  is  evidence  in  the  X-ray  precession  photographs  of  a  sizeable  (3-4°) 
mosaic  spread.  The  heteroepitaxial  growth  of  InN  overlayers  on  AIN-nucleated  (111)Si 
improves  modestly  for  layer  thicknesses  of  400A  and  beyond.  Although,  a  return  to 
simple  texture  at  an  AIN-layer  thickness  of  0.64nm  is  observed. 

The  structural  coherence  and  homogeneous  strain  parallel  to  the  growth  direction 
for  these  AIN/InN  bilayer  films  have  been  estimated  from  conventional  6/20  X-ray 


Figure  2.  Dependence  of  film  thickness 
on  growth  time  of  the  AIN  buffer  layer. 
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diffractometer  scans.  The  derived  homogeneous  strain  [(d^jg  2,°’’''  -d^^g  2,‘’“‘'')/d(0Q  jj'’"  ] 
is  shown  in  Figure  3  for  both  the  AIN  buffer  layer  and  the  InN  overlayer.  It  is  evident  that 
the  homogeneous  strain  for  the  AIN  buffer  layer  (at  least  for  thickness  beyond  about  200A 
where  the  (00.2)  reflection  is  well  above  background)  is  insignificant  for  either  substrate 
and  at  any  buffer  layer  thickness.  As  for  the  degree  of  heteroepitaxial  volume,  the 
homogeneous  strain  in  the  InN  overlayer  for  growth  on  AIN-buffered  (00.1)CP  is 
immediately  increased,  even  for  an  AIN-nucleation  layer  as  thin  as  50A.  This  probably 
reflects  the  large  discrepancy  between  the  lattice  mismatches  for  AIN  (13%)  and  InN 
(29%)  and  (00.1)  sapphire  and  the  preference  in  this  instance  for  homogeneous  growth 
of  InN  on  AIN  seeds  (lattice  mismatch  of  13%).  Once  again,  however,  the  situation  is 
more  complex  for  growth  of  InN  on  AIN-nucleated  (111)Si.  In  that  case,  the  lattice 
mismatch  between  AIN  and  (111)Si  is  -19%,  while  that  for  InN  and  (111)Si  is  only  -8%  - 
a  value  even  smaller  in  magnitude  that  the  lattice  mismatch  between  AIN  and  InN.  For 
the  films  on  AIN-nucleated  (111)Si,  there  is  a  gradual  decrease  in  homogeneous  strain 
for  buffer  layers  up  to  about  a  lOOOA,  beyond  which  there  is  sufficient  coverage  for  the 
lattice  mismatch  to  be  dominated  by  the  AIN  buffer  layer  and  for  the  homogeneous  strain 
to  approach  that  for  growth  on  AIN-nucleated  (OO.I)CP. 

To  complete  the  structural  discussion,  the  full-width  at  half  maximum  (FWHM)  for 
the  (00.2)  reflections  from  the  AIN-buffer  layers  and  the  InN  overlayers  are  compared  in 
in  Figures  4  and  5  for  both  substrates.-  As  shown  in  Figure  4,  there  is  a  smooth  decrease 


Figure  4.  Dependence  of  FWHM  (AIN  buffer)  Figure  5.  Variation  in  FWHM  (InN  film)  with 
on  growth  time  of  the  AIN  buffer  layer.  growth  time  of  the  AIN  buffer  layer. 


in  the  width  of  the  X-ray  line  as  a  function  of  increasing  film  thickness,  and  therefore  it  is 
expected  that  the  linewidth  is  dominated  by  finite  size  effects  for  up  to  2hrs  of  sputtering 
time  (about  ISOOA).  In  contrast,  linewidths  for  the  InN  overlayer  were  anticipated  to  be 
considerably  less  dependent  on  crystallite  size,  as  these  overlayers  have  a  thickness  near 
0.5-0.6iim  over  the  series.  Thus,  the  early  results  of  Figure  5  are  probably  dominated  by 
inhomogeneities  owing  to  the  competing  lattice  mismatches  illustrated  in  Figure  1  and  the 
emergence  of  films  with  mixtures  of  textured  and  heteroepitaxial  domains. 

Finally,  the  electrical  properties  of  the  InN  films  deposited  on  AIN-nucleated  (00.1) 
sapphire  substrates  are  presented  in  Figures  6  and  7.  As  can  be  seen,  the  Hall  mobility 
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increases  from  ~0.1  cm^/V-sec  for  deposition  on  native  (00.1)CP  to  -60  cm^/V-sec 
immediately  upon  the  deposition  of  a  50A  AIN-nucleation  layer  (and  the  achievement  of 
heteroepitaxy),  and  then  remains  constant  with  nucleation  layer  thickness.  Interestingly, 
this  constant  Hall  mobility  arises  from  divergent  trends  in  the  film  resistivity  and 
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Figure  6.  Depenidence  of  the  mobility  (InN)  Figure  7.  Variation  in  resistivity  anid  inverse 
on  growth  time  of  the  AIN  buffer  layer.  carriers  on  growth  time  of  the  AIN  layer. 

carrier  concentration  as  seen  in  Figure  7.  An(d  it  is  particularly  note  worthy  that  the 
normalized  trends  shown  in  Figure  7  parallel  those  for  the  film  thickness  in  Figure  2, 
suggesting  that  volume  dependent  effects,  such  as  the  number  of  grain  boundaries, 
dominate  the  electron  scattering  cross  section.  In  fact,  it  has  been  widely  conjectured 
that  the  observed  (often  degraded)  electrical  transport  found  in  oriented  polygrained  films 
(e.  g.,  a  dense  matrix  of  grains  with  a  random  heteroepitxay,  as  for  polycrystalline  silicon 
[9]  or  diamond  [10]  films,  or  a  common  heteroepitaxy,  as  for  the  present  films)  has  its 
origins  in  grain  boundary  effei^s  such  as  charge-carrier  trapping  or  scattering  from 
localized  defects.  Finally,  other  factors  expected  to  be  of  importance  to  the  electrical 
properties  of  the  present  films  are  impurity  band  conduction  or  hopping  conductivity, 
donor  impurity  compensation  (especially  from  nitrogen  atom  defects)  and  surface  trapping 
and  scattering  (possibly  due  to  a  generally  higher  surface  oxygen  content). 


SUMMARY 

In  summary,  a  significant  extension  of  the  recently  Improved  growth  characteristics 
of  GaN  and  InN  overlayers  on  AIN-nucleated  (00.1)  sapphire  has  been  achieved  for  the 
growth  of  InN  by  reactive  magnetron  sputtering  on  AIN-nucleated  (111)  silicon.  Pertinent 
results  include;  (a)  for  the  InN  overlayer,  structural  coherence  and  homogeneous  strain 
normal  to  the  (00.1)  growth  plane  are  highly  dependent  on  the  thickness  of  the  AIN-buffer 
layer;  (b)  the  homogeneous  strain  in  the  AIN-buffer  layer  is  virtually  nonexistent;  and  (c) 
the  n-type  electrical  mobility  for  films  on  AIN-nucleated  (00.1)  sapphire  is  independent  of 
AIN-buffer  layer  thickness,  owing  to  divergent  variations  in  carrier  concentration  and  film 
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resistivity.  Characterization  of  the  structural  properties  of  AIN-nucleated  InN  overlayers 
indicates  the  very  narrow  range  of  parameters  over  which  the  growth  is  heteroepitaxial 
on  (111)  silicon  compared  to  (00.1)  sapphire.  Bounding  the  limits  for  heteroepitaxial 
growth  on  (111)  silicon  is  a  crucial  first  step  on  the  path  to  device  arrays  capable  of 
incorporating  both  sources  or  detectors  and  processing  elements. 
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ABSTRACT 

CNx  films  with  x  around  1.0  have  been  made  by  inverted  cylindrical  DC  magnetron 
sputtering.  RBS,  XPS,  IR  spectroscopy,  ERD  and  SEM  were  used  to  characterize  the 
composition  and  bonding  properties  of  die  films,  while  X-ray  diffraction  was  used  for  crystal 
structure  determination.  XPS  data  indicated  the  existence  of  the  tetrahedral  C3N4  phase  in  the 
CNx  films,  which  was  consistent  with  the  C-N  single  bond  suggested  by  IR  spectra.  The 
annealing  effect  on  CNx  films  will  also  be  discussed. 


INTRODUCTION 

Solid  carbon  nitride  was  first  predicted  by  Liu  and  Cohen[l]  to  have  some  extraordinary 
mechanical  and  thermal  properties  comparable  to  diamond.  Due  to  this  prediction,  several 
research  groups  have  tried  to  grow  carbon  nitride  thin  films  [2-9]  over  the  past  few  years.  The 
amorphous  carbon  nitride  thin  films  made  by  conventional  DC  or  RF  magnetron  sputtering 
reportedly  have  nitrogen  content  ranging  from  0  to  40  at%  [2-4].  We  have  increased  the  nitrogen 
content  in  the  CNx  films  up  to  or  even  above  50%  (x>l)  using  an  inverted  cylindrical  DC 
magnetron  sputtering  system  with  He-N2  mixed  gas  and  a  graphite  target.  In  tiiis  paper,  we 
report  the  deposition  and  characterization  of  these  CNx  films  by  Rutherford  backscattering 
spectrometry  (RBS),  X-ray  photoemission  spectroscopy  (XPS),  Infra-red  spectroscopy,  SEM 
and  X-ray  diffraction  (XRD).  We  also  discuss  the  composition  changes  of  the  CNx  film  after 
annealing. 


EXPERIMENTAL 

CNx  films  were  made  by  an  inverted  hollow  cylindrical  magnetron  sputtering  system  (Fig. 
1).  The  advantage  of  this  system  is  that  the  substrate  is  outside  the  plasma,  thus  reduces  the  re¬ 
sputtering.  A  high  purity  graphite  (99.999%)  ring  target  was  sputtered  in  a  gas  mixture  of  high 
purity  nitrogen  (99.999%)  and  helium  (99.995%).  The  total  gas  pressure  was  kept  around 
240mTorr  while  the  nitrogen  content  varied  from  5%  to  100%  of  the  total  pressure.  A  bias 
voltage  ranging  from  -50  volts  to  -250  volts  was  applied  to  the  substrate  to  increase  the  particle 
mobility  on  the  substrate  surface.  The  substrate  holder  was  fixed  and  kept  at  ambient  temperature. 
Substrates  used  were  single  and  double-side  polished  Si(lOO)  wafers,  Zr,  Coming  2947  glass 
and  Si3N4  films.  Double-side  polished  Si(lOO)  wafers  were  used  for  IR  absorption  studies. 
Substrates  other  than  silicon  wafers  were  used  to  investigate  the  adhesive  properties  of  the  CNx 
films.  In  our  experiment,  we  did  not  observe  significant  difference  in  the  adhesion  of  CNx  films 
to  different  substrates. 

Atomic  compositions  were  measured  by  3.3  to  3.5  Mev  He  RBS.  Chemical  bonding 
information  was  measured  by  XPS  and  IR  absorption.  The  thickness  was  measured  by  an  a- 
stepper  machine.  The  thicknesses  of  most  films  were  around  1pm.  The  surface  morphology  of 
the  films  were  examined  by  SEM.  Elastic  Recoil  Detection  (ERD)  technique  was  used  to  measure 
the  hydrogen  content  in  the  films. 


RESULTS  AND  DISCUSSION 
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N2-»He  Carbon 


Figure  1:  Schematic  of  the  Inverted  Cylindrical  DC  Magnetron  Sputtering  system 
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Figure  2:  3.5  MeV  He+2  elastic  scattering  spectrum  of  CNx  film  deposited  on  a  Si 
wafer.  The  thickness  of  the  film  is  1  pm.  Plasma  power  is  9W  and  total  pressure 
is  200  mTorr(N2:  93%,  He;7%).  Bias:  -90V. 


Fig.2  shows  the  RBS  spectrum  of  an  CNx  film  deposited  on  Si  wafer.  RBS  measurements 
were  conducted  on  a  NEC  Model  5SDH-2  tandem  accelerator.  Non-Rutherford  elastic  scattering 
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with  He  ions  of  3.3  to  3.5  Mev  energy  were  employed  to  increase  the  sensitivity  for  the  nitrogen, 
oxygen  and  carbon  measurements.  TTie  measured  nitrogen  content  was  above  50%  in  CNx  film 
(x>1.0)  and  oxygen  content  was  below  7%.  The  nitrogen  content  in  our  films  is  higher  than  those 
report^  made  with  conventional  sputtering  system.  We  have  also  observed  hydrogen  in  the  films 
up  to  several  percent  by  Elastic  Recoil  Detection  method  (ERD).  The  oxygen  and  hydrogen 
contamination  were  suspected  to  come  from  the  target  rather  than  from  residual  molecules  in  the 
vacuum  chamber  with  a  base  pressure  of  6x10'^  torr.  Fig.3  shows  the  nitrogen  and  carbon 
composition  ratio  of  CNx  films  as  a  function  of  nitrogen  partial  pressure  of  the  sputtering  N2-He 
gas  mixture.  As  the  sputtering  yield  of  carbon  by  He  ions  was  very  low,  only  energetic  nitrogen 
particles  could  effectively  sputter  carbon  away  from  the  target.  This  may  be  part  of  reason  why, 
although  the  deposition  rate  increased  slightly,  the  N/C  ratio  of  the  films  was  not  sensitive  to  the 
increasing  N2  partial  pressure. 

XPS  measurements  were  carried  out  ex  situ  in  a  Perkin-Elmer  Model  550  using  Mg  Ka  X- 
rays  at  0.5  eV  spectrometer  resolution.  Typical  Cls  and  Nls  XPS  lines  are  shown  in  Fig.  4  for  a 
carbon  nitride  film.  Based  on  a  study  by  D.  Marton  et  al.  [10],  these  two  lines  can  be 
deconvolved  into  fov  distinguishable  peaks  for  carbon  and  tlnee  peaks  for  nitrogen.  Such 
analysis  has  been  conducted  on  a  batch  of  CNx  films  [10]  in  which  consistent  chemical  shifts  that 
indicated  the  presence  of  tetrahedral  type  C-N  coordination  were  observed.  Carbon  XPS  peaks  at 
286.4eV  and  287. 8eV  have  been  curve-fitted  and  identified  as  two  different  binding  states 
between  carbon  and  nitrogen.  Correspondingly,  there  are  two  nitrogen  peaks  at  399.7eV  and 
398. 6eV  for  these  two  binding  states.  Such  binding  energy  assignments,  following  Ref  [10], 
were  based  on  the  XPS  data  from  well-studied  compounds,  pyridine  and  urotropine 
(hexamethylene-tetramine).  Pyridine  consists  of  a  planar  sp2  hybrid  orbital  ir-bonded  aromatic 
ring  with  one  nitrogen,  which  shows  Cls  at  285.5eV  and  Nls  at  399.8eV.  On  the  other  hand, 
urotropine  contains  nitrogen  and  carbon  atoms  arranged  in  close  resemblance  to  the  predicted  p- 
C3N4  structure,  with  the  Cls  peak  at  286.9eV  and  Nls  at  399.4eV.  These  chemical  shifts 
suggest  the  more  polar  nature  of  the  tetrahedral  type  aromatic  arrangements.  For  the  C3N4  phase, 
the  extent  of  chemical  shifts  should  be  even  larger.  Because  the  nitrogen  atoms  for  C3N4  are  in 
trigonal  sites  and  thus  the  Is  electrons  should  be  better  shielded  than  the  votropine  case  in  which 
the  nitrogen  atoms  are  in  the  tetrahedral  sites.  It  is  thus  reasonable  to  assert  that  the  peaks  at 
287.8eV  (Cls)  and  398.6  eV  (Nls)  arise  from  the  tetrahedral  C3N4  structure.  Meanwhile,  the 
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Figure  3:  Changes  of  the  N/C  ratio  with  nitrogen  partial  pressure  in  sputtering  processes. 
Plasma  power  and  total  pressure  may  not  be  die  same. 
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Figure  4:  Nitrogen  and  carbon  Is  XPS  spectra.  The  intensity  scales  for  the  N  and  C 
spectra  are  not  Ste  same. 
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Figure  5:  Infrared  absorption  spectra  of  CNx  films  deposited  under  different  nitrogen 
partial  pressures.  For  one  of  the  films,  the  FT-deconvoluted  spectrum  is  also  shown. 
On  the  top  right  are  the  IR  absorption  spectra  of  films  A  and  B  as  obtained. 
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peaks  at  286.4eV  for  Cls  and  399.7eV  for  Nls  represent  the  sp^  type  bonding  for  the  regions 
where  the  nitrogen  content  is  low.  While  more  evidences  would  be  helpful  in  drawing  a  more 
definite  conclusion,  the  possibility  of  existing  C3N4  structure  can  not  be  ruled  out.  Bas^  on  the 
integrated  intensity  of  the  associated  Cls  and  Nls  peaks,  the  percentage  for  the  tetrahedral  C3N4 
in  the  film  was  estimated  to  be  30  at%. 

Infrared  absorbance  spectra  were  obtained  for  two  CNx  thin  film  samples  on  thin  double¬ 
side  polished  silicon  wafers.  The  FTIR  spectrometer  used  was  a  Bomem  DAS  equipped  with  a 
MCT  detector  and  a  KBr  beam  splitter.  The  low  spectral  resolution  of  16cm‘l  was  selected  for 
the  measurement  in  order  to  minimize  interference  effects  in  the  spectrum  (due  to  the  thin  silicon 
substrate),  but  it  is  still  good  enough  to  resolve  spectral  features  common  in  this  type  of  solid 
material.  Two  films  for  &  measurements  were  produced  with  different  concentrations  of  N2/He 
gas  mixture.  The  mixture  partial  pressure  for  film  A  was:  23%  N2  and  77%  He,  and,  for  film  B: 
100%  nitrogen  and  no  helium.  Figure  5  shows  the  absorption  spectra  for  the  films  as  obtained  in 
the  spectral  range  from  500  to  4000cm-l  (20  to  2.5iim).  Also  shown  is  a  FFT  deconvoluted 
spectrum  using  a  Bessel  apodization  filter.  This  operation  helped  us  identify  the  principal  bands 
comprising  a  more  complex  band  with  overlapping  features,  fii  figure  5,  it  is  easy  to  observe  the 
effect  that  different  nitrogen  partial  pressures  have  on  the  infrar^  absorbance.  As  discussed  in 
references  [4]  and  [11],  the  complex  spectral  feature  around  IbOOcm"^  grows  with  increasing  N2 
concentration  and  can  be  related  to  the  Raman  active  G  (1588cm“l)  and  D  (1360cm"l)  bands; 
stretching  vibrations  from  C=C  and  C=N  occur,  in  this  fingerprinting  region  as  well.  The 
relatively  narrow  band  observed  in  the  2190cm‘^  region  has  been  identified  [11,12]  with  the 
stretching  vibrations  of  the  groups  C-N,  C-C  triple  bonds  or  N=C=0  bond.  The  band  centered  at 
760cm"l  has  only  been  mentioned  in  reference  [11]  as  a  bending  mode  for  the  graphitelike 
domains  after  nitrogen  incorporation.  Alternative  assignments  for  this  band  are  the  out-of-plane 
bending  mode  for  C-H  or  the  stretching  vibration  modes  for  C-C  or  C-N.  The  bands  observable 
after  deconvolution  at  the  frequencies  1000  and  1190  cm"^  are  characteristic  for  phenyl  C-H 
deformations.  Finally,  the  bands  in  the  3200-3300  cm'^  region  have  been  typically  observed  in 
carbon  nitride  samples  prepared  from  hydrocarbons  and  correspond  to  stretching  vibrations  of  C- 
H  and  N-H.  Since  die  samples  analyzed  in  this  paper  were  neither  prepared  from  hydrocarbons 


Figure  6:  Changes  of  the  N/C  ratio  with  annealing  temperatures 
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nor  intentionally  hydrogenated  during  preparation,  a  possible  explanation  for  the  appearance  of 
these  bands  in  the  absorbance  spectra  would  be  potential  contamination  of  the  samples  and/or 
substrate,  as  could  be  presumed  from  the  ERD  measurements . 

We  have  annealed  some  samples  from  450®C  to  lOOQoC  in  vacuum.  Nitrogen  content 
consistently  decreased  with  the  increasing  annealing  temperature,  as  shown  in  Fig.6.  The 
thickness  of  the  films  decreased  too.  After  lOOflOC  high  temperature  vacuum  annealing  for  30 
minutes,  the  nitrogen  content  or  x  decreased  from  1.0  to  0.2,  in  agreement  with  a  previous  report 
[13]. 

As  far  as  the  microstructures  of  the  films  are  concerned,  we  have  observed  some  small 
particles  in  the  CNx  films  by  SEM.  The  particle  sizes  were  around  0.4  to  1  pm  for  a  2  pm  thick 
film.  While  mote  measurements  are  being  conducted  using  electron  diffraction  to  determine  their 
crystal  structures,  it  is  reasonable  to  conjecture  that,  based  on  the  X-ray  diffi-action  data,  most  of 
the  film  was  amorphous  CNx  matrixs  with  crystalline  C3N4  inclusion,  supportive  of  what  was 
reported  in  reference  [5]. 


CONCLUSION 

Our  results  show  that  CNx  films,  with  nitrogen  content  higher  than  50%,  can  be  obtained  by 
reactive  sputtering  deposition  using  an  inverted  cylindrical  DC  magnetron  sputtering  system.  XPS 
study  suggested  that  a  part  of  the  nitrogen  in  the  CNx  films  was  bonded  with  carbon  to  form 
tetrahedral  C3N4  phase.  The  CNx  films  studied  here  were  not  stable  at  elevated  temperatures,  as 
the  nitrogen  content  decreased  upon  heating. 
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PART  VIII 


Doping,  Impurities  and  Properties 


NMR  SPIN  LATTICE  RELAXATION  IN  NITROGEN- 
DOPED  6H  SILICON  CARBIDE 


J.  STEPHEN  HARTMAN,  ARJUN  NARAYANAN  AND  YOUXIANG  WANG 
Department  of  Chemistry,  Brock  University,  St.  Catharines,  Ontario  L2S  3A1,  Canada 


ABSTRACT 

Nuclear  magnetic  resonance  (NMR)  spin  lattice  relaxation  is  highly  sensitive  to  the  nature, 
amount,  and  homogeneity  of  unpaired-electron-containing  impurities  in  silicon  carbide  and 
similar  solids,  and  is  a  promising  tool  for  the  study  of  dopants  and  Impurities.  In  nitrogen- 
doped  6H  silicon  carbide,  Oc  and  29si  NMR  spin  lattice  relaxation  is  highly  site-dependent. 
Not  only  do  carbon  sites  relax  much  more  rapidly  than  the  corresponding  silicon  sites,  but  also 
there  are  unprecedented  differences  in  relaxation  efficiency  among  the  different  carbon  (and 
silicon)  sites,  consistent  with  much  higher  unpaired  electron  density  at  the  higher-symmetry 
(Types  A  and  B)  sites  than  at  the  lowest-symmetry  (Type  C)  site.  In  contrast,  all  sites  relax  at 
equivalent  rates  in  undoped  samples  and  in  commercial  abrasive  grade  material  with  high  levels 
of  impurities,  although  there  are  large  differences  in  relaxation  efficiency  among  samples.  The 
change  in  the  nature  of  the  relaxation  process,  from  exponential  in  high-purity  to  stretched 
exponential  in  lower-purity  samples,  is  apparently  related  to  changes  in  unpaired-electron 
mobility. 


INTRODUCTION 

Nuclear  magnetic  resonance  (NMR)  spectroscopy  has  recently  become  an  important 
technique  in  materials  research,  and  is  used  for  the  characterization  of  a  wide  range  of  inorganic 
materials.*  There  are  many  NMR-active  nuclei,  each  with  its  own  chemical  shift  range,  and  the 
technique  is  applicable  to  both  crystalline  and  amorphous  species.  Using  the  technique  of 
Magic  Angle  Spinning  to  increase  resolution,  even  very  similar  nuclear  environments  such  as 
the  crystallographically  distinct  sites  of  6H  silicon  carbide  give  rise  to  well-separated  NMR 
signals.^  Thus  6H  silicon  carbide  gives  three  equal-intensity  ^^Si  signals,  one  for  each  silicon 
site,  and  also  three  equal-intensity  *^0  signals,  one  for  each  carbon  site  (each  of  which  is 
isostructural  to  one  of  the  silicon  sites).^  By  single  crystal  NMR  work  we  have  been  able  to 
determine  that  the  central  peak  in  the  29si  spectrum,  but  the  low  field  peak  in  the  *^C  spectrum, 
arises  from  the  lowest-symmetry  (Type  C)  site  (Figure  1).^ 

NMR  peak  positions  (chemical  shifts)  are  not  appreciably  sensitive  to  dopant  concentration. 
However  dopants  and  impurities  can  have  very  large  effects  on  spin  lattice  relaxation 
behaviour.  Spin  lattice  relaxation  involves  the  return  of  spin  magnetization  to  thermal 
equilibrium  after  a  disturbance  (such  as  applying  a  train  of  radiofrequency  pulses  to  destroy  the 


Type  A  Type  B  Type  C 

Figure  1.  Local  site  designations  for  the  first  and  second  neighbour  environments  of  the  three 
types  of  silicon  (and  carbon).  Type  C  has  the  lowest-symmetry  second-neighbour  shell. 
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z-axis  spin  magnetization  in  the  saturation-recovery  experiment) .4  The  recovery  of  z-axis  spin 
magnetization  is  frequently  (but  not  always)  exponential: 


[1]  Af,(t)=M,  («.)[! 

where  M7(t)  is  the  z-axis  magnetization  after  time  t,  Mz(°°)  is  the  equilibrium  z-axis 
magnetization,  and  Ti  is  the  spin  lattice  relaxation  time.  For  dilute  spin- 1/2  nuclei  in  rigid 
solids  such  as  silicon  carbide,  there  is  no  intrinsic  mechanism  of  spin  lattice  relaxation.  Instead, 
interaction  with  the  unpaired  electrons  of  impurities  is  the  dominant  relaxation  process.  The 
resulting  strong  impurity  dependence  of  spin  lattice  relaxation  provides  a  promising  approach 
to  studying  dopants  and  impurities.  We  now  report  our  use  of  nitrogen-doped  6H  silicon 
carbide  as  a  mcxlel  system  to  explore  this  approach.  Further  aspects  of  spin  lattice  relaxation  in 
6H  silicon  carbide  will  be  reported  elsewhere.^ 


EXPERIMENTAL  PROCEDURES 

Materials.  Nitrogen-doped  semiconductor  grade  6H  silicon  carbide  samples  from  Cree 
Research,  Inc.,  with  dopant  levels  determined  by  the  capacitance-voltage  technique,  were  used. 
Other  impurities  were  reported  to  be  at  or  below  the  2  ppm  level. 

NMR  Spectra.  29si  and  Magic  Angle  Spinning  NMR  spectra  were  obtained  on 
powdered  samples  on  Bruker  AC-200  (4.7  T)  and  AM-500  (11.7  T)  multinuclear  Fourier 
transform  NMR  instruments.  On  the  4.7  T  instrument,  samples  were  spun  at  3.0  -  3.6  kHz  at 
an  angle  of  54°44'  to  the  magnetic  field.  Spectra  were  obtained  with  8K  data  points, 
frequencies  of  39.76  MHz  (29si)  and  50.3  MHz  (^^C) ,  and  spectral  widths  between  10  and  50 
KHz.  The  90°  pulse  was  close  to  25  ps  for  both  nuclei.  On  the  1 1.7  T  instrument,  a  Doty  high 
speed  Magic  Angle  Spinning  probe  was  used,  with  spinning  speeds  of  up  to  8  KHz.  Spectra 
were  obtained  with  8K  data  points,  a  frequency  of  99.3  MHz  (29Si)  and  125.7  MHz  (^^C)  and 
spectral  widths  between  30  and  50  KHz.  The  90°  pulse  width  was  close  to  6  ps  for  both 
nuclei.  Variations  in  spinning  speed  between  1  and  8  KHz  had  little  effect  on  the  efficiency  of 
spin  lattice  relaxation. 

The  saturation  recovery  method,  in  which  a  train  of  pulses  (progressive  saturation 
sequence)  saturates  the  nuclear  magnetization,  was  used  for  determination  of  spin  lattice 
relaxation  behaviour.  Because  of  very  slow  relaxation  ,  only  a  single  scan  was  obtained  for 
each  delay  time  x  whenever  possible.  Four  scans  were  required  to  obtain  usable  '^C  spectra  of 
even  the  best  silicon  carbide  samples  at  4.7  tesla.  Less  pure  samples  with  broad  and  poorly 
resolved  peaks  required  additional  scans. 

Fitting  Procedures  and  Error  Analysis.  Spin  lattice  relaxation  does  not  always 
follow  the  exponential  rate  law  [1],  but  instead  a  stretched  exponential  expression  may  be 
necessary: 

[2]  A/,(0  =  M,(~)[l-e“('^^')'’] 

The  time  constant  T',  and  the  exponent  n  indicating  the  degree  of  stretch  of  the  stretched 
exponential  decay  function,  were  obtained  from  four  parameter  least  squares  fits.  Because  two 
parameters  rather  than  one  must  be  determined,  data  sets  of  at  least  15  to  20  x  values  were  used 
whenever  possible.  A  function  of  the  form 

[3]  y  = 

was  fitted  to  the  data  to  estimate  T'  and  n,  using  a  standard  nonlinear  least  squares  approach.^ 
Despite  good  fits  to  the  stretched  exponential  function,  a  problem  with  stretched  exponential 
curve  fitting  is  that  the  values  of  T'  and  n  are  often  correlated,  with  only  a  shallow  minimum, 
so  that  there  are  often  large  errors  in  both.  Because  of  this,  only  our  best  data  sets  give  values 
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of  n  that  are  accurate  to  within  +  0.1,  and  values  of  T'  to  within  ±10%.  Nevertheless  many 
low-purity  silicon  carbide  samples  relax  in  a  clearly  stretched-exponential  manner.  Our  error 
analysis  work  on  stretched  exponential  spin  lattice  relaxation  will  be  published  elsewhere. 


RESULTS  AND  DISCUSSION 

Undoped  high-purity  6H  silicon  carbide  relaxes  extremely  inefficiendy,  with  time  constants 
T 1  of  several  hours,  and  it  is  very  difficult  to  obtain  the  full  relaxation  curve.  What  is  clear, 
however,  is  that  all  six  sites  (three  29si  and  three  have  similar  relaxation  behaviour. 

The  situation  is  very  different  with  nitrogen-doped  samples.  Spin-lattice  relaxation  is 
exponential  and  is  essentially  independent  of  magnetic  field,  but  is  highly  dependent  on  both 
the  nitrogen  concentration  and  the  individual  site,  with  great  differences  even  between  different 
sites  of  the  same  nucleus  in  the  same  sample.  Rgure  2  shows  saturation  recovery  29si  and 
NMR  spectra  of  nitrogen-doped  samples  after  dffferent  recovery  times  x.  The  top  spectra  were 
obtained  after  allowing  adequate  time  for  full  relaxation  and  all  three  peaks  have  equal 
intensities,  corresponding  to  the  equal  populations  of  the  sites.  The  middle  and  bottom  spectra 
were  obtained  after  much  shorter  recovery  times.  Total  signal  intensity  is  less,  due  to 
incomplete  recovery  of  z-axis  magnetization,  but  it  is  particularly  noteworthy  that  in  both  the 
29si  and  spectra  one  of  the  three  signals  is  much  less  intense  than  the  other  two,  indicating 
much  less  efficient  spin  lattice  relaxation.  In  both  cases  the  slow-relaxing  signal  is  the  one  that 
we  previously^  assigned  to  the  Type  C  site.  Figure  3  shows  a  plot  of  signal  intensity  vs. 
saturation  recovery  delay  time  x  for  each  of  the  three  peaks,  from  which  Tj  values  can  be 
determined  for  each  of  the  sites. 

Table  I  gives  and  spin  lattice  relaxation  times  Tj  for  three  nitrogen-doped  samples 
with  dopant  concentrations  differing  by  more  than  an  order  of  magnitude.  In  each  of  the 
samples  there  is  a  consistent  difference  of  a  factor  of  about  20  between  the  Tj  values  of  the 
low-field  peak  and  the  other  two  peaks,  and  a  factor  of  about  4  between  the  Ti  values 
of  the  middle  29si  peak  and  the  other  two  29si  peaks.  Moreover,  the  slowest-relaxing  peak 
has  similar  Ti  values  to  the  fastest-relaxing  29si  peaks,  giving  a  factor  of  80  overall  between 
the  relaxation  efficiencies  of  the  slowest-relaxing  29si  and  the  fastest-relaxing  sites.  This 
must  arise  from  large  differences  in  conduction  band  unpaired  electron  densities  at  the  sites. 


“I - 1 - r- 

-15  -Z0  -25 

PPM 


25  20  15 

PPM 


Figure  2.  1 1.7  Tesla  29si  and  Magic  Angle  Spinning  NMR  spectra  of  nitrogen-doped  6H 
silicon  carbide  samples,  obtained  by  the  saturation  recovery  method.  Saturation  recovery  delay 
times  X  are  given.  Sjiectra  are  calibrated  in  ppm  to  high  frequency  of  tetramethylsilane. 
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Figure  3.  Plot  of  MAS  NMR  peak  intensity  vs.  saturation  recovery  delay  time  t  for  the  three 
peaks  of  a  6H  silicon  carbide  sample  doped  with  nitrogen  at  a  level  of  4.5  x  10^^ 
atoms/cm^.  «,  23  ppm  peak;  0, 20  ppm  peak;  0 , 15  ppm  peak. 

Table  I  Spin-Lattice  Relaxation  Parameters  for  N-Doped  6H  SiC  Samples. 

(a)  11.7  Tesla  (b)  4.7  Tesla 


29si 

13c 

29si 

13c 

[N] 

Peak  at 

Tl 

Peak  at 

Tl 

Peak  at 

Tl 

Peak  at 

Tl 

atoms/cm3 

(ppm) 

(s) 

(ppm) 

(s) 

(ppm) 

(s) 

(ppm) 

(s) 

9.0  X  10l6 

-14 

12300 

23 

24800 

-14 

14700 

23 

18400 

-21 

24700 

20 

1700 

-21 

28900 

20 

1700 

-25 

12500 

15 

1800 

-25 

18100 

15 

1900 

4.5  X  10l7 

-14 

3700 

23 

4000 

-14 

4500 

23 

4200 

-21 

12200 

20 

220 

-21 

11800 

20 

250 

-25 

3200 

15 

220 

-25 

4500 

15 

220 

1.4x  10l8 

-14 

1340 

23 

1400 

-14 

1400 

23 

1500 

-21 

5600 

20 

80 

-21 

5000 

20 

90 

-25 

1200 

15 

80 

-25 

1100 

15 

90 
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Charge  density  effects  in  silicon  carbide  have  been  calculated  by  Qteish,  Heine,  and  Needs 
and  used  to  rationalize  the  number  of  NMR  peaks  and  the  range  of  NMR  chemical  shifts 
observed  in  silicon  carbide  polytypesJ  They  find  that  the  intrinsic  dipole  moments  in  any 
silicon  carbide  polytype  except  3C  lead  to  substantial  electric  fields,  and  Aese  lead  to  variations 
in  electrical  potential  at  the  different  sites.  They  propose  that  mobile  carriers  would  be 
sufficiently  localized  to  take  advantage  of  the  differences  in  potential  at  different  sites,  and 
would  therefore  tend  to  occupy  the  sites  of  lowest  potential.  Our  spin  lattice  relaxation  work, 
indicating  very  different  unpaired  electron  densities  at  different  sites,  supports  their  proposal. 

Further  evidence  that  the  electronic  environments  about  the  different  carbon  sites  must 
differ  considerably  comes  from  ESR  work  on  nitrogen-doped  6H  silicon  carbide,  showing  that 
nitrogen  donors  in  the  hexagonal  (h)  carbon  site  have  only  about  one-tenth  the  unpaired 
electron  spin  density  of  that  of  nitrogen  donors  in  the  two  quasicubic  sites.* 

Lower-purity  samples  behave  quite  differently:  (i)  all  sites,  both  ^^Si  and  relax  very 
similarly,  and  (ii)  the  relaxation  process  is  no  longer  exponential  but  is  stretched  exponential 
(eq  [2]),  indicating  a  very  different  impurity-based  relaxation  mechanism.  Stretched 
exponential  processes  are  frequently  encountered  in  disordered  systems  such  as  glasses,^  and 
stretched  exponential  spin  lattice  relaxation  is  known  in  solid  state  NMR  of  rigid  solids  where 
relaxation  is  caused  by  fixed  paramagnetic  centres.  Some  NMR-active  nuclei  are  nearer  than 
others  to  the  fixed  paramagntic  centres  and  are  more  readily  relaxed.  In  e.g.  silicate  minerals  n 
normally  takes  the  value  of  0.5*0,11  (when  n  =  1,  relaxation  is  exponential),  but  in  silicon 
carbide  we  commonly  obtain  values  intermediate  between  0.5  and  1.  This  is  consistent  with 
competition  between  relaxation  by  mobile  conduction  band  electrons  (giving  exponential 
relaxation)  and  fixed  paramagnetic  centres  (giving  stretched  exponential  relaxation). 

Table  II  gives  spin  lattice  relaxation  parameters  (including  n,  the  “degree  of  stretch”  of  the 
stretched  exponential)  for  high-impurity-level  samples.  Note  that  in  abrasive  grade  samples, 
which  contain  a  wide  range  of  impurities,  relaxation  is  very  inefficient.  It  would  appear  that  the 
numerous  deep  level  defects  capture  electrons,  thereby  eliminating  the  mobility  of  conduction 

Table  II  29si  Spin-Lattice  Relaxation  Parameters  for  Lower  Purity  6H  SiC  Samples^. 


Sample 

Peak  at 
(ppm) 

T 

(s) 

n 

B,Al,N-Doped 

-14 

100 

0.71 

-20 

110 

0.70 

-24 

120 

0.73 

Abrasive  Grade 

-14 

4,600 

0.6 

(BGW43) 

-20 

4,600 

0.9 

-24 

4,400 

0.5 

American  Matrix 

-14 

7,900 

0.6 

Platelets 

-20 

12,000 

0.6 

-24 

9,600 

0.7 

NBS  112bb 

very  slow  -  no  reliable  numbers 

®  4.7  Tesla;  l^C  values  where  available  are  similar 
Immixture  of  polytypes 
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band  electrons  and  quenching  the  mechanism  of  spin  lattice  relaxation  that  is  predominant  in  the 
semiconductor-grade  samples. 


CONCLUSIONS 

The  order-of-magnitude  differences  in  relaxation  efficiency  at  different  sites  in  N-doped  6H 
silicon  carbide,  apparently  arising  from  great  differences  in  conduction  band  unpaired  electron 
densities  at  the  sites,  illustrate  the  potential  of  NMR  spin-lattice  relaxation  in  studying  local 
variations  in  conduction  band  structure.  The  shift  fiom  exponential  to  stretched-exponential 
relaxation  behaviour  in  less  pure  samples,  as  localized  paramagnetic  sites  take  over  from 
mobile  electrons  in  relaxing  the  nuclei,  suggests  that  NMR  will  have  a  role  in  the  study  of 
variations  in  electron  mobility  in  semiconductors.  Spin  lattice  relaxation  experiments  are  time- 
consuming,  especially  for  high-purity  samples,  because  of  extremely  slow  relaxation  and  the 
need  for  many  data  points  in  order  to  convincingly  distinguish  between  exponential  and 
stretched-exponential  relaxation,  so  the  method  is  unlikely  to  become  routine.  Nevertheless  a 
wealth  of  information  on  electron  density  and  mobility  seems  to  be  accessible. 
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ABSTRACT 

We  performed  Infrared  absorption  and  reflectivity  measurements  on  serveral  6H-SiC  samples  at 
variable  temperatures  between  T=5K  and  T=300K.  From  the  temperature  dependence  of  the  ob¬ 
served  absorption  lines  we  separated  electronic  from  vibronic  transitions.  The  electronic  transitions 
are  assumed  to  be  due  to  transitions  from  the  neutral  nitrogen  donor  occupying  the  three  different 
carbon  lattice  sites  in  6H-SiC  into  excited  states.  We  determined  polarization  and  the  oscillator 
strengths  of  these  transitions.  From  the  temperature  dependence  of  the  electronic  transitions  we 
determined  the  valley-orbit-splitting  energy  and  we  demonstrated  the  influence  of  compensation. 
For  the  different  vibronic  transitions  we  determined  the  Griineisen  constants. 

INTRODUCTION 

Infrared  impurity  excitation  spectra  in  6H-SiC  were  reported  by  several  authors  since  the  early 
seventies  [1],[2].  However  both  the  measured  absorption  spectra  and  their  interpretation  do  not 
agree  in  some  points.  So  additional  information  is  necessary  to  identify  the  origin  of  the  observed 
absorption  lines  (separation  of  electronic  and  vibronic  transitions,  determination  of  line  symme¬ 
try).  For  this  purpose  we  performed  absorption  and  reflectivity  measurements  of  different  6H-SiC 
samples  at  different  temperatures  between  200  cm”*  and  6000  cm"’. 

EXPERIMENTAL  PROCEDURE 

The  samples  used  here  were  supplied  by  Siemens  Research  Laboratories  in  Erlangen',  Joffe  Insti¬ 
tute  St.  Petersburg  and  Norton  Company  Germany  (Acheson  samples).  The  identification  of  the 
polytype  was  performed  by  measuring  low  temperature  photoluminescence  due  to  bound  excitons 
at  neutral  nitrogen  donor  atoms.  The  samples  used  for  measurements  of  electronic  transitions  were 
n-type  6H-SiC  modified  Lely  crystals  doped  with  nitrogen.  The  free  electron  density  at  room 
temperature  in  these  crystals  was  between  2.0  -10*®  cm"®  and  7.0  -10’^  cm”®.  An  optical  cryostat 
with  two  exchangeable  cooling  fingers  for  transmission  and  reflectivity  measurements  was  used  to 
perform  the  measurements  between  T=5K  and  T=300K.  The  spectra  were  recorded  using  a  Nicolet 
infrared  fourier  transform  spectrometer  type  FTIR  740  at  a  resolution  of  1  cm"*  or  2  cm"*.  The 
absorption  constant  was  calculated  using  equation  (2.58)  of  ref.  [4],  with  reflectivity  computed  from 
the  parameters  in  ref.  [6]. 


EXPERIMENTAL  RESULTS;  VIBRATIONAL  MODES 

Non  intrinsic  infrared  absorption  lines  in  SiC  can  be  attributed  either  to  vibrational  modes 
(localized  vibrational  modes  (LVM)  and  gap  modes)  or  to  electronic  transitions  of  impurities. 
Absorption  lines  which  appear  both  at  T=5K  and  at  T=300K  are  possible  candidates  for 
LVM.  We  found  five  of  them  in  Acheson  and  in  n-  and  p-type  6H-SiC  modified  Lely  material 
and  determined  the  wavenumber  shift  Aw  of  these  lines  with  temperature.  The  peak  maxima 
of  the  lines  625.7,  727  and  737  cm"*  (measured  at  T=5K)  decrease  with  temperature,  whereas 
the  peak  maxima  w  of  the  lines  683.6,  691.3  cm"*  show  no  significant  temperature  dependence 
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Table  1:  Gap  modes  in  6H-SiC  and  4H-SiC;  E  L  c 


energy  [1/cm] 

6H-Acheson 

6H-Lely:N 

6H-Lely:Al 

4H-Lely:N  [5] 

Griineisen 

625.7 

-b 

-b 

-b 

-b 

2.0  ±0.5 

683.6 

-b 

-b 

-b 

+ 

0.0  ±0.5 

691.3 

-b 

"1" 

not  observed 

0.0  ±0.5 

727 

-b 

not  observed 

not  observed 

-b 

3.2  ±0.5 

737 

-b 

-b 

-b 

-b 

2.7  ±0.5 

within  the  errorbars,  i.  e.  the  GRUNEISEN  constants 

’  d\nV  Ljctv  ^  ’ 

of  these  lines  are  different  (V  means  the  crystal  volume,  av  the  thermal  volume  expansion 
coefficient).  We  conclude  that  there  are  different  coupling  mechanisms  of  these  gap  modes  to 
the  SiC-lattice,  which  are  attributed  to  different  chemical  impurities.  Gotz  et.  al.  [5]  found 
some  of  these  lines  (625,  683,  728  and  738  cm“*)  in  n-type  modified  Lely  4H-SiC  material 
(T=7K),  but  they  were  regarded  as  electronic  transitions  of  nitrogen  donors  in  this  material. 
The  fact  that  these  lines  are  observable  in  different  polytypes  strongly  confirms  their  vibronic 
character,  because  the  lattice  potentials  of  the  different  SiC  polytypes  are  very  similar.  Table 
1  summarizes  known  gap-mode  absorption  lines  in  SiC,  but  the  chemical  nature  of  these 
impurities  is  not  well  known  at  the  moment.  From  the  (electric  active)  nitrogen  concentration 
dependence  there  is  some  evidence  that  the  absorption  line  625.7  cm"*  is  nitrogen  correlated. 
For  more  precise  statements  isotope  doped  samples  are  necessary. 

EXPERIMENTAL  RESULTS:  ELECTRONIC  TRANSITIONS 

We  measured  various  6H-SiC  samples  with  different  nitrogen  concentrations  at  T=5K.  The 
Acheson  material  samples  showed  no  discrete  absorption  lines  additional  to  those  described 
before.  However  in  modified  Lely  material  we  found  a  lot  of  discrete  absorption  lines  which 
are  either  polarized  E  X  c  or  E  ||  c  (Fig.  2  a-c). 

Additionally  we  found  one  line  in  the  low  temperature  reflectivity  spectrum  of  SiC  samp¬ 
les  with  nitrogen  concentrations  of  s:  1.0  -10*®  cm"®.  All  these  absorption  lines  are  assumed 
to  be  due  to  electronic  transitions  of  the  neutral  N  impurity  center  occupying  the  three 
inequivalent  lattice  sides  in  6H-SiC.  They  are  listed  in  Tab.  2  and  3. 

Oscillatorstrengths  of  electronic  transitions: 

After  substracting  the  background  lattice  absorption  we  used  the  absorption  spectra  to 
determine  the  corresponding  oscillator  strengths  of  the  electronic  transitions.  Regarding  the 
broad  lineshape  of  the  absorption  lines  we  used  gaussians  for  fitting  them.  The  oscillator 
strengths  were  then  obtained  from  the  integral  of  the  attributed  gaussian  and  are  listed 
in  Fig.  1.  Looking  carefully  at  the  spectra  one  can  recognize  that  some  lines  are  due  to 
several  overlapping  lines.  Especially  line  332  cm"*  which  has  an  asymmetric  form  seems  to 
be  build  up  of  three  single  lines.  We  took  this  into  account  by  decomposing  this  line  in  three 
lines  (310,  332,  342  cm"*).  We  stress  that  these  two  additional  lines,  especially  their  exact 
energetic  positions,  were  only  obtained  by  the  fitting  procedure.  At  the  moment  we  have  no 
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Table  2:  Electronic  Transitions  in  6H-SiC:  E  \\  c 
Energy  [cin"M  Energy  [meV]  Polarization 


Table  3;  Electronic  Transitions  in  6H-SiC:  E  ±  c 


Energy  [cm“‘] 

Energy  [meV] 

Polarization 

559 

69.26 

E  Jl  c 

571 

E  ±  c 

579 

71.74 

E  Lc 

581 

E  E  c 

614 

76.07 

E  1.  c 

77.13 

£  1  c 

667 

82.64 

E  ±  c 

112.4 

£  1  c 

1124 

139.3 

£  1  c 

1162 

£  J.  c 

clear  experimental  evidence  for  them.  The  two  line  complexes  (559,  571,  579,  581  cm“^)  and 
(614,  622.5  cm~')  are  partly  overlapping  but  in  this  case  we  were  able  to  identify  all  peak 
positions  experimentally.  We  estimate  the  uncetainty  in  determining  the  relative  oscillator 
strengths  to  be  about  ±  20  %  . 


Figure  1:  Relative  oscillator  parameters  of  electronic  transitions  in  6H-SiC 
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Wave  Nunber  Cl/cn] 


Figure  2;  Absorption  lines  for  electronic  transitions  of  the  nitrogen  donor  at  T=5K  a.)  E  ±  c 
(250cm“'-700cm”')  h)  E  L  c  (1000cm“'-1250cm“‘)  c)  E  \\  c  (250cm“^-700cm“') 
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Temperature  dependence  of  electronic  absorption: 

Temperature  dependence  of  electronic  absorption  strongly  depends  on  sample  quality.  Some 
of  the  samples  show  electronic  absorption  lines  up  to  T=200  K.  No  line  broadening  of 
electronic  absorption  lines  is  observed  up  to  T=120K  in  this  kind  of  samples.  However  at 
higher  temperatures  lines  are  getting  broader.  At  T=200K  only  broad  structures  instead  of 
sharp  lines  can  be  observed.  Additionally  above  T=30K  lines  already  observable  at  T=5K 
begin  to  decrease  whereas  new  lines  appear  whose  energy  is  exactly  105cm”'  or  13meV 
lower  as  the  corresponding  lines  at  T=5K.  We  attribute  these  lines  to  transitions  from  the 
thermally  populated  ls(.E)  state  of  the  nitrogen  donor,  which  is  split  off  from  ls(A)  ground 
state  by  valley-orbit  energy  Eyo  =13.0  meV  (or  104.8  cm”')  as  determined  by  Colwell  et. 
al.  from  electronic  raman  scattering  experiments  [7],  From  the  temperature  dependent  ratio 
of  absorption  constants 


a(ls(E) f)  Ne  gs  ,  AEvos 


(2) 


{Ni  means  the  occupation  number  of  the  state  i  which  has  the  degeneracy  jr,)  of  two  corre¬ 
sponding  absorption  lines  ls{E)  — ►  /  and  13(A)  — *  /  we  determined  the  valley-orbit-splitting 
energy  Evo  as 

AEvo  =  14mey  ±  1.4mey  (3) 

in  very  good  agreement  with  the  value  from  electronic  raman  measurements.  We  also  found 
some  samples  which  showed  a  quite  different  temperature  dependence  of  electronic  absorp¬ 
tion.  Here  no  electronic  absorption  could  be  observed  in  the  energy  range  E  <  700  cm"'  at 
temperatures  higher  than  56K.  Transitions  from  13(E1)  state,  which  is  separated  from  ls(A) 
ground  state  by  valley-orbit-splitting  energy  Evo  cannot  be  observed.  On  the  other  hand  the 
electronic  transitions  at  1124  cm"'  and  1162  cm”'  can  be  still  observed  at  T=80K.  The  low 
temperature  (T=1.8K)  PL-spectrum  of  this  sample  shows  the  typical  donor-acceptor-pair 
(DAP)  spectrum  and  the  characteristic  lines  for  the  Al  complex.  Furthermore  we  know  from 
Hall  effect  measurements  that  these  samples  are  strongly  compensated.  It  is  assumed  that 
the  different  degree  of  compensation  is  responsible  for  the  different  temperature  dependence 
of  the  electronic  absorptions  reported  above,  because  the  fermi  level  which  determines  the 
occupation  of  impurities  depends  on  compensation.  From  the  relation 


Ne  =  Na- 


9E 

—  exp 
9a 


(  AEvo^ 

V  keT  ) 


(4) 


one  can  draw  some  conclusions.  For  temperatures  ksT  >  Evo  the  occupation  ratio  ^  is 

^  A 


Ne  _  ££ 
Na  gA 


(5) 


which  means  equal  distribution  weighted  by  ^  of  the  ground  states  ls(E)  and  ls(A).  For 
temperatures  ksT  <  Evo  occupation  of  1s(E)  state  depends  on  the  occupation  of  ls(A) 
state,  which  is  governed  by  the  fermi  level  and  therefore  by  the  compensation.  In  the  case 
of  high  compensation  the  ground  state  is  depopulated  at  relatively  low  temperatures.  In 
this  case  the  occupation  of  ls(E)  state  is  so  small  that  it  cannot  be  observed  by  absorption 
measurements. 


CONCLUSIONS 

We  measured  absorption  and  reflectivity  spectra  of  several  6H-SiC  single  crystals  at  different 
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temperatures  ranging  from  T=5K  up  to  T=300K.  Using  the  different  temperature  depen¬ 
dence  of  the  various  lines  we  separated  vibronic  from  electronic  transitions.  We  found  five 
gap  modes  in  6H-SiC  and  determined  their  Griineisen  constants.  Various  electronic  transiti¬ 
ons  were  observed  at  low  temperature,  which  are  attributed  to  transitions  between  discrete 
energy  levels  of  the  nitrogen  donor  occupying  the  three  different  carbon  lattice  sites  in  6H- 
SiC.  We  determined  the  polarization  dependence  and  oscillator  strengths  of  these  transitions. 
However  due  to  lacking  information  about  the  line  symmetry  it  is  not  possible  to  identify 
the  observed  electronic  transitions  uniquely  at  the  moment.  So  we  do  not  try  to  propose  an 
energy  scheme  for  these  transitions.  We  demonstrated  the  effect  of  valley-orbit-splitting  of 
the  Is  ground  state  on  the  spectra.  Using  semiconductor  statistics,  LT-photoluminescence 
and  Hall  effect  measurements  the  effect  of  high  compensation  on  the  spectra  is  shown. 
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ABSTRACT 

We  have  investigated  the  electron  spin  resonance  of  donors  in  bulk  and  thin  film  P-SiC  at 
T  =  lOK  to  40K.  In  both,  two  donor  spectra  are  resolved;  a  three  line  spectrum  associated  with 
nitrogen  on  the  carbon  site  and  a  broader  line  of  unidentified  origin.  The  observable  hyperfine 
splitting  decreases  with  increasing  temperature  due  to  a  small  valley-orbit  splitting,  in  qualitative 
agreement  with  photoluminescence  results.  The  lineshape  has  a  significant  lorentzian  character 
even  at  the  lowest  temperatures,  indicating  exchange  interactions  with  residual  conduction 
electrons,  possibly  from  a  shallower  donor.  We  find  a  lower  concentration  of  both  donors  in  the 
bulk  material  and  a  different  temperature  dependence  of  the  lineshape  for  the  two  samples. 


INTRODUCTION 

The  zincblende  polytype  of  SiC  (p-SiC)  shows  promise  as  a  semiconductor  material  for  high 
power,  high  frequency  or  high  temperature  applications.  Thin  films  (<10pm)  grown  on  various 
substrates  such  as  Si  or  a-SiC  are  envisioned  for  most  applications.  Recently  there  has  been 
renewed  interest  in  bulk  growth  of  various  polytypes  of  SiC,  including  P-SiC,  primarily  for  use 
as  substrates.  The  undoped  film  and  bulk  materials  are  invariably  n-type  and  often  highly 
compensated  (Ni,-NA~10‘^cm  ’).’'^  Dean  and  coworkers'  optical  measurements  on  the  best  Lely- 
grown  bulk  samples  indicated  one  donor  level  at  54meV  below  the  conduction  band  edge.^  This 
level  has  been  associated  with  substitutional  nitrogen  on  a  carbon  site  and  a  N-bound  exciton 
spectrum  is  also  observed  in  the  thin  films."  Hall  measurements  on  thin  film  and  bulk  samples 
from  several  sources  suggest  another  donor  about  15meV  below  the  conduction  band  edge.  ‘"N 
is  the  only  near  100%  abundant  nucleus  with  1=1  and  so  a  three-line  electron  spin  resonance 
(ESR)  spectrum  serves  as  a  fingerprint  of  nitfogen.  Our  measurements  reveal  two  donor 
signals,  a  three  line  spectrum  with  a  weak  isotropic  nuclear  hyperfine  splitting,  indicating  a 
diffuse  orbital  centered  on  the  nitrogen  atom,  e.g.,  a  shallow  donor,  and  a  broader  overlapping 
line  of  comparable  intensity.  We  note  that  a  third,  rather  dilute,  donor  at  about  47meV  below 
the  conduction  bandedge  has  also  been  observed  in  infra-red  measurements.’  However,  we  are 
not  able  to  resolve  an  ESR  line  due  to  that  donor. 

The  thin  films,  which  were  free  standing,  were  initially  deposited  onto  a  silicon  on  insulator 
substrate  using  a  horizontal  reactor.  Reactant  gases  were  high  purity,  undiluted  ethylene  and  1% 
SiH4  diluted  in  Hj.  The  bulk  crystals  were  grown  by  a  vapor  phase  process  utilizing  the  thermal 
decomposition  of  CHjSiClj  in  Hj  at  1700°C  onto  a  graphite  substrate.  Details  of  the  growth 
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processes  have  been  described  previously.®-’  Here  we  focus  on  two  samples  whose  exceptionally 
well  resolved  features  permitted  us  to  follow  the  lineshape  parameters  as  a  function  of 
temperature.  The  ESR  measurements  were  performed  on  a  Bruker  ESP300  x-band  spectrometer 
using  a  liquid  helium  flow  cryostat  to  control  the  sample  temperature.  Microwave  power  levels 
between  lOnW  to  IpW  were  used  to  avoid  saturation  effects. 


LOW  TEMPERATURE  SPECTRA 

Figure  1  shows  the  low  temperature  (20K) 

ESR  spectra  of  the  thin  film  and  bulk  sam¬ 
ples.  Aside  from  differences  in  the  signal  to 
noise  level,  the  two  spectra  appear  virtually 
identical  and  do  not  depend  significantly  on 
temperature  below  about  25K.  Both  can  be 
fit  with  three  equal  intensity  Voigt  functions 
(convolutions  of  lorentzian  and  gaussian  S 
functions)  plus  another  Voigt  function  to  = 
simulate  the  broad  line.  The  two  components  & 

for  the  bulk  sample  are  also  shown  in  figure  1 

1.  At  low  temperatures  the  two  components  ^ 

have  comparable  intensities  in  either  sample.  ^ 

The  total  excess  donor  density  is  about  an 
order  of  magnitude  higher  in  the  film.  The 
identification  of  the  triplet  spectrum  with  an 
Nj  shallow  donor  is  based  on  three  observa¬ 
tions.  (1)  The  Landd  g  value  is  isotropic  and 
about  the  expected  value  for  a  shallow  donor 
in  P-SiC.  This  suggests  that  the  broad  line 
which  has  a  similar  g  value  is  also  a  donor. 

(2)  The  hyperfine  splitting  agrees  with  our  Figure  1  The  ESR  spectra  of  the  bulk  and  thin 
effective  mass  calculations  for  a  donor,  film  P-SiC  samples.  The  spectrum  of  the  thin 

(3)  The  width  of  the  three  lines  agrees  with  film  has  been  shifted  to  compensate  for  the 

our  estimate  based  on  Si:P.  difference  in  resonant  frequency.  The  two 

The  donor  wave  function  is  a  Bloch  sum  lower  traces  are  the  components  of  the  bulk 
of  conduction  band  wave  functions,  we  sample  spectrum, 
therefore  expect  that  the  g  value  of  the  donor 

will  simply  be  that  of  the  appropriate  conduction  band  minimum  (X,  for  p-SiC).  A  simple  linear 
combination  of  atomic  orbitals  is  appropriate  for  SiC  because  of  the  symmetry  of  the  zinc-blende 
lattice  and  the  simplicity  of  the  atomic  structure  of  carbon.  A  simple  two  band  model  gives* 
g  =  V3g„  +  %gj^,  where  g„  -  g,  =  25/E, .5  (m/m,  -  1)  and  g^  -  =  26/E,.5  (m/m,  -  1)  and  5 

=0.010meV,®  E,,5  =  6.4eV,“  m/m^  =  0.247  and  m,/m,,  =  0.677."  This  yields  g=2.0062  compared 
to  the  measured  value  of  2.0050. 

The  effective  mass  approximation  (EMA)  has  been  successfully  applied  to  a  number  of 
problems  regarding  donors  and  acceptors  in  semiconductors.  The  donor  wave  function  is 
comprised  of  contributions  from  each  of  the  equivalent  conduction  band  minima.  For  a  C-site 
donor  P-SiC  the  lowest  minima  have  X,  symmetry  and  the  irreducible  representations  are  a 
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singlet  and  a  doublet.  The  singlet  state  wave  function  has  a  maximum  at  the  donor  and  is  the 
lowest  energy  state.  In  the  EMA  the  hyperfine  splitting  is  given  by;'^ 


=  (1) 

where  and  are  the  nuclear  magnetic  moment  and  spin  of  the  donor,  i  is  the  number  of 
equivalent  conduction  band  minima  (3)  and  T)  is  the  ratio  of  the  amplitude  of  the  conduction  band 
wave  function  at  a  lattice  site  to  its  average  value  over  a  unit  cell.  This  parameter  is  estimated 
from  the  nuclear  spin-lattice  relaxation  time  data  of  Alexander.*’  q  =  227  which  corresponds 
reasonably  well  to  q  =  186  for  the  Si;P  system.*''  Equation  (1)  then  yields  AH  =  1.05G  which 
is  in  reasonably  good  agreement  with  the  measured  value  of  1.24G.  One  would  expect  the 
measured  AH  to  be  somewhat  higher  than  the  calculated  value  due  to  the  valley-orbit  interaction. 

We  consider  the  linewidth  of  donors  in  p-SiC  by  analogy  with  the  Si:P  system.  The 
linewidth  of  donors  in  Si  is  about  2.5G  primarily  due  to  unresolved  ’’Si  hyperfine  interactions 
with  atoms  on  the  same  face  centered  cubic  sublattice  while  the  contribution  from  those  on  the 
opposite  sublattice  is  zero.*’  The  inhomogeneous  linewidth  of  the  N-donor  in  P-SiC  is  only  0.7G 
due  to  hyperfine  interaction  with  *’C  nuclei.  ’’Si  is  4.7%  abundant  while  *’C  is  only  1.1%  abun¬ 
dant  but  has  a  magnetic  moment  27%  larger  than  that  of  ’’Si.  From  the  ratios  of  abundances  and 
magnetic  moments  of  these  isotopes,  we  estimate  that  a  donor  in  SiC  should  have  a  linewidth 
approximately  one  third  that  of  one  in  Si. 


TEMPERATURE  DEPENDENCE  OF  THE  DONOR  RESONANCES 

The  ESR  signal  was  monitored  from  T=10K  to  40K.  As  mentioned  above,  the  low 
temperature  spectra  contains  two  resolvable  components,  a  triplet  due  to  electrons  on  isolated 
nitrogen  donors  and  a  broad  line  due  to  an  unidentified  donor.  The  lineshape  changes  due  to  a 
number  of  effects.  Electrons  are  promoted  from  the  1S(A)  state  into  the  d-like  1S(E)  state;  this 
weakens  the  observed  central  hyperfine  interaction  due  to  an  averaging  of  the  singlet  state  and 
the  doublet  state  which  has  a  node  at  the  central  N  atom.  Exchange  interactions  between 
electrons  in  the  conduction  band  and  those  on  donor  sites  will  enhance  the  lorentzian  character 
of  both  lines  and  eventually  yield  a  single  resonance  line. 

In  figure  2a  and  2b  we  show  the  evolution  of  the  ESR  spectrum  with  temperature  for  the  bulk 
and  thin  film  samples,  respectively.  To  remove  the  effect  of  the  variation  of  the  magnetization 
with  temperature  the  ESR  signals  have  been  scaled  by  multiplying  by  the  temperature.  All  of 
the  spectra  were  taken  at  100  nW  of  microwave  power  which  is  low  enough  to  avoid  saturation 
effects  at  all  but  the  lowest  temperatures.  The  appearance  of  the  data  in  figures  2a  and  2b  is 
somewhat  deceptive.  As  previously  mentioned,  a  derivative  ESR  spectrum  emphasizes  sharp 
rather  than  broad  features,  while  the  concentration  is  proportional  to  the  second  integral  of  the 
spectrum.  There  is  some  decrease  in  intensity  with  increasing  temperature;  however,  the 
dominate  effects  are  changes  in  lineshape  rather  than  in  the  line  ihtensity.  Therefore,  information 
gained  from  the  temperature  dependence  of  the  ESR  spectra  came  primarily  from  analysis  of  the 
lineshape.  The  isolated  N-donor  was  simulated  by  three  Voigt  functions  of  equal  Intensity  and 
equal  separation;  the  outer  lines  (mi=d:l)  are  more  perturbed  by  differences  in  local  environment 
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Magnetic  Field  (Gauss)  Magnetic  Field  (Gauss) 

Figure  2a  The  thermal  evolution  of  the  Figure  2b  The  thermal  evolution  of  the 

donor  resonances  in  the  bulk  sample  of  (3-  donor  resonance  for  the  thin  film  sample  of 

SiC.  P-SiC. 

which  could  result  in  a  distribution  of  central  hyperfine  interactions  and  somewhat  larger  gaussian 
linewidths.  At  low  temperatures  the  lorentzian  linewidths  are  due  to  exchange  interactions 
between  the  donor  electrons  and  conduction  electrons  which  involve  the  hyperfine  interaction, 
yielding  larger  lorentzian  linewidths  for  the  outer  lines.  There  are  then  a  total  of  seven 
parameters  representing  this  portion  of  the  spectrum  (intensity,  central  position,  hyperfine 
separation  and  the  four  linewidths).  In  practice,  the  gaussian  width  of  the  outer  lines  is,  at  most, 
only  modestly  larger  than  that  of  the  central  line.  The  broad  line  is  fit  by  a  single  Voigt  line  at 
a  similar  (although  not  necessarily  identical)  position  to  the  triplet.  At  low  temperatures  donor 
ESR  lines  are  inhomogeneously  broadened  and  therefore  yield  primarily  gaussian  lineshapes, 
while  at  higher  temperatures,  exchange  interactions  give  an  increasingly  lorentzian  character  to 
the  lineshape. 

Even  without  elaborate  lineshape  fitting  we  see  that  the  individual  components  of  the  triplet 
become  less  well  resolved  with  increasing  temperature.  Furthermore,  it  is  obvious  that  these 
changes  take  place  at  significantly  lower  temperatures  (5-7K)  for  the  bulk  crystal  compared  to 
the  thin  film.  In  addition  to  the  increasingly  lorentzian  character  two  other  effects  also  contribute 
to  this  behavior.  The  hyperfine  splitting  of  the  triplet  becomes  weaker  with  increasing 
temperature  and  the  broad  line  becomes  relatively  stronger  and  its  linewidth  increases. 
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The  reduction  in  the  hyperfme  splitting  is  i-Si — i - 1 - 1 - 1 - 1 - 1 — 

due  to  the  averaging  of  the  splitting  of  the 
1S(A)  and  the  d-like  1S(E)  states.  *'*  The  -  , 

temperature  dependence  of  the  observed  — • 

hyperfine  interaction  is  given  by;  ■»  1.2  - 

a  A 

A=A„(l-e-^^^T)_  (2)  I  -  ’ 

11  A 

oil-  “  ” 

c  \ 

tvhere  A^  is  the  hyperfine  splitting  of  the  ^  \ 

1S(A)  state  and  A  is  the  valley-orbit  interac-  ®  \  - 

tion.  The  fit  to  equation  2  shown  in  figure  3 
give  Ao  =  1.24  G  which,  as  previously  noted,  1.0  - 
is  good  agreement  with  theoretical  expecta¬ 
tions.  We  obtain  A  =  8.5  meV  which  is  — 1 - ' - ' - ' - 1 - 1 — 

consistent  with  the  value  of  6.5  meV  obtained  Temperature^^) 

by  Dean  and  coworkers'  in  their  photolumin-  pig„re  3  The  hyperfine  splitting  for  the  bulk 
escence  measurements.  (circles)  and  thin  film  (triangles)  samples  of  P- 

With  increasing  temperature  the  N  donor  The  dashed  line  is  a  fit  to  equation  2. 
line  intensity  decreases  while  the  intensity  of 
the  broad  line,  when  compensated  for  changes 

in  magnetization,  remains  almost  constant.  This  indicates  that  the  broad  line  is  due  to  a  deeper 
donor  than  N^,.  The  decrease  in  the  N  donor  line  is  apparently  due  to  ionization  with  the 
resonance  due  to  conduction  electrons  presumably  too  broad  to  be  easily  observed.  The  increase 
in  the  conduction  electron  density  does  result  in  an  increase  in  the  lorentzian  character  of  either 
donor  line  due  to  exchange  interaction  with  the  conduction  electrons.  Because  of  the  differences 
in  intensity  this  result  is  most  obvious  in  the  broad  line,  with  the  results  shown  in  figure  4  in 
which  we  display  the  lorentzian  linewidths 
for  the  two  samples  as  a  function  of  tempera¬ 
ture.  The  lorentzian  linewidth  is  proportional 
to  the  conduction  electron  density  which  at 
low  temperatures  is  given  by; 

no«Nc^(^-l)e‘-"->''‘'^,  (3)  I 

N.  B 


Figure  3  The  hyperfine  splitting  for  the  bulk 
(circles)  and  thin  film  (triangles)  samples  of  P- 
SiC.  The  dashed  line  is  a  fit  to  equation  2. 


where  Nc  and  P  are  the  conduction  band 
density  of  states  and  degeneracy,  respec¬ 
tively,  Np,  and  are  the  donor  and  acceptor 
concentrations  and  Ep,  is  the  donor  binding 
energy.  When  this  ratio  approaches  one  (the 
sample  is  highly  compensated)  the  exponen¬ 
tial  (i.e.,  the  temperature)  must  be  relatively 
large  to  give  the  same  carrier  density  as 
would  be  seen  in  a  lightly  compensated 
sample  at  a  lower  temperature.  This  indi¬ 
cates  that  since  the  bulk  sample's  linewidth 
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Figure  4  The  temperature  dependence  of  the 
lorentzian  width  of  the  broad  line.  The  dashed 
lines  are  meant  as  an  aid  to  the  eye. 


starts  to  broaden  at  a  significantly  lower  temperature,  as  seen  in  figure  2a  and  2b,  it  more  lightly 
compensated  than  the  thin  film  sample.  Also  because  of  the  higher  compensation  level  in  the 
thin  film  there  are  fewer  free  carriers  at  low  temperature  and,  hence,  a  smaller  lorentzian 
component  to  the  linewidth  for  T<25K. 


SUMMARY 

In  both  bulk  and  thin  film  P-SiC,  two  donor  spectra  are  resolved;  a  three  line  spectrum  due 
to  nitrogen  on  the  carbon  site  and  a  broad  line  due  to  a  deeper  donor.  The  hyperfine  splitting 
of  the  N  donor  decreases  with  increasing  temperature  due  to  a  vaUey-orbit  interaction  of  about 
8.5  meV,  which  is  in  reasonable  agreement  with  photoluminescence  results.  The  lineshape  has 
a  significant  lorentzian  character  even  at  the  lowest  temperatures,  indicating  exchange 
interactions  with  residual  conduction  electrons,  possibly  from  a  shallower  donor.  However,  we 
are  not  able  to  resolve  any  resonance  due  to  such  a  donor.  We  find  a  lower  concentration  of 
both  donors  in  the  bulk  material  and  the  different  temperature  dependence  of  the  lineshape 
indicates  that  the  bulk  sample  is  less  compensated  than  the  thin  film  material. 
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Abstract 

We  have  measured  the  photoluminescence  decay  time  of  the  bound  excitons  at  the  neutral 
nitrogen  donors  in  the  6H  and  3C  polytypes  of  SiC.  At  2K  the  decay  times  are  8.0  ns,  1.8  ns  and 
1.5  ns,  for  the  P,  R  and  S  bound  excitons  in  6H  SiC.  For  the  nitrogen  exciton  in  3C,  we  find  a 
decay  time  of  160  ns.  These  values  are  faster  than  previously  reported  for  shallow  donors  in  other 
indirect  bandgap  materials  such  as  Si  or  GaP.  Each  of  the  observed  decay  times  is  found  to  be 
independent  of  fhe  doping  level  in  the  sample,  is  temperature  independent  at  low  temperatures  but 
decrease  when  the  bound  excitons  are  thermally  ionised.  The  decay  time  related  to  different  donor 
levels  in  6H  exhibits  a  strong  dependence  on  the  donor  binding  energy.  We  suggest  that  the 
dominant  mechanism  responsible  for  the  observed  decay  time  is  a  phonon-less  Auger  process.  In 
high-purity  6H  samples  we  have  also  measured  the  free  exciton  decay  time  at  low  temperatures  to 
be  12  ns. 


Introduction 

The  growing  interest  in  SiC  during  the  last  years  is  due  to  its  potential  as  a  material  for  high 
performance  devices  in  optoelectronic,  high  temperature,  high  frequency,  and  power  applications. 
By  recent  efforts  and  achievments  in  crystal  growth  it  is  now  possible  to  produce  both  epitaxial 
and  bulk  SiC  material  of  high  quality.  SiC  is  also  interesting  as  a  model  material  for  fundamental 
studies.  The  possibility  to  produce  high  quality  material  of  several  different  polytypes,  having 
different  bandstructures  (and  thus  different  bandgaps  ranging  from  2.3  eV  for  3C  to  3.3  eV  for 
2H)  makes  it  possible  to  study  the  behaviour  of  fundamental  elecmonic  properties  as  well  as 
properties  of  defects,  in  a  way  not  possible  in  other  semiconductor  materials. 

Nitrogen  is  the  most  common  residual  impurity  in  6H  and  3C  SiC.  In  6H  SiC  there  are  three 
inequivalent  carbon  sites.  Nitrogen  atoms  occupying  substitutional  carbon  sites  give  rise  to  three 
different  donor  levels  in  the  bandgap.  The  energy  positions  of  these  levels  have  recently  been 
determined  by  infrared  absorption  spectroscopy  to  be  81.0  meV  (h),  137.6  meV  (cl),  and  142.4 
meV  (c2)  below  the  conduction  band  level  [1].  In  3C  SiC  there  is  only  one  possible  carbon  site, 
with  a  donor  energy  level  of  54  meV  [2]. 

The  near  bandgap  low  temperature  photoluminescence  (PL)  spectrum  of  both  6H  and  3C  SiC, 
is  normally  dominated  by  sharp  lines  due  to  the  recombination  of  excitons  bound  at  these  nitrogen 
donors.  The  no-phonon  (NP)  lines  of  the  donor  bound  excitons  (DBE)  associated  with  nitrogen  in 
6H  are  usually  labelled  Pq,  Rq  and  Sq-  The  recombination  energies  at  2K  are  3.0070  eV,  2.9924 
eV  and  2.9906  eV  [3],  respectively,  and  correspond  to  DBE  binding  energies  of  16.0  meV,  30.6 
meV,  and  32.4  meV,  if  the  free  exciton  (FE)  bandgap  is  taken  as  3.023  eV  [4].  At  slightly  lower 
photon  energies  (Fig.  1.),  the  phonon  replicas  of  the  Pq,  Rq  and  Sq  lines  are  shown.  The 
recombination  energy  for  the  nitrogen  DBE  in  3C  SiC  is  at  2.3779  eV,  which,  with  the  FE  energy 
at  2.3877  eV,  gives  an  exciton  binding  energy  of  9.8  meV. 
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Figure.  1.  PL  spectrum  at  2K  in  the  near  bandgap  region  of  three  different  SiC 
samples,  a)  is  a  3C  sample,  b)  is  a  high  purity  6H  epitaxial  layer,  and  c)  is  high  doped 
6H  bulk  sample. 

In  this  paper  we  present  decay  measurements  of  the  different  nitrogen  related  DBF's  in  the  6H 
and  3C  polytype  of  SiC.  To  our  knowledge,  no  time  resolved  measurements  of  the  DBF's  in  6H 
SiC  have  been  published.  An  experimental  value  for  the  decay  time  of  the  bound  exciton  in  3C  has 
previously  been  reported  [5],  but  is  not  in  agreement  with  our  results. 


Experimental 

Experimental  results  wiU  be  shown  for  two  different  6H  samples,  one  modified  Lely  substrate 
with  a  high  doping  level  of  2x10^^  cm'3,  and  one  high  purity  epitaxial  layer,  with  a  doping  level 
of  less  than  5x10^4  cni-3_  grown  by  chemical  vapour  deposition  (CVD)  [6].  The  3C  SiC  sample  is 
epitaxial  grown  by  CVD  on  a  6H  on-axis  substrate.  Further  samples,  both  bulk  and  epitaxial,  have 
also  been  studied  for  comparison. 

The  PL  and  PL  time  resolved  measurements  were  performed  using  pulsed  excitation  from  a 
dye  laser  synchronously  pumped  by  a  mode-locked  Ar+-laser.  The  pulses,  with  a  width  of  <10  ps 
and  a  photon  wavelength  about  7400  A,  were  frequency  doubled  with  a  LiI03  crystal  producing 
excitation  at  about  3700  A  (3.5  eV).  The  frequency  doubled  average  power  was  in  the  order  of  1 
mW,  while  the  repetition  frequency  is  varied  with  a  cavity  dumper  from  1  MHz  to  10  MHz 
depending  on  the  decay  time  of  the  PL.  Some  PL  spectra  were  obtained  with  continuous  wave 
(CW)  excitation  using  the  UV  lines  from  an  Ar+-laser. 

The  PL  was  dispersed  with  a  0.6  m  double  monochromator  (Jobin  Yvon  HRD).  The  time 
decays  were  measured  with  a  time  correlated  photon  counting  system  with  a  total  time  resolution 
better  than  200  ps. 
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Results 

Figure  1  shows  the  low  temperature  near  bandgap  PL  spectrum  from  three  different  samples 
obtained  with  CW  excitation.  Figure  Ic  shows  the  spectrum  from  the  highly  doped  6H  bulk 
sample,  which  is  dominated  by  the  recombination  of  the  three  different  nitrogen  bound  excitons. 
In  addition  to  the  NP  line,  each  exciton  has  a  corresponding  spectrum  of  phonon  replicas 
involving  the  TA  (46.3  and  53.5  meV),  LA  (77.0  meV),  TO  (95.6  meV)  and  LO  (104.2  and 
107.0  meV)  phonons.  Figure  lb  shows  the  spectrum  from  the  high  purity  epitaxial  sample.  This 
spectrum  is  dominated  by  the  recombination  of  the  phonon  replicas  of  the  FE.  The  NP  line  of  the 
HE  is  not  observed  due  to  the  indirect  bandgap.  The  spectrum  for  the  3C  SiC  sample  is  shown  in 
Figure  la,  and  shows  the  NP  line  as  weU  as  the  four  dominant  phonon  replicas,  TA,  LA,  TO  and 
LO. 

The  decay  time  of  the  three  different  excitons  in  6H  SiC  has  been  measured  separately  at  2.0K 
and  is  found  to  be  1.5  ±  0.1  ns,  1.8  ±  0.1  ns  and  8.0  ±  0.5  ns,  for  the  S,  R,  and  P,  respectively. 
The  corresponding  decay  curves  are  shown  in  Figure  2.  The  larger  experimental  error  for  the  P 
exciton  is  related  to  difficulties  in  evaluating  the  slower  and  weaker  signal  from  this  exciton, 
which  has  a  spectrally  overlapping  contribution  from  the  faster  R  and  S  excitons.  The  reported 
value  of  the  decay  time  of  the  R  and  S  DBE  was  measured  with  detection  at  the  recombination 
wavelength  of  the  NP  Une,  while  the  value  for  the  P  exciton  was  measured  in  the  strongest 
phonon  replica  (LA,  77.0  meV)  since  the  NP  line  has  much  lower  intensity.  We  have  also 
measured  the  decay  in  the  NP  of  the  P  exciton  as  weU  as  in  different  phonon  replicas  of  all  the 
three  excitons.  As  expected,  the  same  value  for  the  decay  time  in  the  NP  line  and  in  all  related 
phonon  replicas  is  observed.  The  observed  decay  times  for  the  DBE's  in  6H  do  not  differ  between 
samples  with  different  doping  levels,  in  the  range  of  10^6  to  10^^  cm"3. 

We  have  also  measured  the  temperature  dependence  of  the  decay  time.  The  measured  decay 
time  is  found  to  be  constant  up  to  a  certain  temperature  above  which  it  decreases  rapidly.  This  can 
most  simply  be  described  with  the  introduction  of  an  additional  temperature  activated  non 


Time  [ns] 

Figure  2.  Decay  curves  at  2K  of  the 
P,  R  and  S  DBE  in  a  6H  SiC  sample 
with  high  nitrogen  concentration. 


Figure  3.  Decay  curves  at  2K  of 
the  FE  and  RS  DBE  in  a  high 
purity  6H  SiC  sample. 
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radiative  recombination  channel.  The  experimentally  expected  decay  time  is  then  expressed  as 

\^BE  ^NR  ) 

where  Xg^  is  the  decay  time  of  the  DBE,  x^r  the  decay  time  of  the  non  radiative  channel  for  the 
DBE,  and  AE  the  activation  energy.  This  model  gives  good  agreement  with  the  experimental 
values  obtained  from  the  highly  doped  sample.  The  line  corresponding  to  the  RS  exciton,  defined 
as  the  combined  signal  from  the  R  and  S  DBE,  shows  the  best  fit  of  the  experimental  values  with 
equation  1,  using  AE  and  x^r  as  variational  parameters.  The  activation  energies  of  30.2  raeV  and 
15.3  raeV,  obtained  for  the  RS  and  P  exciton  are  very  close  to  the  corresponding  DBE  binding 
energy.  From  this  we  draw  the  conclusion  that  the  DBE  in  this  sample  is  thermally  released  as 
FE's.  The  expression  above  is  valid  under  the  assumption  that  the  nonradiative  recombination  of 
the  upper  level,  assumed  to  be  the  FE,  is  faster  than  the  capture  to  the  donors.  In  this  case  no 
recapture  back  to  the  DBE  occurs.  This  assumption  is  reasonable  since  the  FE  is  not  at  all 
observed  in  the  PL  spectrum  in  these  samples. 

This  is,  however,  not  the  case  in  the  high  purity  sample  where  the  FE  is  observed  in  the  PL 
spectrum.  In  this  sample  the  decay  time  of  the  FE  recombination  is  12  ns.  The  decay  curve  of  the 
RS  DBE  in  the  same  sample  is  different  from  the  sample  with  higher  doping  level,  as  seen  in 
Figure  3.  The  decay  curve  has  two  components,  one  fast  corresponding  to  the  previously 
observed  decay  of  ~  1.5  ns  and  a  slower  component  identical  to  the  decay  time  of  the  FE.  This 
reflects  the  fact  that  the  DBE  is  formed  by  capture  of  a  FE  onto  the  neutral  nitrogen  donor.  The 
creation  of  DBE's  will  continue  as  long  as  there  exists  a  population  of  FE’s,  and  since  the 
recombination  time  of  the  DBE  is  faster  (1.5  ns),  the  observed  hfetime  will  be  determined  by  the 
lifetime  of  the  FE  population. 

The  observed  decay  time  of  the  exciton  in  3C  SiC  is  considerably  longer,  160  ±  5  ns,  as  shown 
in  Figure  4.  We  have  obtained  the  same  value  for  the  decay  time  in  several  samples,  in  both  bulk 
and  epitaxial  layers. 

Discussion 

The  observed  values  for  the  decay  time  in 
both  6H  and  3C  are  considerably  faster  than 
expected  for  a  radiative  recombination  in  a 
semiconductor  with  an  indirect  bandgap  like 
SiG.  To  our  knowledge,  no  measurement  or 
estimation  of  the  expected  radiative 
recombination  probability  has  been  made  in 
SiC,  but  a  comparison  can  be  made  with  other 
semiconductors  with  indirect  bandgap.  In  GaP 
and  Si,  the  radiative  recombination  time  are 
estimated  to  be  10  and  75  jas,  from 
calculations  of  the  absorption  due  to  DBE’s 
[7].  The  experimentally  observed 
photoluminescence  decay  times  have  in  both 
these  cases  been  several  orders  of  magnitude 


Figure  4.  Decay  curve  at  2K  of 
the  nitrogen  DBE  in  3C  SiC. 
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lower,  which  we  also  observe  for  SiC.  It  appears  that  non  radiative  recombination  is  the  dominant 
mechanism  that  reduces  the  BE  population.  From  these  decay  time  measurements  -  fast 
recombination,  temperature  independence  at  low  temperatures,  no  dependence  on  doping 
concentration,  correlation  between  decay  time  and  energy  level  of  the  corresponding  donor  -  we 
conclude  that  the  most  probable  non-radiative  process  is  a  phonon-less  Auger  process  [8-9], 

The  donor  bound  exciton  consists  originally  of  three  particles,  two  electrons  and  one  hole.  In 
the  Auger  process  one  of  the  electron  recombines  with  the  hole  leaving  the  excess  energy  and 
momentum  to  the  second  electron.  This  electron,  labelled  as  the  Auger  particle,  is  then  excited  up 
into  the  conduction  band  with  an  energy  close  to  the  bandgap  energy  and  with  an  additional  wave 
vector  determined  by  the  separation  of  the  electron  and  hole  in  momentum  space. 

In  6H  SiC,  the  hole  is  located  at  the  valence  band  top,  which  is  located  at  the  F-point  in  the 
zone  center,  whereas  the  two  electrons  are  located  at  the  conduction  band  minimum  (assumed  to 
be  at  or  close  to  the  M-point  at  the  zone  edge).  This  means  that  the  Auger  electron  receives  an 
additional  wave  vector  corresponding  to  the  indirect  bandgap,  and  that  the  final  state  of  the  Auger 
electron  in  k-space  will  be  in  the  vicinity  of  the  zone  center.  Existing  bandstructure  calculations 
[10]  show  that  the  bandgap  at  the  F-point  is  close  to  or  larger  than  twice  the  minimum  indirect 
bandgap.  The  exact  value  of  the  zone  center  bandgap  is  in  this  case  very  important,  since  the 
recombination  rate  is  strongly  dependent  on  whether  the  final  energy  of  the  Auger  particle  is 
located  below  or  above  the  F-point  band  gap.  According  to  our  measurements  the  recombination 
process  is  very  fast  (in  the  low  ns  range)  and  we  thus  conclude  that  the  direct  bandgap  is  less  than 
twice  the  indirect  bandgap. 

The  nitrogen  donor  levels  in  6H  SiC  are  relatively  deep  causing  a  strong  localisation  for  the 
primarily  bound  electron.  This  will  consequently  lead  to  a  delocalized  wavefunction  in  k-space 
and  a  higher  probability  of  Auger  recombination  for  final  state  wavevectors  different  from  k=0. 
This  is  further  demonstrated  by  the  observed  decrease  in  decay  time  with  increasing  energy  for  the 
three  nitrogen  donor  levels. 

The  same  assumption  of  a  dominating  phonon-less  Auger  process  can  not  be  made  for  3C 
SiC.  Since  only  one  exciton  is  observed  in 
our  material,  a  similar  comparison  as  in  6H 
with  excitons  at  different  donor  levels  can 
not  be  made.  There  are  experimental  [11] 
and  theoretical  [10,12]  results  indicating 
that  the  direct  bandgap  in  3C  is  larger  than 
twice  the  indirect  bandgap,  making  the 
final  state  for  the  Auger  particle  inside  the 
forbidden  gap.  If  this  is  the  case  the.  Auger 
process  must  be  phonon-assisted  or  it  must 
be  assumed  that  the  spread  of  the  DBE 
wavefunction  in  momentum  space  is  large 
enough  to  make  other  final  states 
accessible.  Figure  5  shows  a  comparison 
between  the  decay  time  of  the  DBE  and 
the  corresponding  donor  level  in  different 
indirect  bandgap  materials.  A  relation 


Donor  Binding  Energy  [meV] 


according  to  T  ~  is  expected  from 
theoretical  calculations  in  Si  [8],  and  is  also 
observed  for  our  results  in  6H  SiC  as  well 


Figures.  The  decay  time  of  the 
DBE  as  a  function  of  the 
corresponding  donor  energy  level,  in 
different  indirect  bandgap  materials. 
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as  in  previous  measurements  in  Si  and  GaP  [8,13]. 


Summary 

We  have  measured  the  decay  time  of  the  recombination  of  excitons  bound  at  the  neutral 
nitrogen  donor  in  different  6H  and  3C  SiC  samples.  We  have  found  very  fast  decay  times  ai  low 
temperatures  with  values  of  1.5  ns,  1.8  ns,  and  8.0  ns  for  the  S,  R  and  P  DBE  in  6H  SiC.  The 
observed  decay  time  for  the  DBE  in  3C  SiC  is  much  longer,  160  ns.  The  observed  decay  time  is 
independent  of  temperature,  at  low  temperatures,  and  independent  of  the  doping  level  in  the 
sample.  We  have  also  observed  a  strong  relation  between  the  decay  time  and  the  energy  of  the 
corresponding  donor  level,  with  a  decrease  of  the  decay  time  with  increasing  donor  energy.  From 
our  experimental  results  in  6H  SiC  we  conclude  that  the  dominating  recombination  mechanism  is 
a  phonon  less  Auger  process. 

In  low  doped  samples,  where  the  FE  is  present  in  PL,  we  have  found  that  the  observed  decay 
time  of  the  DBE  recombination  is  determined  by  the  lifetime  of  the  FE  and  not  by  the 
recombination  rate  of  the  Auger  process.  We  have  furthermore  concluded  that  the  direct  bandgap 
at  the  zone  center  must  be  less  than  two  times  the  indirect  bandgap  to  account  for  the  fast  Auger 
recombination  process. 
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ABSTRACT 

Room  temperature  Raman  scattering  measurements  performed  on  undoped  GaN  films  indi¬ 
cate  that  high  crystalline  quality  wurtzite  material  has  been  deposited  on  the  basal  plane  of  sap¬ 
phire.  Photoluminescence  study  of  these  films  show  that  thicker  films  (t  >  4|j,m)  are 
homogeneous  along  the  growth  direction.  The  PL  spectra  of  Mg-doped  films  are  dominated  by 
an  intense  emission  band  around  3.1  eV  associated  with  recombination  processes  involving 
donor-acceptor  pairs. 


INTRODUCTION 

Recent  advances  in  heteroepitaxy  growth  of  GaN  by  either  metalorganic  chemical  vapor 
deposition  (MOCVD)  or  molecular  beam  epitaxy  (MBE)  have  demonstrated  that  high  quality 
films  can  be  grown  on  several  types  of  substrates  [1].  Nominally  undoped  films  deposited  over 
the  basal  plane  sapphire  substrate  are  characterized  by  a  residual  n-type  conduction.  The  carrier 
densities  and  mobilities  at  room  temperature  are  typically  around  IxlOl^/cm^  and  350  cm^/V  s, 
respectively  [2].  Although  the  donor  identity  has  not  been  fully  established  [3,4,5],  insulating 
and  p-type  films  have  been  fabricated  [6,7]. 

In  this  work  we  report  the  optical  characterization  of  the  crystalline  quality,  impurity,  and 
defect  content  of  thin  film  wurtzite  GaN  as  determined  by  room  temperature  Raman  scattering 
(RS)  and  low  temperature  photoluminescence  (PL)  spectroscopies.  After  a  brief  description  of 
the  deposition  procedure  for  undoped  and  Mg-doped  films,  we  will  discuss  the  use  of  Raman 
measurements  of  undoped  films  to  identify  the  crystal  structure  and  to  assess  the  material  crystal¬ 
line  quality.  We  will  also  discuss  PL  studies  of  undoped  and  Mg-doped  films,  grown  with  either 
GaN  or  AIN  buffer  layers,  to  verify  the  incorporation  of  native  defects  and  the  activation  of  im¬ 
purities. 


EXPERIMENTAL 

We  have  used  basal  plane  sapphire  substrates  (1.25  cm  x  1.25  cm)  and  a  low  pressure 
MOCVD  (LPMOCVD)  system  operating  at  76  Torr  for  deposition  of  undoped  and  Mg-doped 
films.  Triethylgallium  (TEG),  triethylaluminum  (TEA),  and  ammonia  were  used  as  the  precur¬ 
sors.  A  detailed  discussion  of  substrate  preparation,  precursor  fluxes,  and  growth  sequences 
steps  is  presented  in  Ref  8.  To  reduce  the  large  lattice  mismatch  between  the  GaN  film  and  the 
sapphire  substrate  a  thin  (~  400  A)  buffer  layer  of  either  AIN  or  GaN  were  deposited  at  550  °C. 
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This  was  followed  by  the  deposition  of  GaN  at  a  growth  temperature  of  1000  °C.  The  room 
temperature  (RT)  carrier  concentration  for  films  with  thickness  from  0.5  to  10.6  pm  varied  from 
1.1  to  2.6xl0l^/cm3  [3].  The  Mg-doped  film  was  deposited  under  conditions  identical  to  those 
of  the  undoped  films.  The  doping  level  was  modulated  by  the  flux  of  Mg  precursor.  Post 
deposition  the  Mg  dopant  species  were  activated  using  a  thermal  annealing  under  conditions 
identical  to  those  used  previously  [5]. 

The  RS  measurements  were  carried  out  with  a  0.85  m  double  grating  (1200  gr/mm)  spec¬ 
trometer  (spect.  #1)  coupled  to  a  GaAs  photomultiplier  with  a  UV  window,  operated  in  a 
photocounting  mode.  We  use  the  488.0  nm  laser  line  of  an  Argon  ion  laser  and  a  spectrometer 
band  pass  of  about  3.0  cm‘l  for  the  room  temperature  RS  experiments.  The  low  temperature  PL 
spectra  were  obtained  with  the  samples  placed  in  a  continuous  flow  liquid  helium  cryostat  and 
the  temperature  was  kept  constant  at  6K.  The  samples  were  excited  with  the  351.1  nm  (3.53  eV) 
and/or  325.0  nm  (3.81  eV)  lines  from  an  argon  ion  laser  and  He-Cd  laser,  respectively.  The 
emitted  radiation  was  analyzed  by  the  double  spectrometer  fitted  with  a  1200  gr/mm  (spect.  #1) 
or  with  a  1800  gr/mm  (spect.  #2)  grating  set.  The  spectral  band  pass  at  500  nm  was  <0.1  meV 
and  <1.1  meV  for  the  high  resolution  (band  edge  emission)  and  low  resolution  (large  spectral 
range),  respectively.  The  PL  measurements  performed  with  spect.  #1  show  an  enhanced  in¬ 
strumental  response  at  the  visible  spectral  range  of  the  PL  spectra.  The  PL  spectra  presented 
here  have  not  been  corrected  for  spectrometer  responses. 


RESULT  AND  DISCUSSIONS 

Hexagonal  GaN  has  the  wurtzite  crystal  structure  and  belongs  to  the  symmetry  group  C(6v) 
with  two  molecules  in  the  unit  cell.  Therefore  nine  optical  branches  are  expected,  namely; 
1Ai(TO)+1Ai(LO)+2Bi+1Ei(TO)+1Ei(LO)+2E2 

The  TO  and  LO  refers  to  transverse  and  longitudinal  optics  modes,  respectively.  The  Ai 
and  Ej  modes  are  simultaneously  Raman  and  IR  active.  The  two  Bj  modes  are  inactive  (silent) 
and  the  two  E2  modes  are  only  Raman  active.  All  six  allowed  optical  phonons  has  been  ob¬ 
served  previously  by  Raman  spectroscopy  [9,10]. 

The  RS  experiment  was  carried  out  using  the  film  as  thin-film  waveguide  [9].  With  this  ge¬ 
ometry  the  laser  beam  propagates  through  the  film  parallel  to  the  spectrometer  entrance  slit,  in¬ 
creasing  the  scattering  volume  and  the  collection  efficiency  of  the  scattered  light.  A  typical  RS 
spectrum  of  GaN  film  is  represented  in  Fig.  1.  The  polarization  of  the  laser  light  was  parallel  to 
the  c-axis.  Only  four  lines  associated  with  the  GaN  are  clearly  observed,  corresponding  to  the 
Ai(TO),  Ei(TO),  E2,  and  EjfLO),  with  Raman  shift  of  534.6  cm"^  (66.3  meV),  560.8  cm'^ 
(69.5  meV),  569.6  cm"!  (70.6  meV),  and  742.2  cm"!  (92.O  meV),  respectively.  The  phonons  ob¬ 
served  at  380.6  cm"!,  419.9  cm"!,  g^d  646.1  cm"!  are  due  to  the  sapphire  substrate.  The  high  in¬ 
tensity,  line  shape,  linewidth,  and  peak  position  of  the  phonon  lines  suggest  that  the  material 
studied  has  high  crystalline  quality  and  exhibits  the  wurtzite  structure. 

The  PL  spectra  of  nominally  undoped  GaN  films  are  characterized  by  an  intense  sharp  line 
at  about  3.472  eV  and  a  broad  band  which  peaks  around  2.2  eV.  The  former  has  been  assigned 
to  excitons  bound  to  shallow  donor  [3,11,12]  and  the  latter  may  be  associated  with  structural 
defects  [5].  The  thinner  films  (<4.0  pm)  showed  an  additional  band  in  the  spectral  range  be¬ 
tween  2.9  and  3.3  eV,  which  has  been  assigned  to  donor-acceptor  (DA)  pair  recombination  [13]. 
Since  the  relative  intensity  of  these  bands  seems  to  vary  from  sample  to  sample,  we  carried  out 
detailed  PL  study  on  a  set  of  samples  covering  a  range  of  film  thickness  from  0.5  to  1 1  pm.  Al¬ 
though  we  have  measured  films  deposited  on  GaN  and  AIN  buffer  layers,  we  will  show  only 
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spectra  of  films  with  AIN  buffer  layer.  To  verify  if  the  defect  incorporation  is  limited  to  the 
GaN/buffer  layer  interface  region  we  performed  PL  measurements  with  illumination  at  ihs  front 
surface  (GaN  growth  surface)  and  back  surface  (GaN/buffer  layer  interface  surface). 


Fig.  1.  Raman  spectrum 
of  an  undoped  GaN  film 
at  room  temperature. 
Polarizations  are  listed  in 
the  figure. 


The  PL  spectra  of  front  surface  (full  line)  and  back  surface  (broken  line)  of  a  3.3  p,m  thick 
film  are  represented  in  Fig.  2.  The  peak  intensity  of  the  edge  emission  in  the  front  surface  spec¬ 
trum  is  about  68  times  larger  then  the  peak  intensity  of  the  edge  emission  in  the  spectrum  of  the 
back  surface,  the  latter  having  broader  linewidth  then  the  former. 


Energy  (eV) 

Fig.  2.  PL  spectra  of  a  3.3  p,m  undoped  film.  The  continuous  line  and  dashed  line  spectra 
represent  the  front  and  back  surfaces,  respectively. 
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In  Fig.  3  we  show  the  PL  spectra  of  a  10.6  |im  thick  film,  where  the  spectrum  of  the  back 
surface  has  been  normalized  to  the  edge  emission  intensity  of  the  front  surface  spectrum.  The 
normalization  factor  was  1.36.  Note  that  the  linewidth  of  the  edge  emission  and  the  peak  in¬ 
tensity  of  the  2.2  band  in  both  spectra  have  about  similar  values. 
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Fig.  3.  PL  spectra  of  a  10.6  |j,m  undoped  film.  The  back  surface  spectrum  has  been  normalized 
to  the  edge  emission  of  \h&  front  surface  spectrum. 


The  exciton  peak  intensity  ratio  between  front  and  back  surfaces  (If/Ib)  increases  with  in¬ 
creasing  film  thickness  and  reaches  a  maximum  value  at  film  thicknesses  -  4.0  pm.  However, 
the  ratio  for  the  -10  pm  thick  film;  If/I{,=l.  We  have  also  observed  a  systematic  shift  of  the  ex¬ 
citon  peak  position  to  higher  energies  and  a  reduction  of  the  exciton  full  width  at  half  maximum 
(FWHM)  with  increasing  film  thickness.  The  broad  band  at  2.2  eV  was  observed  in  all  films  in¬ 
dependent  of  film  thickness.  However,  this  band  intensity  becomes  weaker  in  both  the  back  and 
front  surface  spectra  with  increasing  film  thickness.  This  behavior  is  evident  in  Fig.  3.  There¬ 
fore  the  thin  films  are  not  homogeneous,  but  the  homogeneity  improves  as  the  films  grow  thick¬ 
er,  presumably  as  a  result  of  annealing  at  the  growth  temperature.  Note  that  the  donor-acceptor 
band  between  2.9  and  3.3  eV,  although  weak,  is  still  observed.  This  band’s  intensity  relative  to 
the  edge  emission  is  large  only  in  the  very  thin  films,  suggesting  that  these  defects  are  in¬ 
corporated  mostly  during  the  initial  growth,  which  we  believe  are  different  from  the  defects  asso¬ 
ciated  with  the  edge  and  the  2.2  eV  emissions.  To  emphasize  the  high  quality  of  thick  films,  we 
show  in  Fig.  4  the  high  resolution  PL  spectrum  of  the  edge  emission  of  the  sample  represented  in 
Fig.  3.  The  linewidth  of  2.7  meV  is  one  of  the  narrowest  reported  to  date  for  high  quality  GaN 
films. 

Fig.  5  shows  the  PL  spectra  of  the  back  and  front  surface  of  a  Mg-doped  GaN  film.  The 
largest  differences  between  the  two  spectmm  are  the  complete  quenching  of  the  3.472  eV  and  the 
2.2  emission  bands  observed  in  the  back  surface  spectra.  An  intense  band  centered  around  3.1eV 
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Fig.  4.  High  resolution 
PL  spectrum  of  the  band 
edge  emission  of  the 
sample  represented  in 
Fig.3. 


dominates  the  front  surface  spectrum.  This  band  is  made  up  of  a  strong  zero  phonon  line  (ZPL) 
at  3.260  eV  associated  with  distant  DA  pairs  and  its  LO-phonon  replicas  (separated  by  92  meV). 
We  also  observed  weak  features  associated  with  excitons  bound  to  neutral  Mg-acceptors  and  one 
phonon  replica.  Due  to  the  high  quality  of  the  film,  both  spectra  in  Fig.  5  are  modulated  by  the 
interference  fringes.  Equivalent  spectrum  for  Mg-doped  GaN  has  been  reported  previously  [15]. 


. 1 . 1 . 1 . r"  I  I  I  - II 

3.4  3.2  3.0  2.8  2.6  2.4  2.2  2.0  1.8 

Energy  (eV) 


Fig.  5.  PL  spectra  of  a  Mg-doped  GaN  film.  The  continuous  line  and  dashed  line  spectra 
represent  the  front  tind  back  surfaces,  respeetively.  The  back  surface  spectrum  intensity  was 
normalized  to  the  ZPL  intensity  of  the  front  surface  spectrum. 
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SUMMARY 


We  have  presented  results  of  our  RS  and  PL  measurements  on  nominally  undoped  and  Mg- 
doped  GaN  films  deposited  onto  sapphire  substrates.  The  Raman  results  shown  that  high  crystal¬ 
line  quality  wurtzite  GaN  films  have  been  deposited.  The  PL  studies  of  undoped  films  indicate 
that  the  quality  and  homogeneity  of  the  growth  layers  improve  with  increasing  film  thicknesses. 
Although  we  presented  only  results  on  films  deposited  with  AIN  buffer  layers,  we  have  observed 
the  same  behavior  for  the  films  deposited  with  GaN  buffer  layers  [4,14].  The  PL  spectra  of  Mg- 
doped  films  is  characterized  by  an  intense  emission  band  associated  with  DA  recombination  pro¬ 
cesses. 
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ABSTRACT 

Hydrogen  incorporation  during  gas-phase  growth  of  lll-V  nitrides  is  thought  to  play 
an  important  role  in  determining  the  apparent  doping  efficiency,  due  to  unintentional 
passivation  of  dopants.  Hydrogen  implantation  can  also  be  used  for  electrical  and  optical 
isolation  of  neighboring  devices,  as  in  other  lll-V  materials  such  as  GaAs.  We  have 
implanted  *H  at  40  keV  to  doses  of  5  x  10’®  cm'^  at  room  temperature  into  epitaxial  layers 
of  GaN,  AIN  and  InN  grown  by  MOMBE  on  GaAs  substrates,  and  measured  the  ion 
ranges  and  hydrogen  redistribution  upon  subsequent  furnace  annealing.  The  hydrogen 
profiles  remain  unchanged  for  annealing  temperatures  up  to  800-900°C  for  GaN  and  AIN, 
and  600°  for  InN.  Samples  were  also  deuterated  from  an  ECR  plasma  at  250  or  400°C 
for  30  min,  producing  ^H  incorporation  depths  of  <  1  pm  in  GaN.  With  annealing,  there 
is  no  significant  hydrogen  redistribution  observed  at  temperatures  up  800°C.  Hydrogen 
concentrations  remain  in  the  range  ~  10’®  cm'®  under  these  conditions.  At  900°C 
considerable  hydrogen  outdiffusion  to  the  surface  occurs.  The  thermal  stability  of 
hydrogen  in  these  lll-V  nitride  films  indicates  the  need  for  post-growth  annealing  at  high 
temperatures  to  achieve  appreciable  doping  efficiencies. 


INTRODUCTION 

Recently,  lll-V  nitride  semiconductors  have  attracted  considerable  interest  due  to 
their  potential  applications  including  blue  light  emitting  devices,  high  temperature 
electronics,  and  highly  stable  encapsulant  films  on  semiconductor  devices’'®.  Two  main 
difficulties  prevent  their  further  development.  First  is  the  lack  of  suitable  substrate 
materials  and  the  other  is  the  difficulty  of  achieving  useful  p-type  doping  levels,  on  the 
order  of  10’°  cm'®,  particularly  in  GaN.  Amano  et  al.®  and  Nakamura  et  al.^  found  that  a 
low  energy  electron  beam  irradiation  treatment  after  metal  organic  chemical  vapor 
deposition  growth  of  Mg-doped  GaN  produced  higher  p-type  doping  levels.  Thermal 
annealing  of  these  films  in  a  Nj-ambient  led  to  dramatic  decreases  in  resistivity  (from  10® 
cm  to  2  cm)  for  temperatures  between  500  -  700°C.*®>  This  increase  in  effective  p- 
type  doping  level  may  be  due  to  dehydrogenation  of  passivated  Mg  acceptors®  ®.  Similarly, 
hydrogenation  at  500°C  of  p-type  GaN  films  grown  by  molecular  beam  epitaxy  has  been 
shown  to  reduce  hole  concentrations  by  an  order  of  magnitude’®. 

Hydrogen  is  likely  to  be  a  common  impurity  in  lll-V  nitride  materials  due  to 
incorporation  during  gas-phase  growth,  plasma-enhanced  chemical  vapor  deposition, 
proton  implantation  for  device  isolation,  and  wet  or  dry  etching  processes.  All  of  these 
procedures  have  been  shown  to  produce  significant  hydrogen  concentrations  in  other  lll-V 
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materials”.  Clearly,  the  electrical  effects  as  well  as  the  thermal  stability  of  hydrogen  in 
lll-V  nitride  semiconductor  epilayers  is  of  interest. 

Here  we  report  on  the  incorporation  of  hydrogen  in  lll-V  nitrides  and  its 
redistribution  upon  subsequent  furnace  annealing.  The  work  is  aimed  at  clarifying  the 
thermal  stability  of  hydrogen  in  lll-V  nitride  semiconductor  epilayers.  Hydrogen  was 
incorporated  in  the  epilayers  either  by  implantation  or  plasma  treatment.  Hydrogen 
implantation  into  lll-V  compound  semiconductor  crystals  generally  leads  to  a 
neutralization  of  charge  carriers,  primarily  through  induced  crystal  damage.  Plasma 
hydrogenation  of  the  same  crystal  materials  also  results  in  a  reduction  of  charge  carriers, 
but  through  a  passivation  mechanism  involving  hydrogen-dopant  atom  complexes. 
Consequently,  the  physical  characteristics  of  material  methods  are  different  after  these 
two  techniques. 


EXPERIMENTAL  PROCEDURES  AND  SIMS  ANALYSIS 

The  lll-V  nitride  epilayers  were  grown  on  semi-insulating  GaAs  substrates  at  ~500°C 
using  a  metalorganic  source,  molecular  beam  epitaxy  (MOMBE)  machine.  Group  III 
metalorganics,  triethylgallium,  trimethylindium  and  trimethylamine  alane,  were  used  for 
the  Ga,  In,  and  Al  sources,  respectively.  Atomic  nitrogen  was  generated  by  a  200  W,  2.45 
GHz  electron  cyclotron  resonance  (ECR)  source  (Wavemat  MPDR)  on  an  Intevac  gas 
source  Gen  II  molecular  beam  epitaxy  system’^.  Optical  emission  spectroscopy  of  the 
ECR  Nj  plasmas  confirms  the  presence  of  a  significant  atomic  nitrogen  density  at  the 
sample  position.  The  films  were  polycrystalline  with  a  mixture  of  hexagonal  and  cubic 
phases  in  each  case.  There  is  a  large  lattice  mismatch  between  the  nitride  epilayers  and 
the  GaAs  substrate,  nearly  45  %  for  either  GaN  or  AIN,  and  about  30  %  for  InN.  Both  the 
GaN  and  AIN  were  insulating  while  the  InN  was  strongly  n-type  (~  3  x  10^°  cm  ®),  which 
may  be  due  to  N  vacancies’®.  Layer  thickness  were  1  -  1.5  pm  for  each  material. 

Atomic  deuterium  (®H)  was  introduced  into  GaN,  AIN,  and  InN  epilayers  either  by 
implantation  or  plasma  treatment.  The  nitride  samples  were  implanted  with  ®H^  ions  at  40 
keV  to  a  dose  of  5  x  10’®  cm  ®  at  room  temperature.  Companion  samples  exposed  to  a 
pure  ®H^  plasma  for  30  min  at  either  250  or  400'’C  using  the  ECR  source  on  the  MOMBE 
system.  The  applied  microwave  power  was  200  W,  the  deuterium  flow  rate  20  standard 
cubic  centimeters  per  minute  and  the  pressure  -  5  x  10'®Torr.  Annealing  was  performed 
under  a  flowing  Nj  ambient  for  20  min  at  temperatures  up  to  900°C  in  the  conventional 
proximity  geometry.  Depth  profiles  of  the  deuterium  were  obtained  from  secondary  ion 
mass  spectrometry  (SIMS)  measurements  using  a  Cs*  ion  beam  and  detecting  negative 
secondary  ions.  The  background  subtracted  detection  sensitivity  for  ®H  in  the  lll-V  nitrides 
was  approximately  10’®  cm  ®.  The  depths  were  determined  based  on  surface  profilometry 
of  the  SIMS  craters,  with  an  error  of  about  7%. 

Figure  1  displays  the  SIMS  depth  profiles  of  implanted  ®H  in  GaN.  There  is  a 
change  in  the  SIMS  Ga  sensitivity  factor  between  the  GaN  epilayer  and  the  GaAs 
substrate.  This  is  indicated  by  the  decrease  in  the  Ga  level  at  a  depth  of  about  0.8  pm, 
which  is  the  apparent  thickness  of  the  epilayer.  The  shoulder  on  the  bulk  side  of  the  ®H 
profile  at  the  same  approximate  location  may  be  due  to  crystal  imperfections  or  SIMS 
yield  variations.  Post-implant  annealing  up  to  800°C  did  not  lead  to  any  redistribution  of 
the  deuterium,  but  approximately  90%  of  the  deuterium  was  lost  upon  900°C  annealing. 
The  original  ®H  profile  shape  is  retained,  indicating  that  the  deuterium  appears  to  decorate 
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Fig.  1.  SIMS  depth  profiles  of  implanted  into  GaN  at  an  energy  of  40  keV  and  at  a 
dose  of  5  X  10’®  cm■^  followed  by  annealing  at  800  and  900“C. 


DEPTH  (^In) 

Fig.  2.  SIMS  depth  profiles  of  in  AIN  after  exposure  to  a  deuterium  plasma  for  30  min 
at  250“C,  and  after  subsequent  furnace  annealing  at  800  and  900“C. 
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the  residual  implant  damage,  as  was  reported  previously  for  GaAs^'*.  Ion-induced  nuclear 
stopping  damage  apparently  is  also  quite  stable  in  GaN  and  high  annealing  temperatures 
(well  in  excess  of  900°C)  may  be  necessary  for  good  electrical  activation  of  implanted 
dopants. 

The  redistribution  of  implanted  in  GaAs  crystals  is  in  marked  contrast  to  the 
behavior  shown  in  Fig.  1.  In  GaAs,  redistribution  of  implanted  begins  at  about  250°C 
and  terminates  at  about  650''C^‘‘.  The  more  rapid  redistribution  in  GaAs  appears  related 
to  its  smaller  bandgap  and  larger  crystal  lattice. 

Figure  2  shows  the  depth  profiles  in  deuterium  plasma-treated  AIN.  In  this  case, 
the  samples  were  protected  from  oxidation  by  the  presence  of  a  thin  (0.1  pm)  GaN  cap 
layer.  During  hydrogenation  at  250°C,  the  ions  penetrated  easily  into  the  AIN  and 
reached  concentrations  as  high  as  5x10’®  cm  ®.  It  is  assumed  that  the  atoms  are 
bonded  to  residual  impurities  or  native  defects  in  the  AIN  epilayer.  While  the  atoms 
permeated  the  entire  AIN  layer,  only  a  very  small  amount  diffused  into  the  substrate. 
There  was  a  slight  accumulation  of  at  the  AIN/GaAs  interface.  This  accumulation  is 
due  to  the  large  density  of  defects  in  this  region  and  has  been  previously  observed  in 
hydrogenated  GaAs  epilayers  grown  on  a  Si  substrates’®.  There  is  little  accumulation  of 
at  the  GaN/AIN  interface,  which  is  nearly  lattice  matched.  While  there  was  no 
significant  redistribution  of  with  annealing  up  to  800°C,  most  of  it  outdiffused  to  the 
surface  at  900°C. 

These  results  are  also  very  different  from  similar  studies  in  GaAs.  Hydrogen  depth 
profiles  in  plasma-treated  GaAs  typically  show  concentrations  on  the  order  of  10’®  cm  ® 
over  a  depth  of  several  pms.  Annealing  for  5  min  at  350®C  has  been  shown  to  lead  to 
significant  ®H  redistribution  indicating  relatively  weak  bonding  between  ®H  and  the  crystal 
defects’®. 

SIMS  depth  profiles  for  implanted  ®H  in  InN  are  shown  in  Fig.  3.  The  InN  epilayer 
was  uncapped.  Post-implantation  annealing  at  600'’C  failed  to  produce  any  appreciable 
®H  redistribution  in  InN.  Since  the  equilibrium  vapor  pressure  of  Nj  over  InN  at  600°C  is 
several  Torr,  annealing  at  highertemperatures  would  require  substantial  Nj  overpressures 
and  was  not  performed.  The  thermal  stability  of  the  ®H  profiles  in  these  materials  is  again 
very  high  compared  to  other  lll-V  semiconductors’"'. 

We  measured  similarly  high  thermal  stabilities  in  the  lll-V  nitrides  for  other  normally 
rapidly  diffusing  species  in  lll-V  materials,  such  as  Be.  This  emphasizes  the  ability  of 
these  nitrides  to  act  as  stable  encapsulants  for  other  semiconductors  during  high 
temperature  processing.  It  is  likely  that  dopant  diffusion  in  nitride  heterojunctions  should 
be  less  of  an  issue  than  in  more  conventional  lll-V  semiconductors,  where  rapid  diffusion 
of  Be,  Mg.  Zn,  and  Cd  during  epitaxial  growth  or  subsequent  processing,  of  laser  or 
heterojunction  bipolar  transistor  structures,  leads  to  junction  displacement  and  severe 
deterioration  of  the  device  performance. 


DISCUSSION 

Our  results  show  that  of  all  the  lll-V  and  group  IV  semiconductors  investigated  to 
date,  the  nitrides  exhibit  the  greatest  thermal  stability  for  retaining  hydrogen.  This  stability 
of  hydrogen  in  GaN,  AIN,  and  InN  suggests  that  the  amount  of  hydrogen  in  the  growth 
or  processing  ambient  for  these  materials  should  be  minimized  to  avoid  unintentionai 
passivation  effects.  This  may  be  less  of  a  problem  in  conventional  molecular  beam 
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epitaxy  where  there  is  only  a  residual  background  component  of  hydrogen  in  the  growth 
chamber.  In  metal-organic  based  growth  techniques,  the  role  of  hydrogen  in  passivating 
dopants  could  be  substantial,  as  indicated  by  the  results  of  Nakamura  et  al.®  The  use  of 
NH3  as  the  nitrogen  source  is  also  a  potential  supplier  of  significant  quantities  of 
hydrogen. 

In  summary,  we  have  investigated  the  redistribution  of  in  GaN,  AIN,  and  InN 
epilayers  in  which  incorporation  of  was  accomplished  through  ion  implantation  and 
plasma  treatment.  In  either  case,  relatively  high  annealing  temperatures  were  required 
to  cause  redistribution.  Annealing  in  the  range  500-600°C  did  not  produce  any  motion 
of  implanted  in  the  nitride  films.  Only  with  annealing  at  temperatures  ~  800-900“C  did 
redistribution  occur.  In  the  plasma-exposed  nitride  films,  it  was  found  that  ~  1  pm  thick 
layers  are  completely  permeated  within  30  min  at  250  or  400°C.  The  deuterium  does  not 
show  any  significant  redistribution  upon  subsequent  annealing  until  ~900°C.  These  results 
are  consistent  with  the  post-growth  annealing  experiments  where  dopant  reactivation 
occurred  at  <700°C,  since  this  requires  only  a  breaking  of  the  hydrogen-dopant  bond  and 
does  not  result  in  macroscopic  movement  of  the  hydrogen.  The  high  thermal  stability  of 
hydrogen  in  the  lll-V  nitrides  combined  with  its  ready  entry  into  these  materials  suggests 
that  unintentional  hydrogen  passivation  occurring  during  growth  or  processing  is  likely  to 
be  a  significant  effect. 
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Fig.  3.  SIMS  depth  profiles  of  implanted  into  InN  at  an  energy  of  40  keV  and  at  a  dose 
of  5  X  10^®  cm‘^,  followed  by  furnace  annealing  at  600°C. 
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ABSTRACT 

An  infrared  emission  peak  at  1.25  eV  is  observed  from  a  GaN  film  which 
exhibits  strong  yellow  luminescence  peaking  at  2.15  eV.  It  is  most  efficient  at  a 
temperature  of  160  K.  The  full  width  at  half  maximum  (FWHM)  of  the  IR  peak  is 
0.17+0.01  eV,  which  is  about  1/3  that  of  the  yellow  peak. 


INTRODUCTION 

GaN  is  a  potentially  important  wide  band-gap  semiconductor  for  high 
temperature  electronics  and  blue/UV  emitters  [1-3].  Such  applications  are 
encouraged  by  the  successful  demonstration  of  p-type  doping  in  GaN  [4,5].  GaN 
would  be  additionally  useful  in  optical  fiber  communication  if  optical  emission 
at  1.3  pm  or  1.5  pm  could  be  obtained  from  GaN.  Yellow  luminescence  at  2.15  eV 
is  frequently  observed  in  undoped  GaN;  it  originates  either  from  some  defects 
(such  as  those  due  to  ion  implantation  and  thermal  annealing  [6])  or  from  carbon 
impurities  [7].  We  note  that  Ogino  and  Aoki  [7]  attributed  the  yellow  emission  to 
electron  recombination  from  the  conduction  band  edge  to  a  level  0.86  eV  above 
the  valence  band  edge.  It  is  thus  interesting  to  investigate  the  possibility  of 
optical  emission  from  this  level  to  the  valence  band,  since  it  would  produce  an 
emission  at  1.44  pm.  Furthermore,  the  origin  of  the  infrared  luminescence  peak 
at  1.3  eV,  observed  by  Pankove  et  al.  from  undoped  GaN  [8],  was  not  understood. 


EXPERIMENTAL  RESULTS 

Thin  films  of  GaN  were  grown  in  a  cold-wall  low  pressure  metalorganic 
chemical  vapor  deposition  (MOCVD)  system.  Before  deposition,  the  R-plane 
sapphire  and  basal  plane  sapphire  substrates  were  degreased  and  cleaned  in 
boiling  phosphoric  acid.  They  were  rinsed  in  deionized  water  and  blown  dry 
before  loading  into  the  load  lock.  The  base  pressure  of  the  MOCVD  reactor  is  in 
the  low  10‘8  torr.  The  substrate  was  pretreated  at  1100  °C  in  hydrogen.  The 
triethylgallium  (TEG)  is  transported  into  the  reactor  by  hydrogen  carrier  gas.  The 
ammonia  flow  rate  is  500-1000  times  that  of  the  hydrogen  carrier  gas.  The  total 
pressure  during  deposition  is  around  3  torr.  Typical  deposition  rate  is  1pm /h. 
The  deposited  films  are  epitaxial  GaN  as  shown  by  X-ray  diffraction.  Their 
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appearance  is  slightly  yellowish  and  milky.  Hall  measurements  indicate  n-type 
conduction,  with  a  carrier  mobility  of  10-50  cm^/Vsec  and  an  electron 
concentration  of  IQl^-lO^O  / cm^. 

The  cathodoluminescence  (CL)  is  excited  by  a  model  VP-052  electron  gun 
(Thermionics),  with  a  beam  current  of  12.5  )iA  and  an  accelerating  voltage  of 
15  kV.  The  vacuum  during  measurement  is  usually  better  than  10"^  torr.  The 
visible-UV  luminescence  is  detected  by  an  RCA  31025  photomultiplier,  while  the 
infrared-visible  luminescence  is  detected  by  a  PbS  photodetector  cooled  by  dry  ice. 

In  the  visible-UV  region,  most  samples  exhibit  at  room  temperature  a 
strong  yellow  luminescence  peaking  at  2.15  eV  with  a  FWHM  of  0.45-0.51  eV, 
and  a  sharp  and  weaker  edge  luminescence  peaking  at  3.40  eV.  In  the  near 
infrared  region,  an  emission  peak  at  1.25  eV  can  be  observed  (Fig.  1).  The  yellow 
peak  appears  red-shifted  to  2.06  eV,  because  the  PbS  detector  is  less  responsive  to 
photons  with  higher  energies.  The  signal  to  noise  ratio  improves  when  the 
sample  is  cooled  to  T<200K. 


Energy  (eV) 


Fig.  1.  CL  spectrum  at  160K  from  a  GaN  film  deposited  on  R-plane  sapphire. 
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At  the  lowest  temperature  measured  (8K),  the  IR  emission  peaks  at  1.27  eV.  As 
the  temperature  increases  to  300  K,  the  peak  position  decreases  slightly  to  1.24  eV. 
Over  the  temperature  region  of  8K-300K,  the  IR  emission  peak  is  much  narrower 
than  the  yellow  emission  peak.  The  FWHM  is  0.17+0.01  eV. 

The  intensity  of  the  IR  emission  peak,  as  well  as  the  intensity  ratio  of  the  IR 
peak  to  the  yellow  peak  (IiR/Iyellow)/  are  shown  in  Fig.  2  as  a  function  of 
temperature.  The  IR  emission  is  most  efficient  at  around  160  K,  and  becomes  less 
efficient  at  either  lower  or  higher  temperatures.  The  yellow  peak  decreases 
slightly  in  intensity  with  increasing  temperature,  as  reported  previously  by 
Ogino  and  Aoki  [7].  The  intensity  ratio  IjR/Iyellow  is  slightly  higher  at  higher 
temperatures.  Note  that  the  detector  response  is  not  corrected  in  Fig.  2.  Since  the 
detector  is  less  responsive  to  the  higher  energy  photons,  we  expect  that  the  actual 
intensity  ratio  IiR/Iyellow  should  be  smaller  than  that  in  Fig.  2. 
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Fig.  2.  The  temperature  dependencies  of  the  peak  intensity  of  the  infrared 
luminescence,  and  the  intensity  ratio  of  the  infrared  to  the  yellow  emission 

peaks. 
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DISCUSSION 


Note  that  the  IR  peak  was  only  observed  from  a  sample  which  exhibits 
strong  yellow  luminescence.  The  IR  peak  may  be  the  same  IR  peak  at  1.3  eV  as 
observed  in  1970  by  Pankove  et  al.  [8].  Since  last  summer,  our  film  growth  has 
improved  so  that  even  the  yellow  luminescence  peak  is  quite  weak,  which 
makes  the  observation  of  the  IR  peak  difficult  because  the  PbS  detector  is  not 
sensitive  enough. 

We  tentatively  suggest  that  the  IR  emission  is  the  complementary  step  to 
the  yellow  luminescence.  The  sum  of  the  peak  energies,  2.15  eV  (yellow)+1.25  eV 
(IR),  matches  closely  the  edge  luminescence  at  3.40  eV.  The  much  narrower  IR 
peak  might  indicate  that  only  a  narrow  portion  of  the  defect  states  is  involved  in 
the  IR  emission.  A  schematic  diagram  of  the  recombination  process  is  shown  in 
Fig.  3. 
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Fig.  3.  Proposed  diagram  for  the  luminescence  scheme. 


In  our  model,  only  transitions  from  the  top  portion  of  the  defect  band  to  the 
valence  band  gives  rise  to  infrared  emission.  We  can  interpret  the  temperature 
dependence  of  the  IR  emission  in  the  following  way.  At  low  temperatures,  most 
of  the  electrons  thermalize  to  the  bottom  of  the  defect  band.  As  the  temperature 
increases,  some  of  the  electrons  are  excited  to  the  top  portion  of  the  defect  band 
and  lead  to  an  increase  in  the  IR  emission.  When  the  temperature  is  increased 
above  160  K,  the  thermal  emission  from  the  defect  band  to  the  valence  band 
becomes  important,  hence  the  IR  emission  efficiency  decreases. 
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Now,  we  would  like  to  point  out  what  caution  one  needs  to  take  in  order  to 
derive  the  position  of  a  defect  level  from  the  temperature  dependence  of  the 
intensity  of  a  luminescence  peak.  An  Arrhenius  plot  of  the  intensity  dependence 
usually  measures  the  activation  energy  of  the  non-radiative  process  that 
competes  with  the  radiative  process.  This  is  not  a  determination  of  the  energy 
level  with  respect  to  the  band  edges.  In  fact,  the  procedure  used  by  Ogino  and 
Aoki  may  not  be  valid.  This  argument  is  demonstrated  by  the  following 
derivation. 

The  electron  occupation  probability  fn  of  the  defect  level  is  [9]: 


fn  =  (ep  +nbn)/  (Cn  +ep  +nbn  +pbp) 


(la). 


where  n  is  the  electron  density  in  the  conduction  band,  p  is  the  hole  density  in 
the  valence  band,  e^  is  the  emission  coefficient  of  an  electron  from  the  defect 
level  to  conduction  band,  ep  is  the  emission  coefficient  of  a  hole  from  the  defect 
level  to  valence  band,  bj^  is  the  electron  capture  coefficient  of  the  defect  level, 
and  bp  is  the  hole  capture  coefficient  of  the  defect  level.  Note  that  both  e-fi  and  e-p 
contain  thermal  and  optical  contributions.  Since  the  defect  level  is  more  than 
2  eV  away  from  the  conduction  band,  one  may  neglect  the  thermal  contribution 
to  Cn  in  the  temperature  region.  Thus,  we  have 


fn  =  l/[l  +  l/r]  (lb), 

where 

r=(ep  +nbn)/pbp  (Ic). 


The  hole  occupation  probability  of  the  defect  level  fp  is: 


Ip  =  1  -  In  =  1/[1  +  r] 


(2). 


To  use  equation  (2)  to  deduce  the  energy  position  of  the  defect  level,  one 
needs  to  assume  that  both  nbn  and  pbp  terms  do  not  depend  on  temperature.  In 
addition,  one  needs  to  assume  that  ep  is  the  thermal  emission  coefficient 
without  any  optical  contribution. 
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CONCLUSIONS 


An  infrared  emission  peak  at  1.25  eV  is  observed  from  a  GaN  film  which 
exhibits  strong  yellow  luminescence  peaking  at  2.15  eV.  We  tentatively  suggest 
that  the  IR  emission  is  the  complementary  step  to  the  yellow  luminescence. 
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ABSTRACT 

This  paper  describes  the  trends  in  the  electronic  structure  of  diamond,  silicon  carbide,  the 
group-IIl  nitrides  and  some  related  niateriaJs.  The  relationships  between  the  electronic  band 
structures  in  the  zincblende  and  wurtzite  structures  are  adressed.  For  SiC,  the  discussion  is 
extended  to  other  polytypes.  The  trends  with  ionicity  and  atomic  number  are  explained.  The 
purjrose  of  this  discussion  is  to  help  identify  the  similarities  and  differences  between  the  various 
classes  of  wide  bandgap  semiconductors.  The  strain  effects  on  the  band  structure  are  discussed 
and  calculated  elastic  constants  are  given  for  SiC,  GaN  and  AIN.  Spectroscopic  probes  of  the  band 
structure  such  as  photoemission  and  UV-reflectivity  are  discussed  for  GaN  and  SiC.  Materials 
witli  the  formula  II-IV-N-^  are  proposed  to  be  an  interesting  complement  to  the  Ill-N’s.  In 
])articular,  BeCN2  is  a  direct  gap  semiconductor  with  elastic  properties  close  to  those  of  diamond 
and  may  also  be  useful  as  a  bufferlayer  for  diamond  growth. 


INTRODUCTION 

Diamond,  silicon  carlride  and  the  group-III  nitrides  are  all  recognized  as  promising  materials 
for  novel  semiconductor  applications  because  of  their  wide  band  gaps.  I’heir  intrinsic  properties 
related  to  their  wide  band  gaps,  often  summarized  in  the  Johnson  [1]  and  Keyes  [2]  figures  of 
merit,  give  them  clear  potential  advantages  over  silicon  and  gallium  arsenide  for  high-speed, 
liigh-i)ower,  and  high-temperature  devices.  In  addition,  they  are  “hard”  materials  in  the  sense 
of  having  high  elastic  constants  and  large  cohesive  energies  and  are  generally  resistant  to  harsh 
environments,  including  radiation.  In  the  area  of  optoelectronics,  they  may  fulfill  the  need  for 
matei'ials  emiting  light  of  short  wave  lengths.  Blue  light  emission  is  needed  for  full  color  displays 
and  UV  cuussion  Is  optimal  for  optical  communications  because  of  its  higher  information  density. 

While  each  of  these  materials  clearly  has  advantages  over  silicon  and  other  more  traditional 
IIl-V  and  II- VI  semiconductors,  the  question  arises  how  they  compare  relative  to  each  other. 
Specifically,  what  are  their  similarities  and  differences  which  may  give  one  of  these  a  unique 
advantage  for  a  particular  application?  This  paper  attempts  to  provide  at  least  partial  answers 
to  this  question  by  describing  the  trends  in  ba,sic  physical  properties  among  these  and  related 
materials.  An  important  question  in  this  context  is;  How  well  do  we  actually  know  the  basic 
properties  of  these  materials?  Often  the  properties  quoted  in  the  literature  are  based  on  early 
measurements  on  materials  of  poor  quality.  We  believe  that  now  that  materials  growth  and 
jmrity  jrroblems  are  being  solved,  the  time  is  ripe  to  re-ca.refully  evaluate  the  basic  properties 
of  these  materials.  In  some  cases,  the  intrinsic  materials  properties  can  at  present  be  calculated 
from  first-principles  accurately  enough  to  set  the  standard  for  what  high-quality  material  should 
achieve.  This  is,  for  example,  the  case  for  elastic  constants  and  band-structure  deformation 
l)otentials.  The  computational  aspects  and  theoretical  framework  will  be  described  along  with 
the  results.  Besides  the  better  materials  quality,  another  aspect  makes  it  worthwile  to  restudy 
the  fundamental  properties  such  as  the  electronic  structure  of  these  materials.  Compared  to  the 
situation  at  the  time  of  the  pioneering  studies  on  these  materials,  the  theoretical  capabilities  have 
greatly  improved.  For  example,  comparison  between  calculated  and  experimental  photoemission 
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Table  I:  Some  key  properties*  of  diamond,  SiC,  GaN  and  AIN 


diamond- C 

SiC 

GaN 

AIN 

ELECTRONIC 

Eb  (10’^  V/cm) 

100 

40 

20 

Vsat  (10’  cm/s) 

2.7 

2.5  (for  3C) 

2.0 

E,  (eV) 

5.5 

2.4-3.3 

3.5 

6.3 

indirect 

indirect 

direct 

direct 

THERMAL  AND  DIELECTRIC 

K  (W/cm  K  at  300  K) 

20 

5 

1.5 

3.2 

5.5 

9.7 

9.5 

9.1 

^co 

5.5 

6.5 

5.0 

4.8 

COHESIVE  AND  ELASTIC 

bond  strength  (eV/bond) 

3.7 

3.2 

2.2 

2.9 

B  (10^  GPa) 

4.4 

2.2 

2.0 

STRUCTURAL 

bond  length  (A) 

1..54 

1.88 

1.95 

1.89 

TT  bonded  structures 

yes 

no 

no 

no 

number  of  known  polytypes 

2 

~100 

2 

2 

*  Eb,  Vsat^  fo  fto'u  [3],  bond  energies  from  [4]  remaining  quantities  from  [5]. 


and  UV-reflectance  spectra  allowed  us  to  probe  many-body  effects  beyond  the  single  particle 
band-structure  picture. 

This  paper  is  mainly  concerned  with  the  intrin.sic  properties  of  the  materials.  Of  course,  many 
practical  prolrlems  remain  to  be  solved  to  achieve  the  promise  of  these  materials.  As  such,  the 
present  state  of  progress  of  each  of  the  above  identified  classes  of  materials  is  quite  different  and 
each  has  its  own  set  of  problems  which  are  most  immediate.  We  will  only  briefly  comment  on 
those  because  we  here  want  to  emphasise  the  long-term  perspective  and  address  the  question  for 
which  areas  each  of  one  of  these  materials  may  ultimately  find  a  unique  advantage. 


RELATIONSHIPS  AMONG  FUNDAMENTAL  PROPERTIES 

To  start  our  comparison  of  diamond,  silicon  carbide  and  the  group-III  nitrides,  we  consider 
some  of  the  key  properties  of  interest  for  electronic  devices  given  in  Table  I  for  diamond,  silicon 
carbide  and  two  representative  Ill-nitrides:  GaN  and  AIN 

Johnson  [1]  proposed  that  the  key  parameters  for  high-frequency  and  high-power  transistors 
are  the  breakdown  field  and  the  saturation  drift  velocity  (for  SiCh  the  latter  depends  on  the 
polytype  with  the  highest  value  corresponding  to  cubic  SiC).  The  saturation  drift  velocity  is 
a  rather  complex  quantity  depending  on  various  scattering  processes  and  details  of  the  band 
structure.  A  complete  theory  of  how  to  calculate  it  from  first  principles  is  not  available.  We  may 
note  that  it  appears  to  be  of  the  same  order  of  magnitude  for  diamond,  SiC  and  GaN.  From  the 
first  part  of  Table  I,  one  would  conclude  that  diamond  has  a  factor  of  two  or  more  advantage  over 
otlier  wide  gap  semiconductors  mainly  as  a  result  of  its  higher  breakdown  field.  Breakdown  again 
is  a  complex  phenomenon  involving  avalanche  ionization  of  defects.  The  ideal  Zener  breakdown 
field,  however,  is  directly  proportional  to  the  magnitude  of  the  band  gap  and  from  this  point 
of  view,  we  would  seem  to  want  gaps  as  large  as  possible.  As  far  as  the  gaps  themselves  are 
concerned,  nitrides  seem  to  be  leading  with  gaps  as  high  a.s  6.3  eV  for  AIN  and  even  6.4  eV  for 
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c-BN.  Furthermore,  the  wurtzite  compounds  AIN,  GaN  and  luN  all  have  direct  gaps  while  SiC, 
diamond  and  c-BN  all  have  indirect  gaps.  This  is  an  important  advantage  for  optoelectronic 
light-emitting  devices  and  we  will  thus  discuss  in  some  detail  what  determines  the  directness  or 
indirectness  of  the  gaps. 

Also,  the  question  arises  whether  a  material  closer  in  overall  properties  to  diamond  exists 
which  would  have  a  direct  gap.  We  have  recently  shown  [6,  7]  that  BeCN2  in  the  chaJcopyrite 
structure  indeed  has  a  direct  gap.  This  material,  which  combines  only  elements  of  the  second  row 
of  the  periodic  table  has  a  volume  per  atom  and  elastic  properties  intermediate  between  diamond 
and  BeO,  i.e.  it  is  more  diamond-like  than  silicon-carbide-like.  It  remains  to  be  synthesised, 
but  calculations  of  the  energy  of  formation  of  it  and  related  beryllium  compounds  suggest  this 
should  be  possible  [8].  We  expect  ir-bonding  to  be  supressed  in  this  case  because  of  the  higher 
ionicity.  Indeed,  ir-bonded  structures  also  do  not  occur  for  BeO  [9].  We  note  that  an  entire  class 
of  materials  with  formula  II-IV-N^,  with  the  group-II  element  being  Be  or  Mg  and  the  group-IV 
one  either  C  or  Si,  has  quite  interesting  band  structures  and  may  deserve  some  more  experimental 
attention  [7]. 

Keyes  [2]  argued  that  ultimately  the  limiting  factor  for  high  frequency  high-power  devices  is 
how  fast  the  heat  can  be  dissipated,  thus  placing  strong  emphasis  on  the  thermal  conductivity  k. 
Also,  the  speed  with  which  charge  can  be  moved  around  in  space  in  a  device  is  roughly  speaking 
inversally  proportional  to  the  dielectric  constant.  Again,  we  see  that  diamond  has  important 
advantages  from  this  point  of  view  with  a  factor  four  to  its  nearest  competitor  (SiC)  in  thermal 
conductivity  and  a  factor  two  in  the  static  dielectric  constants.  The  main  reason  why  the  other 
materials  have  larger  static  dielectric  constants  (cp)  is  that  they  have  an  ionic  contribution  related 
to  the  motion  of  the  ions.  Their  high  frequency  dielectric  constants  (Coo)  are  roughly  inversally 
proportional  to  the  gap  and  thus  also  of  the  order  of  5-6,  i.e.  comparable  to  that  of  diamond. 

Since  these  materials  are  insulating  their  high  thermal  conductivity  is  clearly  phonon- 
mediated.  The  intrinsic  materials  quantities  determining  the  heat-conductivity  are  thus  the 
sound  velocities,  which  are  high  because  of  the  high  elastic  constants.  Following  Slack  [10],  the 
thermal  conductivity  k  at  room  temperature  scales  with  MS6p  where  M  is  the  average  mass  per 
atom,  S  is  half  the  effective  cubic  lattice  constant  and  Oo  is  the  Debye  temperature.  The  latter  is 
proportional  to  with  B  the  bulk  modulus,  which  gives  a  convenient  measure  for  the  elastic 
strength  of  the  materials.  The  latter  and  the  high  cohesive  energy  is  also  what  provides  all  these 
materials’  resistance  to  adverse  environments  and  radiation  damage.  In  fact,  a  number  of  pro¬ 
cesses  leading  to  damage  such  vacancy  production,  dislocation  kink  formation  and  migration, 
all  scale  with  the  bond  strength.  Tliis  is  also  of  crucial  importance  for  high  power  operation 
because  of  thermal  creation  of  defects  often  limits  performance  and  lifetime  of  devices.  The  bulk 
modulus  of  diamond  (and  c-BN)  is  larger  than  that  of  SiC  by  a  factor  2  and  also  its  bond  energy 
(cohesive  energy  per  bond  with  respect  to  neutral  atoms)  is  significantly  higher  than  for  the  other 
materials.  It  is  indeed  well-known  that  diamond  is  the  hardest  material  known  and  as  such  finds 
numerous  applications  of  a  mechaniced  nature.  This  is  closely  related  to  its  short  bond  length 
and  hence  high  number  density. 

From  the  above,  it  appears  that  diamond  has  significant  advantages  over  the  other  materials, 
except  for  the  indirectness  of  the  gap.  From  a  structural  point  of  view,  however,  carbon  has  an 
important  disadvantage.  That  is  the  occurence  of  a  competing  structure,  namely  graphite.  In 
fact,  there  exists  a  whole  series  of  forms  of  carbon  such  as  fullerenes,  which  are  all  characterized 
by  TT  bonding.  BN  also  has  a  layered  graphite-like  structure  with  tt  bonding  (nameiy  h-BN)  while 
this  is  not  the  case  for  SiC  or  the  other  Ill-nitrides.  In  several  respects,  in  fact,  BN  is  more 
similar  to  diamond  than  to  the  other  Ill-nitrides.  This  indicates  that  the  key  to  understanding 
their  properties  is  the  fact  that  C,  B  and  N  all  are  from  the  second  row  of  the  periodic  table  while 
the  other  compounds  contain  one  element  from  tliis  row  combined  with  elements  from  other  rows 
of  the  periodic  table.  Below,  we  will  discuss  how  this  is  reflected  in  more  detail  in  the  trends  in 


the  band  structure. 

The  existence  of  n  bonded  structures  for  C  and  BN  and  absence  of  it  for  the  other  materials 
is  arguably  the  major  factor  holding  up  progress  in  crystal  growth  of  diamond  and  c-BN.  In  fact, 
for  these  materials  heteroepitaxial  growth  of  single  crystal  films  is  still  a  major  challenge.  Recent 
calculations  suggest  that  the  interplay  between  graphitic  and  tetrahedral  bonding  may  play  an 
important  role  in  the  nucleation  step  of  diamond  [11].  Hydrogen  saturation  essentially  converts 
planar  hexagonal  sp^  bonding  into  sp®  bonding.  When  this  happens  at  the  edge  of  a  graphite 
layer,  it  leads  to  a  curling  of  the  graphite  sheet  in  such  a  way  that  it  can  bond  to  the  next 
graphite  layer.  The  resulting  hydrogenated  prism-plane  surface  structure  forms  an  ideal  nucleus 
for  subsequent  diamond-growth.  Experimental  evidence  that  the  nucleation  step  of  diamond 
occurs  through  a  graphitic  intermediate  in  the  manner  described  above  is  stiil  accumulating.  For 
example,  Fallon  and  Brown  [12]  using  energy  electron  loss  spectroscopy  (EELS)  in  a  scanning 
transmission  electron  microscope  found  evidence  for  graphitic  amorphous  carbon  trapped  at  grain 
boundaries  in  diamond  films.  Although  this  does  not  prove  that  this  layer  originates  from  the 
nucleation  step,  it  is  suggestive  of  it.  Very  interestingly,  Davidson  and  Pickett  [13]  recently 
predicted  that  diamond  surface  layers  may  graphitize  near  steps.  This  suggests  that  step  growth 
on  diamond  may  take  place  through  a  graphitic  intermediate  as  well.  Relatedly,  Koizumi  and 
Inuzuka  [14]  have  shown  that  in  diamond  growth  on  c-BN,  graphitic  carbon  can  be  detected  near 
steps  in  the  early  stages. 

Another  major  impediment  for  diamond  epita.\ial  growth  is  its  very  high  surface  energy  and 
the  iack  of  any  tetrahedrally  bonded  substrate  with  close  lattice  matching  besides  c-BN  which 
itself  suffers  from  the  same  problems  as  diamond.  The  above  mentioned  BeCNj  and  related 
tetrahedrally  bonded  new  materials  with  lattice  constants  intermediate  between  SiC  and  diamond 
may  be  helpful  in  this  context. 

For  SiC,  another  structural  problem  is  the  existence  of  a  large  number  of  closely  related  crystal 
structures,  called  polytypes,  corresponding  to  slightly  different  stackings  of  what  are  the  {111} 
layers  in  the  cubic  polytype  (3C)  (sometimes  called  /?-SiC)  and  the  {0001}  layers  in  hexagonal 
polytypes  (collectively  denoted  a-polytypes).  While  this  may  seem  a  disadvantage,  it  may  actually 
turn  out  to  be  an  advantage  if  the  polytype  growth  can  be  controlled.  They  are  in  some  sense 
natural  superlattices  of  a  special  type,  namely  superlatttices  with  twin  pianes  as  boundaries. 
Important  progress  has  been  made  not  only  in  understanding  the  origin  of  polytypism  [1-5],  but 
also  in  its  empirical  control  during  growth  [16].  This  does  not  imply  that  one  follows  from  the 
other!  At  present,  polytype  control  is  still  a  largely  empirical  achievement  without  guidance 
from  first  principles  thermodynamics.  Surface  step  control,  purity,  surface  diffusion  controiled 
by  sui-face  temperature,  etc.  seem  to  play  a  more  important  roie  in  the  growth  than  does  bulk 
thermodynamics.  In  the  present  paper,  we  explore  some  of  the  consequences  of  polytypism  for 
the  electronic  structure.  Although  the  nitrides  naturally  occur  in  the  (hexagonal)  wurtzite  form 
(referred  to  as  2H  in  the  case  of  SiC),  the  zincblende  form  can  be  stabilized  epitaxially.  We  will 
show  that  the  changes  in  band  structure  between  wurtzite  and  zincblende  are  very  similar  in 
diamond,  SiC  and  the  nitrides  and  are  an  important  ingredient  in  understanding  the  directness 
or  indirectness  of  the  gaps. 

There  are  many  other  relationships  among  the  properties  of  these  materials  that  are  worth¬ 
while  exploring.  For  example,  the  bond  strengths  clearly  must  play  a  role  in  the  ease  with  which 
native  defects  are  produced  and  as  such  in  the  ease  with  which  these  materials  can  be  doped.  The 
band-structure  alignment  at  heterojunctions  and  in  alloys  plays  also  a  role  in  the  doping  prob¬ 
lem.  Other  papers  in  this  conference  deal  with  the  doping  issue.  Phonons  and  electron-phonon 
coupling  are  important  for  the  high-temperature  electronic  transport.  We  have  only  just  started 
to  explore  this  by  evaluating  some  of  the  band-structure  deformation  potentials  [17,  18]. 

In  summary,  diamond  (and  c-BN)  have  intrinsically  superior  properties  than  the  other  wide- 
gap  semiconductors,  but  are  much  more  difficult  to  grow.  The  Ill-nitrides  (AIN,  GaN,  InN) 
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Figure  1:  Relation  between  hexagonal  and  cubic  Brillouin  zones 


have  an  important  advantage  for  optoelectronics  because  of  their  direct  gaps.  Materials  quality, 
however,  is  at  present  highest  for  SiC.  It  is  the  only  material  for  which  large  high-purity  single 
crystal  fdms  can  presently  be  fabricated.  Because  of  the  close  lattice  match  between  SiC  and  the 
nitrides,  one  may  expect  that  SiC  will  also  play  an  important  role  as  substrate  for  the  lll-uitrides. 
There  is  thus  ample  reason  to  study  each  of  these  materials  in  detail. 


STRUCTURAL  EFFECTS  ON  THE  ELECTRONIC  BAND  STRUCTURE 

In  this  section,  we  focus  on  the  effects  of  polytypism  on  the  electronic  band  strncture.  Since 
these  are  most  complex  in  SiC,  we  focus  on  it.  We  first  review  the  basics  about  polytypism. 
The  two  “extreme”  polytypes  are  zincblende  (pure  cubic  stacking)  and  wurtzite  (pure  hexagonal 
stacking).  While  commonly  the  stacking  is  described  by  ABC  for  cubic  and  AB  for  wurtzite,  it 
is  important  to  notice  that  actually  it  is  sufficient  to  inspect  the  bonding  between  two  succesive 
layers  to  distinguish  cubic  from  hexagonal  stacking.  For  hexagonal  stacking,  the  bonds  are 
eclipsed  and  the  hexagonal  rings  joining  the  layers  are  “boaf’-shaped,  while  for  the  cubic  stacking, 
the  bonds  are  staggered  and  the  rings  are  all  “chair”-shaped.  (Of  course,  the  fact  that  we  already 
attach  bonds  in  a  certain  direction  on  the  second  layer,  implies  the  position  of  the  atoms  in 
the  third,  so  there  is  no  contradiction!)  In  fact,  associating  a  fictitious  spin  to  each  layer,  one 
may  then  describe  two  hexagonally  stacked  layers  by  a  change  in  spin  direction,  while  cubic 
stacking  corresponds  to  parallel  spins.  Wurtzite  is  then  described  as  |  |  periodically  repeated, 
while  cubic  is  described  by  |  periodically  repeated.  In  a  similar  manner,  the  common  hexagonal 
polytypes  of  SiC,  4H  and  6II,  and  the  rhombohedral  polytype  1.5R  are  respectively  described  by 
I  I  I  1 ,  I  I  III  I ,  and  I  j  III,  periodically  repeated.  A  single  spin-flip  in  an  otherwise  cubic  structure 
corresponds  to  a.  twin  boundary.  It  is  thus  sufficient  to  tell  the  number  of  parallel  spins  or  distance 
l)etween  succesive  twin  boundaries  to  identify  a  polytype.  This  is  the  principle  of  the  Zhdanov 
[19]  notation,  in  which  2H  is  described  as  (1),  4H  as  (2),  6H  as  (.3),  LSR  as  (23)  and  3C  as 
(oo).  The  overall  structure  in  some  ca.ses  has  hexagonal  symmetry  (denoted  by  nH)  and  in  some 
cases  rhombohedral  (denoted  by  nR)  The  number  in  front  of  the  H  or  R  notation  indicates  the 
translationally  periodic  repeat  length  in  the  c-direction  perpendicular  to  the  layers. 

Inside  each  layer,  the  crystal  structure  consists  of  chair-shaped  he.xagons  in  each  case.  By 
aligning  the  hexagons  in  the  layers  in  cubic  and  hexagonal  structures,  the  reciprocal  spaces  can 
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be  related  and  provide  a  common  framework  for  comparing  band  structures  among  polytypes. 
Among  the  various  hexagonal  polytypes,  the  nH  polytype  has  a  repeat  length  along  the  c-axis 
of  7!/2  times  that  of  the  wurtzite  structure.  Thus,  its  Brillouin  zone  (BZ)  is  essentially  a  ji/2 
times  folded  version  of  the  wurtzite  one  in  the  c-directiou.  We  can  either  fold  the  wurtzite  bauds 
ji/2  times  or  unfold  the  411  and  611  bands  to  make  the  comparison.  The  relation  between  the 
cubic  and  wurtzite  conventional  Brillouin  zones  is  slightly  more  involved  [20]  because  it  iuvoives  a 
rotation  of  coordinate  a.xes  from  the  usual  cubic  ones  to  a  frame  in  which  the  cubic  [111]  direction 
is  parallel  to  the  hexagonal  [0001]  direction  and  the  cubic  [lOl]  is  parallel  to  the  he.xagonal  [1120] 
direction.  Since  the  wurtzite  primitive  cell  contains  two  formula  units  and  the  zincblende  only 
one  this  leads  to  a  somewhat  complicated  folding  of  the  zincblende  band  structure  in  the  wurtzite 
Brillouin  zone.  See  Fig.  1.  For  example,  going  along  the  [111]  direction,  one  goes  from  F^  s  F;, 
to  Ah  to  the  Lc  =  Fft  point.  Thus  both  and  Tj  eigenvalues  appear  at  F;,.  The  subscripts  c 
and  h  here  denotes  cubic  or  he.xagonal.  Becau.se  a.  particular  L  point  or  [111]  direction  among 
the  eight  equivalent  ones  is  chosen  along  the  [0001]  direction,  it  and  its  counterpart  in  the  [ill] 
are  denoted  as  Tj.  (i.e.  perpendicular  to  the  basal  plane).  The  other  six  L  points  are  denoted 
i||  and  are  folded  onto  the  hexagonal  M  —  L/,  or  Uu  axis.  They  occur  at  2/.3  of  the  height  from 
M  to  L  for  the  ideal  c/a  ratio.  This  point  is  indicated  as  P\  in  Fig.  1.  The  cubic  AV  points  are 
also  folded  onto  these  Uh{‘^/3)  =  Pi  points.  The  L  —  Wc  or  axis  is  folded  along  with  the  or 
F  -  A’c  axis  on  the  hexagonal  Th  or  F  -  A'/,  axis.  W  appears  at  3/4  the  F  -  A'^  distance  while  A'^ 
lies  outside  the  first  BZ  along  this  direction.  The  cubic  Kc  point  also  appears  on  the  hexagonal 
T  -  Mh  axis  at  3/4  of  the  distance.  Finally,  we  note  that  the  hexagonal  polytypes  contain  a 
six-fold  screw  axis  along  the  c-axis  (with  varying  pitch  for  the  different  polytypes)  and  thus  have 
non-symmorphic  space  groups.  As  a  result  of  this  and  time- reversal  [21],  there  is  a  degeneracy  of 
the  bands  on  the  BZ  face  perpendicular  to  the  c-axis.  Armed  with  this  background,  we  can  now 
describe  the  changes  in  the  band  structure  with  polytype. 

The  calculations  of  the  electronic  band  structure  were  performed  using  the  linear  mufTin-tin 
orbital  method  in  the  atomic  sphere  apro.ximation  (ASA)  [22].  Empty  spheres  were  chosen  in 
tile  manner  described  in  [23]  and  differ  for  the  various  polytypes.  For  example,  the  2H  poly¬ 
type  contains  a  large  open  channel  which  is  best  repre.sented  by  two  large  empty  spheres.  The 
spacing  between  the  two  atoms  eclipsing  each  other  near  a  twin  boundary  only  leaves  space  for 
a  small  empty  sphere.  Similar  elongated  interstitial  spaces  exist  in  4B  and  6H.  The  calculations 
also  include  the  combined  correction  and  are  performed  for  the  ideal  c/a  ratio  and  experimental 
volume  per  atom.  The  potential  is  determined  self-consistently  within  the  local  density  func¬ 
tional  approximation  (LDA)  [24]  using  Hedin-Lundqvuist  parametrizatiou  [25].  For  the  k-point 
sampling  12-24  special  k-points  were  used  for  the  he.xagonal  polytypes  and  10-16  for  the  cubic 
case.  Tests  showed  that  the  k-point  sampling  wa.s  adequately  converged.  For  2H-SiC  we  also  per¬ 
formed  so-called  full-potential  (FP)  calculations,  i.e.  all-electron  calculations  without  any  shape 
approximation,  using  the  approach  described  by  Methfessel  [26]. 

Fig.  2  shows  the  bands  of  .3C,  2H,  4H  and  6H  SiC.  Comparing  first  211  and  4H-SiC,  one  may 
notice  that  essentially  the  bands  in  the  211  A  -  L  —  H  plane  (surface  of  the  2H-BZ)  are  folded 
onto  the  F  —  Jlf  —  A’  plane  of  the  4H-BZ.  However,  the  forced  degeneracy  is  iifted  and  leads 
to  a  small  splitting.  A  non-symmorphic  symmetry  related  degeneracy  appears  on  the  new  411 
A  —  L  -  H  plane.  Similarly,  the  bands  of  6H  are  folded  in  three.  This  implies  that  the  eigenvalues 
of  the  L  -  A  —  K2H  plane  are  folded  onto  the  new  L  —  A  —  A'er/  plane  while  the  new  eigenvalues 
appearing  in  the  F  —  M  —  A”  plane  correspond  to  the  eigenvalues  in  a  plane  at  2/3  of  the  height 
along  the  c-direction  of  the  2H-BZ.  This  is  illustrated  in  Fig.  3  for  the  lowest  conduction  bands 
along  the  M  -  L  axis.  The  reason  for  emphasizing  this  part  of  the  band  structure  is  that  this  is 
tile  region  of  the  BZ  where  the  minimum  band  gap  occurs  for  all  polytypes  considered  except  for 
211.  One  may  notice  that  a  band-crossing  in  2H  along  this  axis  appears  to  be  lifted  by  a  gradualiy 
increasing  interaction  going  from  4H  to  6H.  We  may  also  notice  that  the  occurence  of  an  odd 
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Figure  4:  Baud  gaps  in  SiC  polytypes 

or  even  number  of  foldings  of  the  bands  of  the  2H  zone  makes  a  qualitative  difference.  Indeed, 
this  leads  to  a  degeneracy  at  the  folded  out  L^h  point  for  6H  but  not  for  4H.  These  symmetry 
constraints  on  the  band-structure  have  an  important  effect  on  where  the  minimum  occurs.  For 
4H  we  find  two  closely  spaced  minima  at  M  (one  related  to  Mm  and  one  to  L2H  )■  For  6H,  the 
minimum  lies  along  the  L  —  M  a.xls  (leading  to  6  instead  of  3  equivalent  valleys)  but  stays  close 
to  M.  The  minimum  in  3C  occurs  at  the  A'c  point,  or,  on  M  -  L  2/3  of  the  way  to  L.  We  note 
that  for  4H,  there  are  indirect  experimental  indications  that  the  minimum  may  lie  at  an  even 
lower  symmetry  point  with  12  equivalent  minima  [27].  This  is  based  on  the  number  and  spacing 
of  phonon  replicas  in  photoluminesceuce  spectra  from  the  N-donor.  We  do  not  find  evidence  for 
this  in  our  present  band  structure.  We  note,  however,  that  the  present  band  structure  for  4H  was 
calculated  within  the  ASA.  For  2H,  for  which  we  did  both  ASA  and  FP  calculations,  the  bands 
along  M  ~  L  are  found  to  be  rather  insensitive  to  the  non-spherical  corrections  to  the  potential. 
Nevertheless,  we  cannot  completely  exclude  the  possibility  that  the  minimum  for  4H  would  occur 
at  a  point  of  lower  symmetry.  FP  calculations  are  in  progress  to  sort  this  out. 

For  2II-SiC,  the  minimum  gap  occurs  at  the  K  point  instead  of  along  the  M  —  L  line.  We 
found  it  essential  to  perform  a  FP-LMTO  calculation  to  obtain  this  result.  In  the  ASA,  the 
minima  at  M  and  K  are  nearly  degenerate.  Fig.  2  show  the  bands  of  3C  in  the  2H-BZ  for  easy 
comparison  to  the  other  polytypes.  Comparing  3C  and  2H,  one  notices  that  the  conduction  band 
state  A'fc  moves  up  going  from  3C  to  2H  while  the  state  moves  up  going  from  2H  to  3C. 
Here  the  subscript  indicates  the  symmetry  representation  of  the  particular  state  with  c  indicating 
that  it  is  a  conduction  band  state  and  the  superscript  indicates  that  the  k-point  notation  is 
for  the  zincblende  (zb)  or  wurtzite  (wz)  structure  irrespective  of  whether  the  structure  actually 
is  3C  or  2II.  In  both  cases,  the  gap  is  larger  for  the  structure  in  which  the  corresponding  k- 
point  has  a  reduced  symmetry.  Inspection  of  the  wavefunction  of  the  state  shows  that  it 
is  a  purely  state  in  2H,  i.e.  only  contain  p-orbitals  perpendicular  to  the  c-a.xis.  In  the  .3C 
structure,  the  symmetry  of  this  k-point  is  reduced  and  the  eigenvector  contains  also  s  and  p, 
components.  (We  ignore  d-components  throughout  this  discussion.)  The  lower  symmetry  allows 
for  more  interactions  with  valence  band  states  and  apparently  leads  to  the  the  upward  shift  of 
this  state.  Fig.  4  shows  an  overview  of  the  minimum  gaps  as  a  function  of  hexagonality  of  the 
polytype.  (Hexagonality  is  defined  as  the  fraction  of  sites  with  local  hexagontd  stacking.)  We 
note  that  hexagonality  alone  does  not  completely  describe  the  differences  in  the  band  structure 


572 


ill  the  sense  that  the  band  gaps  do  not  vaiy  monotonicaJly  with  it.  For  example,  the  F  -  K 
gap  is  closer  to  that  of  2H  in  6H  than  in  4H.  Also,  while  the  minimum  gap  along  the  M  -  L 
axis  indeed  varies  nearly  linearly  with  hexagonality,  there  are  qualitative  changes  in  the  bands 
depending  on  whether  the  number  of  foldings  of  the  2H-zone  is  even  or  odd.  This  will  lead  to 
different  effective  mass  tensors,  differences  in  possible  scattering  mechanisms  between  equivalent 
or  nearly  equivalent  minima  and  hence  in  the  mobilities.  We  note  that  important  differences 
between  the  mobilities  between  4H  and  6H  SiC,  and  particularly,  their  anisotropy  were  reported 
at  this  meeting  by  Schaffer  et  al.  [28].  Our  present  band  structures  for  6H  predicts  a  larger 
anisotropy  of  the  effective  mass  than  in  4H,  the  m||  being  roughly  twice  that  in  the  c-direction  in 
6H  than  the  mx  masses  of  either  6H  or  4H.  The  nearness  of  the  equivalent  U-valleys  at  positive 
and  negative  along  the  c-axis  in  6H  and  the  shallow  barrier  between  them  suggests  that  one 
might  effectively  treat  them  as  a  single  (double  minimum)  valley  with  an  even  larger  mass  m||. 
This  corresponds  to  the  assumption  that  scattering  between  such  nearby  valleys  is  easy  and  would 
lead  to  the  prediction  of  an  even  a  larger  anisotropy  in  the  mobilities  than  that  due  to  the  masses 
in  each  U-valley  alone.  At  present,  however,  we  cannot  yet  provide  a  quantitative  description  of 
this  effect.  These  differences  in  the  conduction  band  minimum  energy  surface  will  also  influence 
the  nature  of  shallow  donor  states.  A  complete  theory  of  these  effects  remains  to  be  constructed. 

For  the  nitrides,  the  same  systematic  shifts  occur  for  eigenvalues  at  Kh,  Mh  and  A'^.  Their 
trends  wiU  be  discussed  in  the  next  section.  The  same  changes  also  occur  between  lonsdaleite 
(hexagonal  packing)  and  diamond  (cubic  stacking)  as  shown  by  Salehpour  and  Satpathy  [20]. 
Even  for  BeO,  the  same  trends  persist  [29].  This  strongly  indicates  that  it  is  a  genuine  structural 
effect,  largely  independent  of  the  atomic  potentials. 


TRENDS  WITH  lONICITY  AND  ATOMIC  NUMBER 

As  mentioned  earlier,  the  key  feature  shared  by  diamond,  SiC  and  the  group-III-Nitrides  is 
that  they  contain  an  element  of  the  second  row  of  the  periodic  table.  Since  the  latter  (C  and 
N)  do  not  have  p-like  core-states  below  the  2p  valence  level,  they  have  rather  deep  valence  levels 
with  rather  compact  orbitals.  In  fact,  the  2s  and  2p  orbitals  have  about  equal  spatial  extent  as 
opposed  to  later  rows  where  the  p-like  valence  orbitals  tend  to  be  more  diffuse  than  the  s-like 
orbitals.  This  plays  a  role  in  why  ir  bonding  is  favored  for  the  second  row  elements  [30].  Indeed, 
it  means  that  there  is  less  advantage  in  s  — p  promotion  to  form  directed  bonds  because  ir  bonding 
between  p-orbitals  is  an  alternative  effective  way  to  strengthen  the  bonds.  It  means  that  these 
elements  have  a  choice  between  sp^  hybridisation  or  sp®“”  hybridization  complemented  by  n  ir 
bonds.  It  is  also  the  basic  reason  why  the  covalent  component  of  the  bonding  is  stronger  than 
for  other  group-IV  or  III-V  semiconductors.  This  leads  to  small  lattice  constants,  high  cohesive 
energies  and  large  elastic  constants  and  hence  “hardness”  in  a  general  sense. 


Table  II:  A'f  -  A'|  splitting  (in  eV)  as  a  function  of  polarity  (a,,). 


Op 

\Xi-X^\  (eV) 

BP 

0.018 

0.25 

SiC 

0.473 

3.27 

AIN 

0.807 

7.29 
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Figure  5:Total  charge  density  Figure  6:  Trends  in  the  eigenvalues  of  the  group-III  nitrides 

of  3C-SiC  in  {110}-plane  solid  lines:  zincblende,  dashed  lines:  wurtzite 

It  also  leads  to  large  gaps,  not  only  because  of  the  high  covalent  component,  but  also  because 
of  the  large  ionic  component.  Even  in  SiC,  a  IV-IV  compound,  the  bonding  has  a  significantly 
ionic  character  because  of  the  large  energy  difference  between  the  Si  (.3s,  3p)  and  C  (2s,  2p) 
valence  levels.  A  plot  of  the  charge  density  (calculated  using  the  ASA  for  the  potential  but  not 
for  the  final  charge  density),  displayed  in  Fig.  5  clearly  shows  the  strong  asymmetry  Iretween  Si 
and  C.  This  ionic  component  is  even  stronger  in  the  nitrides  because  of  the  additional  effect  of  the 
valency  difference.  Interestingly,  for  the  borides  [31]  (BP,  BN,  BAs)  there  is  instead  a  reduction 
in  ionicity.  This  results  from  the  fact  that  it  is  the  group-III  element  (normally  the  cation!)  that 
comes  from  the  second  row  of  the  periodic  table  and  hence  has  a  low-lying  level.  As  a  result,  the 
ionicity  of  BP  and  BAs  is  so  low  that  the  ionic  character  is  reversed:  i.e.  B  becomes  the  anion, 
in  the  sense  that  it  draws  more  charge  around  it  than  P  or  As.  This  has  been  noted  to  have 
important  effects  for  the  bonding  at  interfaces  between  these  and  related  materials  [31].  It  also 
can  be  seen  clearly  in  certain  band  splittings,  e.g.  the  Af  —  .VI  splitting  in  these  compounds  in 
the  zincblende  structure  as  can  be  seen  in  Table  II. 

Ne.xt,  we  consider  the  trends  of  the  eigenvalues  with  cation  in  the  series  of  nitrides  as  shown 
in  Fig.  6.  Full  details  of  the  calculations  of  the  band  structures  of  these  compounds  can  be  found 
in  [34].  Fig.  6  shows  the  important  eigenvalues  near  the  gap,  i.e.  the  valence  band  maximum 
Fij  for  ZB  or  Ff  and  FJ  for  wurtzite,  the  conduction  band  Fj  and  A'j  for  WZ  and  A’f  for 
ZB  which  are  “competing”  for  the  minumum.  The  conduction  band  Ff  states  in  both  wurtzite 
and  zincblende  are  mostly  s-like  (actually  purely  s-like  in  ZB)  and,  being  antibonding  states, 
have  important  cation-s  components.  One  may  see  that  these  states  show  the  largest  variation 
with  atomic  number,  and,  in  particular,  are  monotonically  decreasing  with  increasing  atomic 
number.  Of  course,  the  above  statement  requires  that  we  compare  the  different  band  structures 
with  respect  to  the  same  reference  level.  The  natural  reference  level  used  here  is  the  ASA  zero  of 
energy  [32]  which  coresponds  to  the  average  of  the  point  charge  electrostatic  potential  and  is  close 
to  the  average  potential  in  the  interstitial  region.  This  is  not  sufficiently  accurate  to  determine 
band-offsets  because  that  requires  consideration  of  charge  transfer  but  is  sufficient  for  our  present 
qualitative  discussion.  The  reason  for  the  downward  trend  with  atomic  number  is  well  known  and 
also  ocurs  for  example  in  the  series  C-Si-Ge-Sn.  It  is  simply  due  to  the  fact  that  s-orbitals  have  a 


Table  III:  Polarities  (op)  calculated  from  TB-ASA-LMTO  potential  parameters. 


SiC 

BN 

AIN 

GaN 

InN 

BP 

AlP 

GaP 

AlAs 

GaAs 

a„  0.473 

0.475 

0.807 

0.771 

0.792 

0.018 

0.490 

0.451 

0.443 

0.404 

non-zero  value  at  the  nucleus  and  as  such  feel  the  —Z/r  potential.  Thus,  heavier  elements  have 
lower  s-levels  with  respect  to  corresponding  p-levels.  Since  the  Fi  state  is  s-like  and  the  A'f-level 
in  zincblende  (or  diamond)  is  a  mixture  of  s  and  p-like  components  and  the  A'l  state  in  wurtzite 
or  loudaleite  is  purely  p-like,  this  explains  why  diamond,  SiC  and  BN  are  indirect  gap  materials 
in  either  zincblende  or  wurtzite  structure  while  GaN  and  InN  are  direct  in  both.  AIN  turns  out 
to  be  indirect  in  the  zincblende  structure  and  direct  in  the  wurtzite.  Even  in  WZ,  however,  the 
indirect  and  direct  gap  in  AIN  are  close  to  each  other.  Fig.  6  shows  that  the  variation  of  FJ 
is  linear  from  A1  to  In  but  has  a  different  slope  between  B  and  Al.  This  emphasizes  again  the 
peculiar  role  of  the  second  row  elements.  Li  addition,  the  Fj5  state  is  lower  in  c-BN  than  the  Fj 
state.  This  again  is  a  manifestation  of  the  relative  energies  of  p  and  s-levels  and  thus  a  result, 
once  again  of  the  absence  of  a  p-like  core  for  2p  wave  functions.  We  note  that  the  levels  shown  are 
LDA  levels  and  that  the  latter  is  known  to  underestimate  conduction  band  levels.  This  problem 
is  well  understood.  As  will  be  discussed  in  a  later  section,  the  difference  between  the  self-energy 
of  quasiparticles  and  the  LDA  exchange- correlation  potential  to  a  good  approximation  leads  to 
a  constant  upward  shift  of  the  conduction  bands.  It  is  noteworthy  that  for  zb- InN,  the  LDA  gap 
is  actually  negative  while  the  real  gap  is  1.9  eV.  The  latter  is  thus  almost  entirely  due  to  the 
self-energy  correction. 

The  tight-binding  ASA-LMTO  method  may  be  used  to  define  a  polarity  or  ionicity  scale  [.33]. 
The  polarities  of  some  of  the  compounds  of  interest  here  are  given  in  Table  III.  It  shows  that  BN 
has  an  ionicity  close  to  that  of  SiC  and  distinctly  lower  than  that  of  the  other  nitrides.  This  is  a 
consequence  of  the  low-lying  2p-level  in  the  second  row  group-III  element  B  as  discussed  above. 
This  is  also  probably  related  to  the  fact  that  for  BN  the  zb  structure  is  more  stable  than  the  wz, 
while  all  other  nitrides  prefer  the  wz  structure.  Ionicity  indeed  is  known  to  favor  wurtzite  [1.5,  3.5]. 
Ionicity  also  explains  why  the  bandgap  variation  is  so  much  stronger  in  the  III-N  series  than  in 
the  III- As  or  III-P  series.  The  reason  is  that  the  high  ionicity  makes  the  cation  component  of  the 
Fj  state  relatively  more  important.  The  lower  ionicity  of  GaP  compared  to  GaN,  for  example, 
explains  why  GaP  has  an  indirect  gap.  Indeed,  the  FJ  state  having  a  smaller  Ga  (heavy  element) 
component  is  less  sensitive  to  the  nuclear  potential  and  lies  relatively  higher  with  respect  to  the 
Gaj,-Pj  like  A'f  state.  By  the  time  we  get  to  GaAs,  the  anion  is  also  a  heavier  element  and  thus  it 
also  tends  to  bring  the  FJ  state  down  with  respect  to  p-like  states.  Ionicity  also  explains  why  SiC 
is  indirect  in  both  structures  while  AIN  is  only  direct  in  wurtzite.  The  reason  is  that  SiC  being 
less  ionic  has  a  relatively  smaller  component  of  the  Si  (i.e.  “heavier”  element)  in  the  conduction 
band  Fj  state.  We  note  that  even  for  Si,  the  p-like  Ffj  state  lies  below  the  s-like  Fi  state. 

Obviously,  these  insights  in  the  trends  are  important  for  the  understanding  of  alloys  and 
heterostructures.  We  have  performed  calculations  for  SiC-AlN  [34],  SiC-BP  [8],  diamond-c-BN 
[36]  and  AlN-GaN  alloys  [37]  and  heterojunctions  [31,  38,  39].  We  briefly  mention  here  that 
charge  re-arrangements  are  generally  found  to  be  more  important  in  the  heterovalent  systems. 
They  lead  to  important  dipole  contributions  to  the  offset  and  to  extemely  large  bowings  for  the 
band  gap  variation  with  concentration.  For  Ali,Gai_j,N,  on  the  other  hand,  the  bowing  is  very 
small  [37].  In  that  case,  the  above  discussed  trends  help  to  explain  the  cross-over  from  direct  to 
indirect  gaps. 
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Table  IV:  Calculated  cubic  elastic  constants  (in  GPa)  for  AIN,  GaN,  and  SIC  and  Vjo  phonon 
frequencies  (hwjo)  (in  cm“^);  experimental  values  in  parentheses 

AIN  GaN  SiC 


Cu 

304  (328)“ 

296  (264)“ 

420  (390)*’ 

Cl2 

152  (139) 

154  (153) 

126  (142) 

C44 

199  (133) 

206  (68) 

287  (256) 

huJTO 

702  (668)“ 

603  (OOG)”* 

796  (796)“ 

“  Sherwin  and  Drummond  [43] 

Arlt  and  Schodder  [44] 

Sanjurgo  et  al.  [41] 

Using  wurtzite  data  from  Periin  et  al.  [45]. 
'  Olego  and  Cardona  [46]. 


ELASTIC  CONSTANTS  AND  STRAIN  EFFECTS 

Elastic  constants  being  integral  total  energy  properties  are  rather  insensitive  to  the  details  of 
the  band  structure.  Thus,  it  is  a  good  approximation  to  derive  the  elastic  constants  for  wurtzite 
from  those  of  zincblende  by  transforming  the  tensor  with  the  appropiate  coordinate  rotation. 
Martin  [40]  showed  that  the  difference  between  the  nearest  neighbor  tetrahedra  in  the  two  cases, 
which  are  twinned  with  respect  to  each  other,  can  easily  be  taken  account  as  a  correction.  This 
correction  is  in  fact  small  for  the  materials  considered  here.  Similarly  [41],  one  can  define  an 
effective  cubic  TO-phonon  frequency  by  =  [uijQ(Ai)-\-'2JjQ(Ei)]lZ  in  terms  of  the  wurtzite 
A]  and  Ex  phonon  modes.  Elastic  constants  have  been  calculated  in  our  group  using  full-potential 
LMTO  for  zincblende  SiC,  [17],  GaN  [18],  AIN  and  InN  [42].  In  all  cases  the  best  or  only  direct 
experimental  data  available  are  for  hexagonal  polytypes.  The  experimental  values  shown  below 
are  derived  from  those  by  the  inverse  tensor  transformation. 

In  contrast  to  the  other  elastic  constants  and  to  wroi  fhe  Cm  are  not  in  good  agreement 
with  experimental  data  for  AIN  and  GaN.  For  GaN  this  is  proirably  due  to  the  fact  that  the 
experimental  values  quoted  are  not  based  on  sound  velocity  measurements,  which  normally  give 
the  most  accurate  elastic  constants,  but  on  indirect  methods  such  as  X-ray  diffraction  linewidths 
[47]  measured  on  powders.  For  AIN,  the  crystalline  quality  may  have  been  a  problem.  Because  of 
the  excellent  agreement  (10  %)  of  our  calculations  with  experiment  for  the  related  total  energy 
quantities,  such  as  the  cubic  Pro  phonon  freqeuncy,  we  believe  that  our  calculated  values  are 
more  accurate  than  currently  available  measurements  for  the  elastic  constants.  This  suggests  an 
important  need  to  redetermine  elastic  constants  on  high-quality  crystals  of  these  materials.  The 
availability  of  better  crystals  and  new  techniques  for  working  with  smaller  samples  are  promising 
for  this  purpose. 

The  band  structure  changes  under  uniaxial  and  hydrostatic  strains  are  important  for  two 
reasons.  First,  epita..\ial  films  are  often  subject  to  biaxial  strains  due  lattice  mismatch  to  the 
substrate.  Second,  uniform  strains  correspond  to  the  long-wavelength  limit  of  acoustic  phonons. 
The  acoustic  deformation  potentials,  which  are  obtained  from  the  band-structure  shifts  due  to 
these  strains,  can  be  shown  to  give  the  strength  of  the  long- wavelength  electron-acoustic-phonon 
coupling.  Since  electron  scattering  by  phonons  is  dominant  at  high  temperatures,  these  deforma¬ 
tion  potentials  play  an  important  role  in  high-temperature  electronic  transport  theory.  We  have 
calculated  the  important  deformation  potentials  for  Si  (as  a  test  )  [42],  SiC  [17,  48]  and  GaN[I8] 
and  are  currently  working  on  those  for  AIN  and  InN. 
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SPECTROSCOPIC  PROBES  OF  THE  ELECTRONIC  BAND  STRUCTURE 


While  band  structures  can  nowadays  be  calculated  from  first  principles,  a  reality  check  by 
comparison  to  spectroscopic  data  remains  important.  Furthermore,  the  various  spectroscopic 
probes  provide  information  on  the  many-body  effects  beyond  the  standard  LDA  treatment  used 
for  the  band-structure  calculations.  We  illustrate  this  here  with  the  photoemissiou  and  UV- 
refiectivity  studies  of  GaN. 


Ga3d  and  Iu4d  effects 


Within  a  simple  single-particle  picture.  X-ray  photoemission  spectroscopy  (XPS)  probes  the 
density  of  occupied  states.  An  interesting  aspect  of  the  GaN  band  structure  is  the  overlap  of 
the  Ga3d  bands  with  the  N2s.  This  hybridization  is  important  for  a  correct  description  of  the 
total  energy  properties  and  has  been  the  subject  of  discussion  between  pseudopotential  and  all¬ 
electron  calculation  practioners  for  GaN  [49,  50,  51].  While  the  Ga3d  also  play  a  role  In  GaAs, 
their  effect  is  more  pronounced  in  GaN  because  of  their  overlap  with  the  relatively  deep  N2s 
band.  This  leads'  to  a  significant  dispersion  of  the  Ga3d  levels  into  bauds.  In  addition,  the 
relatively  short  distance  between  Ga  atoms  in  GaN  causes  significant  dispersion  of  the  Ga3d 
bands  by  direct  Ga-Ga.  interactions.  We  have  performed  calculations  for  GaN  in  two  distinct 
ways:  one  treating  Ga3d  as  a  core  level,  and  one  as  a  valence  band.  Treating  the  Ga3d  as  a 
core  level  in  our  calculation  means  imposing  atomic-like  boundary  conditions  on  it  at  the  atomic 
sphere  radius.  The  core  level  and  its  associated  charge  density  are  allowed  to  relax  towards  self- 
consistency  and  thus  to  adjust  to  the  lattice  constant.  One  should  realize  that  this  treatment 
is  different  from  a  “frozen  core”  (or  frozen  overlapping  core  [50])  approximation  which  is  more 
closely  related  to  the  pseudopotential  treatment  as  has  been  discussed  in  detail  by  Fioi-entini 
et  al.  [50].  What  happens  in  our  Ga3d  core-like  treatment  is  that  the  core  wave  functions  are 
artificially  compressed  in  the  small  Ga  spheres  and  thus  have  too  high  kinetic  energy.  The  system 
can  lower  its  energy  by  expanding  the  lattice  constant.  Hence  in  our  Ga3d  core-like  treatment 
we  find  a  lattice  constant  which  is  about  2  %  too  large.  Belatedly,  the  bulk  modulus  is  3  %  too 
small  (compared  to  the  calculation  which  includes  Ga3d  band  dispersion.)  Since  the  hydrostatic 
bandgap  deformation  potential  is  negative,  the  erroneous  expansion  results  in  an  underestimate 
of  the  gap  by  -0.4  eV.  Including  slight  adjustments  in  the  self-consistent  potential  due  to  the 
treatment  of  the  Ga3d  as  core,  the  effect  is  actually  smaller,  only  -0.2  eV.  The  direct  effect 
of  the  Ga3d  on  the  valence  baud  maximum  is  actually  small  as  is  obvious  from  perturbation 
theory  since  it  lies  more  than  a  Rydberg  away.  In  fact,  if  one  recalculates  the  bands  with  the 
potential  determined  self-consistently  including  the  effect  of  Ga3d  as  bands  fixed  but  with  a  basis 
set  that  does  not  include  Ga3d,  one  finds  a  gap  wlrich  is  reduced  by  only  0.1  eV.  The  latter 
effecively  corresponds  to  a  “two-panel”  calculation  of  the  bands.  Our  conclusions  on  the  effects 
of  treating  Ga3d  as  a  core  state  differ  from  what  is  obtained  in  pseudopotential  treatments  or 
frozen  core  treatments.  As  explained  by  Fiorentini  et  al.  [.50]  the  main  additional  error  made 
by  the  pseudopotential  method  is  linearizing  core-valence  exchange.  Even  when  this  is  corrected 
for,  the  frozen  core  approximation  leads  to  a  slight  underestimate  of  the  lattice  consant.  In 
pseudopotential  calculations,  somewhat  arbitrary  details  on  how  exactly  the  pseudopotential  is 
constructed  (e.g.  the  choice  of  cut-offs  in  local  and  non-local  parts)  and  the  convergence  of  the 
basis  set  can  make  a  difference.  Similar  effects  occur  for  the  In4d  in  InN. 

The  question  now  arises:  can  this  Ga3d  be  seen  to  overlap  with  N2s  in  XPS?  The  answer  turns 
out  to  be  no.  This  can  be  seen  in  Fig.  7,  which  shows  the  XPS  spectrum  compared  to  the  DOS 
including  the  Ga3d  band  dispersion.  It  shows  that  in  the  XPS-spectrum  the  Ga3d  peak  occurs  a 
~4  eV  below  the  N2s  band.  The  reason  for  this  is  that  XPS  does  not  exactly  probe  the  densities  of 
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BINDING  ENERGY  (eV) 

Figure  7:  X-ray  photoemission  spectrum  of  zb-GaN  compared  to  calculated  DOS  with  inclusion 
of  Ga3d  as  valence  orbitals. 

states  as  we  calculate  it  in  Kohn-Sham  LDA  theory.  The  eigenvalues  in  Kohn-Sham  LDA  theory 
are  only  intermediate  quantities  used  to  obtain  the  total  energy  of  the  groundstate  but  do  not 
have  the  meaning  of  quasiparticle  excitations  as  probed  by  XPS.  In  particular,  for  narrow  bands, 
the  difference  between  quasiparticle  excitation  energies  and  Kohn-Sham  eigenvalues  can  be  large. 
In  that  case,  a  more  accurate  calculation  consists  in  subtracting  total  energies  with  and  without 
a  core-hole.  This  is  called  the  AS'CF  procedure  because  it  consists  in  taking  the  difference 
between  two  self-consistent  field  (SCF)  energies.  Because  on  the  time  scale  of  the  photoemission 
experiment,  the  hole  does  not  have  time  to  delocalize  by  hopping  to  the  neighbors,  one  has  to 
treat  the  core-hole  as  a  localized  excitation,  i.e.  like  an  impurity.  In  this  treatment,  one  first 
of  all  corrects  for  the  incomplete  cancellation  of  the  self-interaction  in  the  llartree  and  exchange 
terms  in  the  local  density  approximation.  Indeed,  the  latter  treats  exchange  in  an  average  manner 
instead  of  an  “orbital-specific”  manner  as  does  Hartree-Fock.  ASCF  calculations  for  a  free  Ga 
atom  in  the  LDA  indicate  that  the  Ga3d  binding  energy  is  larger  than  the  absolute  value  of  the 
Kohn-Sham  eigenvalue  by  8.5  eV.  Secondly,  the  other  orbitals  of  the  system,  are  polarized  by  the 
external  perturbation  presented  by  this  local  core-hole  and  lead  to  so-called  final  state  screening 
shifts.  This  effect  can  be  treated  in  the  so-called  “excited  atom”  model  [52].  In  fact,  most  of  the 
screening  in  the  solid  occurs  within  an  atomic  radius  because  the  dielectric  function  f(fy)  decays 
with  a  characteristic  length  of  the  Thomas-Fermi  wave  vector  f/j-yr.  As  shown  elswehere.  one  can 
thus  mimic  the  effects  of  the  induced  screening  charge  density  by  adding  an  electron  to  the  lowest 
unoccupied  atomic  state  for  every  core  electron  removed.  The  combination  of  the  two  effects 
gives  a  net  shift  of  ~4  eV  from  the  LDA  eigenvalue.  This  is  in  good  agreement  with  experiment. 


UV-reflectance 


For  many  years  UV-reflectauce  has  been  an  important  tool  in  determining  band  structures. 
Frequently,  it  has  been  used  in  conjunction  with  the  semi-empirical  pseudopotential  method  by 
identifying  critical  point  transition  energies  at  symmetry  points  with  experimental  features  and 
adjusting  the  pseudopotential  so  as  to  reproduce  the  measured  transition  energies.  The  problem 
with  that  approach  is  that  the  assignment  of  features  to  critical  points  may  not  be  unique.  VVe 
have  recently  started  analyzing  measured  UV-reflectivities  for  SiC  polytypes  and  the  group-III 
nitrides  by  means  of  explicit  calculations  of  the  optical  respon.se  functions  from  the  first-principles 
band  structures. 
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wz-GaN 


Figure  8:  Measured  and  calculated  UV-reflectance  spectrum  of  wz-GaN:  a  rigid  upward  shift  of 
the  calculated  spectrum  by  0.98  eV  is  used  in  order  to  correct  for  the  LDA  band  gap  error. 

The  imaginary  part  of  the  dielectric  function  in  the  random  phase  appro.Kimation 

ci(cu)  =  ^  -  r,w)  (1) 

“  JbZ  ■ 

was  calculated  using  an  e.xpansion  of  the  wavefunctions  in  muffin-tin  orbitals  for  the  calculation 
of  the  dipole  matrix  elements.  Here,  E„(k)  and  fic(k)  are  the  occupied  and  unoccupied  energy 
bands  respectively  with  the  Fermi  function  occupation  numbers  =  1  and  =  0  at  zero 
temperature.  The  real  part  ei(w)  is  then  obtained  by  the  Kramers-Kronig  transformation  from 
€2(01)  and  the  normal  incidence  reflectance  is  calculated  from  the  Fresnel  ecjuations. 

Fig.  8  shows  a  comparison  between  calculated  UV-reflectance  and  recent  experimental  data 
[53]  .  We  note  that  the  agreement  in  peak  positions  between  theory  and  experiment  is  excellent. 
It  should  be  mentioned  that  the  theory  spectrum  was  shifted  upwards  by  0.98  eV,  this  shift  being 
chosen  so  as  to  adjust  the  minimum  bandgap  to  experiment.  The  good  agreement  means  that 
the  self-energy  corrections  are  indeed  very  well  approximated  by  a  constant  k-independent  and 
energy  independent  shift.  The  constant  shift  approximation  works  well  to  within  a  few  0.1  eV. 
We  found  the  same  to  be  true  for  SiC  where  in  addition  the  correction  is  found  to  be  essentially 
independent  of  polytype  [54]. 

Analysis  of  the  partial  contributions  to  the  imaginary  part  of  the  dielectric  function  62  show 
that  the  peaks  do  generally  not  coincide  with  high  symmetry  critical  points,  but  rather  with  more 
or  less  extended  regions  of  parallel  bands  in  the  interior  of  the  BZ.  Thus,  many  of  the  critical 
point  assignments  given  in  the  older  hterature  have  to  be  revised.  Details  are  still  under  study 
and  will  be  published  elsewhere. 


CONCLUSION 

The  similarities  and  differences  between  the  various  classes  of  wide-band  gaps  semiconductors 
involving  early  elements  of  the  periodic  table  such  as  carbon,  nitrogen,  boron  and  beryllium 
were  reviewed.  We  have  emphasised  fundamental  properties  and  their  relation  to  the  underlying 
electronic  structure.  Their  relevance  to  electronic  devices  was  pointed  out.  The  main  purpose 
of  the  first-principles  calculations  presented  here  was  to  provide  a  deeper  understanding  of  the 
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trends  in  the  band-structures  with  polytype,  ionicity  and  atomic  number.  Their  use  in  the  study 
of  other  physical  properties,  such  as  elastic  constants  and  optical  properties  was  also  illustrated. 
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ABSTRACT 

Tunable  second-harmonic  (SH)  transmission  measurements  were  performed  on  a  series  of 
GaN  films  epitaxially  deposited  onto  (OOOl)-oriented  sapphire.  Analysis  of  the  nonlinear 
response  showed  an  increase  in  the  second-order  nonlinear  susceptibility  (X^^^ijk)  when  the 
photon  energy  of  the  SH  field  was  tuned  above  the  absorption  edge  in  each  respective  film. 
Specifically,  the  magnitude  of  the  X^zxx  element  in  reached  a  maximum  of  0.5  x  10'^ 
e.s.u.  just  above  the  the  fundamental  bandgap  with  a  dispersion  similar  to  the  predicted  nonlinear 
response  in  wide-bandgap  cubic  zincblende  II- VI  semiconductors  such  as  ZnSe. 


INTRODUCTION 

Under  ambient  conditions,  gallium  nitride  (GaN)  crystallizes  in  a  hexagonal  wurtzite 
structure  which  possesses  a  6mm  point  group  symmetry.  The  noncentrosymmetric  nature  of  this 
crystal  symmetry  assures  that  second-order  nonlinear  optical  phenomena,  such  as  second- 
harmonic  (SH)  generation,  will  occur  in  the  bulk  region  of  the  material.  In  fact,  previous 
nonlinear  studies  have  shown  the  intrinsic  second-order  susceptibility  of  GaN,  X^^^ijk.  (27 
element  tensor  of  rank  3)  to  be  sensitive  to  the  crystalline  symmetry  and  orientation  of  epitaxial 
thin  films  deposited  on  sapphire  substrates  [1]. 

In  this  paper,  we  report  the  results  of  a  tunable  SH  investigation  from  a  series  of  epitaxial 
GaN  thin  films  that  were  grown  on  a  (OOOl)-oriented  sapphire  substrate  using  metal  organic 
chemical  vapor  deposition  (MOCVD).  This  work  is  an  extension  of  an  earlier  SH  study  of 
GaN/sapphire  samples  in  which  the  nonresonant  contribution  to  x(^)ijk  between  375  and  545nm 
was  observed  to  be  an  order  of  magnitude  greater  than  the  second-order  nonlinearity  in  quartz  or 
KDP  [2].  In  the  present  investigation,  the  transmitted  SH  intensity  was  measured  as  a  function 
of  the  incident  polarization  and  the  SH  wavelength  in  the  range  of  342  to  380nm.  Analysis  of 
the  SH  intensity  profile  determined  a  resonant  enhancement  in  the  the  magnitude  of  the  x(2)zxx 
element  in  x(2)ijk  at  SH  photon  energies  above  the  bandgap  energy  of  the  GaN  crystal  (X,sh 
<365nm).  In  addition,  the  dispersive  characteristics  of  x(^^zxx  in  this  photon  range  was 
qualitatively  similar  to  previous  SH  calculations  of  in  wide-bandgap  cubic  zincblende 
semiconductors  [3,4]. 


EXPERIMENTAL  PROCEDURE 

The  procedure  used  in  the  MOCVD  deposition  of  an  epitaxial  GaN  film  on  sapphire  has  been 
discussed  in  Wickenden  et  al  [5].  The  epitaxial  films  were  grown  on  a  pre-deposited  GaN 
nucleation  layer  at  1050°  C  so  as  to  provide  a  relatively  strain-  and  defect-free  crystalline  sample. 
X-ray  analysis  verified  the  crystalline  nature  of  the  epitaxial  films  as  well  as  the  parallel  alignment 
of  the  film  and  substrate  the  optical  axes  (parallel  to  the  surface  normal). 

The  SH  transmitted  intensity  from  a  series  of  GaN/sapphire  samples  was  measured  as  a 
function  of  the  SH  wavelength  and  photon  energy.  Stimulated  Stokes  Raman  scattering  of 
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tunable  dye  laser  radiation  (570  to  750nm)  in  a  high  pressure  volume  of  H2  gas  (10  atmospheres, 
2  meter  beam  path)  produced  a  high  peak-power,  fundamental  light  source  in  the  750  to  1090nm 
wavelength  range.  The  laser  radiation  was  linearly  polarized  (s-  or  p-polarized)  and  incident  at  an 
angle  of  45^  at  the  air/GaN  interface  of  all  samples.  Typical  incident  power  densities  were  ~  1 
MW/cm^,  well  below  any  observable  damage  threshold.  The  transmitted  SH  light  was  observed 
to  be  p-polarized  for  either  s-  or  p-polarized  inputs  with  no  detectable  nonlinear  contribution  from 
the  sapphire  substrate.  The  harmonic  light  was  detected  with  a  photomulitiplier  tube  and 
analyzed  with  a  gated  boxcar  integrator.  The  SH  signal  from  the  GaN  sample  was  normalized  to 
the  SH  intensity  generated  from  a  nonlinear  reference  crystal  (quartz,  1.9xl0'9  e.s.u.  [17]) 
so  as  to  allow  a  quantitative  determination  of  x(2)ij|j. 


THEORY 


In  hexagonal  GaN,  the  6mm  point  group  symmetry  of  the  sample  reduces  the  number  of 
nonvanishing  tensor  elements  in  )((2)ijk  from  27  to  3:  %(2)zzz,  and  X®zxx.  where  the  z- 

axis  (x-axis)  is  parallel  (perpendicular)  to  the  surface  normal  of  the  GaN  film.  The  alignment  of 
the  optical  axis  and  the  high  refractive  index  in  the  film  prevents  efficient  coupling  to  the  x®zzz 
element,  limiting  the  contribution  from  this  nonlinearity  to  ~5%  of  the  total  SH  response  in  this 
investigation.  For  this  reason,  this  susceptibility  element  was  neglected  in  the  analysis  of  the 
nonlinear  response.  The  crystalline  stmcture  was  assumed  to  be  an  ideal  wurtzite  phase  which 
equated  the  magnitude  and  dispersion  of  the  X^^^xzx  aid  X®zxx  tensor  elements.  The  wurtzite 
geometric  relationship  between  X^^^zxx  and  X^^^xzx  is  supported  by  previous  experimentally 
observations  in  nonresonant  SH  studies  of  GaN  [1,2]  and  resonant  SH  examinations  of  CdS  and 
CdSe  [6].  Under  these  assumptions,  the  nonlinear  polarization  induced  with  p-polarized  (xz- 
plane)  incident  radiation  at  a  distance  z  into  the  film  is 


Px  \2co,z)  —  2xzxx(2co)Ez(co,z)Ex((o,z) 
pP(2co,z)  =  Xzxx(2co)  Ex^(cd,z) 


(1) 


where  Pi(2co,z)  and  Ei2(co,z)  are  the  ith  components  of  the  induced  polarization  and  incident  field 
at  position  z,  respectively.  For  an  s-polarized  input  (y-axis),  the  induced  nonlinear  polarization  is 

Pf\2a,z)  =  Xzxx(2co)  Ey^co,z)  (2) 


From  the  expressions  for  the  induced  polarization,  it  is  clear  that  the  nonlinear  response  will  be 
polarized  in  the  xz  plane  (p-polarized)  for  either  s-  or  p-polarized  inputs. 

To  model  the  SH  transmitted  intensity,  tractable  solutions  to  Maxwell's  equations  in  the 
nonlinear  media  were  deduced  from  the  usual  boundary  conditions  for  the  electromagnetic  fields 
at  the  plane  interfaces  between  the  nonlinear  and  linear  media.  For  the  purposes  of  brevity,  the 
calculations  for  the  nonlinear  response  using  s-polarized  incident  radiation  will  be  discussed.  The 
details  of  the  electromagnetic  response  from  a  nonlinear  film  using  a  p-polarized  incident  source 
can  be  found  in  Bloembergen  et  al  [7],  and  Miragliotta  et  al  [1].  For  an  co  light  source  incident  at 
the  air(n=l)/GaN  interface,  the  SH  signal  transmitted  through  the  sapphire/air  interface  is 

l2co  =  27icT^3  (fiexp(i(|))H-f2}  (fiexp(i(t))  +  f2)|xS|  (3) 


where 
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(Q4Coset  -  Q3nt)Ri2exp(i(|))  (Qini  +  QacoseQ 


with 


fi  = 


(n2cocos9i+ntcos92m)  (nicos62m  +  n2(ocos9i) 
1  +  Ri2R23exp(2i<|)) 

_  (Q4COs92(o+Q3n2a)) 
n2(ocos9t+nicos92(o 


(4a) 

(4b) 


Qi(3)  = 


-  E^Q(d))nmSin9o)COs9co 

nLini  -  nL) 


Q2(4)  = 


-Ey(0,(d))n(osin9a 


„2 

■ 


„2 

02(0 


(4c) 


(4d) 


In  these  expressions,  nj,  n2Q),  and  n^  are  the  refractive  indices  at  2co  of  the  incident  media,  the 
GaN  film,  and  sapphire  substrate,  respectively,  with  n^,  the  refractive  index  of  the  GaN  film  at 
the  fundamental  frequency.  R12,  R23,  T31,  and  T23  are  the  Fresnel  coefficients  which  account 
for  reflection  (2co)  at  the  air/GaN  and  GaN/sapphire  interfaces  and  transmission  (2co)  across  the 
sapphire/air  and  GaN/sapphire  interfaces,  respectively.  Ey(co,0(d))  is  the  fundamental  optical 
source  at  the  front  (back)  surface  of  the  sample  which  contains  the  phase  factors  associated  with 
the  propagation  of  this  field  in  the  film.  <(1  is  the  optical  phase  of  the  SH  field  at  the  GaN/sapphire 
interface  which  is  linearly  dependent  on  the  film  thickness,  d.  The  optical  response  in  the  film  at 
(0  and  2(0  was  characterized  by  the  ordinary  value  of  the  refractive  index  since  the  birefringence 
in  GaN  is  very  small  [8]. 


EXPERIMENTAL  RESULTS  AND  ANALYSIS 

The  transmitted  SH  signal  from  a  series  of  GaN  samples  using  a  s-polarized  incident  light 
source  is  shown  in  Figures  l(a)-(d)  as  a  function  of  the  SH  wavelength  and  photon  energy.  In 
each  spectrum,  most  noticeable  for  the  6.1  pm  film,  the  SH  signal  displayed  an  oscillatory 
behavior  throughout  for  SH  photon  energies  below  the  fundamental  bandedge.  The  oscillations 
are  attributed  to  the  wavelength  dependence  of  the  phase  velocity  mismatch  between  the  free  and 
bound  second-harmonic  waves  and  has  been  observed  in  a  number  of  previously  investigated 
nonlinear  materials,  notably  illustrated  in  the  work  of  Jerphagnon  and  Durtz  [9]  and  Maker  et  al 
[10].  The  period  associated  with  maximum  interference  between  the  second-harmonic  waves, 
i.e.,  the  energy  separation  between  SH  minimum  intensity,  was  observed  to  increase  with 
decreasing  photon  energy  due  to  the  increase  in  the  nonlinear  optical  coherence  length  of  the  GaN 
film.  The  phase  mismatch  oscillations  terminated  for  2(0  photon  energies  >  Eg  due  to  the  strong 
absorption  of  the  SH  field  in  the  film.  In  this  energy  range,  the  signal  was  observed  to  have 
oscillations  which  were  a  result  of  the  multibeam  interference  pattern  in  the  fundamental  beam. 
Figures  2(a)-(d)  show  the  results  for  the  transmitted  SH  signal  using  a  p-polarized  incident  light 
source.  The  spectra  are  qualitatively  similar  to  the  corresponding  results  shown  in  Figure  1; 
however,  the  p-polarized  input  generated  a  signal  intensity  that  was  approximately  a  factor  of  8 
larger  than  the  s-polarized  incident  source  due  to  the  respective  difference  in  the  coupling 
efficiency  to  x(2)ijk.  We  note  that  under  the  room  temperature  conditions  of  this  investigation 
there  was  no  observation  of  valence  band  splitting  near  the  bandedge  or  additional  resonances  in 
the  spectrum,  e.g,  bandedge  excitonic  effects. 
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An  examination  of  Eqs.(3)-(4)  show  that  the  photon  energy  dependence  and  absolute 
magnitude  of  X®zxx  can  be  detemiined  from  the  detected  SH  signal  if  the  film  thickness  and 
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Figure  1.  Transmitted  SH  intensity  from  a  (a) 
6.1nm,  (b)  2.6|i,m.  (c)  1.3nm,  (d)  and  0.85nm 
GaN  film.  Incident  field  was  s-polarized  and 
generated  SH  field  was  p-polarized. 


Figure  2.  Transmitted  SH  intensity  from  a  (a) 
6.114m,  (b)  2.6|J.m,  (c)  l.Spm,  (d)  and  0.85iim 
GaN  film.  Incident  and  generated  fields  were 
p-polarized.  Intensity  scale  is  a  factor  of  8 
larger  than  the  corresponding  scale  in  Figure  1. 


nco(2co)  can  be  independently  evaluated  using  other  optical  investigations.  For  photon  energies 
below  Eg^  these  parameters  were  determined  with  a  series  of  linear  reflectance  and  transmission 
measurements.  Near  and  above  the  fundamental  absorption  edge  (2hCD  >  3.2  eV),  values  for  the 
real  and  imaginary  parts  of  n2to  were  taken  from  the  literature  [11].  In  Figure  3,  the  spectrum  of 
X®zxx.  obtained  from  the  SH  intensity  in  Figure  1(b),  shows  the  magnitude  and  dispersion  of 
this  nonlinearity  in  the  bandedge  region.  The  scan  was  generated  by  normalizing  the  square  root 
of  the  SH  intensity  to  the  square  root  of  the  scale  factor  27tc(fi+f2exp(i())))T2i3  (see  Eq.(3)), 
where  c  is  the  speed  of  light.  As  is  evident  from  the  spectrum,  the  experimentally  derived  result 
exhibited  an  enhancement  for  SH  photon  energies  above  the  absorption  edge,  reaching  a 
maximum  value  of  -0.5  x  10"^  e.s.u.  It  is  interesting  to  note  that  the  spectrum  of  X®zxx 
exhibitied  a  70%  increase  in  the  380  to  342nm  wavelength  range  while  the  corresponding  change 
in  the  linear  dielectric  function,  e(2co),  is  only  on  the  order  of  -  14%.  The  variational  differences 
can  be  attributed  to  the  photon  energy  dependence  of  the  linear  (Eb'^^  versus  nonlinear  (E[o‘^) 
response  in  the  GaN  film.  As  has  been  discussed  in  prevous  nonlinear  theoretical  studies  [3,4], 
the  photon  energy  dependence  of  X®zxx  phenomena  allow  low-energy  interband  transitisons. 
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e.g.,  the  fundamental  absorption  edge,  to  be  more  readily  observable  than  in  the  linear  dielectric 
response. 


SH  Photon  Energy  (eV) 

3.63  3.54  3.45  3.36  3.27 


Figure  3.  Spectrum  of  X^^^zxx  as  determined  Figure  4.  Comparison  of  X(2)zxx  in  GaN 
from  the  SH  transmission  spectrum  in  Figure  (experimentally  derived)  with  the  theoretical 

1(b).  The  solid  line  is  a  rough  fit  to  the  data.  predictions  of  x(2)xyz  in  ZnSe  [3]  as  a  function 

Eg  is  the  bandgap  energy.  of  the  difference  in  SH  photon  and  bandgap 

energies. 


At  the  present  time,  it  is  not  possible  to  compare  the  nonlinear  experimental  results  in 
Figure  3  with  a  wurtzite  band  structure  calculation  of  X^^^zxx-  However,  the  similarites  in  the 
electronic  properties  of  hexagonal  and  zincblende  phase  GaN  [  1 2, 1 3]  should  allow  a 
reasonable  comparison  with  previous  nonlinear  zincblende  predictions  [3,4].  Specifically, 
recent  band  stracture  calculations  by  Ghahramani  et  al  [3]  and  Ching  et  al  [4]  of  X®xyz  for 
cubic  n-VI  materials  such  as  ZnS,  ZnSe,  and  ZnTe  have  determined  magnitudes  on  the  order 
of  10"^  e.s.u.  near  the  respective  bandgap  energies  of  these  semiconductors,  similar  to  the 
experimental  results  for  GaN  in  Figure  3.  In  addition,  large  variations  were  predicted  in 
X®xyz  as  the  SH  photon  energy  was  tuned  through  the  fundamental  bandgap  region.  A 
direct  comparison  between  X®zxx  in  Figure  3  with  the  predicted  results  of  X^^^xyz  in  ZnSe  [3] 
are  shown  in  Figure  4  where  the  spectra  are  plotted  as  a  function  of  the  energy  difference 
between  the  SH  photon  energy  and  Eg.  ZnSe  was  chosen  as  an  appropriate  candidate  since, 
like  GaN,  it  has  a  direct  valence  to  conduction  band  transition  at  the  fundamental  absorption 
edge.  The  density  of  states  in  ZnSe  and  GaN  have  upper  valence  band  states  that  are 
dominated  by  the  p-orbitals  of  the  anion  (Se  or  N)  and  a  lower  conduction  band  region 
dominated  by  the  s-orbitals  of  the  cation  (Zn  or  Ga).  Therefore,  critical  points  in  the  joint 
density  of  states,  e.g.,  the  fundamental  absorption  edge,  are  very  similar  in  these  two 
materials  [14, 15]  provided  the  effect  of  spin-orbit  coupling  (s-o)  is  neglected  in  ZnSe.  In 
fact,  the  calculations  of  X^^^xyz  in  ZnSe  [3,4]  did  not  include  relativistic  effects  such  as  s-o 
coupling  which  should  generate  an  electronic  structure  that  closely  resembles  the  absorption 
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edge  region  in  wurtzite  GaN  (weak  s-o  splitting  on  the  order  of -0.02  eV  [16]).  The 
comparison  in  Figure  4  shows  similar  wavelength  dependences  for  of  GaN  and 

X(2)xyz  of  ZnSe  at  photon  energies  in  the  bandedge  region,  i.e.,  similar  dispersion.  The 
magnitude  of  x(2)xyz  is  approximately  3  times  the  value  of  X®zxx  in  hexagonal  GaN.  In  part, 
this  difference  can  be  attributed  to  issues  associated  with  orbital  overlap,  e.g.,  ionicity,  which 
have  a  tendency  to  reduce  the  second-order  nonlinearity  with  decreasing  covalency.  Previous 
nonresonant  bond-charge  calculations  have  determined  a  x(2)  magnitude  in  ZnSe  that  was  a 
factor  of  two  larger  than  that  in  GaN  [18].  Also,  we  note  that  the  higher  bandgap  energy  in 
GaN  lowers  the  magnitude  of  x(2)zxx  with  respect  to  x(2)xyz  by  an  amount  that  is  equal  to  the 
ratio  of  the  GaN  and  ZnSe  bandgap  energies  to  the  fifth  power  [3]. 

In  summary,  we  have  measured  the  transmitted  SH  intensity  from  a  series  of  GaN  thin 
films  on  a  sapphire  substrate.  The  magnitude  of  %(2)zxx  was  observed  to  be  enhanced  at  2co 
photon  energies  above  the  fundamental  bandedge.  The  dispersion  in  the  bandedge  region 
was  found  to  be  qualitatively  similar  to  previous  band  structure  calculations  of  ZnSe,  a  II-VI 
cubic  zincblende  wide-bandgap  semiconductor. 
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ABSTRACT 

The  electrical  properties  associated  with  diamond  charged  particle-  md  photo-detectors  were 
studied  using  charged  particle-induced  conductivity  (CPIC)  and  photo-induced  conductivity 
(PIC).  The  collection  distance  d,  the  product  of  the  excess  carrier  mobility  fi,  excess  carrier 
hfetime  t  and  electric  field  E,  was  used  to  characterize  the  diamonds.  X-ray  diffraction,  Raman 
spectroscopy,  photoluminescence,  SEM  and  TEM  were  performed  on  CVD  diamond  detectors 
to  investigate  the  limitations  of  the  electrical  properties.  Correlations  were  found  between  the 
electrical  properties  and  the  material  characterizations. 

INTRODUCTION 

The  detection  of  charge  particles  and  photons  using  Chemical  Vapor  Deposited  (CVD)  di¬ 
amond  as  the  detector  medium  is  being  actively  pursued.  This  is  primarily  due  to  diamond’s 
extreme  properties:  radiation  hardness,  high  mobility  and  large  band  gap  [1].  Detector  perfor¬ 
mance  is  directly  associated  with  the  quality  of  the  CVD  diamond  films.  The  collection  distance, 
a  characteristic  of  the  electrical  properties  of  diamond,  was  studied  as  a  function  of  film  thick¬ 
ness,  visual  transparency,  lattice  constant.  X-ray  diffraction  peak  width,  Raman  line  width,  and 
growth  rate  to  try  to  understand  the  significant  improvements  in  the  collection  distance  which 
have  been  achieved  in  the  past  few  years. 

EXPERIMENTS  AND  RESULTS 

Two  methods  were  employed  to  study  the  electrical  properties  of  the  CVD  diamond  samples, 
charged  particle  induced  conductivity  (CPIC)  and  photon  induced  conductivity  (PIC).  For  the 
CPIC  studies,  electric  contacts  were  deposited  on  either  side  of  the  diamond  film  to  form  an 
ionization  chamber.  For  PIC  studies,  the  contacts  were  deposited  on  the  same  side  of  the  diamond 
film  with  a  1mm  gap.  The  electrode  configurations  are  shown  in  Figure  1.  Ohmic  contacts  were 
prepared  using  sputtered  Ti/Pt/Au  [2,  3]  or  thermally  evaporated  Cr/Au  metahzation  [4]. 

The  CPIC  measurements  were  performed  using  a  radioactive  source  (™Sr)  which  produces 
electrons  with  a  /3-decay  spectrum  and  maximum  energy  of  2.28MeV  [5].  The  charged  particles 
traverse  the  diamond  film  depositing  a  well  defined  and  uniform  quantity  of  energy  along  the 
track  through  the  film  [5].  For  this  analysis,  we  used  a  value  of  13  eV  as  the  average  energy  to 
create  an  electron-hole  pair  [6].  The  CPIC  technique  probes  the  bulk  of  the  diamond  film  and 
measures  the  collection  distance  averaged  over  the  material  along  the  columnar  direction. 
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Figure  1:  Cross  section  view  of  a  CVD  particle  detector. 
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Figure  2:  Improvement  in  the  CPIC  collection  distance  for  CVD  films  as  a  fanction  of  time. 


Collection  Distance  vs  E  Field 


Figure  3:  The  ratio  of  dcpic  I  ipic  a  function  of  the  electric  field  E. 


Photoconductivity  measurements  were  performed  using  dye  lasers  pumped  with  a  YAG  laser. 
Photons  with  E.,  =  d.lleV  were  obtained.  The  absorption  depth  (1/e)  for  the  photon  is  ap¬ 
proximately  1  ~  2/im  thus  the  electron  hole  pair  creation  occurs  in  a  region  near  the  surface  [7]. 
Therefore,  the  PIC  technique  provides  information  about  the  surface  of  the  diamond  film. 

When  a  charged  particle  passes  through  the  diamond  film  ionizing  the  material,  or  when  a 
photon  with  E.,  greater  than  the  band  gap  is  absorbed,  excess  electron  hole  piiirs  (Qion)  are 
produced.  In  each  case,  the  number  of  psiirs  created  is  calculated  directly  from  the  amount  of 
energy  absorbed  [4,  8,  9].  When  a  voltage  is  applied  to  the  contacts,  the  electric  field,  E,  causes 
motion  of  the  excess  carriers  which  induces  image  charges  (Qind)  on  the  electrodes.  In  either 
CPIC  or  PIC  measurements,  the  measured  collection  distance,  dmew  (dcpic  or  dpic),  is  given  by 


d^ 


where  L  is  the  electrode  spacing;  Qiai  is  measured  from  the  integration  of  the  current  pulse;  and 
Qion  is  the  number  of  excess  electron  hole  pairs  produced  by  the  radiation.  Over  the  past  few 
years  there  has  been  a  drEimatic  improvement  in  the  collection  distance  [4]  as  shown  in  figure  2. 

SEM  studies  show  that  polycrystaUine  CVD  diamond  typically  grows  in  cone  shaped  columnar 
structures.  The  substrate  side  of  the  films  begin  with  small  grains,  typically  l/zm  or  less.  The 
average  grain  size  on  the  growth  side  of  the  films  increases  with  film  thickness  and  is  typicsdly 
about  40  /Jia  for  the  thickest  samples.  The  grains  exhibit  a  preferred  crystal  orientation,  usually 
(110),  which  was  determined  from  x-ray  diffraction  studies.  With  the  columnar  structvue  along 
the  growth  direction,  it  is  possible  for  the  electrical  properties  to  change  with  the  film  thickness. 
To  investigate  this  possibility,  samples  were  grown  to  500//m  thickness  and  then  cut  into  pieces. 
A  slow  mechanical  lapping  process  was  used  to  remove  varying  amounts  of  material  from  the 
substrate  side  of  each  piece.  In  this  way,  a  series  of  samples  with  differing  thickness  was  created 
to  measure  the  depth  profile  of  the  electrical  properties. 

For  single  crystal  natural  type  Ha  diamond,  the  CPIC  measurements  of  the  collection  distance 
averaged  over  the  bulk  material  and  the  PIC  measurements  of  the  surface  collection  distance  give 
identical  results  indicating  uniform  electrical  properties  throughout  the  single  crystal  diamond  [3, 
4,  8,  10].  Our  data  indicate  that  for  CVD  diamond  films,  the  collection  distance  averaged  over 
the  bulk  of  the  material  is  not  equal  to  the  collection  distsmce  near  the  surface  of  the  material. 
This  implies  that  the  collection  distance  is  not  a  constant  along  the  columnar  direction.  A 
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Transparency  vs  Film  Thickness 


Thickness  (jim) 

Figure  4:  Transparency  as  a  function  of  film  thickness.  The  dark  points  are  for  CVD  samples 
with  large  collection  distance  (2hp.m  <  d  <  Zh/im  at  an  electric  field  of  10  kV  cm~^),  while  the 
open  points  are  for  CVD  samples  with  small  collection  distances  (d  <  5fim  at  an  electric  field  of 
10  kV  cm~^). 


Collection  Distance  vs  Lattice  Constant 


Figure  5:  Collection  distance  as  a  function  of  the  measured  lattice  constant,  the  scale  is  not 
absolutely  calibrated.  The  value  for  a  type  Ila  natural  diamond  is  shown  for  reference. 
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Collection  Distance  vs  Raman  Line  Width 


Figure  6:  Collection  distance  as  a  function  of  the  measured  Raman  line  width.  A  natural  type  Ila 
diamond  has  also  been  measured  and  is  shown  for  reference. 


linear  change  in  the  collection  distance  with  depth  is  observed.  A  weighted  fit  of  the  data  yields 
dcpic  (0.51  ±  0.07)  dpic-  This  indicates  that  the  bulk  properties  are  approximately  the  average 
of  those  at  the  two  surfaces  of  the  film,  consistent  with  dcpic  ~  0.5  dpic-  In  figure  3  we  plot 
dcpic  ! dpic  for  nn  individual  CVD  sample  indicating  that  the  result  is  independent  of  the  electric 
field. 

The  collection  distance  was  also  found  to  be  correlated  with  several  physical  characteristics  of 
the  CVD  films.  Visual  observations  were  used  to  quantify  the  transparency  of  each  diamond  film 
with  a  value  assigned  from  0  (opaque)  to  100  (translucent).  The  transparency  as  a  function  of 
the  film  thickness  is  shown  in  figure  4.  Notice  that  films  with  a  large  collection  distance  have  high 
transparency,  but  not  aU  high  transparency  films  have  a  large  collection  distance.  In  addition, 
the  transparency  for  diamonds  with  superior  electrical  properties  is  only  weakly  dependant  on 
the  film  thickness,  while  diamonds  with  poor  electrical  properties  are  transparent  only  when  thin. 


Collection  Distance  vs.  Growth  Rate 


Figme  7 :  The  collection  distance  as  a  function  of  the  normalized  growth  rate.  The  values  are 
scaled  to  account  for  variations  due  to  varying  sample  thicknesses. 
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Correlations  were  also  found  between  the  collection  distance  and  the  X-ray  dilfraction  peak 
width  and  lattice  constant.  As  shown  in  figure  5,  the  collection  distance  increases  with  lattice 
constant.  Furthermore,  samples  with  larger  collection  distEmces  have  narrower  X-ray  diffraction 
peak  widths.  A  narrow  peak  is  not  sufficient  for  a  large  collection  distance,  however.  These 
studies  indicate  that  film  quality  is  important  for  electrical  properties  in  CVD  films.  Raman  line 
width  provides  a  further  indication  of  overall  film  quality.  Broader  line  widths  indicate  higher 
defect  rates  within  the  film.  The  collection  distance  has  been  measured  as  a  function  of  the 
Raman  line  width  and  is  shown  in  figure  6.  Agriin,  a  narrow  Raman  line  width  is  necessary  but 
not  sufficient  to  guarantee  a  large  collection  distance. 

Although  the  impurity  density  is  not  likely  to  be  affected  by  the  growth  rate  of  the  CVD  film, 
the  defect  rate  may  vary  significantly.  To  study  the  effects  on  electrical  properties,  sample  were 
grown  at  various  rates  and  their  collection  distances  measured.  Due  to  variations  in  the  collection 
distance  with  sample  thickness,  values  were  scaled  to  a  uniform  electric  field  (10  kV  cm“^)  and 
film  thickness  (400  /rm).  The  data  (figure  7)  show  a  strong  correlation  between  the  growth  rate 
and  collection  distance.  The  inverse  relation  between  growth  rate  and  collection  distance  provides 
further  evidence  that  defect  densities  influence  the  electrical  properties  of  CVD  films. 

SUMMARY 

A  gradient  in  electrical  properties  has  been  observed  in  polycrystaUine  CVD  diamond,  in¬ 
creasing  linearly  from  the  substrate  side  to  the  growth  side  of  the  film.  The  material  properties 
also  show  a  gradient;  the  average  grain  size  increases  with  film  thickness.  The  collection  distance 
has  been  found  to  be  correlated  with  visual  transparency,  lattice  constant,  X-ray  diffraction  peak 
width,  Raman  line  width,  and  growth  rate.  From  these  correlations,  we  conclude  that  a  low 
defect  density  is  required  for  high  quality  electrical  properties. 
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ABSTRACT 

A  measure  of  the  electron  mobility  anisotropy  in  n-type  4H  and  6H-SiC  has  been  obtained 
using  the  Hall  effect  over  the  temperature  range  80K<T<600K.  Hall  mobility  and  resistivity  data 
are  collected  from  appropriately  oriented  bar  patterns  fabricated  into  high  quality  epitaxial 
material  grown  on  (1100)  or  (1120)  surfaces  having  total  impurity  concentrations  10'’-10'*  cm'^. 
The  observed  mobility  ratio  for  4H  is  |i[ii2o/P(oooii  =  0.83  and  is  independent  of  temperature.  For 
6H,  the  ratio  P(noo]/P[oooii  decreases  from  -6.2  at  80K  to  -5.0  at  150K  and  is  essentially  constant 
(-4.8)  above  200K.  A  donor  level  near  0.6  eV  is  occasionally  observed  in  4H  which  reduces  the 
high  temperature  electron  mobility  and  introduces  an  apparent  temperature  dependence  to  the 
mobility  ratio  if  nonuniformly  distributed. 


INTRODUCTION 

Epitaxial  6H  and  4H-SiC  materials  are  currently  receiving  considerable  attention  for  electron 
device  applications  requiring  high  temperature,  high  power  and  high  frequency  performance. 
Because  of  the  hexagonal  symmetry,  the  electron  transport  properties  differ  between  the  basal 
plane  of  the  crystal  and  the  c-axis  and  the  anisotropy  differs  from  polytype  to  polytype  as  the 
unit  cell  dimension  in  the  [0001]  direction  changes.'  A  direct  measure  of  the  mobility  anisotropy 
in  both  polytypes  is  required  for  device  modeling  and  integrated  circuit  design.  It  will  be 
possible  to  optimize  the  performance  of  electron  devices  in  which  the  current  flow  is  primarily 
one  dimensional  by  choosing  an  appropriate  orientation  of  the  device  with  respect  to  the  crystal 
structure. 

Previous  measurements^  ’  of  the  bulk  resistivity  ratio,  P|/Pj.,  have  been  reported  on  various 
polytypes  of  SiC  using  Schnabel’s  method.''  The  technique  requires  current  and  potential  point 
contacts  to  be  arranged  in  pairs  on  either  side  of  a  slab  sample  and  determines  the  resistivity  ratio 
from  terminal  resistances  and  tabulated  functions  derived  from  equipotential  calculations.  The 
measured  resistivity  ratio  for  6H  was  2.0  -  3.7  and  =1  for  4H  at  T=1000K  for  samples  with 
Np+N^  >  5x10'®  cm  ’.  Since  these  measures  of  the  anisotropy  were  obtained  from  highly  doped 
material  and  because  Schnabel’s  technique  does  not  provide  independent  measures  of  the  mobility 
or  the  ability  to  account  for  extrinsic  effects.  Hall  effect  data  from  high  quality  epitaxial  material 
is  used  in  this  experiment  to  provide  a  better  measure  of  the  intrinsic  anisotropy. 

The  quantity  of  interest  is  the  ratio  of  the  Hall  mobilities, 

Fmc  _  M’j.c  _  ”|cP|c 
^H\c  Pic  ”±cPj.c 


(1) 


595 

Mat.  Res.  Soc.  Symp.  Proc.  Vol.  339.  ^1994  Materials  Research  Society 


When  the  Hall  factor  is  isotropic,  the  Hall  (p„)  and  drift  (p)  mobility  ratios  are  equal.  The 
resistivity  ratio  (p/Px)  requires  scaling  if  the  free  carrier  concentrations  (n)  differ  between 
samples  oriented  parallel  and  perpendicular  to  the  c-axis.  From  the  mobility  ratio,  a  measure  of 
the  ratio  of  effective  masses  (m*)  is  obtained.  The  individual  mobility  curves  provide  qualitative 
insight  into  any  nonuniformity  in  the  scattering  mechanisms  between  directions. 


EXPERIMENT 


Hall  measurements  using  the  van  der  Pauw^  technique  are  appropriate  only  when  the 
resistivity  is  isotropic  in  the  plane  of  the  measurement,  e.g.,  the  basal  plane  of  the  hexagonal 
polytypes  of  SiC.  If  the  carrier  transport  properties  are  anisotropic  in  the  plane,  the  Hall  current 
must  be  constrained  to  the  desired  measurement  direction.  This  is  accomplished  using  bar 
geometries  with  aspect  ratios  of  -10:1.  For  hexagonal  symmetry,  it  is  possible  to  measure  the 
anisotropic  transport  properties  in  a  single  epitaxial  layer  if  the  growth  plane  contains  both  the 
[0001]  direction  (c-axis)  and  a  basal  plane  direction. 


For  4H  and  6H-SiC,  the  [1120]  and 
[1100]  directions  lie  in  the  basal  plane  and 
include  a  30°  angle.  Consequently,  the 
[1120],  [lIOO]  and  [OOOl]  directions,  or  then- 
equivalents,  will  form  an  orthogonal  set. 
High  quality  material  can  be  produced  with 
the  [0001]  and  [1120]  or  [lIOO]  directions  in 
the  surface  plane  by  growing  epitaxial  layers 
on  either  the  (lIOO)  or  (1120)  surfaces. 
Anisotropic  transport  properties  are  then 
determined  from  Hall  effect  measurements  on 
perpendicularly  oriented  bar  patterns  such  as 
those  shown  in  Figure  1 .  Since  the  mobility 
data  from  two  different  sites  will  be  ratioed, 
it  is  important  to  verify  uniformity  by 
requiring  that  the  free  carrier  concentration 
curves  be  identical.  If  the  impurity  ionization 
curves  differ,  the  resistivity  or  mobility  must 
be  scaled  for  different  carrier  concentrations 
and  different  impurity  densities. 


Figure  1  4mm  x  4mm  die  for  anisotropic  Hall, 
contact  resistance  and  C(V)  measurements. 


In  this  experiment,  4H  and  6H-SiC  boules  have  been  oriented  to  within  ±14°  of  [lIOO]  or 
[1120],  wafered  and  polished  for  epitaxial  growth.  Layers  3-6  pm  thick  are  grown  onto  buffer 
layers  of  the  opposite  conductivity  type  to  eventually  provide  pn  junction  isolation  of  mesa 
etched  devices  for. either  van  der  Pauw  (cloverleaf)  or  Hall  bar  (Figure  1)  geometries.  The  layer 
thicknesses  and  uniformity  are  monitored  by  SIMS  profiling  since  the  optimum  epitaxial  growth 
parameters  vary  significantly  for  different  growth  faces.  Ohmic  contacts  are  formed  by  alloying 
aluminum  or  nickel  into  p  or  n-type  material.  After  metallization,  the  sample  is  wire  bonded  into 
a  Joule-Thomson  refrigerator  (80K<T<6(K)K)  and  data  is  taken  under  computer  control  in  a 
magnetic  field  of  0.4  T.  Analysis  of  the  temperature  dependence  of  the  free  carrier  concentration 
curves  provides  measures  of  the  total  impurity  concentration,  density  of  compensating  impurities 
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Table  I  Caughey-Thomas  parameters  for  basal  plane  mobilities  in  4H  and  6H  SiC. 


Material 

f^ax 

f^min 

N.f 

Y 

(cmWs) 

(cmWs) 

(cm-’) 

N:4H 

947 

0.0 

1.94x10" 

0.61 

N:6H 

415 

0.0 

1.11x10” 

0.59 

A1:4H 

124 

15.9 

1.76x10" 

0.34 

A1:6H 

99 

6.8 

2.10x10" 

0.31 

Figure  2  Mobility  in  the  (0001)  plane  for  nitrogen 
and  aluminum  doped  epitaxial  4H  and  6H-SiC  at 
300K.  Solid  curves  are  least  squared  error  fits  to 
Eqn  (2)  using  the  parameters  in  Table  I. 


and  impurity  energy  levels 


RESULTS 


Basal  plane  Hall  mobility  data 
obtained  at  300K  from  van  der  Pauw 
patterns  is  summarized  in  Figure  2.  The 
solid  lines  are  least  squared  error  fits 
(Table  I)  to  an  empirical  relation 
suggested  by  Caughey  and  Thomas’  for 
silicon. 


P  = 


1  + 


N. 


«/  ) 


(2) 


From  these  data,  the  electron  mobility  in 
4H-SiC  is  twice  that  of  6H  for  total 
impurity  concentrations  less  than  »10'’ 
cm’.  Further,  the  hole  mobility  in 
4H-SiC  is  20-30%  higher  than  in  6H  over 
the  entire  impurity  range. 

The  temperature  dependence  of  the 
free  carrier  concentration  and  mobility  for 
a  4.7  pm  thick  epitaxial  layer  of  nitrogen 
doped  4H-SiC  grown  on  the  (1100) 
surface  are  given  in  Figures  3  and  4.  The 
inset  in  Figure  3  shows  an  expanded 
linear  plot  of  the  high  temperature  portion 
of  the  ionization  curve.  There  is  an 
additional  donor  level  in  this  sample 
which  is  estimated  to  be  0.55-0.6  eV 
below  the  conduction  band  edge.  A 
higher  density  of  these  deeper  donors  is 
seen  in  the  free  carrier  eurve  from  the  bar 
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Figure  3  Ionization  curves  for  n-type  4H-SiC  grown  on 
(liOO)  from  patterns  aligned  along  [0001]  and  [1120], 


Figure  4  Mobility  anisotropy  in  n-type  4H-SiC  measured 
in  the  [0001]  and  [1120]  directions. 


oriented  in  the  [0001]  direction 
and  is  associated  with  a  steeper 
high  temperature  mobility 
characteristic,  presumeably  due  to 
additional  ionized  impurity 
scattering.  As  a  result,  the  ratio 
of  the  mobilities  at  the  two  sites 
appears  temperature  dependent,  as 
seen  in  Figure  6.  The  mobility 
ratio  measured  from  a  different 
wafer  showing  no  evidence  of  this 
deeper  level  is  also  given  in 
Figure  6  for  comparison.  No 
temperature  dependence  of  the 
mobility  is  observed  for  the 
sample  without  the  deeper  level. 

Similar  data  from  epitaxial 
6H-SiC  grown  on  the  (1120) 
surface  with  a  total  impurity 
concentration  of  1.0x10”  cm'^  are 
shown  in  Figures  5  and  6.  In  this 
sample,  the  free  carrier 
concentration  curves  are  identical 
and  show  no  deeper  levels.  The 
temperature  dependence  of  the 
mobility  is  the  same  at  both 
measurement  sites  for  higher 
temperatures,  but  the  mobility  in 
[0001]  begins  to  saturate  below 
150K,  causing  an  increase  in  the 
mobility  ratio  below  this 
temperatiure.  A  result  from  an 
additional  sample  with  a  total 
impurity  concentration  of  1.1x10'* 
cm*  is  given  in  Figure  6  and 
shows  identical  behaviour. 


REMARKS 

Barrett  and  Campbell* 
reported  that  the  temperature 
dependence  of  the  electron  Hall 
mobility  in  SiC  above  300K  is  T" 
with  n=2.4  and  suggested,  from 
data  on  15R-SiC  prepared  by  the 
sublimation  technique,  that 
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samples  of  higher  purity  (i.e. 
lower  doping)  would  show  even 
larger  values  of  n.  Patrick’ 
argued  from  this  data  and  also 
from  modeling  results  obtained  by 
Long’”  on  n-type  Si,  that  the  ^ 
dominant  high  temperature 
scattering  mechanisms  in  n-type  « 

SiC  are  acoustic  phonon  and 
intervaUey  scattering.  ^ 

f 

The  current  results  are  ^ 

contrary  to  Barrett  and  Campbell’ s  a 

conclusion.  From  the  data  in 
Figures  3  and  4,  it  appears  that  a 
higher  density  of  the  deeper  level 
is  associated  with  a  larger 
exponent.  From  all  the  data  (over 
100  6H  and  4H  epitaxial  wafers),  tO^  IP 

samples  in  which  1)  a  high 

temperature  mobility  asymptote  TBIPERATDRE  (K) 

can  be  clearly  identified  and  2)  no  Figure  5  Mobility  anisotropy  in  n-type  6H-SiC  measured 
evidence  of  a  deeper  level  is  iu  [0001]  and  [1100]  directions, 
detected  in  the  high  temperature  portion  of  the  free  carrier  concentration  curve,  n  is  always  <2.0, 
with  a  minimum  of  n=1.80  in  an  exceptional  n-type  4H  sample.  The  issue  appears  to  be  the 
magnitude  of  the  contribution  of  ionized  impurity  scattering  to  the  total  mobility  for  T>300K. 
Using  the  Brooks-Herring"  formula  for  an  estimate  of  Pi  and  the  Bardeen-Schockley'^  formula 
for  Pl  (albeit  the  band  minimum  is  not  at  the  center  of  the  zone  in  n-type  SiC),  the  magnitudes 
of  the  theoretical  mobilities  are  comparable  near  300K  for  N,  =  1x10'®  cm'®.  Combining  these 
mobilities  using  the  approach  of  Debye  and  Conwell'®  and  comparing  the  result  to  the  observed 
mobility,  our  estimate  is  that  the  steeper  temperature  dependence  near  300K  can  result  from 
increased  ionized  impurity  scattering  in  either  heavily  doped  material  or  material  with  a 


lEVPElWIUlS  (K)  TEimTORElK) 

Figure  6  Temperature  dependence  of  the  electron  mobility  ratio  for  4H  and  6H-SiC. 
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significant  concentration  of  impurities  near  0.6  eV.  The  mobility  estimates  are  preliminary  and 
require  thorough  analysis,  which  is  now  underway. 

The  conclusion  regarding  the  high  temperature  dependence  of  the  mobihty  in  low  doped,  low 
compensation  n-type  SiC  with  no  ionizeable  levels  near  room  temperature  is  that  the  mobility 
varies  as  T’  *".  Since  this  temperature  dependence  is  nearly  characteristic  of  acoustic  phonon 
scattering,  it  appears  that  intervalley  scattering  contributes  less  to  limit  the  mobility  than 
previously  anticipated. 

A  Hall  mobility  ratio  PtnJoMoooii  =  0-83  is  measured  for  4H  SiC  and  is  temperature 
independent  in  homogeneous  samples.  These  results  are  in  qualitative  agreement  with  previous 
measurements  and  quantitative  agreement  with  recent  results''*  on  bulk  4H  and  6H-SiC.  There 
is  no  clear  evidence  that  the  conductivity  effective  mass  ratio  changes  over  this  temperature 
range.  The  ratio  ii[uoo/P[oooii  =  4.8  is  measured  for  6H  and  shows  an  increase  to  -6.2  at  80K. 
Since  similar  curves  are  obtained  for  two  impurity  densities  with  similar  compensation  levels  (N^ 
-  8x10''*),  it  is  unlikely  that  the  effect  is  associated  with  ionized  impurity  scattering.  Likewise, 
since  the  free  carrier  concentration  curves  are  nearly  identical,  anisotropic  effects  of  nonuniform 
neutral  impurity  scattering  should  be  insignificant.  Preferential  dislocation  scattering  should  be 
minimal  in  these  high  quality  layers.  Whether  preferential  scattering  due  to  extrinsic  defects 
(e.g.,  striations  in  point  defects  or  doping)  or  a  temperature  dependence  of  the  effective  mass 
ratio  has  been  observed  in  6H  SiC  is  undecided. 
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Abstract 

The  diffusion  of  oxygen,  lithium,  chlorine,  and  fluorine  in  CVD  diamond  films  was 

performed  under  bias  at  700  and  1000  °C.  SIMS  and  Auger  analyses  were  used  to  determine 
the  impurity  concentration.  After  diffusion,  the  concentrations  of  Li  and  O  in  the  diamond 
films  were  found  to  be  of  the  order  of  (3-4)xl0'®  cm'^.  The  fluorine  concentration  was  of 
order  of  (l-2)xl0'^  cm-^  The  conductivity  was  p-type.  The  change  in  the  resistivity  due  to 
diffusion  was  nearly  nine  orders  of  magnitude  for  the  sample  diffused  under  electric  field,  and 
six  orders  of  magnitude  for  the  samples  diffused  without  field.  No  dependence  of  the  impurity 
concentration  on  the  applied  bias  was  observed  except  for  fluorine.  The  fluorine 
concentration  dependence  on  the  electric  field  indicates  that  fluorine  may  have  formed  a 
shallow  level  in  the  diamond  band  gap.  The  fact  that  large  concentrations  of  impurities  can  be 
diffused  into  diamond  films  at  relatively  low  temperatures  indicates  the  presence  in  the  films 
of  many  lattice  defects  (including  grain  boundaries). 


Introduction 

The  development  of  an  electronic  technology  based  on  diamond  thin  films  requires  solving 
the  problem  of  reproducible  doping  by  donor  and  acceptor  impurities  to  obtain  p-n  junctions, 
which  form  an  essential  part  of  many  electronic  devices.  It  is  well  known  that  p-type 
conductivity  can  be  obtained  by  boron  doping.  Obtaining  n-type  conductivity  is  a  more 
difficult  problem. 

The  basic  difficulties  of  diamond  doping  are  caused  by  lattice  rigidity  and  the  small 
covalent  radius  of  carbon.*  Thus,  only  boron  and  nitrogen  of  all  prospective  substitutional 
dopants  have  covalent  radii  small  enough  to  enter  the  diamond  lattice.  The  boron  atom  is 
electrically  active  in  diamond  and  can  be  described  by  the  hydrogen-like  model.  Nitrogen  does 
not  form  a  shallow  donor  in  the  diamond  band  gap.^-^  Other  impurities  such  as 
substitutional  phosphorus,  or  interstitial  lithium  and  sodium  have  been  tried  for  n-type 
doping.  The  results  on  phosphorus  doping  are  contradictory.  Earlier  papers  reported  a 
shallow  level.'*  Later,  a  number  of  researchers  found  that  phosphorus  forms  a  deep  (0.8  to  0.9 
eV)  level  in  the  band  gap.^‘®  Doping  by  lithium  has  been  done  by  ion  implantation,^'^  during 
growth®  and  by  diffusion.*’  ’**'**  Reports  on  Li  diffusion  into  diamond  are  inconsistent.  In 
reference  10,  it  was  reported  that  Li  atoms  diffused  at  temperatures  between  400  and  900  °C 
as  measured  using  secondary  ion  mass  spectrometry  (SIMS)  analysis.  In  reference  11, 
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opposite  results  were  obtained.  No  diffusion  of  implanted  Li  was  detected  after  annealing  at 
1400  °C  for  several  hours.  In  reference  12,  implanted  Li  did  not  redistribute  during  1000  °C 
thermal  treatment. 

Theory  predicts  a  very  low  solubility  of  potential  n-type  impurities  in  the  diamond 
lattice.*^  Taking  into  account  the  high  rigidity  of  the  diamond  lattice,  high  temperatures  would 
be  required  for  effective  diffusion  of  impurities.'  It  is  known  that  interstitial  impurities,  like 
Cu,  Li,  and  Na  are  fast  diffusing  and  can  be  introduced  into  semiconductor  lattices  at  lower 
temperatures  than  substitutional  impurities.''*  For  instance,  Li  diffuses  in  Si  in  the  relatively 
low  temperatures  range  (300-500  ^C),  which  is  lower  than  the  temperature  of  diffusion  for 
substitutional  impurities  (  800-1100  °C).''* 

In  this  paper,  a  study  of  lithium,  oxygen,  and  chlorine  diffusion  in  CVD  diamond  films  is 
reported.  An  electric  field  was  used  to  enhance  diffusion  of  those  impurities  that  could  be 
ionized  at  the  diffusion  temperature.  Positive  ions  are  accelerated  to  the  negative  electrode  and 
negative  ions  to  the  positive  electrode.  To  our  knowledge  no  experimental  results  on  the  field- 
assisted  diffusion  have  been  reported  yet  for  diamond.  The  field-enhanced  diffusion  of  Li  into 
diamond  lattice  should  be  effective,'  if  the  predictions  of  theory,  that  Li  forms  a  shallow 
donor  level  in  the  diamond  band  gap  with  activation  energy  AE=0.1  eV,'^  is  correct.  (Li  atoms 

would  be  nearly  totally  ionized  at  1000  OQ.  In  our  experiments  we  have  not  detected  any 
influence  of  electric  field  on  the  diffusion  of  Li.  We  have  to  conclude  that  Li  must  form  a 
deeper  level  in  the  diamond  band  gap  than  the  theory  predicts. 

Experimental 

Free  standing  diamond  films,  received  from  Norton  Co,  230  pm  thick,  with  medium  size 
crystallites  of  the  order  of  tens  micrometers,  and  polished  on  both  sides  have  been  used  in  this 
work.  Samples  B,  as  well  as  samples  C,  were  of  the  same  batch.  Raman  spectra  of  the  samples 
showed  the  diamond  line  only.  The  lines  of  graphite  and  amorphous  carbon  were  absent  from 
the  Raman  spectra.  The  films  were  mounted  on  a  graphite  base  with  an  imbedded  tungsten 
heater.  The  base  temperature  was  monitored  using  a  chromel-alumel  thermocouple.  The 
experimental  conditions  of  diffusion  are  listed  in  Table  I. 


Table  I.  Experimental  conditions  of  diffusion 


Sample 

Dopant  Source 

Temperature 

(°C) 

Time 

(min) 

Applied  Voltage 
(V) 

Current 

(mA) 

C5 

LiCI04 

700 

100 

100 

0.5-0.9 

C6 

LiC104 

990 

180 

30 

2.5 

B4 

LiaCOj 

1000 

190 

200 

0.5 

B5 

Li2C03 

1000 

190 

-200 

0.5 

B6 

LiaCOj 

1000 

190 

0 

0 
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The  dopant  sources,  LiC104  and  Li2C03,  were  of  analytical  purity  (99%).  During  the 
diffusion  process  dc  potential  of  100  and  30  V  were  applied  to  samples  C5  and  C6, 
respectively.  The  negative  terminal  of  the  source  was  applied  to  the  graphite  base.  The 
positive  terminal  was  applied  to  the  dopant  source  placed  on  the  upper  surface  of  the  sample. 
A  graphite  rod  served  as  the  upper  contact.  The  resulting  field  should  push  the  positive  ions 
into  the  sample.  The  diffusion  was  performed  in  a  hydrogen  atmosphere. 

The  samples  of  the  B 
B5  series  were  arranged  as 

shown  in  Fig.  1 .  The  applied 
field  should  have  pushed  the 
positive  ions  into  sample  B4 
and  negative  ions  into 
)  sample  B5.  The  control 
■  sample,  B6,  had  no  electric 
field  applied.  The  diffusion 
was  performed  in  an  argon 
atmosphere. 


Fig.  1 .  Experimental  arrangement  for  the  diffusion 

After  diffusion,  the  samples  were  boiled  in  a  Cr203+HS04  mixture  for  20  min  and  washed 
in  deionized  water.  The  resistivity  was  measured  at  room  temperature.  Depth  profiles  of  O 
and  Cl  were  performed  on  the  C  samples  using  Auger  measurements.  Depth  profiles  of  H,  Li, 
O,  and  F  on  the  B  series  were  measured  using  SIMS.  The  primary  beam  was  14.5-keV  Cs 
and  secondary  negative  ions  were  measured  for  H,  O  and  F.  Li  was  measured  using  8-keV 
primary  02beam  and  positive  secondary  ions,  in  a  separate  profile.  Quantification  was  earned 
out  using  implanted  standards  for  all  these  elements  in  crystalline  diamond. 


Result  and  Discussions 

The  resistivity  of  pristine  samples  at  room  temperature  was  10’'*  O.  cm.  After  diffusion, 
the  resistance  was  measured  and  was  found  to  be  ~10^  £2  for  the  B  and  C  samples  diffused 

under  electric  field,  and  10^  Q,  for  the  sample  B6  diffused  without  an  electric  field. 
Supposing  that  the  diffused  conducting  layer  was  2-5  micrometers  thick,  one  can  estimate  that 
the  layer  resistivity  of  the  samples  diffused  under  electric  field  was  approximately  20-50  Q 
cm.  The  change  in  resistivity  was  nearly  twelve  orders  of  magnitude.  The  samples  diffused 
under  electric  field  exhibit  p-type  conductivity  as  measured  using  a  thermal  probe.  We  did  not 
succeed  in  determining  the  type  of  conductivity  of  sample  B6  diffused  without  electric  field  , 
as  the  sample  resistance  was  too  high  for  the  thermal  probe  test  equipment. 

Concentration  profiles  of  the  impurities  in  the  C  samples  were  determined  using  Auger 
spectroscopy.  The  samples  were  gradually  sputtered  to  a  depth  of  1600  A.  The  results  for 
oxygen  and  chlorine  are  shown  in  Fig.  2.  A  chlorine  concentration  of  0.1  at.  %  was 
achieved.  An  oxygen  concentration  at  1500  A  of  approximately  O.lat.  %  in  sample  C6  was 
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found,  and  0.01  at  %,  in  sample  C5. 

The  quantity  of  oxygen  near 
the  surface  is  larger  for  lower 
diffusion  temperature  (700  C)  than 
for  a  higher  diffusion  temperature 
(990  “C).  This  can  be  explained  in 
the  following  way.  LiC104 

decomposes  at  430  “C.  Oxygen 
reacts  with  hydrogen  more  readily 
at  higher  temperatures,  and 
diffusion  has  been  performed  in  a 
hydrogen  atmosphere.  Lithium 
was  not  found  in  the  sample,  but 
the  sensitivity  of  the  Auger  method 
0  500  1000  1500  2000  to  Li  is  very  low.  Hydrogen  can 

Depth  (A)  not  be  detected  by  Auger  analysis. 


Fig.2  Auger  profiles  of  oxygen  and  chlorine  in  the  samples  C5  and  C6 
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Fig.3  SIMS  profiles  ofLi,  O,  HandF  Fig.  4.  SIMS  profiles  of  fluorine 

The  results  of  SIMS  analysis  for  sample  B6  are  shown  in  Fig.  3.  The  results  are  shown 
only  for  sample  B6,  as  there  was  no  difference  in  the  doping  profiles  for  any  of  the  B  samples 
(except  for  fluorine,  see  Fig.  4).  Oxygen,  hydrogen,  lithium,  and  fluorine  were  found  to  be 
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present  in  the  diamond  lattice.  Fluorine  was  present  as  an  impurity  in  the  diffusion  source  ,  as 
its  purity  was  of  only  99%.  Oxygen  and  hydrogen  concentrations  of  approximately  3x10’® 
cm'^  were  found.  We  did  not  check  the  presence  of  hydrogen  in  the  sample  before  the 
diffusion.  However,  the  presence  of  hydrogen  of  the  order  of  0.1  at%  in  CVD  diamond  films 
has  been  reported  earlier.*-’^  We  should  not  exclude  the  possibility  of  hydrogen  diffusion 
from  graphite,  as  earlier  experiments  have  been  done  in  hydrogen  atmosphere.  Li  diffused 

into  the  diamond  films  to  ~3xl0’®  cm‘^.  No  dependence  of  diffusion  on  bias  was  detected  for 
Li,  implying  that  the  fraction  of  ionized  Li  atoms  is  small,  if  any.  The  Li  level  must  be 
deeper,  than  the  theory  predicts  (O.leV).”^  Li  probably  diffuses  mostly  on  the  grain 
boundaries,  as  it  was  shown  earlier.*’” 

Only  the  fluorine  concentration  was  found  to  be  possibly  influenced  by  the  electric  field, 
applied  during  diffusion.  The  quantity  of  fluorine  that  entered  the  lattice  is  smaller  for  the 
negatively  biased  and  larger  for  positively  biased  sample  as  compared  with  the  unbiased  one. 
Fluorine  appears  to,  at  least  partially,  diffuse  as  negative  ions.  In  the  unbiased  B6  sample,  the 
fluorine  concentration  is  -IxlO”  cm'^  (at  the  depth  of  0.7|tm).  In  the  positively  biased  B5 
sample,  the  concentration  is  approximately  doubled,  while  in  negatively  biased  B4  sample  the 
concentration  is  -0.5x10”  cm‘^.  In  order  to  be  partially  ionized  at  1300  K,  fluorine  should 
have  in  the  diamond  band  gap  a  shallow  level  with  an  energy  of  the  order  of  2kT  =  0.22  eV. 
Impurities  of  the  seventh  group  of  the  periodical  table,  F  and  Cl,  in  interstitial  positions  should 
act  as  shallow  acceptors  in  covalent  semiconductors.  One  can  speculate  that  the  p-type 
conductivity  in  the  samples  after  diffusion  is  due  to  fluorine  or  chlorine  atoms  in  interstitial 
sites.  However,  quantitatively  the  difference  in  the  fluorine  concentration  does  not  explain  the 
differences  in  conductivity  obtained  for  samples  diffused  under  electric  field  and  those 
without  it. 

As  was  discussed  earlier,  the  solubility  and  diffusion  rate  of  impurity  atoms  into  the 
perfect  diamond  lattice  should  be  low.  However,  experimentally,  a  large  concentration  of 
impurities  was  seen  to  be  diffused  into  these  diamond  films  at  relatively  low  temperatures. 
This  means  that  the  CVD  diamond  films  are  not  perfect.  Large  quantities  of  lattice  defects 
(including  grain  boundaries)  are  present  in  the  films.  It  might  be  that  the  cause  of  the 
contradictory  results  obtained  by  different  authors  on  diffusion  of  lithium  into  diamond  films 
is  due  to  the  different  content  of  lattice  defects  in  the  diamond  films. 


Conclusions 

The  diffusion  of  impurities  under  bias  in  CVD  diamond  films  was  performed  at  700  ^C 
and  1000  ^C.  LiC104  and  Li2C03  were  used  as  diffusion  sources.  After  diffusion,  the 
concentrations  of  Li  and  O  in  the  diamond  films  were  found  to  be  of  the  order  of  (3-4)xl0’® 

cm'3  while  Cl  was  -ICPO  cm'^  No  dependence  of  the  impurity  concentration  on  the  applied 
bias  was  observed,  except  for  fluorine.  Fluorine  was  present  as  an  impurity  in  the  diffusion 
sources.  Its  concentration  dependence  on  the  electric  field  indicates  that  fluorine  may  have 
formed  a  shallow  level  in  the  diamond  band  gap.  The  decrease  in  resistivity  due  to  diffusion 
was  larger  for  the  samples  diffused  under  electric  field  than  for  the  sample  diffused  without  an 
electric  field.  The  fact  that  large  concentrations  of  impurities  can  be  diffused  into  diamond 
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films  at  relatively  low  temperatures  indicates  the  presence  in  the  films  of  many  lattice  defects 
(including  grain  boundaries). 
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BAND-OFFSETS  BETWEEN  GROUP-III-NITRIDES 


E.  A.  Albauesi,  W.  R.  L.  Lambreclit  and  B.  Segall 

Department  of  Pliysics,  Case  Western  Reserve  University,  Cleveland,  OH-44106-7079 
ABSTRACT 

The  valence-band  offset  at  the  zincblende  AlN/GaN,  AlN/InN  and  InN/GaN  (110)  interfaces 
are  calculated  self-consistently  by  means  of  the  linear  muffin-tin  orbital  method  using  up  to  54-5 
layer  supercells.  AU  interfaces  have  a  type  I-offset.  Assuming  interface  orientation  and  polytype 
effects  on  the  valence-band  maximum  to  be  reasonably  small,  a  type  I  offset  can  also  be  expected 
for  wurtzite  interfaces.  Our  results  are  in  very  good  agreement  with  experimental  values  for 
AlN/GaN,  the  only  nitride  interface  for  which  they  are  available. 

Subject  index  terms:  band  offsets,  interfaces,  heterojunctions,  superlattices,  Ill-nitrides. 
INTRODUCTION 

The  group-III-nitride  heterojuuctious  show  great  promise  for  short  wavelength  light-emiting 
devices  because  of  their  wide  and  direct  band  gaps.  Important  progress  in  the  growth  and  doping 
of  these  materials  has  recently  lead  to  the  first  successful!  fabrication  of  blue/violet  light  emitting 
devices  based  on  GaN/AlxGai_j;N  (for  recent  reviews,  see  [1,  2]).  The  single  most  important 
parameter  for  the  design  of  quantumwell  devices  is  the  band-offset.  Here,  we  report  the  first 
comprehensive  theoretical  study  of  the  band-offsets  among  the  group-III  nitrides. 

While  the  nitrides  GaN.  AIN  and  InN  occur  naturally  in  the  wurtzite  structure,  the  closely 
related  zincblende  phase  differs  from  it  by  only  a  very  small  energy  [3]  and  has  already  been 
stabilized  for  GaN  [4.  5.  6]  and  InN  [7].  Although  zincblende  AIN  has  an  indirect  gap  (with 
conduction-band  minimum  at  A'),  alloys  with  up  to  60  %  A1  were  found  to  be  direct  in  our  recent 
study  of  these  alloys'  electronic  structure  [8].  Because  of  its  non-polar  nature,  the  (110  )  interface 
between  zincblende  structures  is  the  simplest  interface  for  wliich  to  determine  the  band-offsets. 
In  view  of  the  above,  it  is  of  interest  both  in  itself  and  as  a  first  step  in  the  understanding  of  the 
offsets  for  other  interface  orientations.  We  note  that  interface  orientation  effects  on  the  average 
valence-band  offsets  at  isovalent  hetero junctions  have  generally  been  found  to  be  small  [9].  Also, 
if  interdiffusion  takes  place  at  real  interfaces  (even  at  only  a  monolayer  scale)  the  specific  interface 
bonding  effects  would  be  averaged  out  [10].  The  vrJence-band  maxima  in  wurtzite  and  zincblende 
have  a  very  similar  wave  function  character.  One  may  thus  to  a  good  first  appro.ximation  assume 
that  the  average  valence-band  offsets  are  polytype  and  interface  orientation  independent. 

The  actual  offsets  are  then  expected  to  be  largely  determined  by  the  “generic”  (110)  zincblende 
offset  plus  appropriate  bulk  strain  effects  on  the  valence-band  maximum  and  polytype  induced 
changes  in  the  conduction-band  minimum.  The  differences  in  the  conduction-band  minimum 
for  the  different  polytypes  are  important  and  are  well  understood  for  the  semiconductors  under 
consideration  [11].  A  study  of  the  hydrostatic  deformation  potential  and  on  further  details  of 
the  electronic  structure  for  the  group-III-nitrides  interfaces  are  in  progress  [12].  A  study  of  the 
composition  dependence  of  the  bandgaps  of  AliGai.^N  alloys  has  been  reported  elsewhere  [8]. 

COMPUTATIONAL  METHOD 

In  the  supercell  approach,  the  interface  under  consideration  is  periodically  repeated  in  an 
artificially  periodic  system  with  a  large  unit  cell.  The  charge  density  of  the  latter  is  obtained 
self-consistently,  and  from  it  the  layer  averaged  electrostatic  potential  profile  at  the  interface.  The 
interface  dipole  D  is  defined  to  be  the  difference  between  the  asymptotic  values  of  this  potential 
on  the  two  sides  of  the  interface.  Our  convention  is  to  take  D  as  the  difference  between  the 
potential  on  the  first  minus  the  second  compound.  This,  combined  with  the  positions  of  the 
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bands  with  respect  to  the  appropriately  averaged  electrostatic  potential  in  each  soUd,  obtained 
from  a  standard  bulk  band-structure  calculation,  straightforwardly  yields  the  band-offsets.  Here, 
the  linear  muffin-tin  orbital  method  [13]  is  used  in  the  atomic  sphere  approximation  (ASA) 
including  the  so-called  combined  correction,  and,  in  the  usual  manner,  empty  spheres  at  the 
tetrahedral  interstices.  The  local  density  approximation  (LDA)  is  used  with  the  Hedin-Lundqvist 
parametrization  of  exchange  and  correlation  [14].  The  value  of  the  average  electrostatic  potential 
in  an  infinite  solid  is  not  uniquely  defined  [15].  It  is  given  relative  to  an  arbitrary  reference 
energy.  Our  specific  choice  for  this  (arbitrary)  reference  is  the  so-called  ASA  level,  which  is  the 
average  of  the  electrostatic  potential  of  the  point  charges  associated  with  the  atomic  spheres 
[1.5].  VVe  found  for  the  {110}  interface  that  five  layers  of  each  material  are  sufficient  to  obtain 
reasonable  convergence  to  bulk  values  for  the  relevant  properties  (charge  and  average  point  charge 
electrostatic  potential)  of  the  central  layer  in  each  half  cell.  Each  layer  contains  both  a  cation 
and  an  anion  and  two  different  types  of  empty  spheres  and  is  neutral  for  the  bulk  solids.  The 
layer- averaged  net  charge  and  electrostatic  potential  provide  concise  information  on  the  interface 
dipole  formation.  The  present  unit  cell  is  large  enough  that  good  k-point  sampling  convergence 
of  the  charge  density  is  obtained  with  four  special  k-points  [16].  The  Ga3d  and  In4d  states  in 
GaN  and  InN  respectively  are  treated  as  band  states  since  their  LDA  eigenvalues  overlap  with 
the  N2s  band  and  were  found  to  be  important  for  obtaining  correct  ground  state  charge  densities 
[111- 

While  GaN  and  AIN  are  closely  lattice  matched  (~  3%  mismatch),  InN  has  a  significant 
mismatch  with  the  other  two  compounds.  In  this  initial  investigation,  we  nevertheless  use  a 
common  lattice  constant  of  4.435  A  for  GaN/ AIN,  4.670  A  for  AlN/InN,  and  4.735  A  for  InN/GaN. 
These  correspond  to  the  averages  of  the  bulk  lattice  constants  of  the  parent  compounds  for  each 
pair. 

In  our  previous  work  on  the  GaN/AlN  interface  [17],  we  estimated  the  strain  effects  on  the 
band  offsets  to  be  smaller  than  0.2  eV  using  the  absolute  hydrostatic  deformation  potential 
calculated  within  the  dielectric  midgap  energy  (DME)  model  [18].  For  heterojunctions  with 
In'^,  we  expect  the  effects  to  be  somewhat  larger.  However,  since  strain  effects  are  dependent 
on  the  substrate/film  configuration,  interface  orientation,  and  polytype,  they  should  be  treated 
separately  for  each  case.  We  prefer  to  incorporate  these  effects  later  as  perturbations  due  to 
the  deformation  potentials  of  the  bulk  compounds.  The  calculation  of  the  needed  deformation 
potentials  is  in  progress.  Results  for  GaN  are  available  in  [19]. 

RESULTS 

The  (110)  layer  is  neutral  in  the  bulk  and  at  the  interface  has  equal  number  of  III(A)-N  and 
III(B)-N  bonds  with  A  and  B  corresponding  to  Al,  Ga,  In.  The  largest  deviations  from  charge 
neutrality  for  this  (110)  interface  occur  on  the  layers  immediately  adjacent  to  the  interface,  and 
the  bulk  value  (zero)  is  approached  rapidly  and  is  nearly  achieved  on  the  third  layer  of  the  5-1-5 
superceUs  we  have  used. 

The  initial  offset  is  AE°  =  jB„(A)  -  E„(B)  corresponding  to  the  valence  band  alignment 
from  the  band  positions  relative  to  the  ASA-reference  levels  in  A  and  B.  The  final  self-consistent 
value,  AE„  =  AE®-bD,  where  D=Ua„(A)  —  Vav(B)  provides  the  interface  dipole  in  terms  of 
the  local  average  ASA  potentials  on  the  central  layers  of  each  half  cell.  The  conduction-band 
offsets  for  the  zincblende  structures,  AE|^  =  E|*’(A)  —  jE'|*’(B),  are  obtained  by  adding  to  the 
valence  band  maxima,  the  values  of  the  energy  gap  of  each  compound.  The  LDA  is  well-known 
to  underestimate  the  band  gaps.  Thus,  we  here  prefer  to  use  the  e.xperimental  bandgaps  adjusted 
to  the  appropriate  lattice  constant  and  corresponding  to  the  zincblende  crystal  structure.  The 
resulting  band  gaps  [20]  are  3.2  eV  for  GaN,  4.9  eV  for  AIN  for  the  indirect  Tjj  —  A'l  gap,  and 
1.66  eV  for  InN.  A  similar  expression  is  obtained  for  the  conduction-band  offset  for  the  wurtzite 
structure,  AE^,  with  experimental  direct  band  gaps  of  3.65  eV  for  GaN,  6.28  eV  for  AIN  and 
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2.05  eV  for  InN.  The  latter  are  the  zero  temperature  gaps  at  the  equilibrium  lattice  constant. 
As  mentioned  earlier,  the  character  of  the  wave  function  at  the  valence-band  maximum  (at  F) 
in  wurtzite  is  similar  to  that  for  the  corresponding  zincblende  crystal.  Since,  the  bonding  is  also 
similar,  the  dipole  due  to  the  charge  transfer  is  expected  to  be  similar.  It  is  thus  reasonable  to 
assume  that  the  valence-band  offsets  will  be  nearly  the  same  in  the  two  structures  apart  from  the 
symmetry  induced  splitting  of  the  valence-band  maximum  in  wurtzite.  Spontaneous  polarization 
effects  due  to  the  polar  nature  of  the  {0001}  wurtzite  interfaces  are  presently  ignored.  They  will 
require  a  separate  investigation.  From  all  these  considerations,  the  resulting  values  for  the  dipoles 
and  offsets  are  as  follows: 


D 

~Air 

A£;„ 

A£- 

GaN/AlN 

-0.11 

0.96 

0.85 

-0.81 

-1.78 

AlN/InN 

2.16 

-3.26 

-1.09 

2.15 

3.14 

InN /GaN 

-2.08 

2.58 

0.51 

-1.07 

-1.09 

We  note  that  the  values  given  for  wurtzite  are  expected  to  be  somewhat  more  approximate 
than  those  for  zincblende  because  of  the  additional  appro.ximations  involved.  Also,  the  values 
for  the  cases  involving  InN  may  be  subject  to  strain  corrections  slightly  larger  than  0.2  eV,  the 
estimated  maximum  for  the  GaN /AIN  interface,  because  of  the  larger  lattice-mismatchs  involved. 

In  Fig.  1  we  plot  the  different  interface  band  offsets,  which  all  turn  out  to  be  of  type  I.  In 
these  pictures,  we  have  also  included  the  Fi  states  for  zincblende  AIN.  This  state  is  similar  in 
character  to  the  Fi  minimum  of  the  conduction  band  for  the  wurtzite  structure.  As  can  be  seen 
in  the  figure,  their  energies  are  indeed  close. 

As  an  example  of  iuterfacial  strain  effects,  we  note  that  if  InN  is  grown  on  bulk  GaN,  one  would 
expect  the  lattice  constant  in  the  interface  plane  to  be  that  of  GaN  instead  of  the  average  of  the 
two.  The  system  wiU  compensate  this  lateral  compression  by  expanding  the  lattice  constant  in  the 
InN  film  in  the  direction  perpendicular  to  the  interface  according  to  the  Poisson  ratio.  The  latter 
depends  on  the  crystallographic  orientation.  As  an  example,  consider  the  e.xperimentally  most 
relevant  interface  for  wurtzite,  the  basal  plane,  or  the  closely  related  zincblende  {111}  interface. 
The  Poisson  ratio  for  this  direction  is  ~0.3  for  both  GaN  and  AIN,  and  we  thus  also  e.xpect  that 
value  for  InN.  This  value  is  obtained  from  <riii  =  2(Cii  -f  2Ci2  -  2C44)/(Cii  -f  2Ci2  +  4C44)  and 
the  calculated  elastic  constants  for  zb-GaN  and  AIN  by  Kim  et  al.  [19].  This  impUes  that  the 
parallel  lattice  constant  n||  of  InN  would  be  decreased  by  about  10  %  from  its  bulk  equilibrium 
value  while  the  perpendicular  lattice  constant  ax  would  be  increased  by  about  3  %.  The  net 
volume  change  is  thus  a  decrease  by  16.6  %  corresponding  to  an  effective  cubic  lattice  constant 
change  of  -5.8  %.  This  corresponds  closely  to  the  average  lattice  constant  that  we  used.  Thus  the 
hydrostatic  deformation  potential  induced  change  from  our  present  band-offset  would  be  expected 
to  be  small.  The  uniaxial  strain  component  in  the  (111)  direction  in  this  case  would  be  ~4  %. 
Assuming  that  the  deformation  potentials  are  similar  in  GaN  and  InN,  this  would  lead  to  an 
increase  in  the  valence-band  maximum  by  0.2-0.3  eV.  In  fact,  the  uniaxial  strain  splits  the  level 
as  follows:  iE^  =  {2y/3/2diT]i,—y/3l2d^r]^},  with  d^  »  -5  eV  and  775  rs  0.04.  The  subscript 
here  refers  to  the  irreducible  representation  using  the  notations  of  Kane  [21]  and  175  is  the  strain 
tensor  component  and  f/5  the  corresponding  deformation  potential.  Thus,  we  conclude  that  the 
baud  alignment  at  the  wurtzite  interface  will  remain  type  I  even  when  strain  effects  are  included, 
at  least  for  the  case  of  the  {0061}  interface  discussed  here.  Since  the  valence-band  offsets  with 
AIN  are  of  the  order  of  0.8-1.0  eV,  it  is  unlikely  that  strain  effects  would  invert  them.  Thus, 
the  conclusion  that  the  offsets  are  all  of  type  I  appears  to  be  rather  robust.  We  also  note  that 
the  conduction  band  offsets  in  the  wurtzite  systems  make  larger  relative  contributions  to  the  gap 
discontinuities  than  do  their  zincblende  counterparts.  The  zincblende/ wurtzite  difference  in  the 
conduction  bands  is  clearly  most  dramatic  for  AIN  where  it  is  about  1  eV. 
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Figure  1:  Band-offsets  calculated  for  the  zincblende  {110}  interfaces  and  estimated  for  the 
wnrtzite  interfaces 

Our  previous  results  for  GaN/AlN  [17]  have  shown  that  there  are  no  interface  states  in  the 
main  band  gap.  This  is  to  be  expected  for  a  well-matched  interface  which  preserves  the  tetrahedral 
bonding.  We  anticipate  that  this  will  also  be  the  case  for  the  other  interfaces.  According  to  the 
transitivity  rule,  one  has  AEi.{A/B)  +  AEy{B/C)  -F  AEAC/A]  =  0.  In  the  present  case,  this 
rule  is  violated  by  0.27  eV.  We  note,  however,  that  for  each  interface  considered  here,  another 
(appropriate  average)  lattice  constant  was  used.  This  probably  plays  a  role  in  the  origin  of  this 
violation.  We  note,  however,  that  there  is  actually  no  a-priori  justification  for  this  rule  within 
tile  self-consistent  supercell  approach.  It  is.  of  course,  obeyed  by  construction  within  any  linear 
offset  model  such  as  the  DME  approach. 


610 


DISCUSSION 


Martin  et  al.[22]  measured  the  valence-band  discontinuity  for  a  wurtzite  GaN / AIN  (0001 )  het¬ 
erojunction  by  means  of  X-ray  photoemission  spectroscopy  and  obtained  a  value  of  (0.8±0.3)eV 
with  a  type  I  alignment.  This  is  in  very  close  agreement  with  our  calculation  for  the  GaN/AlN 
interface.  Schneider  [23]  has  also  estimated  tills  band-gap  offset  by  aligning  in  the  two  semicon¬ 
ductors  the  level  positions  of  a  transition  metal  (Fe)  impurity  with  respect  to  the  band  edges  and 
using  the  semi-empirical  Lauger- Heinrich  rule  [24].  His  value  of  (0..53±0.1)  eV  is  in  fair  agreement 
with  our  calculations,  especially  with  the  result  obtained  in  [17]  with  the  DME  model.  Tliis  is 
not  surprising  because  the  justification  of  the  Langer-Heinrich  rule  is  precisely  that  transition 
metal  levels  are  pinned  at  a  midgap  level  such  as  the  DME  level. 

Ren  and  Dow  [2.5]  have  studied  the  size  quantization  effect  on  the  valence  and  conduction 
band  minima  in  GaN/Ali.Gai_j;N  wurtzite  superlattices  as  a  function  of  the  repeat  period  and 
an  assumed  ratio  of  the  valence-band  offset  to  the  band  gap  discontinuity,  R  =  AE-ujAEg.  They 
did  this  for  the  various  x  for  which  experimental  optical  data  on  the  blue  shift  of  the  gap  were 
available,  i.e.  data  for  a‘  =  1  by  Sitar  et  al.[26]  and  for  a  =  0.1  by  Itoh  et  ai.[27].  Their 
best  fit  to  the  data  corresponded  to  R  =  0.4  for  both  cases.  This  corresponds  to  a  band-offset 
for  pure  GaN/AlN  of  1.05  eV.  Our  calculations  predict  a  ratio  of  R  =  0.32  rather  than  0.4 
for  wurtzite.  We  note,  however,  that  the  method  used  by  Ren  and  Dow  to  determine  R  has 
a  significant  uncertainty.  For  example,  using  effective  mass  approximation  calculations,  Sitar 
et  n/.[26]  concluded  from  the  same  data  at  x  =  1  that  the  band-gap  discontinuity  was  about 
equally  divided  between  valence  and  conduction-band  offsets,  corresponding  to  if  «  0.5.  Itoh  et 
n/.[27]  using  a  Kronig-Penney  model  analysis  of  their  optical  data  on  quantum  wells  concluded 
that  the  offset  occurs  mostly  between  the  conduction  bauds.  Thus,  this  approach  seems  rather 
unreliable  for  a  precise  determination  of  the  offsets.  It  is  very  plausible  that  our  R  value  may 
yield  equally  satisfactory  agreement  with  the  optical  data.  We  plan  to  investigate  this  hypothesis 
in  future  work.  To  the  best  of  our  knowledge,  no  experimental  data  are  presently  available  for 
the  heteroj unctions  involving  InN. 

CONCLUSIONS 

The  valence-band  offsets  at  the  zincblende  AlN/GaN,  AlN/InN  and  InN/GaN  (110)  interfaces 
were  calculated  by  means  of  the  self-consistent  supercell  approach  at  the  average  lattice  constant 
of  the  constituents.  A  back-of-the  envelope  estimate  of  the  strain  effects  shows  that  deviations 
from  these  offsets  for  specific  strain  situations  may  be  expected  to  be  of  order  0. 2-0.3  eV.  The 
band  alignments  are  all  of  type-I.  This  leads  to  confinement  of  both  electrons  and  holes  in  the 
material  with  the  smaller  gap,  which  is  favorable  for  light-emission  from  quantum  weUs  devices. 
While  our  calculation  were  for  zincblende  (110)  interfaces,  the  similarity  in  the  wave  function 
character  of  the  valence-band  maxima  of  wurtzite  and  zincblende,  allows  us  to  extend  our  results 
to  wurtzite  offsets.  Our  band-offset  for  GaN/AlN  appears  to  be  consistent  with  XPS  experimental 
data  [22]  while  the  interpretation  of  optical  data  is  presently  unclear. 
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ABSTRACT 


Complex  formation  at  indium  and  cadmium  impurities  implanted  into  samples  of  3C-,  4H- 
and  6H-  SiC  was  investigated  by  means  of  Perturbed  Angular  Correlation  (PAC)- 
Spectroscopy.  After  annealing  at  1600  K  up  to  five  different  configurations  characterized  by 
their  specific  electric  field  gradients  (EFG(i))  were  observed  in  6H-  SiC,  only  four  complexes  in 
4H-  SiC;  in  the  3C-  modification  no  complex  was  observed.  All  EFG's  are  axially  symmetric 
and  are  oriented  along  the  c-  axis  of  the  crystal.  In  a  highly  nitrogen  doped  6H-  SiC  epi-  layer 
an  new  EFG  was  observed.  It  is  tentatively  assigned  to  a  close  indium-  nitrogen  pair. 


INTRODUCTION 


The  application  of  semiconductors  to  devices  at  high  temperatures  is  restricted  by  material 
properties.  Since  there  are  great  demands  on  the  devices  like  high  temperature  resistivity 
(T>500°C),  high  mechanical  and  chemical  stability,  high  temperature  conductivity  and  high 
break-down  voltage,  one  has  to  take  into  account  wide-band-gap  semiconductors  like  silicon 
carbide. 

Investigations  on  the  electronical  properties  of  SiC  were  made  by  means  of  Hall  effect-, 
DLTS-  and  optical  measurements  like  infra-red  absorption  [1].  More  specific  on  the  atomic 
scale  are  nuclear  probe  methods  like  EPR,  Mossbauer  spectroscopy  or  PAC-  spectroscopy. 
EPR  and  Mossbauer  spectroscopy  are  restricted  essentially  to  lower  temperatures  and  thus 
cannot  yield  information  about  the  high  temperature  behaviour  of  the  measured  material.  On 
the  contrary,  the  study  of  close  probe  complexes  by  PAC  spectroscopy  enables  in  favourable 
cases  a  direct  monitoring  of  the  environment  of  the  probe  atoms  without  limitations  by 
temperature. 

This  nuclear  technique  is  based  on  the  time  differential  detection  of  an  aniostropic  radiation 
pattern  of  a  y-y-cascade.  The  correlation  between  the  direc  ion  of  the  first  and  the  second 
emitted  radiation  quantum  depends  on  the  nuclear  spins  and  the  multipolarities  of  the  radiation 
fields  involved.  The  quadrupole  hyperfine  interaction  between  the  quadrupole  moment  Q  of  the 
isomeric  state  and  the  electric  field  gradient  (EFG)  at  the  probe  atoms  results  in  a  time 
dependent  perturbation  of  this  correlation. 

The  EFG  characterizes  the  electric  charge  distribution  in  the  neighbourhood  of  the 
radioactive  probe  atom.  The  product  of  the  largest  component  of  the  EFG-tensor  and  the 
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nuclear  quadrupole  moment  Q  determines  the  quadrupole  coupling  constant  vq  =  eQV^^/h. 
The  other  components  of  the  traceless  tensor  are  combined  to  the  asymmetry  parameter  r|  = 

I  Vxx  -  VyylA''^^  with  0  <  q  <  1 . 

The  measured  coincidence  spectra  of  the  y-y  cascade  are  combined  to  the  ratio  R(t).  In  this 
time  spectrum  the  probe  specific  environment  (e.g.:  defect,  specific  lattice  site,  etc.)  creates 
characteristic  modulations  described  by  frequency  triplets  coi,  CO2,  0)3  •  From  each  EFG  specific 
triplet  it  is  possible  to  calculate  the  value  of  vq  and  the  symmetry  of  the  EFG.  The  relative 
amplitudes  of  the  three  frequencies  yield  information  about  the  orientation  of  the  EFG  as  a 
function  of  the  crystal  orientation  with  respect  to  the  detector  system.  The  relative  fraction  of 
the  decorated  probe  atoms  can  be  seen  in  the  amplitude  of  the  modulation  pattern.  Further 
theoretical  background  on  the  PAC  method  is  given  in  [2],  information  concerning  its 
application  in  semiconductor  research  is  reviewed  in  [3]. 


EXPERIMENT  and  RESULTS 


In  the  present  experiment  the  PAC  measurements  were  performed  at  the  isomeric  5/2'*'  level 
of  ^Cd  (ty2  =  84  ns).  Most  of  the  measurements  were  carried  out  with  the  parent  activity 
l^In,  which  decays  to  '^*Cd  (ti/2  =  2,8  d).  The  SiC  crystals  were  implanted  with  U^In  ions 
with  an  energy  of  350  keV  at  the  Gottingen  lONAS  facility  resulting  in  an  indium  profile  with  a 
maximum  concentration  of  about  lO^^cm'^  centred  100  nm  beneath  the  surface. 

The  m^'Cd-atoms  (ti/2  =  49  min)  were  implanted  with  the  on  line  isotope  separator 
ISOLDE  at  CERN.  The  lower  implantation  energy  of  60  keV  results  in  a  profile  with  a 
maximum  concentration  of  about  lO^^cm'^  centred  25  nm  beneath  the  surface. 

The  annealing  behaviour  of  the  SiC  samples  was  investigated  by  encapsulating  the  samples  in 
quartz  ampoules  filled  with  Argon.  After  a  temperature  treatment  in  a  furnace  the  samples 
(within  the  quartz  ampoules)  were  quenched  in  water.  The  following  PAC-  measurements  were 
dl  performed  at  Tm  =  295K. 


Indium: 

In  the  3C-  SiC  samples  no  distinct  electric  field  gradient  was  revealed  by  the  PAC-  spectra. 
The  fraction  of  probe  atoms  which  are  located  in  nearly  cubic  suiioundings  increases  from  0  % 
directly  after  the  implantation  to  30%  after  an  annealing  step  at  1600  K  for  10  minutes. 

In  the  hexagonal  6H-SiC  polytype  different  electric  field  gradients  were  observed.  During 
the  annealing  procedure  up  to  1500  K  five  different  modulations  could  be  detected  in  the  R(t)- 
spectra. 

In  the  4H-  SiC  polytype  up  to  four  different  EFGs  appeared  after  an  analogous  annealing 
procedure.  Typical  PAC-  spectra  are  shown  in  figure  la  for  the  4H-  polytyp 
(n-type,  [N]=  3*10l6cm'^)  and  in  figure  lb  for  the  6H-  modification  (n-type,  [N]=  8*10l8cm"3) 
after  annealing  steps  at  1500  K  for  90  minutes  and  180  minutes,  respectively. 

All  these  spectra  were  obtained  in  a  standard  geometry  between  the  c-  axis  of  the  crystal  and 
the  detector  system.  In  this  case  the  frequency  triplet  degenerates  to  a  doublet  C0i,C02  for  axially 
symmetric  (q=0)  EFGs  oriented  along  the  c-  axis  of  the  crystal. 
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Figure  1:  (a)  PAC-  spectrum  of  4H-  SiC  after  an  annealing  step  at  1500  K for  90  minutes 

(b)  PAC-  spectrum  of  6H-  SiC  after  an  annealing  step  at  1500  K for  180  minutes 

(c)  PAC-  spectrum  of  6H-  SiC:N  (epi-layer  sample)after  an  annealing  step  at 

1500  K  for  30  minutes 

The  PAC-  parameters  of  the  electric  field  gradients  obtained  at  Indium/Cadmium  probe 
atoms  are  summarized  in  table  1 . 

The  fractions  of  the  probe  atoms,  which  were  exposed  to  these  EFGs  increase  with  the 
annealing  temperature.  In  6H-  SiC  three  of  them  can  be  detected  only  for  annealing 
temperatures  above  1300  K  (see  figure  2:  EFG(3),  (4)  and  (5)).  The  other  two,  EFG(1)  and 
EFG(2),  appear  at  an  annealing  temperature  higher  than  1000  K. 
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Table  1:  EFG  parameters  of  the  complexes  at  Indium/Cadmium  probe  atoms  in  SiC 


In  the  6H-  polytype  the  electric  field  gradients  show  a  different  behaviour  on  the  measuring 
temperature  (see  figure  3).  EFC}(1)  and  EFG(2)  were  found  between  temperatures  of  30  K  and 
900  K.  Their  PAC-  parameters  do  not  change  significantly  up  to  a  temperature  of  700  K.  The 
other  three  electric  field  gradients  show  a  strong  temperature  dependence.  In  this  modification 
EFG(3)  was  observed  between  30  K  and  500  K,  EF(3(4)  between  265  K  and  700  K  and 
EFG(5)  was  observed  between  30  K  and  900  K. 


6H-SiC 


6H-SiC 


Annealing  temperature 
(Kelvin) 

Figure  2:  Annealing  behaviour  of  6H-SiC 


Measuring  temperature 
(Kelvin) 

Figure  3:  Dependence  of  the 

qucuA-upole  coupling  constant  on 
measuring  temperature 
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In  a  6H-  SiC  epi  layer  with  a  nitrogen  content  of  3*10l®cm"3  another  distinct  EFG  was 
found  at  annealing  temperatures  above  1425  K,  see  figure  Ic.  Because  of  the  small  fraction  of 
probe  atoms  experienced  to  this  EFGr(6),  its  PAC-  parameters  can  not  be  deduced 
unambigiously.  Assuming  axial  symmetry  the  quadrupole  coupling  constant  is  300(2)  MHz. 


Cadmium 

In  the  m^Cd  implanted  6H-  SiC  samples  only  the  first  three  electric  field  gradients  were 
observed;  the  identical  PAC-parameters  strongly  indicate  that  the  Cd  and  In  atoms  occupy 
identical  lattice  sites  after  the  implantation  and  annealing  process.  The  fractions  of  probe  atoms 
experienced  to  EFG(l)  and  EFG(2)  were  greater  than  in  the  case  of  ^In  probe  atoms. 


DISCUSSION 


The  first  question  is  concerned  with  the  lattice  site  occupied  by  the  indium  or  cadmium 
probe  atoms.  At  present,  however,  details  of  the  nature  of  the  bonds  between  silicon  and 
carbon  in  silicon  carbide  are  stiU  discussed  controversially  [5], [6].  Regardless  of  this  open 
question  carbon  atoms  should  be  charged  negatively,  silicon  atoms  positively,  with  the  charge 
distribution  depending  on  the  bonding  model.  An  isolated  In-  or  Cd-  impurity  should  act  as  a 
negatively  charged  acceptor  in  silicon  carbide,  corresponding  to  other  group  III  elements,  like 
B,  Al,  or  Ga  [7].  Like  these  elements  Cd  and  In  impurities  are  expected  to  occupy  Si-sites  in 
silicon  carbide. 

A  probe  atom  at  a  substitutional  site  in  the  cubic  3C-  modification  experiences  no  EFG 
generated  by  the  lattice.  The  surroundings  of  such  a  probe  atom  show  tetraedric  symmetry.  Our 
PAC-  measurements  indicate,  that  30%  of  the  ^In  probe  atoms  have  a  only  weakly  disturbed 
cubic  environment  after  an  annealing  step  at  1600  K.  So  the  conclusion  can  be  drawn,  that 
about  30%  of  the  probe  atoms  are  located  at  a  weakly  disturbed  substitutional  site;  there  may 
be  a  fraction  of  probe  atoms  on  interstitial  sites  showing  cubic  symmetry,  too. 

In  contrary  to  the  3C-  polytype  the  local  environment  around  a  lattice  site  in  4H-  and  6H- 
SiC  shows  a  noncubic  S)fmmetry.  Therefore  a  probe  atom  at  a  substitutional  or  an  interstitial 
site  in  the  hexagonal  polytypes  experiences  a  lattice  EFG  oriented  parallel  to  the  c-  axis  of  the 
crystal.  EFG(1)  and  EFG(2)  are  assigned  to  substitutional  probe  atoms  experiencing  the  lattice 
EFG,  because  they  were  detected  in  the  temperature  range  from  30K  to  lOOOK.  Their 
quadrupole  coupling  constants  vq  show  no  significant  temperature  dependence  (see  figure  3) 
up  to  700  K. 

In  the  temperature  region  above  1300  K  segregation  of  carbon  to  the  silicon  carbide  surface 
takes  place  [8].  The  produced  carbon  vacancies  in  the  carbon  sublattice  are  expected  to  be  the 
dominant  defects  in  this  temperature  region.  The  PAC-  measurements  show  the  appearance  of 
three  EFGs  (EFG(3)-(5))  in  6H-  and  two  EFGs  (EFG(3)-(4))  in  4H-  SiC  at  this  temperature. 
The  fraction  of  decorated  probe  atoms  rises  with  the  annealing  temperature.  This  leads  to  the 
straightforward  interpretation  of  an  indium  carbon-vacancy  complex.  This  assignment  is 
strongly  supported  by  the  three  complexes  in  6H-  and  the  two  configurations  in  4H-SiC,  since 
in  the  6H-  SiC  three  nonequivalent  lattice  sites  -and  therefore  nonequivalent  In-Vg  complexes  - 
are  expected.  In  the  4H  polytype  only  two  nonequivalent  sites  are  present.  Against  this 
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interpretation,  however,  one  has  to  recognize  that  all  measured  EFGs  show  orientations  parallel 
to  the  c-axis.  This  points  to  a  lattice  and  not  to  a  defect  induced  EFG.  A  definite  conclusion  on 
the  basis  of  the  present  data  can  not  be  given;  here  additional  experiments  are  required. 

In  the  highly  N-doped  silicon  carbide  EFG(6)  (see  table  1)  was  found.  It  is  assigned  to  a 
close  In-N-pair,  where  the  indium  is  located  at  a  silicon  site  and  the  nitrogen  on  a  carbon  site. 
This  interpretation  is  suggested  since  in  the  SiC  crystals  the  nitrogen  atoms  should  prefer  the 
carbon  lattice  site  [4].  An  isolated  In  or  Cd  impurity  should  act  as  a  negatively  charged 
acceptor  in  SiC  prefering  the  silicon  lattice  site,  corresponding  to  other  group  Ill-elements  like 
B,  A1  or  Ga  [5]. 
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ABSTRACT 

Time  resolved  photoluminescence  and  optically  detected  magnetic  resonance 
experiments  were  performed  on  the  2.985  eV  (N3)  luminescence  band  in  natural  diamond 
and  the  2.964  eV  luminescence  center  in  synthetic  diamonds.  For  the  N3  luminescence  the 
resonance  occurs  in  the  ^E  excited  state  of  the  center.  On  the  2.964  eV  luminescence  a 
strongly  anisotropic  resonance  signal  is  observed.  The  frequency  response  of  the  magnetic 
resonance  signals  confirms  the  time  resolved  photoluminescence  measurements. 


INTRODUCTION 

In  synthetic  and  natural  diamonds  a  large  number  of  luminescence  centers  can  be 
observed  in  the  visible  spectral  range  [1,2].  Most  of  these  centers  are  thought  to  be 
impurity  related.  Also  the  common  nitrogen  related  centers  emit  in  this  spectral  range.  As 
there  is  some  superposition  of  luminescence  and  luminescence  excitation  spectra  of  these 
centers  they  can  not  be  separated  under  steady  state  conditions.  However,  time  resolved  PL 
and  optically  detected  magnetic  resonance  (ODMR)  should  be  able  to  discriminate  between 
these  centers  and  to  establish  a  correlation  of  the  luminescence  and  defect  properties. 

In  this  study  we  concentrate  on  the  luminescence  of  the  prominent  N3  center  in  natural 
diamond  which  is  located  at  2.985  eV  and  the  2.964  eV  center  luminescence  which  occurs 
in  natural  and  synthetic  diamonds  [3,4].  The  ODMR  experiments  reveal  a  asymmetrical 
resonance  for  the  N3  center,  whereas  a  strongly  anisotropic  signal  is  observed  in  the  2.964 
eV  emission  band.  Time  resolved  ODMR  experiments  show  similar  decay  times  as  obtained 
by  time  resolved  PL  which  correlates  the  ODMR  signals  to  the  respective  PL  bands. 

EXPERIMENTAL 

The  optically  detected  magnetic  resonance  experiments  were  carried  out  in  a  magneto¬ 
optical  cryostat  (0-2  Tesla)  at  temperatures  of  1.6  K.  For  these  experiments  the  samples 
were  excited  with  the  325  nm  line  of  a  HeCd  laser.  The  emission  was  analyzed  by  a  single 
monochromator  (Spex  1680)  in  combination  with  a  photomultiplier.  The  samples  were 
placed  in  the  center  of  a  TEou  resonator  allowing  optical  excitation  and  detection  of  the 
emitted  light.  The  available  microwave  power  was  400  mW  at  frequencies  around  36  GHz. 
For  detection  of  the  ODMR  signals  by  lock-in  technique  the  microwaves  were  squarewave 
on/off  modulated.  The  frequency  response  was  measured  by  varying  the  modulation 
frequency. 

Time  resolved  PL  spectra  and  lifetime  measurements  were  performed  with  a  Spex 
1934C  phosphorimeter,  delivering  light  pulses  of  approx.  10  ps  from  a  Xe  arc  lamp.  The 
temperature  could  be  controlled  in  the  range  from  10  to  300  K. 
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Fig.  1 :  Photoluminescence  Spectnim  of  the  N3  center  in  natural  diamond  excited  via  the 
N4  absorption  (2  K).  The  inset  shows  a  simplyfied  level  scheme  of  the  N3  center. 


RESULTS  AND  DISCUSSION 
a)  The  N3  center 


The  N3  center  is  known  to  be  due  to  three  substitutional  nitrogen  atoms  bound  to  a 
common  carbon  atom  or  a  vacancy,  the  ground  state  being  a  (or  2A2).  The  excited 
state  of  the  2.985  eV  luminescence  is  a  state.  For  excitation  in  the  N3  absorption  band 
the  prompt  luminescence  decay  is  exponential  and  equal  to  40  ns.  Long  living  components 
can  be  observed  by  excitation  in  the  energy  range  of  the  N4  absorption.  For  such  excitation 
conditions  and  temperatures  below  170  K  beside  the  2.985  eV  PL  another  emission  with  a 
first  peak  at  2.672  eV  was  observed  and  attributed  to  a  2A2  excited  state  (labeled  Ng  in  the 
original  paper  [3]).  Fig.  1  shows  a  typical  luminescence  spectrum  of  the  N3  center  emission 
where  both  luminescence  bands  overlap,  the  inset  shows  a  simplified  energy  level  diagram. 
Time  resolved  PL  measurements  have  shown  that  the  2.985  eV  emission  has  a  single 
exponential  decay  of  (0.4  ±  0.1)  ms.  The  PL  decay  of  the  2.672  eV  band  is  best  described 
by  two  exponentials  with  decay  times  of  (0.8  ±  0.1)  ms  and  (6.8  ±  0.5)  ms  and  relative 
intensities  of  1  to  4. 

Performing  ODMR  experiments  the  resonance  shown  in  Fig.  2  is  observed  as  an 
increase  of  the  PL  intensity.  In  general  one  expects  to  observe  Gaussian-  or  Lorentzian- 
lineshapes  for  ODMR  resonances,  dependent  on  wether  the  lineshape  results  from  lifetime 
or  inhomogenious  broadening.  The  asymmetrical  lineshape  of  the  resonance  shown  in  fig.  2 
is  somewhat  unusual  and  could  be  caused  by  a  superposition  of  two  close  lying 
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Fig.  2;  Optically  detected  magnetic  resonance  spectrum  of  the  excited  state  of  the  N3 
center  in  natural  diamond.  The  inset  shows  the  modulation  frequency  dependence  of 
the  ODMR  signal  intensity  (36  GHz,  2  K). 

resonances  of  different  origin.  In  order  to  get  more  insight  we  performed  time  resolved 
ODMR  measurements  by  varying  the  on/off  modulation  frequency  of  the  microwaves  from 
0.1  to  100  kHz.  The  result  was  that  the  signal  intensity  decreases  for  frequencies  above  1 
kHz  (inset  in  fig.2)  without  changing  the  lineshape.  The  inverse  of  the  frequency  decay 
corresponds  to  a  lifetime  of  0.2±0.05  ms.  Assuming  that  the  spin  relaxation  time  is  short,  it 
reflects  the  PL  decay  time  and  is  thus  close  to  the  luminescence  decay  time  of  the  -> 
transition  as  measured  by  time  resolved  PL.  Further  evidence  that  the  ODMR  signal 
originates  from  the  ^E  excited  state  of  the  N3  center  and  not  from  the  2A2-state  was  found 
by  changing  the  sample  orientation  with  respect  to  the  magnetic  field.  The  resonance 
showed  a  clear  angular  dependence,  in  contrast  to  an  2A2-state  resonance  which  is 
expected  to  be  isotropic.  Unforunately  a  precise  analysis  of  the  rotation  pattern  was 
prevented  by  the  fact  that  no  diamond  sample  cut  in  high  symmetry  crystal  directions  was 
available.  An  unusual  lineshape  of  a  ^E-state  resonance  was  also  observed  for  Cr3+  in  MgO 
and  it  was  shown  that  it  originates  from  random  strain  present  in  the  sample  [5]. 

b~)  The  2.964  eV  luminescence  center 

A  photoluminescence  spectrum  of  a  synthetic  diamond  in  the  spectral  range  from  1.75 
eV  to  3.00  eV  is  shown  in  fig.  3.  Below  2.6  eV  the  emission  is  dominated  by  the 
recombination  of  a  center  which  is  thought  to  be  related  to  substitutional  Ni  [6].  At  higher 
energies  the  emission  of  the  2.964  eV  center  is  visible.  Its  intensity  and  width  of  the  ZPL 
line,  which  is  hardly  visible  in  fig.  3,  is  very  sample  dependent.  PL  lifetime  measurements 
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Fig.  3  :  Photoluminescence  spectrum  of  a  synthetic  diamond.  The  2.56  eV  PL  band  and 
magnified  the  2.964  eV  PL  band  (2  K) 

show  that  the  PL  decay  is  40  ps  and  mono-exponential  below  15  K,  between  30  and  150  K 
the  decay  is  still  exponential  but  slows  down  to  130  ps.  The  PL  and  time  resolved  PL 
features  of  this  center  are  discussed  in  detail  in  ref  [4]. 

The  optically  detected  magnetic  resonance  spectrum  observed  on  the  2.964  eV 
emission  is  shown  in  fig.  4.  A  single  line  appears  as  an  increase  of  the  luminescence 
intensity.  The  resonance  position  changes  fl'om  B  ||  [1 10]  at  0.84  T  to  1 .02  T  at  B  ||  [1 10]  + 
25  degress  (rotating  towards  [111]).  Its  intensity  decreases  rapidly  for  crystal  orientations 
out  off  the  [110]  orientation  and  for  angles  larger  than  25o  it  vanishes  in  the  noise.  No 
other  resonance  lines  appear.  The  line  width  is  about  8  Gauss  reflecting  inhomogenous 
broadening  due  to  hyperfine  interaction  of  surrounding  nuclei. 

Again  a  direct  correlation  of  the  ODMR  signal  to  the  time  resolved  PL  measurements  is 
obtained  by  measuring  the  modulation  fi'equency  response  of  the  ODMR  (inset  in  fig.  4). 
The  ODMR  signal  intensity  is  constant  up  to  4  kHz  for  higher  fi-equencies  the  signals 
decreases.  The  data  are  well  fitted  by  a  single  exponential  decay  fi'equency  of  ^  =  21.3±3 
kHz.  From  this  value  a  lifetime  t  =  I/Iq  =  47±3  ps  results  in  good  agreement  with  the  PL¬ 
lifetime  measurements. 

A  precise  identification  of  the  defect  responsible  for  the  2.964  eV  luminescence  band  is 
yet  not  possible.  This  luminescence  band  has  been  found  in  natural  and  synthetic  diamonds 
which  have  as  a  common  impurity  A1  [4].  Unfortunately  no  A1  hyperfine  splitting  was 
observed  in  our  ODMR  experiments.  The  striking  anisotropy  of  the  ODMR  line  does  not 
point  to  a  defect  with  a  vacancy-type  structure  with  g-values  usually  around  g  =  2.  More 
consistent  would  be  a  fine  structure  splitting  in  the  excited  state  as  a  result  fl'om  a  high  spin 
State.  Indeed  the  rapid  decrease  of  the  ODMR  signal  intensity  for  sample  orientations  a  few 
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Fig.  4:  Optically  detected  magnetic  resonance  spectrum  measured  on  the  2.964  eV  PL  band 
in  synthetic  diamond  (36  GHz,  2  K).  The  modulation  frequency  dependence  of  the 
ODMR  signal  intensity  is  shown  in  the  inset 

degrees  from  the  high  symmetry  (110)  plane  indicated  spin  forbidden  transitions.  The 
participation  of  singulet  and  triplet  excited  states  was  also  concluded  from  time  resolved 
PL  measurements  [4]. 


CONCLUSIONS 

Time  resolved  photoluminescence  and  optically  detected  magnetic  resonance  experiments 
allowed  to  distinguish  between  the  N3  luminescence  (2.985  eV)  and  the  2.964  eV 
luminescence  in  diamond.  Both  techniques  showed  that  the  radiative  lifetime  for  the  2.964 
eV  band  is  in  the  order  of  40psec.  The  low  temperature  lifetime  of  the  N3  PL  excited  via 
the  N3  absorption  is  about  0.4  ms  which  is  confirmed  by  the  frequency  response  of  the 
excited  state  spin  resonance. 
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ABSTRACT 


Diamonds  grown  by  the  temperature  gradient  method  using  a  nickel  catalyst  show  an  optical 
absorption  band,  extending  from  2.5  eV  to  2.56  eV,  with  a  zero-phonon  line  at  2.51  eV.  At  4  K 
this  line  exhibits  fine  structure;  it  is  made  up  of  3  components  at  2.509  eV,  2.510  eV  and  2.511 
eV.  In  absorption  the  fine  structure  components  have  the  same  relative  intensity  at  different 
temperatures.  We  report  on  the  effects  of  uniaxial  stress  on  the  zero-phonon  transition  at  77  K. 
We  propose  an  interpretation  of  the  results  according  to  which  the  optical  defect  has  a  tetrahedral 
symmetry,  and  the  2.51  eV  line  occurs  between  two  T2  states. 


INTRODUCTION 


Transition  metals,  particularly  Ni,  Co,  Fe  and  their  alloys,  are  used  as  solvent  catalysts  to 
fabricate  bulk  diamonds.  Synthetic  diamonds  grown  using  a  nickel-solvent  catalyst,  and  only 
these,  exhibit  optical  absorption  bands  with  zero-phonon  lines  at  1.22  eV,  1.4  eV,  1.885  eV,  2.51 
eV  and  3.15  eV  [1,4].  The  relative  strengths  of  these  bands  depend  not  only  on  the  Ni 
concentration  but  also  on  the  nitrogen  content  of  the  diamond. 

The  1.4  eV  system  is  dominant  in  diamonds  of  low  nitrogen  content  and  has  been  associated 
with  a  Ni’*'  distorted  along  a  <1 1 1>  direction.  This  system  presents  fine  structure  which  is  caused 
by  the  different  isotopes  of  natural  nickel  [2,3].  Recently  it  was  proposed  that  the  1.22  eV 
transition  occurs  also  at  the  1.4  eV  defect  but  in  a  different  charge  state  [4].  The  1.885  eV  center 
is  stronger  in  diamonds  grown  without  nitrogen  getters  and  is  dominant  in  diamonds  with  a 
nitrogen  content  greater  than  50  ppm.  This  transition  occurs  at  a  defect  with  tetrahedral  symmetry 
from  a  T2  ground  state  [5].  Also  present  in  the  visible  absorption  spectrum  of  diamonds  grown 
without  nitrogen  getters  is  the  2.51  eV  center.  In  absorption  the  band  extends  from  2.5  to  2.56 
eV  and  the  zero-phonon  line  (ZPL)  presents  fine  structure. 

In  this  paper  we  describe  absorption  experiments  which  show  that  the  fine  structure  is  not  due 
to  a  split  ground  state  and  cannot  be  accounted  for  in  terms  of  the  natural  abundances  of  the 
different  nickel  isotopes.  We  also  describe  uniaxial  stress  measurements  from  which  we  infer  the 
symmetry  of  the  center.  We  tentatively  suggest  that  at  77  K  the  results  are  consistent  with  a 
tetrahedral  symmetry  for  the  optical  defect,  the  2.51  eV  line  occurring  at  this  defect  between  two 
T2  states. 
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EXPERIMENTAL 


The  samples  used  in  this  work  were  synthetic  diamonds  grown  by  the  Japanese  Institute  for 
Research  in  Inorganic  Materials  using  a  nickel-containing  solvent  catalyst  without  nitrogen 
getters.  Spectroscopic  measurements  were  made  using  aim  SPEX  spectrometer,  fitted  with  a 
1200  grooves/mm  grating.  Absorption  measurements  were  made  using  a  10  W  quartz-halogen 
tungsten  lamp.  Light  that  passed  through  the  sample  was  detected  with  a  RCA  photomultiplier. 
Measurements  at  4  K  were  done  using  a  CF1204  He  flow  cryostat  from  Oxford  Instruments. 

For  the  uniaxial  stress  measurements  the  samples  were  polished  into  cuboids  with  (111),  (1 12) 
and  (110)  and  (001),  (110)  and  (110)  faces.  Uniaxial  stresses  were  applied  using  push  rods 
driven  by  oil  pressure,  the  samples  being  cooled  by  liquid  nitrogen. 


RESULTS  AND  DISCUSSION 


Absorption  measurements 


In  figure  1  we  show  absorption  spectra  between  2.48  eV  and  2.56  eV  of  a  synthetic  diamond 
recorded  at  three  different  temperatures.  In  the  absorption  we  can  detect  a  ZPL  around  2.51  eV. 


Figure  I-  Absorption  spectra  of  a  synthetic  diamond  recorded  at  three  different 
temperatures.  Inset:  Absorption  at  4  K,  with  light  propagating  perpendicularly  to  <110>,  viewed 
through  a  polarizer  paralel  (left)  and  perpendicular  (right)  to  <I10>. 
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This  ZPL  is  replicated  twice  by  phonons  peaking  at  15  meV  from  the  ZPL.  At  4  K  the  ZPL  is 
made  up  of  three  components  at  2.509  eV,  2.510  eV  and  2.511  eV.  These  fine-structure 
components  have  the  same  relative  intensities  measured  in  absorption  up  to  about  40  K.  Above 
this  temperature  phonon  broadening  effects  occur  and  the  fine  structure  can  no  longer  be 
separated.  If  the  fine  structure  were  to  arise  from  a  split  ground  state,  the  relative  intensities  of  the 
two  main  components  in  the  absorption  spectra  would  change  by  a  factor  of  10  when  the 
temperature  increases  from  4  K  to  20  K.  This  change  is  not  observed.  Also  the  intensity  ratios  are 
polarization-dependent  —  see  inset  in  figure  1;  this  shows  that  the  fine  structure  of  the  ZPL  is  not 
due  to  isotopic  splitting. 


Uniaxial  stress  measurements 


Results 


Compressive  stresses  of  up  to  2.0  GPa  were  applied  along  the  <001>,  <1 1 1>  and  <1 10>  axes 
of  the  synthetic  diamonds.  The  ZPL  responds  to  the  applied  stress  as  shown  in  figures  2  and  3. 

At  77  K  the  presence  of  the  fine  structure  on  the  ZPL  could  no  longer  be  detected  and  from 
now  on  we  refer  to  the  energy  of  the  envelope  line  as  the  ZPL  energy.  Considering  the  number 
and  polarization  of  the  stress  split  components,  the  best  assumption  we  could  make  was  that  the 
2.51  eV  is  a  transition  between  two  Tj  states  at  a  tetrahedral  defect  Tj  point  group. 


Figure  2  -Absorption  spectra  in  the  ZPL  region  recorded  at  77  K  for  stresses  along  <00l>, 
<Jll>  and  <110>.  Full  and  broken  lines  are  used  to  show  spectra  taken  in  n  and  in  a 
polarization  respectively. 
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Figure  3  -  Perturbation  of  the  2.51  eV  line  under  <001>,  <lll>  and  <JIO>  uniaxial 
compressions.  Crosses  represent  data  points  recorded  for  7t  and  circles  for  g  polarization.  Full 
lines  show  calculated  energies  using  the  best  fit  values  for  stress  parameters  of  equation  2,  with 
theory  described  in  the  text.  For  stresses  along  <IIO>,  the  highest-energy  %  component  was  not 
considered  as  the  model  cannot  account  for  it. 

Analysis 

Stresses  along  <001>  reduce  the  symmetry  for  D2(i  and  consequently  the  T2  state  splits 
into  B2+E.  For  <1 1 1>  stress  the  symmetry  is  lowered  from  Tj  into  C3y,  the  T2  splits  into  Aj+E. 
<110>  stresses  produce  a  C2v  symmetry  with  T2  breaking  into  Bj+B2+Aj.  Selection  rules 
determine  the  polarization  and  intensity  of  the  transitions  occurring  between  the  stress-split 
components  as  is  shown  in  figure  4.  Comparision  of  figures  2  and  4  shows  that  the  observed  and 
the  theoretical  splitting  patterns  are  very  similar;  however,  the  intensity  ratios  don't  match. 

We  define  the  stress  Hamiltonian  as; 


Hs  -  CAjSii  +CEgS0  +CE,,Se  +CT2  ^Sxy  ■*"^T2_y®xz  +  ^T2  0) 

where  sy  are  the  stress  tensor  components,  sjj  =  Sxx  +  Syy -i- s^z,  sq  =2Szz-Sxx-Syy, 

Sg  =  3/3(Sxx - Syy),  and  c^j,  ce^,  CE^and  cx^.are  electronic  operators  transforming  as  indicated 

by  the  subscripts  in  the  Tj  point  group.  For  the  T2  ground  (superscript  g)  and  excited  (superscript 
e)  states  we  define  the  following  stress  parameters: 
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Figure  4  -  SpliUing  pattern  of  a  T2  to  T2  transition  at  a  Tj  center  under  uniaxial  stresses 
along  the  major  crystallographic  directions. 


Experimentally  we  can  only  determine  the  differences  in  the  responses  to  totally  symmetric 
perturbations  of  the  ground  and  excited  states.  Consequently  we  define  A  =  A®  -  A®. 

In  terms  of  the  stress  parameters  the  secular  matrix  for  either  the  ground  or  the  excited  state  is 
given  by: 


CSxy  ASji  — -^(V^Sg +S0)  CSy2  (3) 

CS2X 

For  each  direction  of  the  applied  stress  the  secular  matrices  for  both  states  can  be  diagonalized 
and  the  difference  between  their  eigenvalues,  taking  into  account  the  selection  rules  in  figure  4, 
gives  the  perturbation,  relative  to  the  zero-stress  situation,  to  the  energy  difference  between  the 
excited  and  ground  states  of  the  transition.  Comparison  of  the  calculated  energies  for  the  stress 
split  components  and  data  is  shown  by  lines  on  figure  3.  For  stresses  along  <110>  the  highest- 
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energy  component  should  not  be  seen  in  n  polarization  nor  should  the  middle-energy  component 
in  o  //  (110).  However,  in  both  cases  the  lines  are  present  in  the  absorption  spectra.  The  best  fit 
to  the  data  on  figure  3  is  obtained  with  the  following  values  for  the  stress  parameters:  A  =  1 .45 
meV/GPa;  =  2.15  meV/GPa;  BS  =0;  =  -2.28  meV/GPa  and  CS  =  -0.35  meV/GPa.  These 

values  are  of  the  same  order  of  magnitude  as  those  obtained  for  other  absorption  bands  known  to 
be  related  with  nickel. [3,5] 


CONCLUSIONS 


In  this  paper  we  have  shown  that  the  2.51  eV  absorption  band  is  made  up  of  a  ZPL  near  2.51 
eV  replicated  twice  by  phonons  of  15  meV.  The  ZPL  exhibits  fine  structure.  At  4  K  the  ZPL  can 
be  separated  into  3  components  at  2.509  eV,  2.510  eV  and  2.511  eV.  The  relative  intensities  of 
these  components  are  the  same  in  the  temperature  range  from  4  K  to  40  K.  This  can  be 
interpreted  as  evidence  to  the  existence  of  a  split  excited  state.  The  origin  of  this  splitting  is  not 
yet  clear. 

At  77  K  the  fine  structure  can  no  longer  be  detected  and  the  line  at  2.51  eV  splits  under 
uniaxial  stress  as  a  transition  between  two  T2  states  at  a  Tj  center,  even  though  the  relative 
intensities  observed  do  not  match  the  predicted  ones.  This  requires  further  investigation.  Also  the 
stress  parameters  obtained  from  this  model  are  consistent  with  those  of  other  nickel-related 
centres. 

Work  is  in  progress  to  determine  the  origin  of  the  fine  structure  on  the  ZPL  and  uniaxial  stress 
experiments  are  being  carried  at  4  K. 
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ABSTRACT 

Free  carrier  absorption  (FCA)  in  n-type  6H-SiC  doped  with  nitrogen  has  been  studied  in 
the  energy  range  50-250  cm“^  using  samples  of  different  free  carrier  concentrations  ranging 
from  2.0-10*®cm“®  to  T.O-lO^'^cm"^.  The  index  of  wave  number  dependence  of  FCA  p  varies 
between  —1.4  and  —0.55  depending  on  free  carrier  concentration  and  electron  mobility. 
The  experimental  results  are  in  good  agreement  with  the  classical  expression  for  the  FCA 
coefficient.  Quantum  mechanical  expressions  for  the  FCA  coefficient  do  not  reproduce  the 
measured  p  values.  It  is  supposed  that  this  is  due  to  fact  that  the  requirement  for  the 
application  of  perturbation  theory  tux  ^  1  is  not  fulfilled.  We  investigated  the  anisotropy 
of  FCA  with  respect  to  the  c-axis  and  find  a  strong  difference  between  ax  and  a||. 


INTRODUCTION 

Analysis  of  the  optical  properties  of  semiconductors  due  to  free  carriers  can  provide  useful 
information  about  bandstructure,  scattering  processes  and  free  carrier  concentration.  Ho¬ 
wever,  in  6H-SiC.  the  situation  is  complicated  due  to  the  high  ionization  energies  Ei  of  the 
impurities  (£,■  of  the  nitrogen  donors  is  «  100  meV).  So  at  room  temperature  there  is  only 
partial  ionization  of  the  impurities.  For  optical  energies  hu)  >  Ei,  always  the  total  absorption 
due  to  free  carriers  and  photoionization  are  measured.  At  T=300K  the  absorption  due  to 
photoionization  is  stronger  than  the  absorption  due  to  free  carriers.  This  was  shown  by  Imai 
[1],  who  demonstrated  that  the  absorption  of  n-type  a-SiC  crystals  decreases  with  the  rise 
in  temperature  from  T=300K  to  T=500K  in  the  range  1  to  5  /x.  The  normal  way  to  measure 
pure  FCA  is  to  use  high  temperatures  (T«1000K)  so  that  all  impurities  are  ionized.  Howe¬ 
ver,  in  this  case,  the  strong  increeise  of  multiphonon  absorption  bands  and  infrared  radiation 
emission  of  the  sample  according  to  Planck’s  law  disturb  the  measurement.  Therefore  only 
the  energy  range  50-250  cm”*  was  examined  which  lies  well  below  the  ionization  energy  Ei 
of  the  nitrogen  impurities  and  where  the  background  absorption  due  to  phonon  processes  is 
low. 


EXPERIMENTAL  PROCEDURE 

The  samples  were  n-type  6H-SiC  crystals  doped  with  nitrogen  grown  by  the  SIEMENS 
process  after  Ziegler  [2].  The  free  electron  density  at  room  temperature  was  determined  by 
Hall  effect  measurements  and  found  to  be  between  2.0  -10*®  cm”®  and  7.0  -10*^  cm”®.  The 
identification  of  the  polytype  was  performed  by  measuring  low  temperature  photolumine¬ 
scence  due  to  bound  excitons  at  neutral  nitrogen  donor  atoms.  The  absorption  spectra  were 
recorded  at  T=300K  using  a  Nicolet  infrared  Fourier  transform  spectrometer  type  FTIR  740 
at  a  resolution  of  2  cm”*.  The  absorption  constant  was  calculated  using  equation  (2.58) 
which  can  be  found  in  ref.  [3].  Herein  reflectivity  was  calculated  from  the  parameters  in  ref. 
[4].  This  is  confirmed  experimentally  since  in  the  above  mentioned  samples  no  change  in 
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Table  1:  FCA:  Index  of  wave  number  dependence  p  (50  cm  '  -  250  cm  ^):  E  L  c 


sample 

n  [cm 

„  l^]  (T=300  K) 

P 

1 

2.0  ■  10^® 

230 

-1.4 

2 

3.1  ■  10'® 

300 

-1.4 

3 

4.3  •  10'® 

169 

-1.4 

group  I 

4 

4.3  •  10'® 

320 

-1.4 

5 

8.0  •  10'® 

170 

-1.35 

6 

5.0  ■  10'® 

17 

-1.1 

group  II 

7 

5.0  •  10'® 

18 

-0.55 

8 

1.2  ■  lO"" 

235 

-0.95 

group  III 

9 

8.5  ■  lO"" 

-0.6 

reflectivity  due  to  plasma  effects  was  observed. 

EXPERIMENTAL  RESULTS 
Index  of  wave  number  dependence 

Various  6H-SiC  samples  doped  with  nitrogen  were  examined  (table  1).  After  correcting  for 
background  absorption  due  to  phonon  processes  it  was  found  that  the  index  of  wave  number 
dependence  p  of  the  absorption  {a  oc  ui’’)  is  between  —1.4  and  —0.55. 

Using  the  logarithmic  derivative  of  apcA 

5  In  a  din  a  da  du)  ui  da  . 

^  dlnw  da  doj  dlnw  a  du) 

we  find  that  p  is  nearly  independent  of  w.  The  obtained  results  are  summarized  in  Table  1. 
One  can  see  from  Table  1  that  p  is  —1.4  if  the  doping  concentration  is  less  than  1.0  ■  10^’’ 
cm“^  and  the  electron  mobility  fi  at  T=300K  is  >  200  ^  (group  I).  However,  in  samples 
with  doping  concentrations  above  1.0  •  lO^’^  cm“^  (group  II)  or  in  samples  with  low  electron 
mobility  (group  III),  the  absolute  value  of  p  strongly  decreases. 

Optical  cross  section 

The  samples  1-5  which  all  had  the  same  value  of  p  were  used  to  determine  the  optical  cross 
section  of  free  carrier  absorption  according  to 

a  =  n<r  +  ao  (2) 

with  n  as  the  free  carrier  density  at  T=300K  and  Oq  as  a  constant  background  absorption. 
The  experimental  data  at  a;  =  200  cm“*  were  fitted  using  a  =  5.9  •  10“'®cm^  and  ao  = 
9cm“'  (Figure  1). 

Anisotropy 
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Figure  2:  Anisotropy  of  FCA  (absorption  due  to  phonons  is  not  corrected  here) 


In  the  investigated  energy  region  we  found  that  the  absorption  due  to  free  carriers  is 
strongly  anisotropic  with  respect  to  the  c-ajcis  (Figure  2).  In  all  crystals  ax  exceeded  a||  at 
least  by  a  factor  of  two.  We  assume  that  the  anisotropic  absorption  is  not  due  to  macroscopic 
crystal  defects  (micropipes)  along  the  c-axis  but  due  to  anisotropic  scattering  processes  in 
the  crystal,  because  anisotropic  absorption  was  also  found  in  the  best  crystals  which  had 
almost  no  macroscopic  defects. 

THEORY 

Classical  theory 

The  classical  Drude  electron  model  was  used  to  calculate  the  FCA  coefficient,  which  is  given 
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(3) 


by  [6], 


4ire^n 


TlrC^^  nrC{l+(jJ^T^) 


Here,  n  is  the  free  caxrier  concentration,  the  refraction  index,  m,  the  effective  electron 
mass  and  1/t  the  inverse  damping  constant.  In  the  case  uir  -*  oo  one  obtains  a  oc  in 
case  uiT  0,  a  is  constant.  This  can  also  easily  be  seen  from  the  logarithmic  derivative 
1^  which  gives  for  the  index  of  wavenumber  dependence 


P  =  (-2)- 


1  +  (t»T)2 


(4) 


p{tj)  for  the  Drude  model  is  plotted  in  Figure  3.  One  can  see  from  this  figure  that  the  expe- 


Figure  3:  Index  of  wave  number  dependence  p  for  the  classical  urude  model 

rimentally  obsen'ed  values  for  p  between  —0.55  and  —1.4  belong  to  values  of  ujt  w  1.  The 
variation  of  p  for  different  samples  can  be  explained  by  different  values  of  the  scattering  time 
r.  From  the  experiments  we  conclude  that  the  scattering  time  r  is  lowered  either  by  high 
doping  concentrations  (n  >  1  ■  lO^^cm”®)  or  in  the  case  of  low  crystal  quality  (low  electron 
mobility  at  room  temperature). 

Quantum  theory 

The  quantum  mechanical  expressions  of  apcA  for  different  absorption  mechanisms  can  be 
obtained  from  second  order  perturbation  theory  (impluse  conservation  requires  three  particle 
processes).  Thev  are  scaled  by  the  corresponding  electron  scattering  matrix  elements  (Table 
2). 

For  the  isotropic,  parabolic,  one  band  model  apcA  can  be  calculated  analytically  for  the 
different  scattering  mechanisms.  The  corresponding  expressions  can  be  found  ref.  [5]. 

Since  many  of  the  parameters  in  these  formualae  are  unkown  in  6H-SiC  only  the  spectral 
dependence  but  not  absolute  values  of  a  are  calculated. 

These  expressions  can  be  expanded  in  classical  {-^  — >  0)  and  quantum  mechanical  (-^  — > 
oo)  limit.  The  index  of  wavenumber  dependence  p  for  these  two  cases  is  listed  in  Table.  3 
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Scattering  process 
Acoustic  Phonon 

Optical  Phonon 

Polar  optical  Phonon 

Piezoelectric 
Charged  impurity 


Scattering  matrix  element 


>=bT 
2V'ci 

2V  putQ 

IVtq^ 

Z^c'N, 


r  n(u;o)  1 
\  n{uo)  +  1  / 

I  "(‘^o)  1 

\  n(wo)  +  1  / 


Table  2:  Scattering  matrix  elements  for  different  scattering  processes  of  electrons.  E,  Do  are 
the  deformation  potentials  for  the  acoustic  and  optic  phonon  scattering,  the  electrome¬ 
chanical  coupling  coefficient,  Ni  the  ionized  impurity  density  and  q  the  wave  vector 


Table  3;  FCA:  Index  of  Wave  Number  Dependence: 


Mechanism 

— ►  0 
kjiT  ^ 

huj 

Acoustic  phonons 

(ADP) 

-2 

-1.5 

Optical  phonons 

(ODP) 

-2 

-1.5 

Polar  optical  phonon 

(POP) 

-2 

-2.5 

Piezoelectric 

(PIE) 

-2 

-2.5 

Ionized  Impurity 

(IIS) 

-3.5 

for  the  different  scattering  mechanisms.  One  recognizes  that  significant  differences  in  p{ui) 
between  the  scattering  mechanisms  only  exist  in  the  qucintum  limit.  p{ij)  was  evaluated 
numerically  using  the  logarithmic  derivative  and  taking  into  account  the  wave  number 
dependent  refraction  index  0,(01)  of  6H-SiC  according  to  ref.  [4].  The  result  is  plotted  in 
fig.  4.  It  can  be  seen  that  there  is  a  strong  difference  between  the  experimental  results  for  p 
(—1.4  <  p  <  —0.55)  and  the  quantummechanical  result  p  «  — 2  in  the  investigated  frequency 
region.  We  assume  that  in  the  investigated  frequency  region  the  condition  or  S>  1  which  is 
necessary  for  application  of  quantum  mechanical  perturbation  theory  is  not  fulfilled. 

CONCLUSIONS 

FCA  in  6H-SiC  in  the  energy  range  50-250  cm“'  can  be  used  for  material  characterization 
by  analyzing  the  index  of  wave  number  dependence  p  of  qfca-  In  the  above  mentioned 
energy  range  p  ss  —1.4  is  found.  In  samples  with  doping  concentrations  over  1.0  •  lO'^cm”^ 
or  with  low  electron  mobility  the  absolute  value  of  p  decreases.  The  relation  apcA  =  Na  +  ao 
can  be  used  to  determine  the  free  carrier  concentration  by  an  easy  optical  measurement.  It 
is  shown  that  the  classical  Drude  model  provides  reasonable  results  whereas  the  quantum 
mechanical  description  of  FCA  by  second  order  perturbation  theory  is  not  applicable  in  the 
the  energy  range  50-250  cm“h  The  energy  region  of  the  quantum  limit  >  1  is  difficult 
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Figure  4:  Index  of  wave  number  dependence  p  for  different  scattering  processes 
to  analyze  due  to  the  overlap  of  FCA  with  impurity  photoioniz'tion. 
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ABSTRACT 

Aluminum  nitride  (AIN)  films  were  grown  on  silicon  (Si)  substrates  by  chemical  vapor 
deposition  (CVD).  The  films  were  characterized  by  scanning  electron  microscopy  (SEM)  and 
x-ray  diffraction  (XRD).  The  refractive  index  of  the  AIN  films  was  determined  by 
ellipsometry.  Current- voltage  and  current-temperamre  characteristics  were  performed  on 
metal-AlN-p+  Si  structures  with  Pt,  Au  and  A1  as  metal  electrodes.  The  characteristics 
showed  that  at  high  field  and  high  temperature  the  carrier  conduction  mechanism  in  the  film 
was  dominated  by  Frenkel-Poole  emission.  The  relative  dielectric  constant  of  the  AIN  films 
was  estimated  to  be  9.66±0.3  from  capacitance-voltage-frequency  (C-V-f)  measurements  on 
AU-A1N-P+  Si. 


INTRODUCTION 

Aluminum  nitride  (AIN)  has  generated  interest  in  electronic  applications  due  to  its 
unique  properties.  It  possesses  a  wide  band  gap  of  6.2  eV,  high  thermal  conductivity,  high 
breakdown  voltage,  highest  reported  surface  acoustic  wave  velocity,  high  melting 
temperature,  low  coefficient  of  thermal  expansion,  is  chemically  inert  and  possesses  a  high 
mechanical  strength.  All  these  properties  makes  AIN  a  potential  candidate  for  UV  photonic 
devices,  and  for  electrically  insulating  and  passivating  layers  for  other  semiconductors.  Also 
the  metal-AlN-Si  MIS  structure  has  potential  use  for  surface  acoustic  wave  (SAW)  devices. 
Therefore  it  is  essential  to  understand  the  electronic  conduction  mechanisms  of  AIN  films  in 
order  to  explore  its  electronic  applications. 

In  this  paper  the  current  conduction  mechanisms  of  AIN  films  grown  on  silicon 
substrates  are  studied  through  measurements  of  the  current- voltage,  current-temperature  and 
capacitance- voltage-frequency  characteristics  of  metal- AlN-p"^  Si  structures. 


EXPERIMENTAL 

Aluminum  nitride  films  were  grown  on  (1 1  l)-oriented  n'^  and  (lOO)-oriented  p"^  silicon 
substrates  by  the  chemical  reaction  of  AlCl,  and  NHj  in  the  presence  of  hydrogen  in  a 
horizontal  tube  CVD  apparatus  previously  reported  [1].  Prior  to  the  growth  the  silicon 
substrates  were  organically  cleaned  with  the  solvent  sequence  trichloroethylene,  acetone, 
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methanol,  and  deionized  (DI)  water  in  an  ultrasonic  bath.  Then  the  substrates  were  dipped 
in  10%  hydrofluoric  acid  to  etch  off  the  silicon  native  oxide.  Finally  they  were  cleaned  in 
warm  HCl  and  HNO3  and  rinsed  in  DI  water.  After  air  drying,  the  substrates  were  briefly 
heated  to  600 °C  in  flowing  Hj  in  the  CVD  apparatus  to  remove  the  surface  native  oxide  of 
silicon.  The  substrate  temperature  was  then  raised  to  the  desired  growth  temperature  and 
the  reactants  were  introduced  to  initiate  the  deposition  process.  AIN  films  of  different 
thicknesses  (  —  0.2  ixm  to  1  /rm)  were  grown.  During  the  growth  the  substrate  temperature 
was  maintained  at  ~750-800°C  and  the  chamber  pressure  was  —35-40  Torrs. 

The  thickness  of  the  grown  samples  were  estimated  by  SEM  and  by  a  Gaertner 
ellipsometer  with  a  wavelength  of  6328  A  and  an  incident  angle  of  70°.  The  ellipsometer 
were  also  used  to  measure  the  refractive  index  of  the  AIN  films. 

The  electrical  measurements  were  performed  on  a  metal-AlN-Si  strucmre.  Au,  Pt 
(deposited  by  sputtering)  and  A1  (deposited  by  thermal  evaporation)  dots  of  2  mm  diameter 
were  used  as  metal  electrodes.  The  I-V  characteristics  were  taken  using  a  Hewlett-Packard 
model  4  MOB  picoammeter  with  a  DC  voltage  source  interfaced  with  a  desk-top  computer  by 
an  IEEE  488  interface  control  board.  A  Hewlett-Packard  4192A  LF  impedance  analyzer  was 
used  to  perform  C-V-f  measurements. 


RESULTS  AND  DISCUSSION 

Figure  1(a)  shows  an  SEM  of  the  surface  of  - 1  ;im  thick  AIN  film  deposited  on 
silicon.  The  surface  appeared  to  be  coated  with  small  particulates  having  a  grain  size  of 
about  0.2  fim.  The  AIN  films  exhibit  conformal  growth  as  observed  in  the  cross-sectional 
SEM  in  Fig.  1(b). 


(a)  (b) 

Figure  1 .  Scanning  electron  micrograph  of  (a)  surface  (b)  cross-section 
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A  typical  X-ray  diffraction  pattern  of  the  deposited  film  is  presented  in  Fig.  2.  The 
XRD  study  shows  three  diffraction  peaks  at  26=33.04°,  36.2°  and  37.5°  due  to  (100),  (002) 
and  (101)  oriented  AIN.  The  d(hkl)  values  estimated  for  these  peaks  are  consistent  with  the 
values  of  the  ASTM  card  [2].  The  refractive  index  of  the  deposited  AIN  films  measured  by 
ellipsometry  at  6328  A  radiation  showed  an  index  value  of  2.196±0.1  which  is  comparable 
to  the  reported  value  of  single  crystal  AIN  [3]. 


Figure  2.  A  typical  X-ray  diffraction  of  the  grown  film. 


Figure  3(a),  3(b)  and  3(c)  respectively  shows  typical  I-V  characteristics  of  Pt-AlN-p'*^ 
Si,  Au-AlN-p"^  Si  and  Al-AlN-p^  Si  structures.  All  three  structures  had  ~2000  A  thick  AIN 
films.  The  curves  of  all  the  three  structures  appeared  similar,  where  the  current  had  linear 
relationship  to  the  voltage  at  low  applied  field.  The  resistivity  estimated  at  low  field  for  all 
the  structures  is  of  the  order  of  10’“-10“  Q-cm,  which  is  smaller  than  the  thicker(  ~  1/tm)  AIN 
films.  The  resistivity  of  the  thicker  AIN  films  were  measured  to  be  around  10”  fi-cm.  This 
behavior  is  typical  for  films  grown  by  the  nucleation  process  where  thin  films  are  more 
likely  to  have  in  holes  and  defects. 

In  order  to  clarify  the  current  transport  mechanisms  in  the  high  applied  field  region, 
the  In  I  vs.  plots ,  obtained  from  Figs.  3(a),  3(b)  and  3(c)  are  shown  in  Figs.  4(a), 
4(b)  and  4(c)  respectively.  All  three  structures  showed  identical  behavior  where  the  current 
showed  a  linear  relationship  on  the  In  I  vs.  plot  at  high  electric  fields.  This  kind  of 
behavior  was  reported  by  Bauer  et.  al.  [4]  for  a  Al-AIN-Si  structure  where  Frenkel-Poole 
conduction  was  dominant.  Thus  it  can  be  concluded  that  at  high  electric  field,  in  all  three 
structures  the  current  transport  mechanism  is  dominated  by  Frenkel-Poole  conduction  and  the 
currents  are  bulk  controlled  rather  than  electrode-controlled  as  in  Schottky-barrier  diodes. 

Figure  5  shows  a  plot  of  In  I  vs.  1/T  of  an  Au-AlN-p'^Si  strucmre  with  an  applied 
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Figure  3.  Current-voltage  characteristics  of  (a)  Pt-AlN-p"^  Si  structure  (b)  Au-AlN-p'^ 
Si  structure  (c)  Al-AlN-p'*'  Si  structure. 
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Figure  4.  In  I  vs.  plots  of  (a)  Pt-AlN-p'^Si  structure  (b)  Au-AlN-p^  Si  structure 
(c)  Al-AlN-p"^  Si  structure. 
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Figure  5.  Current-reciprocal  temperature  characteristics  of  Au-AlN-p'^  Si  structure. 

field  of  -  4.5  x  itf  V/cm.  The  curve  shows  that  the  current  conduction  increases  more  rapidly 
at  higher  temperatures.  This  kind  of  behavior  has  been  previously  observed  in  other  insulators 
where  Frenkel-Poole  emission  dominates  at  high  temperatures  and  high  fields  [5]. 

The  C-V-f  characteristics  at  frequencies  ranging  from  10  kHz  to  1  MHz  of  an  Au-AIN- 
Si  MIS  structure  is  shown  in  Fig.  6.  The  curve  showed  distinctive  accumulation,  depletion  and 
inversion  regions.  It  was  also  observed  that  the  accumulation  capacitance  decreases  with  the 
increase  in  frequency.  This  kind  of  behavior,  although  not  completely  understood,  presumably 
is  due  to  the  varying  time  constants  of  surface  states.  The  dielectric  constant  of  AIN  estimated 


Figure  6.  Capacitance-voltage-frequency  characteristics  of  Au-AlN-p'*'  Si  structure. 
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from  the  capacitance  in  the  accumulation  region  is  9.66+0.3  which  is  in  good  agreement  with 
the  reported  value  estimated  by  reflectivity  measurements  [6]. 


CONCLUSIONS 

Aluminum  nitride  films  were  grown  by  the  CVD  method  utilizing  AICI3  and  NHj  as 
source  materials.  The  ellipsometry  study  showed  the  deposited  films  are  of  good  optical 
quality  and  had  a  refractive  index  of  2.196+0.1  which  is  comparable  to  the  single  crystal 
value.  The  study  of  current-voltage  and  current-temperature  characteristics  on  metal-AlN-p'*' 
Si  structures  with  Pt,  Au  and  A1  as  metal  electrodes  showed  at  high  fields  the  current  transport 
mechanism  is  bulk  controlled  and  is  dominated  by  Frenkel-Poole  emission.  The  C-V-f 
measurements  on  Au-AlN-p'*'  Si  showed  the  ideal  behavior  of  an  MIS  structure  while  the 
estimated  relative  dielectric  constant  of  AIN  from  C-V-f  measurement  is  9.66±0.3. 
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ABSTRACT 


The  content  of  bonded  hydrogen  in  hot  filament  grown  diamond  films  was  determined  by 
Fourier  transform  Infrared  (FTIR)  measurements  before  and  after  annealing.  The 
quantity  of  bonded  hydrogen  was  found  to  remain  unchanged  on  annealing  in  diamond 
films  with  high  amounts  of  microcrystalline  diamond  and  amorphous  carbon.  The 
hydrogen  content  was  found  to  decrease  on  annealing  ~9  times  in  diamond  film  of  good 
crystalline  quality.  The  change  of  the  bulk  hydrogen  content  did  not  seem  to  be  linked  to 
changes  in  resistivity  of  the  samples. 

INTRODUCTION 

Hydrogen  in  molecular  and  atomic  states  is  a  main  constituent  of  the  vapor  phase  of 
chemical  vapor  deposition  (CVD)  diamond  growth  systems.  The  hydrogen  content  of 
diamond  films  depends  on  the  growth  conditions  and  was  found  to  vary  over  a  wide  range, 
from  0.01  to  a  few  at.%.  [1,2]  Landstrass  and  Ravi  reported  that  the  resistivity  of  natural 
diamond  decreases  nearly  8  orders  of  magnitude  after  hydrogenation  in  the  plasma.  [3] 
The  resistivity  increased  back  to  ~10l4  n  cm  after  annealing  at  780  “C  in  a  flowing 
nitrogen  ambient.  [3]  The  authors  concluded  that  annealing  causes  dehydrogenation, 
resulting  in  electrical  activation  of  deep  traps  with  an  associated  increase  in  resistivity. 
Albin  and  Watkins  made  similar  observation  by  treating  annealed  diamond  in  hydrogen 
plasma  [4].  No  direct  measurements  of  hydrogen  concentration  were  made  in  these  studies. 
Celli  et  al  [5]  used  nuclear  resonance  reaction  analysis  to  determine  the  total  (bonded  and 
unbonded)  hydrogen  content  in  CVD  diamond.  They  attempted  to  correlate  the  electrical 
resistivity  of  CVD  diamond  with  the  hydrogen  content.  They  found  that  the  change  in 
resistivity  observed  on  nitrogen  annealing  (of  several  orders  of  magnitude)  cannot  be 
explained  by  the  difference  in  hydrogen  content,  as  no  significant  change  in  the  hydrogen 
content  was  observed  on  annealing.  Zhang  et  al.  [6]  used  IR  absorption  measurements  to 
study  the  bonded  hydrogen  in  diamond  films.  They  observed  a  two  to  three  fold  decrease  in 
hydrogen  content  due  to  annealing  to  400  “C  in  nitrogen  atmosphere. 

To  verify  whether  the  amount  of  bonded  hydrogen  changes  on  annealing,  FTIR 
spectroscopy  was  used  in  this  work.  Resistivity  measurements  were  also  performed  to 
verify  the  influence  of  the  change  of  the  hydrogen  content  in  the  bulk  upon  the  electrical 
behavior  of  the  films. 
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EXPERIMENTAL 


The  samples  were  grown  by  hot  filament  CVD  method  as  described  elsewhere.[l]  For  this 
work  three  samples  were  selected,  grown  at  relatively  low  substrate  temperatures  (650,  682 
and  690  °C)  with  a  high  hydrogen  content.  Two  of  the  samples  were  free  standing  films 
grown  on  molybdenum  substrates.  The  films  had  peeled  off  the  substrates  due  to  poor 
adhesion.  The  third  sample  was  grown  on  silicon  substrate. 

XRD  measurements  were  performed  on  a  Scintag  diffractometer.  Raman  spectra  were 
measured  by  using  an  argon  ion  laser  operated  514.5  nm. 

The  annealing  processes  were  performed  either  in  argon  flow  at  atmospheric  pressure  or  in 
air.  Before  electrical  measurements,  the  films  were  cleaned  by  boiling  in  a  saturated  solution 
of  Cr203  in  H2SO4  at  200  for  20  min  to  eliminate  non-diamond  carbon  phases.  One  mm^ 
point  aquadag  contact  on  one  side  and  a  larger  area  aquadag  contact  on  the  other  side  of  the 
sample  were  used  to  measure  the  bulk  resistance  through  the  sample.  The  1-V  curves  were 
measured  with  a  picoamperemeter. 

The  procedures  of  measurement  were  as  follows  :  1.  cleaning  the  sample,  2.  measuring  the 
resistance  of  the  sample,  3.  measuring  the  FTIR  transmission  spectra,  4.  annealing  the 
sample,  5.  cleaning  the  sample,  6.  measurig  the  resistance  of  the  sample,  7.  measuring  the  the 
FTIR  transmission  spectra.  The  samples  were  not  polished.  As  measurements  before  and 
after  annealing  were  made  on  the  same  sample,  the  roughnesss  effects  in  FTIR  relative 
transmission  measurements  should  not  matter. 

RESULTS  AND  DISCUSSION 

In  diamond  films  of  good  crystalline  quality  (grown  under  optimal  conditions,  with  the 
diamond  line  present  only  in  the  Raman  spectra),  the  hydrogen  content  is  usually  low  and 
cannot  be  detected  by  FTIR  measurements.  The  hydrogen  content  of  our  diamond  samples  of 
good  crystalline  quality  was  determined  by  neutron  scattering  and  was  found  to  be  (0.01-0,1 
at%)  [1]. 

All  three  films  had  diamond  lines  only  in  their  XRD  patterns.  The  Raman  spectra  of  the 
samples  are  presented  in  Fig.  1.  The  Raman  spectrum  of  Sample  1  grown  at  a  substrate 
temperature  of  650  °C  has  only  a  broad  band  due  to  amorphous  carbon  and  no  detected 
diamond  line.  Sample  2  grown  at  682  ®C  also  has  no  observed  diamond  line,  but  has  a  line 
due  to  microcrystalline  diamond  at  -1150  cm-’  and  a  line  due  to  amorphous  carbon.  The 
Sample  3  grown  at  690  °C  has  both  a  diamond  line  and  a  line  due  to  amorphous  carbon. 

The  FTIR  absorption  curves  before  and  after  annealing  are  shown  in  Fig,  2.  The  main 
hydrogen  peaks  observed  in  the  diamond  Sample  2  and  3  (at  2850  cm''  and  2920  cm  ')  are 
due  to  sp3  CFl2  bonding  [4],  Sample  1  has  a  band  at  3300  cm  '  due  to  sp'CH  bonding  [7] 
along  with  the  two  peaks  due  to  the  sp3CH2  bonding. 

The  conditions  and  results  of  annealing  are  presented  in  the  Table  I.  There  was  no  change 
in  the  measured  hydrogen  content  nor  in  the  relative  intensity  of  different  peaks  after 
annealing  in  the  Sample  1  and  2,  of  poor  crystalline  quality.  A  change  in  resistivity  due  to 
annealing  was  observed  for  Sample  2,  but  was  not  observed  for  Sample  1 .  This  indicates  that 
the  change  in  resistivity  was  not  caused  by  a  change  in  the  amount  of  bonded  hydrogen  in  the 
films.  A  decrease  in  hydrogen  content  after  annealing  was  observed  only  for  Sample  3,  which 
was  of  a  better  crystalline  quality.  For  this  sample  an  increase  in  resistivity  was  also 
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observed.  The  conclusion  is  drawn  that  the  observed  change  in  the  conductivity  on  heat 
treatment  can  not  be  due  to  the  bonded  in  the  bulk  hydrogen.  On  the  other  hand,  it  is  highly 
plausible  that  all  hydrogen  captured  into  the  film  during  growth  is  bonded  because  the  C-H 
bond  (99  kcal/mole  [8])  is  stronger  than  C-C  bond  (83  kcal/mole  [8]).  The  observed  change 
in  conductivity  on  heat  treatment  probably  a  surface  effect,  rather  than  a  bulk  effect. 
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Fig.  1  Raman  spectra  excited  at  514.5  nm  Fig.  2  FTIR  spectra  before  and  after  annealing 


Table  I.  Conditions  and  results  of  annealing 


Sample  thickness  Annealing  Change  in  Resistance  (Q ) 

(pm )  atmosphere  temp.  time  H  content  before  after 
(°C)  (min)  annealing 


1 

19 

air 

600 

60 

no 

107 

107 

1 

19 

argon 

1000 

80 

no 

107 

107 

2 

9 

air 

600 

60 

no 

107 

>10'2 

3 

9 

air 

450 

60 

decreas  ~  9  times 

109 

>10'2 

CONCLUSIONS 

The  hydrogen  content  of  diamond  films  grown  by  the  HF  CVD  method  was  studied 
before  and  after  annealing.  Diamond  films  of  good  quality  have  a  low  hydrogen  content. 
The  hydrogen  content  can  be  high  in  films  grown  at  relatively  low  substrate  temperature 
(650-690  °C)  and  having  large  amount  of  amorphous  and  microcristalline  disorder.  The 
hydrogen  bonded  in  these  films  cannot  be  removed  by  annealing  at  the  temperatures  up  to 
1000  “C.  A  decrease  in  hydrogen  content  on  annealing  was  observed  in  a  film  of  better 
crystalline  quality.  The  change  in  resistivity  of  the  films  due  to  annealing  can  not  be  linked 
to  the  change  of  the  bulk  hydrogen  content. 
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BLUE  LIGHT  ELECTROLUMINESCENCE  FROM  DOPED  ^c-SiC  PREPARED  BY 
EXCIMER  (ArF)  LASER  CRYSTALLISATION 
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ABSTRACT 

A  novel  method  has  been  developed  to  prepare  highly  conductive  and  wide  band  gap  doped 
(B2H5/PH3)  microcrystalline  silicon  carbide  (pc-SiC)  by  excimer  (ArF)  laser  crystallisation. 
Doped  a-SiC:H  films  were  prepared  by  Plasma  Enhanced  Chemical  Vapour  Deposition  (PECVD), 
both  with  and  without  H2  dilution.  After  crystallisation,  this  material  has  Tauc  gap  of  around  2.0 
eV  and  exhibits  a  dark  conductivity  as  high  as  20  (Qcm)  *,  more  than  ten  orders  of  magnitude 
higher  than  before  the  laser  irradiation.  This  is  shown  to  be  mainly  due  to  the  formation  of  SiC 
microcrystallites  in  the  laser  crystallised  a-SiC;H. 

In  this  paper,  we  report  that  this  material  can  be  utilised  not  only  as  the  carrier  injection  layer  in 
a-SiC:H  based  Thin  Film  Light  Emitting  Diodes  (TFLEDs)  but  also  as  a  luminescent  layer.  Blue 
light  emission  has  been  observed  from  a  laser  crystallised  (LC)  doped  pc-SiC  based 
electroluminescent  device,  the  peak  wavelength  is  around  490nm. 

The  simplicity  of  excimer  (ArF)  laser  crystallisation  and  its  capability  to  fabricate  poly-Si  TFTs, 
makes  this  a  promising  novel  method  to  realise  fully  integrated  Si  large  area  multi-colour  displays. 


INTRODUCTION 

It  is  of  great  importance  to  develop  highly  conductive  wide  band  gap  doped  pc-SiC  material 
which  can  be  utilised  as  a  window  layer  in  heterojunction  solar  cells',  and  carrier  injection  layers 
in  a-SiC:H^  and  porous  silicon^  based  light  emitting  diodes.  Excimer  laser  crystallisation  of 
undoped  and  doped  a-Si:H  is  a  useful  technique  to  fabricate  polycrystalline  silicon  thin  film 
transistors  (poly-Si  TFTs)  for  applications  including  active-matrix  flat  panel  display  systems^’^. 
Lau  et  al®  first  reported  a  novel  method  for  preparing  doped  pc-SiC  with  conductivity  as  high  as  2 
(ficm)"'  utilising  excimer  (ArF)  laser  crystallisation.  The  resulting  conductivity  is  comparable  to 
that  obtained  by  Electron  Cyclotron  Resonance  (ECR)  PECVD.  It  was  also  proposed  that  this 
material  can  be  utilised  as  a  carrier  injector  in  TFLEDs. 

Recently,  carrier  injection  type  TFLEDs  consisting  of  a-SiC:H  p-i-n  junctions  have  been 
successfully  developed^.  In  this  type  of  device,  emission  in  the  red,  orange,  yellow  and  green  are 
obtained  by  controlling  the  optical  band  gap  of  the  luminescent  layer.  For  large  area  multi-colour 
displays  to  become  realistic,  a  blue  light  emitter  has  to  be  developed.  Although  blue  light  emission 
from  an  a-C:H  based  mutilayered  intrin.sic  thin  film  electroluminescent  (EL)  device  has  been 
observed  [8],  the  driving  voltage  was  too  high  (300  Vf^^)  for  any  practical  application. 
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EXPERIMENTAL 


Matprial  Preparation  and  Characterisation 

The  preparation  conditions  of  the  doped  (PH3/B2Hg)  and  undoped  a-SiC:H  as  well  as  the  laser 
crystallisation  method  were  described  in  a  previous  publication®.  In  order  to  maximise  the  optical 
band  gap  of  the  material  at  around  2.0  eV,  n  and  p-type  a-SiC:H  films  with  typical  dopant  ratios 
0.43%  and  0.044%  respectively  were  fabricated,  except  when  otherwise  shown.  Samples  were 
deposited  on  Coming  7059  glass  for  structural  and  optoelectronic  characterisation,  and  on 
polished  silicon  wafers  for  infrared  measurement. 

The  microcrystalline  structure  of  the  films  was  revealed  by  transmission  electron  microscopy 
and  electron  diffraction  TEM/TED.  The  surface  texture  and  the  micro-porosity  of  the  specimen 
before  and  after  laser  crystallisation  were  examined  by  scanning  electron  microscopy  (SEM). 
Fourier  Transform  Infrared  (FTIR),  in  the  transmission  mode,  reveals  the  Si-C,  Si-O-Si  and  Si-H 
related  bonds  of  the  doped  pc-SiC  before  and  after  laser  processing.  Measurement  of  dark 
conductivity  over  the  temperature  range  120-400K,  was  performed  in  a  coplanar 
configuration  with  electrode  gap  -0.1mm. 

Electroluminescent  Device  Fabrication 

Indium  tin  oxide  (ITO)  (Cerac  90  mol  %  friOj  -  10  mol  %  Sn02  99.999%)  was  sputtered  onto 
the  7059  substrate  and  then  annealed  at  400  for  2  hours  in  order  to  optimise  its  optoelectronic 
properties^®.  The  resulting  resistivity  and  transmission  at  500  nm  are  10^  ficm  and  -80% 
respectively.  Two  types  of  EL  devices  were  fabricated,  their  schematic  structure  is  shown  in 
Figure  1.  For  Type  I  devices,  after  laser  crystallisation  of  the  p  layer,  the  substrate  is  returned  to 
the  PECVD  system  to  deposit  the  i  and  n  layers.  Finally,  an  A1  top  electrode  with  a  circular  area 
1.8  mm^  was  deposited  on  both  Type  I  and  11  devices  by  thermal  evaporation  through  a  metal 
mask.  The  EL  intensity  was  measured  by  placing  the  device  in  front  of  a  calibrated  Newport 
Model  818-SL  silicon  detector. 
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RESULTS  AND  DISCUSSION 

Electrical  Characterisation 

The  results  of  dc  conductivity 
measurements  on  doped  pc-SiC  are  shown  in 
Fig.  2.  was  increased  to  20  (Qcm)'*  and 
10'2  (Qcm)-'  at  room  temperature  for  n  and  p 
type  pc-SiC  respectively.  Doped  a-SiC:H  was 
prepared  as  a  function  of  methane  gas  ratio 
(CH4/CH4  -I-  SiH4)  from  70%  to  90%.  There 
are  no  significant  differences  in  after  laser 
irradiation  for  the  various  methane  ratios, 
even  though  the  conductivity  in  the 
amorphous  state  varied  from  lO'^  to  10® 
(ncm)-i-  For  n-type  pc-SiC  prepared  from 


(b)  Type  II 

Fig.  1  Shows  the  schematic  sttucture  of  the  (a)  Type  I 
and  (b)  Type  II  EL  devices. 
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Fig.  2  Temperature  dependence  of  of  p  and  n- 
type  a-SiC:H  and  pc-SiC  as  a  function  of  methane 
ratio 


Dopant  ratio  (%) 

Fig.  3  Room  temperature  conductivity  of  p-type  a- 
SiC:H  and  pc-SiC  as  a  function  of  dopant  ratio. 


the  highest  methane  ratio  a-SiCH,  c^j^.  was  increased  by  more  than  10  orders  of  magnitude.  The 
conductivities  of  all  the  n-type  pc-SiC  samples  are  almost  independent  of  temperature  between 
120  to  400K.  The  activation  energy  is  of  the  order  of  10'^  eV.  This  indicates  that  the  Fermi  levels 
are  located  within  the  conduction  band  (i.e.  a  degenerate  band  structure  has  been  formed)'®.  It 
has  been  argued  that  such  a  large  increase  in  and  decrease  in  activation  energy  may  be  due  to 
laser  induced  melting  and  consequent  activation  of  dopant  atoms^ .  If  this  was  the  case,  the  of 
the  |ic-SiC  films  would  depend  on  the  initial  dopant  concentration  in  the  films.  To  investigate  this 
possibility,  n  and  p  -type  a-SiC;H  films  were  prepared  as  a  function  of  dopant  gas  ratio  (PH3  or 
B2H5/SiH4  +CH4).  Figure  3  shows  the  conductivity  of  p-type  pc-SiC  before  and  after  laser 
processing  as  a  function  of  dopant  ratio.  Evidently,  the  ratio  of  irradiated  /<^as-deposited  ^ 
unchanged  for  doping  ratios  ranging  from  0.044  to  1%,  undoped  pc-SiC  also  exhibits  the  same 
ratio  (not  shown).  This  implies  that  the  increase  in  is  not  predominately  due  to  the  activation 
of  dopant  atoms. 


Structural  Properties 

After  laser  processing,  all  the  doped,  undoped,  diluted  and  undiluted  a-SiC:H  films  exhibit  a 
microcrystalline  structure.  Figure  4  shows  the  planar  bright-field  TEM  and  TED  images  of  a  laser 
crystallised  p-type  pc-SiC  film  where  the  a-SiC:H  precursor  was  prepared  with  H2  dilution.  The 
grain  sizes  are  found  to  be  between  50  and  200nm  for  both  n  and  p  type  pc-SiC.  A  clear  (200) 
ring,  which  is  characteristic  of  crystalline  SiC,  is  revealed  in  the  TED  micrograph".  The 
considerable  increases  in  Ojj,  described  in  the  previous  section  can  hence  be  ascribed  to  the 
formation  of  a  SiC  microcrystalline  phase.  This  is  in  contrast  to  pc-SiC  grown  from  ECR- 
PECVD,  where  the  enhanced  conductivity  was  mainly  attributed  to  the  formation  of  Si 
microcrystalline  phase'. 
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Fig.  4  TEM/TED  micrographs  of  p-type  pc-SiC  prepared  Fig.  5  SEM  images  of  typical  laser  crystallised 

under  H2  dilution.  The  (200)  ring  is  indicated  by  an  arrow  p-type  pc-SiC  surface  morphology. 


Figure  6  shows  the  transmittance  FTIR  spectra  of  diluted  and  undiluted  p  type  a-SiC:H  and  pc- 
SiC.  After  laser  crystallisation  two  strong  features  are  evident  in  the  spectrum  at  780cm''  and 
1050cm''-  These  have  been  attributed  to  the  Si-C  stretching  vibration  and  Si-0  modes 
respectively'^.  Additionally,  we  find  that  the  SiH  modes  at  650  and  2090cm''  are  weakened.  The 
formation  of  the  Si-0  modes  is  mainly  attributable  to  the  fact  that  the  specimens  were  crystallised 
in  air.  Thus,  oxygen  atoms  are  expected  to  be  incorporated  in  the  films  during  laser  melting.  The 
sharp  features  associated  with  the  Si-C  mode  confirm  the  formation  of  crystalline  SiC. 

After  laser  irradiation,  hydrogen  related  modes  disappear  from  the  spectrum,  showing  that  most 
of  the  hydrogen  atoms  are  released  during  laser  crystallisation^.  The  explosive  hydrogen  evolution 
during  the  laser  melting  results  a  very  rough  surface  morphology.  The  surface  morphology  of  a 
typical  laser  crystallised  pc-SiC  film  is  shown  in  Fig.  5.  Micro-pores  of  the  order  of  50nm  are 
observed. 


EL  Device  Characterisation 

In  order  to  demonstrate  that  doped  pc- 
SiC  can  be  utilised  as  a  carrier  injection 
layer  in  a-SiC:H  based  TFLEDs,  a  Type  I 
device  was  fabricated  with  pc-SiC  as  a  hole 
injector.  Fig.  7  shows  the  EL  spectrum  of 
this  device.  The  EL  exhibits  a  broad  band 
output  with  peak  emission  at  490nm 
(2.5eV)  and  full  width  half  maximum 
(FWHM)  0.5eV.  No  EL  spectrum  can  be 
measured  from  our  TFLEDs  with  p  type 


Wavenumber  (1/cm) 

Fig.  6  FTIR  spectra  of  p-lype  diluted  and  undiluted  a- 
SiC:H  before  and  after  laser  irradiation. 


650 


Fig.  7.  EL  spectrum  of  Type  I  and 
II  devices. 


amorphous  SiC;H  as  a  hole  injector  because  of  its  low  and 
unstable  EL  output. 

An  EL  intensity  improvement  and  blue  shift  of  light 
emission  was  observed  from  a  similar  device  structure  with  a 
p  type  |i.c-SiC  layer  as  a  hole  injector  prepared  using  ECR- 
PECVD12.  However  the  peak  wavelength  of  this  device  is  at 
600nm  with  FWHM  =  0.5eV.  Highly  conductive  and  wide 
band  gap  p  type  pc-SiC  prepared  by  ECR  may  give  rise  to  an 
increase  in  the  injection  level  of  holes,  as  well  as  a  decrease  of 
the  barrier  height  for  tunnelling  of  holes  and  electrons.  Such  a 
model  has  been  used  to  explain  the  EL  improvement  and  blue 
shift  of  EL  spectra'^  using  this  fabrication  technique.  Orange- 
white  emission  from  TFLEDs  with  a  n  type  pc-SiC  as  a 
electron  injector  prepared  by  ECR-PECVD  have  also  been 
reportedly.  In  this  study  it  was  found  that  the  light  emission 
was  actually  higher  than  the  optical  band  gap  of  the  intrinsic 
layer.  It  is  difficult  to  explain  the  origin  of  such  high  energy 
electroluminescence. 

For  the  purpose  of  explaining  the  origin  of  the  blue  emission 
from  our  Type  I  device,  a  Type  (II)  device  was  fabricated. 

Surprisingly,  we  observed  light  emission  from  this  single  layer 
pc-SiC  device,  sandwiched  between  an  ITO  and  A1  electrode. 

The  EL  spectrum  of  this  Type  II  device  is  shown  in  Fig.  7. 

The  EL  intensity  of  the  Type  I  device  is  20  times  higher  than 
that  obtained  from  the  Type  II  device.  However,  the  peak 
wavelength  of  both  devices  is  around  SOOnm.  Similar 
electroluminescence  can  also  be  observed  from  the  Type  I  - 
device  deposited  on  a  semi-transparent  Au  substrate, 
indicating  that  the  EL  does  not  originate  from  the  ITO. 

Similar  I-V  characteristics  are  also  observed  for  both  types  of 
devices  (Fig.  8).  This  indicates  that  the  electroluminescence 
may  originate  from  the  pc-SiC  only.  One  possible  explanation 
for  the  EL  observed  is  that  our  pc-SiC  emits  light  in  a  similar 

fashion  to  porous  silicon/silicon  carbide''’''^.  Indeed,  if  one  compares  the  FTIR  spectrum  of 
porous  silicon  treated  in  boiling  water'*'  with  our  doped  pc-SiC,  very  similar  features  are 
observed.  Blue  light  emitting  porous  silicon  shows  strong  Si-0  modes  at  1040cm  *  and  two  very 
weak  SiH  related  peaks  at  640m''  and  2090cm'*.  There  are  also  many  pores  in  our  pc-SiC  surface 
as  revealed  by  SEM  (Fig.  5)  and  the  structure  is  similar  to  porous  Si'®.  Hence,  the  blue  light 
emission  from  the  doped  pc-SiC  may  be  explained  by  the  formation  of  porous  SiC  after  laser 
crystallisation. 

CONCLUSIONS 


Fig.  8  I-V  characteristics  of  Type  I  and 
II  devices. 


Excimer  (ArF)  laser  crystallisation  is  a  novel  method  for  preparing  highly  conductive  and  wide 
band  gap  pc-SiC.  The  considerable  increase  in  conductivity  is  mainly  due  to  the  formation  of  a 
crystalline  SiC  phase.  The  blue  light  emission  from  the  pc-SiC  based  EL  devices  is  possibly 
related  to  the  formation  of  porous  SiC  by  laser  crystallisation/texturisation.  The  structural  and 


optoelectronic  properties  of  this  novel  material  have  some  similarities  to  porous  silicon.  Further 
efforts  have  to  be  made  to  investigate  the  laser  crystallisation  mechanism,  and  the  origin  of  the 
radiative  recombination. 
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ABSTRACT 

The  effects  of  friction  and  wear  were  examined  on  plasma  enhanced  chemical  vapor 
deposition  (PECVD)  diamond  films  deposited  on  tungsten  substrates.  The  tribology  of 
diamond  on  diamond  was  studied  and  the  changes  in  surface  roughness  and  the  bearing  ratio 
were  determined  before  and  after  wear.  The  (111)  textured  heteroepitaxial  films  were  studied 
morphologically  by  scanning  electron  micro.scopy  (SEM)  and  atomic  force  microscopy 
(AFM).  The  changes  in  morphology  involved  a  transition  from  the  large  as  grown  diamond 
cry.stallites  with  a  mean  diameter  of  10  pm  to  a  surface  with  grains  as  small  as  100  nm.  The 
nature  of  the  wear-modified  films  will  be  discussed  regarding  the  possible  mechanisms  for  the 
surface  changes. 

Work  partially  supported  by  NASA  Lewis  Research  Center  grant  NAG3-1430. 


INTRODUCTION 

The  high  hardness  of  diamond  minimizes  the  plastic  deformation  and  contact  area, 
contributing  to  low  frictional  traction  and  low  wear  rates.'  Low  friction  and  wear  make 
diamond  coatings  an  attractive  candidate  for  tribological  applications.  Previous  studies  on  the 
tribological  response  of  polycrystalline  diamond  films  (PDF)  have  mostly  focused  on  point- 
contact  geometries  (pin-on-disk)  in  mixed  .sy.stems  (i.e.,  sapphire  slider  on  PDF  counterface, 
steel  slider  on  PDF  counterface,  single  crystal  diamond  slider  on  PDF  counterface,  etc.).^”* 
Various  investigators  have  examined  the  effects  of  gas  and  ambient  air,  variations  in 
temperature,  applied  pressure  and  initial  film  .structure  on  the  wear  behavior  of  diamond 
films.  Of  particular  interest  is  the  resulting  modifications  in  composition,  friction  and 
morphology'  ".  It  is  of  critical  importance  to  examine  these  parameters  in  order  to 
understand  the  mechanistic  behavior  of  friction  and  wear  on  diamond  films.  In  this  study, 
the  morphology  and  nanostructure  of  the  films  are  examined  before  and  after  wear  and  are 
correlated  to  experimental  conditions. 


EXPERIMENTAL 

Tungsten  substrates  were  diamond  coated  to  about  lOftm  with  the  plasma  enhanced 
chemical  vapor  deposition  (PECVD)  technique.  Tungsten  sliders  and  counterfaces,  were 
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diamond  coated,  using  a  microwave  PECVD  ASTeX*  reactor.  Details  for  the  process  are 
reported  by  Davidson  et  al.‘^  To  evaluate  the  tribological  response  of  the  diamond  coating, 
an  extended  point  contact  geometry  (cylinder-on-flat)  was  used  to  better  simulate  real  contact 
between  mechanical  components.  The  system  studied  was  PDF  on  PDF  to  eliminate 
differences  in  hardness  and  chemical  reactivity  between  the  slider  and  counterface. 
Tribological  testing  was  performed  on  a  reciprocating  tribometer  without  lubrication.  The 
frictional  forces  were  sampled  and  converted  to  a  coefficient  of  friction  for  each  sliding  cycle 
to  monitor  changes  in  the  tribological  re.sponse.  The  diamond  films  were  characterized 
before  and  after  tribotesting  for  compositional  and  surface  morphological  changes.  Raman 
spectroscopy  was  used  to  describe  film  quality.  Scanning  electron  microscopy  (SEM)  and 
atomic  force  microscopy  (AFM)  using  a  Nanoscope  II  were  employed  to  discern  changes  in 
surface  morphology. 


RESULTS 

Figure  1  contains  representative  SEM  micrographs  of  the  diamond  films  deposited  on  the 
slider  and  counterface  substrates.  Raman  spectra  of  the  diamond  films  were  excited  by  an 
argon  ion  laser  at  514.5  nm.  The  Raman  data  were  characterized  by  fitting  the  spectra  to  a 
model  function  using  the  curve  fitting  routines  of  Lab  Calc'.  The  line  shape  function  consists 
of  four  components:  the  first  order  Raman  line  of  crystalline  diamond,  at  1333  cm  ',  a  band, 
centered  at  '1550  cm  ',  attributed  to  the  bonded  forms  of  carbon,  a  broadening  of  the 
diamond  peak,  believed  to  be  associated  with  the  defect  content,  and  a  broad 
photoluminescence  (PL)  background  underlying  the  entire  spectra.  The  ratio  of  the  area  of 
the  diamond  peak  to  that  of  the  sp^  bonded  carbon  band  was  used  as  a  figure  of  merit  for  the 
diamond  content  of  the  film. 


(A)  (B) 

Figure  1.  Representative  scanning  electron  micrographs  of  the  as- 
deposited  diamond  film  on  tungsten  substrates  highlighting  grain  size 
and  surface  morphology.  (A)  Slider,  (B)  Counterface.  (Magnification 
l.OOOx) 
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Figure  2  is  a  plot  of  the  original  spectrum,  the  curve  fit  function,  and  the  four  model 
components.  The  diamond  to  graphite  area  ratio  is  the  figure  of  merit  used  to  describe  the 
diamond  film  quality. 


1200  1400  1600  1800 

Wavenumber  (cm— 1) 

Figure  2.  Original  Raman  spectrum  of  as-deposited  diamond  film  with 
model  line  shape  function.  The  line  shape  function  consists  of  four 
components;  a  linear  photoluminescence  background,  a  symmetric 
diamond  peak  at  ~1332  cm  ',  a  band  centered  at  1550  cm"'  from  sp^- 
bonded  carbon  structures,  and  a  broadening  of  the  diamond  peak  tails 
attributed  to  defect  content. 


In  comparing  the  diamond  to  graphite  peak  ratio,  shown  in  figure  3,  the  data  after  obtaining 
spectra  from  many  samples,  both  before  and  after  wear,  was  inconsistant  since  in  as  many 
cases  as  the  graphite  content  was  indicated  to  have  increased,  the  reverse  was  also  true. 


Figure  3.  Diamond  to  graphite  peak  ratios  Figure  4.  Average  of  all  tribosets  with  a  normal 
from  Raman  spectra  from  as-deposited  and  load  of  3.56  Newtons  in  dry  nitrogen, 
worn  PDF. 
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Tribotesting  consisted  of  linear  cyclic  dry  sliding  of  a  right  cylinder  on  a  flat  surface  in  a 
dry  nitrogen  atmosphere.  The  relative  motion  between  the  slider  and  counterface  was  held 
constant  at  19.05  centimeters  per  minute,  except  for  reversals.  This  motion  generates 
frictional  forces  when  the  slider  is  brought  into  contact  with  the  counterface  under  an  applied 
normal  load.  Details  of  the  tribotesting  system  have  been  reported  previously*’.  The  normal 
applied  load  was  3.56  N,  corresponding  to  a  mean  Hertzian  pressure  of  0.2  GPa.  During 
tribotesting,  the  coefficient  of  friction  was  sampled  and  stor^  by  microcomputer  for  each 
cycle.  Figure  4  is  an  average  plot  of  the  coefficient  of  friction  versus  cycle  for  five  tribotests 
with  standard  deviation  error  bars. 


Figure  5.  Composite  scanning  micrograph  showing  interface  between  PDF  and  wear  track 
on  diamond  coated  slider  (lOOOx). 

After  tribotesting,  the  wear  track  of  the  slider  was  characterized  with  Raman  spectroscopy, 
SEM,  and  AFM.  Figure  5  is  a  SEM  micrograph  of  the  interfacial  region  on  the  PDF  slider 
between  the  wear  track  and  as-deposited  diamond  film. 


(a)  (b) 

Figure  6.  SEM  micrograph  of  diamond  surface  after  100  sliding  cycles  (Magnification  (a) 
5,000x  and  (b)  50,000x). 
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Figure  6  contains  high  magnification  SEM  micrographs  of  the  slider  wear  track.  AFM 
imaging  of  the  as-deposited  and  worn  diamond  revealed  surface  topographies,  as  shown  in 


depthCnm]  1451.01 

percentage  50.00 


Figure  7.  Bearing  ratio  and  centerline  average  roughness  from  AFM  scan  of  as-deposited 
diamond  film. 


depth [nml  60. £& 

percentage  50.50 


Figure  8.  Bearing  ratio  and  centerline  average  roughness  from  AFM  scan  of  worn  diamond 
film. 

Figures  7  and  8,  consistent  with  the  previous  SEM  micrographs.  The  bearing  area  ratio  and 
center  line  average  roughness  (R.)  were  calculated  by  image  analysis  of  the  scans.  Figure  9 
contains  high  magnification  AFM  scans  of  the  worn  PDF. 


DISCUSSION 


The  coefficient  of  friction  (COF)  data  taken  during  tribotesting  (Figure  4)  indicates  a  well 
defined  break-in  period.  The  initial  COF  is  high  (*0.65)  but  decays  to  a  steady  state  value 
(*0.25)  within  the  first  20  cycles.  The  interlocking  of  the  rough  (as-deposited)  diamond  film 
of  the  slider  and  counterface  causes  a  high  initial  COF.  However,  subsequent  sliding  reduces 
the  asperity  tips  via  fracture.  This  reduction  of  the  surface  roughness  is  clearly  seen  by 
comparing  Figures  7  and  8  and  is  quantified  by  the  bearing  ratio  curves.  The  slope  of  the 
bearing  ratio  curve  is  an  indication  of  the  asperity  height  distribution;  a  steeper  slope 
represents  a  narrower  height  distribution.  Thus,  the  dry  sliding  of  PDF  produces  a  uniform 
and  smoother  surface.  The  wear  debris  generated  during  the  break-in  period  can  be  seen  in 
the  as-deposited  half  of  Figure  5.  The  large  angular  black  areas  in  the  worn  portion  represent 
intergranular  boundaries  while  the  fractured  tops  of  the  worn  diamond  grains  are 
characterized  by  random  pits.  The  randomness  of  these  pits  suggest  little  to  no  plastic 
deformation  during  the  dry  sliding,  as  expected  for  diamond. 

Pitting  is  also  seen  on  the  surface  of  single  crystal  diamonds  that  have  been  polished  using 
a  metal-bonded  wheel  containing  diamond  powder  about  30  /xm  in  size.'*  The  scale  of  the 
pitting  seen  on  these  single  crystal  diamonds  is,  however,  an  order  of  magnitude  finer  than 
that  evidenced  in  Figure  6.  The  polishing  of  single  crystal  diamonds  may  occur  along  specific 
crystallographic  planes,  and  account  for  the  difference  in  scale  since  the  grains  of  the  PDF 
are  randomly  oriented  perpendicular  to  the  substrate  with  respect  to  one  another.  The  pitting 
may  arise  from  graphitization  of  the  diamond  at  the  asperity  junctions,  as  proposed  by 
previous  authors. However,  results  from  the  Raman  survey  in  this  study  do  not  support 
this  hypothesis,  since  the  graphitic  content  of  the  worn  samples  varied  from  sample  to 
sample.  This  does  not  preclude  that  graphitization  is  occurring,  but  its  detection  with  Raman 
spectroscopy  is  not  conclusive. 

Inspection  of  the  high  magnification  AFM  images  (Figure  9)  reveal  a  nodular  structure 
with  features  as  small  as  SO  nm. 


(a) 


(b) 


Fig:ure  9.  High  magnification  AFM  scans  of  worn  diamond  film,  (a)  is  1350  X  1350  nm  and 
(b)  is  700  X  700  nm. 
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This  nodular  structure  is  very  similar  to  AFM  images  obtained  at  the  interface  between  the 
substrate  and  PDF  as  demonstrated  in  a  nucleation  study  by  M.A  George  et  al‘’.  The  nodular 
structure  they  observed  was  attributed  to  the  initial  formation  of  a  diamond  like  carbon 
precursor  layer  onto  which  diamond  crystallites  nucleate  and  grow.  Thus  one  may  conclude 
that  the  nodular  structure  of  the  worn  diamond  film  results  from  wear  of  the  coating  to  the 
PDF/substrate  interfacial  region.  However,  the  geometry  of  the  slider  and  the  diamond  film 
thickness  employed  for  the  tribotesting  make  this  unlikely.  Microabrasion  of  the  slider 
surface  from  wear  debris  (Recall  Figure  5)  and  /or  the  counterface  PDF  could  account  for  the 
scale  of  the  nodular  structure.  However,  abrasion  of  diamond  is  generally  accompanied  by 
brittle  fracture  which  would  produce  an  angular  surface  morphology  with  a  larger  mean  grain 
size.  One  explanation  for  the  nodular  structure  observed  in  Figure  9  is  that  the  smoothed 
PDF  is  being  microabraded  followed  by  a  tribochemical  reaction  that  reduces  the  sharp 
fracture  surfaces.  The  possible  tribochemical  reactions  are  oxidation,  graphitization  and  the 
formation  of  amorphous  carbon.  Graphitization,  as  discussed  earlier,  was  not  indicated; 
however,  the  grapUte  produced  might  be  below  the  Raman  resolution  limit  or  is  removed  by 
subsequent  sliding.  Though  the  tribotest  chamber  was  purged  with  dry  nitrogen,  a  small 
quantity  of  oxygen  may  have  remained,  thus  preclusion  of  oxidation  is  not  feasible.  Furthur 
studies  are  planned  to  determine  the  composition  of  the  worn  diamond  film  surface. 
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ABSTRACT 

Micro-  and  macro-photoluminescence  techniques  were  employed  in  this  research  to 
investigate  the  role  of  nitrogen-doping  on  the  optical  specffa  of  chemical  vapor  deposited  diamond 
films  and  to  determine  whether  the  origin  of  the  broadband  luminescence  is  due  to  vibronic 
interaction  of  the  nitrogen  centers.  The  temperature  behavior  of  the  broadband  PL  and  of  the 
1.681  eV  silicon  related  optical  center  were  analyzed.  The  intensity  of  the  broadband  was  found 
to  exhibit  a  temperature  dependence  characteristic  of  optical  emission  from  a  continuous 
distribution  of  gap  states  while  the  temperature  dependence  of  the  1.681  eV  band  followed  the 
Boltzmann  quenching  process. 


I.  INTRODUCTION 

This  research  investigates  the  broadband,  nitrogen-related,  and  1.681  eV  optical  defects  in 
chemical  vapor  deposited  diamond  films.  A  broadband  luminescence  extending  from 
approximately  1.5  to  2.5  eV  and  centered  at  -  2  eV  has  been  observed  in  various 
photoluminescence  (PL)  studies  of  diamond  films  grown  by  various  chemical  vapor  deposition 
(CVD)  methods  [1.2].  A  complete  model  has  yet  to  be  formulated  to  explain  the  origin  of  this 
broadband  PL.  Studies  utilizing  cathodoluminescence  (CL)  and  absorption  spectroscopy  of 
crystal  diamonds  of  types  la  and  Ib  which  contain  nitrogen  have  shown  that  similar  luminescence 
has  its  origin  in  the  electron-lattice  coupling  (vibronic  interaction)  of  nitrogen  related  centers  with 
zero  phonon  lines  (ZPL)  at  1.945  and  2.154  eV  [3.4],  Luminescence  studies  on  natural  brown 
diamonds  [5]  have  shown  that  the  brown  diamonds  luminesce  in  the  yellow  and  in  the  red  region 
of  the  spectrum.  The  luminescence  appears  in  the  optical  spectra  as  wide  bands  centered  at  ~  2.2 
eV  and  at  ~  1.8  eV  and  is  very  similar  to  the  one  observed  in  the  spectra  of  the  CVD  diamond 
films.  The  origin  of  the  PL  bands  of  the  brown  diamonds  has  also  been  determined  to  be  of 
vibronic  nature  with  numerous  ZPL  the  principal  ones  at  2.721  and  at  2.145  eV. 

An  alternative  mechanism  which  could  give  rise  to  the  broadband  PL  in  the  CVD  diamond 
films  is  the  amorphic  phase  of  the  sp^-bonded  carbon  (also  called  the  graphitic  phase),  the 
presence  of  which  has  been  widely  confirmed.  The  PL  of  amorphous  carbon  films  exhibit 
emission  centered  at  ~  1.8-2  eV  which  is  of  similar  line  shape  to  that  observed  in  the  CVD 
diamond  films  [6.7].  According  to  the  general  model  of  the  state  distribution  of  amorphous 
materials  [8].  the  distortions  of  bond  angles  and  of  bond  lengths  which  constitute  the  amorphous 
phase  introduce  a  continuous  state  distribution  in  the  optical  band  gap  of  the  material.  The  PL  of 
amorphous  carbon  films  has  been  determined  to  originate  in  the  optical  transitions  of  an  in-gap 
state-distribution  related  to  the  disordered  forms  of  the  sp2  carbon  bonding.  In  this  paper  we 
establish  the  presence  of  an  in-gap  state-distribution  in  CVD  diamond  films  and  suggest  that  it  is 
the  likely  cause  of  the  broadband  luminescence.  We  also  present  an  analysis  of  the  temperature 
characteristics  of  the  1.681  eV  PL  band.  The  1.681  eV  optical  center  is  commonly  accepted  to  be 
associated  with  a  Si  impurity  introduced  into  the  diamond  matrix  during  growth  [1.2], 


II.  EXPERIMENT 

Diamond  samples  were  grown  on  Si  (100)  substrates  using  an  ASTeX  microwave  plasma 
CVD  system.  The  plasma  power,  temperature  and  pressure  were  maintained  at  900  watts.  850°C 
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and  25  Torr  respectively.  Two  samples  involved  in  the  nitrogen  study  were  subjected  to 
H2/CH4/N2  flow  rates  of  500/5/0  seem  and  500/5/0.5  seem  and  will  be  referred  to  as  the  0%  and 
0.1%  nitrogen-doped  samples  respectively  according  to  their  gas  phase  N2/H2%.  The  growth 
time  was  5  hours  and  the  morphology  consist  of  diamond  grains.  A  third  undoped  diamond 
continuous  sample  about  2  pm  thick  (described  in  our  previous  study  [2])  was  also  used  and  will 
be  referred  to  as  the  20h  sample,  reflecting  its  growth  time.  The  micro-PL  analysis  of  the  0%  and 
the  0.1%  nitrogen-doped  samples  was  carried  out  at  room  temperature  employing  Argon-ion  laser 
excitation  (514.5  or  457.9  nm)  which  was  focused  on  the  sample  to  a  spot  of  ~  5  pm  in  diameter. 
Focusing  was  facilitated  by  using  an  Olympus  BH-2  microscope.  The  macro  PL  analysis  of  the 
20h  sample  was  carried  out  employing  a  JANIS  CCS-350  closed  cycle  refrigerator  system.  The 
laser  was  focused  to  a  line  of  ~  2  mm  x  1(X)  pm  on  the  sample.  In  both  studies,  an  ISA  U-1000 
scanning  double  monochrometer  was  used  to  analyze  the  signal. 


III.  RESULTS  AND  DISCUSSION 

The  first  part  of  our  work  focused  on  obtaining  the  PL  spectra  of  nitrogen-doped  and 
undoped  diamond  films,  identifying  the  nitrogen-related  PL  bands  and  examining  the  influence  of 
the  nitrogen  on  the  broadband  PL.  In  Figure  1  the  PL  spectra  of  the  0.1%  and  of  the  0% 
nitrogen-doped  diamond  films  are  shown.  Both  spectra  were  obtained  utilizing  the  514.5  nm 
green  line  of  the  Argon  laser.  The  PL  spectra  are  shown  in  absolute  energy  scale.  The  PL  spectra 
of  the  undoped  diamond  film  exhibits  the  fairly  smooth  broadband  line  shape  centered  at  ~  2.05 
eV,  and  also  exhibits  the  1.681  eV  band  which  has  been  attributed  to  an  optical  transition  in  a  Si 
complex  center  [9].  However,  the  spectra  of  the  nitrogen-doped  film  indicates  a  red-shift  of  the 
broadband  luminescence  center  as  well  as  a  line-shape  change.  Furthermore,  the  nitrogen-related 
bands  at  2.154  and  1.945  eV  are  present.  Studies  carried  out  by  Davies  et  al.  [4]  have  suggested 
that  the  1.945  eV  band  is  due  to  the  substitutional  nitrogen- vacancy  optical  center.  Collins  et  al. 
[3]  proposed  that  the  2.154  eV  band  is  the  result  of  a  transition  in  a  center  consisting  of  a  single 
substitutional  nitrogen  atom  with  one  or  more  vacancies.  Yet  another  PL  band  at  1.967  eV  is  also 
present  in  the  spectra  (barely  distinguishable  from  the  L945eV  band),  which  might  also  be  due  to 
a  nitrogen-related  center. 


Figure  1.  The  PL  spectra  of  the  diamond  films  utilizing  the  514.5  nm  (2.41  eV)  laser  line. 

In  order  to  examine  in  further  detail  the  line-shape  of  the  broadband  PL,  the  457.9  nm  blue 
laser  line  was  used  for  excitation.  Figure  2  shows  the  spectra  of  the  0%  and  of  the  0.1% 
nitrogen-doped  diamond  films  for  this  laser  frequency.  The  broadband  PL  of  the  undoped 
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diamond  film  retained  its  relatively  unstmctured  line-shape;  however,  the  maximum  intensity  is 
shifted  towards  higher  energy  and  is  centered  at  ~  2.2  eV.  The  spectra  of  the  nitrogen-doped 
diamond  film  exhibits  the  nitrogen-related  bands  at  2.154  and  at  1.967  eV.  The  1.945  eV  band, 
which  appeared  with  the  1.967  eV  band  as  a  doublet  in  the  spectra  obtained  using  the  green  laser 
line,  can  not  be  clearly  distinguished  in  the  spectra  taken  using  the  blue  line.  This  overlapping  of 
the  two  bands  is  a  resolution  artifact  of  the  scaling  of  the  spectra  using  the  blue  laser  line.  A 
relatively  wide  band  with  line- width  ~  0.3  eV  centered  at  2.46  eV  is  also  present.  Similar  wide¬ 
band  luminescence  has  been  observed  in  both  natural  and  synthetic  diamonds,  and  is  commonly 
referred  to  as  "band  A"  luminescence  [10].  This  band  has  variable  peak  energy  and  line-width 
depending  on  the  concentration  of  the  nitrogen  in  the  diamond  and  on  the  diamond  type.  The  band 
A  luminescence  has  been  suggested  to  originate  from  donor-acceptor  recombination  process.  Our 
observation  of  the  three  nitrogen-related  bands  in  the  spectra  may  indicate  that  the  paramagnetic 
(1.945, 2.154  eV)  as  well  as  the  non-paramagnetic  (band  A)  forms  of  nitrogen  centers  can  exist 
simultaneously  in  the  CVD  diamond  films.  It  is  also  evident  from  the  spectra  that  the 
incorporation  of  nitrogen  caused  a  distortion  in  the  line-shape  of  the  underlying  broadband 
luminescence.  If  the  broadband  PL  had  been  due  to  the  nitrogen-lattice  interaction,  the  line-shape 
would  have  been  invariant,  and  a  change  in  the  intensity  would  have  been  anticipated. 


Energy  (eV) 

Figure  2.  The  PL  spectra  of  the  diamond  films  utilizing  the  457.9  nm  (2.71  eV)  laser  line. 

A  second  series  of  experiments  and  analysis  were  conducted  to  further  rule  out  the 
possibility  of  the  broadband  PL  being  of  vibronic  origin.  According  to  the  theoretical  model  of 
the  electron-lattice  interaction  [11],  the  total  band  intensity  which  includes  the  zero-phonon  line 
and  its  vibronic  sideband  is  expected  to  be  independent  of  temperature.  As  the  temperature 
increases  the  zero-phonon  line  intensity  decreases,  and  the  vibronic  band  intensity  is  expected  to 
increase  so  as  to  keep  the  total  intensity  constant  with  temperature  (where  the  ZPL  and  sideband 
intensities  are  taken  relative  to  the  total  band  intensity).  The  width  of  the  vibronic  band  is  also 
expected  to  increase  with  temperature.  However,  as  shown  in  Figure  3  we  found  instead  that  the 
broadband  PL  Intensity  of  the  20h  sample  exhibits  a  ~  60%  decrease  with  increasing  temperature 
without  any  significant  change  in  the  band  width.  Furthermore  no  ZPL  lines  were  present  at  the 
low  temperature  spectra.  However,  the  ZPL  responsible  for  the  vibronic  band  in  brown 
diamonds  as  well  as  the  ZPL  of  nitrogen  centers  are  known  to  be  sharp  and  well-pronounced  in 
low-temperature  spectra  [5,10].  The  temperature  dependence  we  observed  is  thus  not 
characteristic  of  a  vibronic  interaction. 
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Figure  3.  The  spectra  of  the  broadband  PL  of  the  20h  sample  at  various  temperatures. 

Figure  4  shows  the  correlation  between  the  Raman  intensity  of  the  graphitic  phase  and  the 
intensity  of  the  broadband  PL.  This  correlation  was  found  and  described  in  detail  in  a  previous 
study  [2].  It  was  found  that,  as  a  function  of  growth  time,  as  the  graphitic  phase  increases  so 
does  the  intensity  of  the  broadband  PL.  We  have  suggested  that  the  amorphic  graphitic  phase 
introduces  a  state  distribution  in  the  band  gap  which  provides  transition  centers  for  the  photo- 
excited  carriers,  thus  resulting  in  the  broadband  PL. 


I(graphitic)  /  I(diainond) 

Figure  4.  Correlation  between  the  intensities  of  broadband  and  the  graphitic  phase. 

We  now  present  the  results  of  a  further  investigation  of  the  broadband  PL  obtained  from 
the  20h  undoped  diamond  film.  We  establish  that  it  has  PL  characteristics  similar  to  those  found 
in  amorphous  materials.  In  general  the  PL  process  can  be  expressed  by  the  following  equation 

I/I0  =  Pr/(Pr  +  Pnr)  (1) 

where  Pr  and  Pnr  are  the  probabilities  for  the  radiative  and  the  nonradiative  recombination 
respectively  [12],  I  is  the  PL  intensity,  and  Iqis  the  PL  intensity  for  the  temperature  approaching 
absolute  zero.  If  there  exists  a  single  activation  energy  Ea  for  Pnr  for  which  the  thermal 
quenching  of  the  PL  is  of  the  form  of  a  Boltzmann  activated  process  then  Eq.(l)  becomes: 
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Pnr  /  Pr  =  Po  /  I(T)]  - 1  ~  exp(-  Ea  /  kfiT) 


(2) 


By  plotting  log((Io  /  I(T)  - 1))  vs  1/T  a  straight  line  should  be  obtained  from  which  Ea  can 
be  evaluated.  Figure  5  shows  this  plot  for  our  experimental  data,  I(T),  the  inset  in  the  figure 
shows  I(T)  vs.  temperature.  The  continuous  curve  of  figure  5  indicates  the  existence  of  a 
continuous  distribution  of  activation  energies  E(T)  rather  than  a  single  Ea  associated  with  one 
energy  level  of  a  specific  defect.  Such  a  continuous  distribution  of  activation  energies  E(T) 
indicates  in  turn  a  corresponding  distribution  of  localized  energy  states  in  the  band  gap  of  the  CVD 
diamond  film.  E(T)  may  thus  be  viewed  as  corresponding  to  the  binding  energies  of  these 
localized  states.  The  data  in  Figure  5  can  be  fitted  by  the  equation 

[Io/I(T)]-l~exp(T/ro)  (3) 

for  which  Tq  is  a  constant  to  be  determined.  This  form  of  quenching  of  the  PL  which  we  find  in 
our  studies  has  also  been  observed  and  its  theory  developed  by  Street  et  al.  [13]  in  their  extensive 
work  on  amorphous  Si:H.  We  note  that  the  broadband  PL  intensity  in  the  diamond  films  exhibits 
a  much  slower  decrease  with  increasing  temperature  than  the  PL  intensity  reported  for  a-Si:H.  A 
smaller  dependence  on  temperature  was  also  reported  for  amorphous  C:H  [7]  with  temperature 
dependence  of  the  form  of  Eq.3,  consistent  with  our  findings.  According  to  the  model  developed 
by  Street  et  al.  for  amorphous  materials  Tq  is  a  measure  of  the  width  of  an  exponential  in-gap  state 
distribution  from  which  optical  transitions  can  occur  [13].  More  extensive  experiments  need  to  be 
carried  out  to  further  quantify  and  model  the  state  distribution  and  to  determine  the  bands  involved 
in  the  optical  transitions.  In  amorphous  carbon  material  the  sp2  bonding  creates  sigma-bands  (a, 
a*)  and  pi-bands  (ti,  7t*)  for  which  optical  transitions  can  occur  [6].  At  present  we  hypothesize 
that  the  rc-it*  band  transitions  are  responsible  for  the  broadband  PL;  these  bands  constitute 
allowable  optical  transitions  and  are  in  the  energy  range  closest  to  our  laser  excitation  energy  [14]. 


Figure  6  shows  the  temperature  dependence  of  the  1.681  eV  PL  intensity.  It  can  be  seen 
that  the  PL  intensity  in  the  temperature  range  lO-lOOK  is  approximately  constant  whereas  a  strong 
quenching  of  the  PL  takes  place  at  T  >  lOOK.  The  data  in  Figure  6  can  be  fitted  by  Eq.2,  with  an 
activation  energy  Ea  =  90  meV  (±10  meV).  Thus  ~  90  meV  is  the  energy  needed  to  channel  the 
photo-carriers  from  the  excited  state  to  the  nonradiative  path.  The  substantially  different 
temperature  dependence  of  the  broadband  PL  and  the  1.681  eV  band,  suggests  that  different  non¬ 
radiative  recombination  mechanisms  are  involved.  This  may  imply  that  these  two  optical  centers 
do  not  directly  communicate. 
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Figure  6.  The  temperature  dependence  of  the  1.681  eV  PL  band 


In  conclusion,  the  spectra  of  both  nitrogen-doped  and  undoped  films  exhibited  the 
broadband  PL;  the  nitrogen-doped  sample,  however,  had  a  distortion  of  the  line-shape  of  the 
underlying  broadband  PL  due  to  the  vibronic  interaction  of  the  nitrogen  centers.  The  nitrogen 
optical  centers  at  2.154, 1.945  and  at  2.46  eV  (band- A)  were  observed,  as  well  as  a  new  possibly 
nitrogen-related  center  at  1.967  eV.  The  temperature  behavior  of  the  broadband  PL  indicates  that 
the  band  does  not  originate  from  a  vibronic  interaction.  Morever,  the  intensity  of  the  broadband 
PL  was  found  to  exhibit  a  temperature  dependence  characteristic  of  optical  emission  from  a 
continuous  distribution  of  gap  states.  In  light  of  the  above  findings  and  from  the  correlation  of  the 
PL  intensity  to  the  graphitic  phase  we  suggest  that  the  broadband  PL  in  CVD  diamond  films  is  due 
to  the  optical  transitions  in  an  in-gap  state  distribution,  where  the  in-gap  state  distribution  is 
introduced  by  the  amorphous  phase  of  the  sp2  hybrid  bondings.  The  temperature-behavior  of  the 
1.681  PL  band  found  to  exhibit  characteristic  of  Boltzmann  activation  process  with  an  activation 
energy  of  nonradiative  transition  Ea  ~  90  meV. 
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ABSTRACT 

The  X-band  ESR  of  thin  diamond  films  deposited  from  99.5%  H2/0.5%  CH4  is  compared  to  that 
of  films  similarly  prepared  from  D2/CD4and  H2/*^CH4.  The  main  line  and  the  satellites  at  ±7.2 
G  are  unaffected  by  annealing  at  T  <  1 100”C,  but  their  intensity  is  reduced  upon  annealing  at  T  ~ 
1200°C.  As  the  satellites  are  absent  from  the  deuterated  films,  they  are  attributed  to  newly 
identified  dangling  bond-H  centers,  either  on  internal  microvoid  surfaces  or  embedded  in  the 
tetrahedral  network.  This  is  consistent  with  the  spin-lattice  relaxation  rate,  which  indicates 
that  the  distribution  of  paramagnetic  centers  is  homogeneous  to  within  ~0.04  pm.  However, 
they  may  be  nonuniformly  distributed  on  a  finer  scale,  consistent  with  the  concentrations  in 
multivacancies  or  stacking  faults  recently  suggested  by  Fanciulli  and  Moustakas. 


INTRODUCTION 

Extensive  studies  on  thin  diamond  films  have  been  reported  since  the  discovery  that  they 
could  be  deposited  on  hot  substrates  by  thermally-assisted  chemical  vapor  deposition  (CVD)  of 
CH4  heavily  diluted  by  H2  [1,2].  Relatively  modest  efforts,  however,  have  been  directed 
towards  establishing  a  detailed  picture  of  the  structural  and  electronic  properties  of  these  films  in 
general  and  their  native  defects  in  particular  [1-6].  This  work  focusses  on  the  nature  of  the  ESR 
that  is  invariably  observed  in  these  films,  and  is  thus  evidently  due  to  a  native  defect.  This  ESR 
includes  a  central  line  that  usually  appears  to  be  the  sum  of  narrow  (AHpp^  =  1.4  ±  0.2  G)  and 
broad  Lorentzians  (3.0  <  AHppj,  <6.1  G)  [4-7],  or  a  narrow  Lorentzian  and  a  broad  Gaussian 
[8].  In  many  cases,  but  not  il,  two  partially  resolved  satellites  are  observed  at  Ag  a  ±4x10-3 
(6.0  <  lAHI  <  7.5  G  at  the  X-band  frequency  of  9.33  GHz)  [3-6].  We  show  below  that  the  main 
line  and  the  satellites  are  unaffected  by  annealing  atT  <  llOO’C,  but  their  intensity  is  reduced 
upon  annealing  at  T  ~  1200°C.  As  the  satellites  are  strikingly  absent  from  the  ESR  of  films 
deposited  from  99.5%  02^0.5%  CD4  or  99.5%  D2/0.5%  CH4,  they  are  attributed  to  dangling 
bond-H  centers.  To  the  best  of  our  knowledge,  these  centers  have  not  been  previously  identified 
in  either  natural  [7],  synthetic  [7],  or  CVD  diamond.  Comparison  with  NMR  studies  indicate 
that  they  are  bulk  defects,  probably  located  either  on  a  multivacancy  or  stacking  fault  surface  as 
suggested  by  Fanciulli  and  Moustakas  [8],  or  isolated  in  the  tetrahedral  diamond  network. 


EXPERIMENTAL  PROCEDURE 

Thin  diamond  films  were  grown  by  flowing  a  99.5  %  H2/0.5%  CH4  or  a  similar  D2/CD4 
mixture  as  described  elsewhere  [13].  Following  the  deposition,  the  Si  substrate  was  removed  by 
dissolving  it  in  HF,  to  yield  free-standing  films.  X-ray  diffraction  spectra  yielded  sharp  diamond 
diffraction  peaks  only. 

669 

Mat.  Res.  Soc.  Symp.  Proc.  Vol.  339.  ^1994  Materials  Research  Society 


The  samples  were  oven  annealed  in  either  open  quartz  tubes  in  an  Ar  flow,  or  in  sealed 
evacuated  quartz  tubes,  or  by  an  oxyacetylene  torch  in  an  open  quartz  tube  in  an  Ar  flow. 

No  nitrogen  ESR,  identifiable  by  the  hyperfine-split  components  at  ±25  -  ±30  G  from 
the  main  line  [4],  could  be  detected  by  the  Bruker  DSR  200  ESR  spectrometer. 

The  iR  and  NMR  are  also  described  elsewhere  [14].  The  NMR  of  naturally 
(1.1%)  abundant  as  well  as  of  99%  '^C-enriched  films  indicated  that  no  more  than  0.5%  of  the 
carbon  atoms  were  in  a  nondiamond  configuration  [14].  Scanning  electron  microscopy  (SEM) 
showed  that  the  crystallites  at  the  top  surface  of  the  film  were  several  microns  across.  The  iR 
NMR  spin  count,  however,  suggested  that  if  the  hydrogen  was  confined  to  the  crystallite 
surfaces  and  essentially  covered  them,  then  the  average  crystallite  should  be  less  than  ~0.5  }im 
across  [14].  This  apparent  discrepancy  could  be  due  to  the  observation  that  the  crystallite  size 
increases  during  film  growth  [9,10,15]  and  the  smaller  crystallites  near  the  substrate  cannot  be 
seen  in  SEM  images.  These  smaller  crystallites  could  account  for  the  larger  amount  of  hydrogen 
detected  by  NMR.  This  issue  is  discussed  further  below. 


RESULTS  AND  DISCUSSION 

Typical  X-band  derivative  ESR  spectra  of  samples  A  and  B  deposited  from  R2/CR4,  the 
former  grown  over  30  hrs,  the  latter  over  146  hours,  are  shown  as  the  solid  lines  in  Figures  1(a) 
and  1(b),  resp.  The  total  integrated  intensities  yield  spin  densities  of  3.1x10*®  and  2.7x10*’^ 
spins/gm,  or  0.6  and  5.4  ppm,  resp.  The  observation  that  the  spin  density  of  the  thicker  film  B 
is  greater  than  that  of  the  thinner  one  A  is  interesting.  Although  not  firmly  established,  it  is 
consistent  with  the  interpretation  of  the  ESR  results  discussed  below.  Following  Redwing  et  al. 
[5],  the  spectra  were  fit  to  the  sum  of  four  Lorentzians  (shown  as  the  dotted  lines  in  Fig.  1),  of 
g-values,  amplitudes,  and  linewidths  summarized  in  Table  1.  The  central  narrow  and  broad 
Lorentzians,  invariably  observed  in  all  films,  have  been  attributed  to  exchange-narrowed  clusters 
and  isolated  carbon  dangling  bonds  at  spinless  >2C  nuclei,  resp.  [5].  These  tentative  assign¬ 
ments  are  in  general  agreement  with  the  recent  analysis  of  Fanciulli  and  Moustakas  [8].  The 
satellites  were  suggested  to  result  from  hyperfine  coupling  of  carbon  dangling  bonds  with  central 
or  adjacent  *3C  nuclei,  or  with  neighboring  ‘R  [5].  The  former  interpretation,  however,  is 
problematic:  (i)  The  1.1%  natural  abundance  of  the  *^0  nuclei  is  too  low  to  account  for  the  in- 

Table  I,  The  spin  densities  of  the  samples  whose  ESR  spectra  are  shown  in  Figure  1,  the 
derivative  peak-to-peak  linewidth  and  fractional  integrated  intensity  of  the  central  narrow 
and  /„,  resp.)  and  broad  (AHppi,  and  4,  resp.)  Lorentzians,  and  those  of  the  satellites  (AHpp^^, 
and  resp.).  In  all  cases,  the  g-values  of  the  central  Lorentzians  are  2.0028  ±  0.005,  and  the 
satellites  are  split  from  them  by  Aff  =  7.2  ±  0.2  G. 
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tensity  of  the  satellites  relative  to  that  of  the  central  resonances,  which  increases  to  Ija/Ic  ~  0-09 
upon  annealing  (see  below),  (ii)  Hyperfine  coupling  with  should  lead  to  a  constant  value  of 
Isat/Ic.  ■•C-.  in  contrast  to  its  temperature  dependence  in  this  work  and  its  variation  among 
different  samples.  Indeed,  in  some  cases  [8],  notably  those  involving  oxygen-containing 
precursors  [3,6],  their  intensity  is  negligible,  (iii)  Although  measured  at  similar  microwave 
frequencies,  the  splitting  of  these  satellites  from  the  main  Lorentzians  is  AH  a  ±6  G  as  reported 
by  Redwing  et  al.  [6],  but  ±7.2  G  in  the  samples  studied  in  this  work, . 

Previous  iH  NMR  measurements  have  indicated  that  most  of  the  hydrogen  in  thin  diamond 
films  resides  on  the  crystallite  surfaces,  and  most  of  it  is  removed  after  ~2  hr  annealing  at  ~850°C 
[5,9-12].  Sample  B  was  therefore  annealed  in  1  hour  steps,  and  its  ESR  was  measured  after 
each  step.  Yet  in  spite  of  annealing  in  an  Ar  flow  at  740,  765,  790,  830,  867,  905,  935,  965, 
1013,  1057,  and  1085°C,  then  crushing  it  to  a  powder  and  annealing  it  in  an  evacuated  quartz 
tube  at  828,  865,  and  970”C,  and  then  crushing  the  powder  further  and  annealing  it  in  an  Ar  flow 
at  805,  875,  965,  1015,  and  1112°C,  the 


ESR  lineshape  and  spin  density  did  not 
change  (Fig.  1(c)).  Finally,  the  sample  was 
heated  for  20  minutes  in  an  Ar  flow  by  an 
oxyacetylene  torch  at  T  ^  12(X)°C  (an  optical 
pyrometer  indicated  T  a  1500”C,  but  that 
temperature  is  considerably  above  the 
softening  point  of  quartz).  The  resulting 
ESR  is  shown  in  Figure  1(d).  Interestingly 
enough,  while  the  overall  spin  density 
decreased  by  a  factor  of  ~4.5,  the  relative 
intensity  of  the  satellites  actually  slightly 
increased  with  respect  to  the  main  lines 
(Table  I). 

Figure  1(e)  shows  the  ESR  spectrum 
of  sample  C  similarly  deposited  from  99.5% 
02/0.5%  CD4.  As  clearly  seen  from  the 
figure  and  Table  I,  the  satellites  are 
completely  absent  from  this  sample.  Also 
striking  is  the  increased  intensity  of  the 
central  narrow  Lorenztian  relative  to  the 
broad  compxonent.  It  is  suspected,  however. 


3.31  3,32  3,33  3,34  3,35 


that  this  is  due  to  the  contribution  of  unre¬ 


solved  ^D-hyperfine-split  dangling  bonds. 


Figure  1.  X-band  ESR  spectra  (solid  lines)  of  thin  diamond  films.  The  dotted  lines  are  the 
sum  of  four  (spectra  (a)  -  (d))  or  two  (spectra  (e)  and  (f))  Lorentzians,  ofg-values,  amplitudes, 
and  linewidths  listed  in  Table  I.  (a)  Sample  A,  as  deposited  for  30  hours  from  99.5%  H2/O.5WC 
CH4  (see  text  for  details),  (b)  Sample  B,  as  deposited  under  the  same  conditions,  but  for  146 
hours.  Note  that  the  satellites  are  weaker  relative  to  the  central  resotmnces  than  in  (a),  (c) 
Sample  B  following  1  hr  annealing  steps  (see  text)  at  T s  1112°C.  (d)  Same  sample,  after 
annealing  by  an  oxyacetylene  torch  for  20  min  at  ~1200°C  in  an  Ar  flow,  (e)  Sample  C,  as 
deposited  from  99.5  %  DjO.5%  CD4.  Note  the  absence  of  the  satellites  from  spectra  (e)  and  (f) 
Sample  D,  as  deposited  from  99.5%  02/0.5%  CH4.  (g)  Sample  E,  as  deposited  from  99.5% 
H2/0.5%  ^^014.  Note  the  inhomogeneous  broadening  due  to  the  hyperfine  coupling  of  the 
dangling  bonds  with  the  nuclei. 


Fig.  1(0  shows  the  ESR  of  sample  D  deposited  from  99.5%  D2  and  0.5%  CH4.  As  in  Fig. 
1(e),  the  satellites  are  absent  from  this  film  as  well,  and  the  central  narrow  Lorentzian  is 
relatively  much  more  intense  than  in  Figs.  1(a)  -  1(d).  Finally,  Fig.  1(g)  shows  the  ESR  of  the 
fully  '3C-enriched  film  (sample  E).  Its  inhomogeneously  broadened  structureless  lineshape 
(AHpp  a  13  G)  is  clearly  due  to  the  hyperfine  coupling  of  the  dangling  bonds  to  the  central  and 
neighboring  nuclei. 

*3C  NMR  relaxation  measurements  on  the  fully  '^C-enriched  sample  E  and  naturally 
abundant  (1.1%)  sample  F,  each  deposited  under  conditions  similar  to  those  of  sample  B, 
yielded  an  exponential  recovery  of  the  free  induction  decay  in  all  cases.  Their  paramagnetic  spin 
densities  were  3.6x101’^  and  4.4x10'’^  gm  *  (7.8  and  8.8  ppm),  resp.  and  the  T]'s  were  8  ± 
1  and  67  ±3  s,  resp.  Spin  diffusion  [16]  to  these  defects  is  believed  to  be  the  dominant 
relaxation  mechanism  in  these  samples.  The  *3c  spin  diffusion  constant  in  diamond  can  be 
estimated  to  be  D  =  O.lSy^hd  [17],  where y  is  the  gyromagnetic  ratio  and  d  is  the  mean  - 
13c  distance.  This  yields  Dg  «  4xl(>i3  and  Dp  =  0.85x10-13  cm^/s  for  samples  E  and  F,  resp. 
Hence,  during  time  Tj  the  13C  magnetization  is  transported  over  a  distance  of  ~V6DTj  ~  0.05 
ptm  in  both  samples.  However,  this  value  is  much  smaller  than  the  average  crystallite  size, 
which  are  at  least  0.12  and  0.43  /<m,  as  estimated  from  the  measured  H  conent  and  assuming  that 
the  hydrogen  essentially  covers  the  crystallite  surfaces.  The  actual  distribution  of  crystallite  sizes 
is  apparently  very  broad,  from  a  fraction  of  a  micron  near  the  substrate  to  several  microns  near 
the  top  surface  [9,10,14,15].  Therefore,  confinement  of  the  dangling  bonds  to  the  crystallite 
surfaces  should  result  in  a  striking  deviation  from  an  exponential  relaxation,  in  contrast  to  the 
observed  behavior  [14].  It  is  thus  concluded  that  the  paramagnetic  centers  are  homogeneously 
distributed  over  length  scales  significantly  greater  than  ~0.04  ;<m. 

The  foregoing  ESR  results  clearly  show  that  the  satellites  are  due  to  carbon  dangling  bonds 
hypierfine  coupled  to  adjacent  protons.  The  hyjterfine  coupling  constant  of  these  H-dangling 
bond  complexes  is  equal  to  the  field  splitting  between  the  two  satellites,  i.e.,  about  14.5  G 
(13.5x10'^  cm-').  Their  intensity  indicates  a  density  of  about  0.C8  -  0.2  ppm  (Table  I),  i.e.,  they 
are  a  minute  fraction  of  the  total  H  content,  which  was  0.56  and  0. 15  at.%  in  samples  E  and  F, 
resp.,  as  determined  by  'H  NMR  [14]. 

The  stability  of  the  satellites  upwn  annealing  at  T  s  1 100‘C  for  extended  periods  strongly 
suggests  that  the  H-dangling  bond  eomplexes  are  not  located  on  any  crystallite  surface. 
However,  the  reduction  of  the  satellites  and  the  main  line  by  a  factor  of  ~4.5  after  ~20  min 
annealing  at  T  a  1200°C  is  consistent  with  the  evolution  of  most  of  the  hydrogen  from  these 
centers.  We  therefore  consider  two  typies  of  bulk  hydrogen-dangling  bond  centers:  A  center  on 
an  internal  surface,  and  a  center  trapped  in  the  tetrahedral  diamond  network. 

As  mentioned  above,  SEM  images  showed  that  the  average  crystallite  is  several  microns 
across  at  the  top  surface  of  the  films.  Yet  if  the  hydrogen  is  essentially  confined  to  the  crystallite 
surfaces,  then  the  'H  NMR  spin  count  indicates  that  the  average  crystallite  is  less  than  0.5  ftm 
across  [14].  As  mentioned  above,  this  discrepancy  may  be  resolved  by  previous  observations 
which  showed  that  the  crystallite  size  rapidly  increases  during  film  growth  [9,10,15].  It 
therefore  does  not  allude  to  the  existence  of  internal  surfaces  within  the  observed  crystallites. 
However,  such  internal  surfaces  and/or  microvoids  are  to  be  expected  within  the  kinetic  model 
described  by  Anthony  [18].  In  this  model,  the  hydrogenated  surface  is  constantly  etched  and 
repassivated  by  H  atoms,  but  occasionally  a  methyl  radical  [19]  attaches  to  an  exposed  carbon 
dangling  bond,  providing  the  fundamental  diamond  network  growth  step.  Such  dynamical 
processes  may  yield  considerable  internal  defect  structures  and  (micro)surfaces.  Fanciulli  and 
Moustakas  have  indeed  recently  invoked  multivacancies  and  (111)  stacking  faults  to  explain  the 
propterties  of  the  ESR  of  their  diamond  films  [8].  However,  hydrogen  that  resides  on  the 
surfaces  of  such  voids  which  are  connected  to  the  crystallite  surface  will  be  released  within  a  few 
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hours  at  ~850°C.  In  addition,  a  dangling  bond  on  a  largely  hydrogen-decorated  surface  should 
generally  be  adjacent  to  more  than  one  H  atom.  We  therefore  turn  to  the  model  of  a  dangling 
bond-H  center  which  is  embedded  in  the  tetrahedral  network. 

In  the  simplest  approach,  substitution  of  a  C  by  an  H  atom  should  result  in  an  H  atom 
terminating  one  dangling  bond  and  an  interacting  system  of  the  3  other  dangling  bonds.  The 
ground  state  of  this  system  should  probably  be  an  unpaired  sp^  electron  slightly  overlapping  the 
reconstructed  paired  wavefunction  of  the  other  two,  as  carbon  bonds  pair  on  diamond  surfaces 
[18,20,21].  However,  this  model  should  be  verified  by  a  calculation  of  the  defect  wavefunction 
which  would  yield  a  'H  hyperfine  splitting  in  agreement  with  the  observed  value.  Given  the 
strong  C-H  bond  and  the  surrounding  tetrahedral  diamond  network,  the  stability  of  these  centers 
at  T  <  1 100°C  is  not  surprising,  but  needs  to  be  substantiated  by  appropriate  calculations.  At  the 
same  time,  the  reduction  in  their  intensity  after  20  min  at  ~1200°C  (Table  I)  is  consistent  with 
evolution  of  hydrogen  from  these  centers  at  sueh  high  temperatures. 

The  dynamics  of  the  main  lines  appear  to  be  similar  to  those  of  the  satellites  (Fig.  1(b)  - 
1(d)  and  Table  I).  The  slight  but  unambiguous  weakening  of  the  central  lines  relative  to  the 
satellites  after  annealing  at  ~1200°C  is  consistent  with  the  suggestions  of  Fanciulli  and 
Moustakas  [8]:  Although  annealing  should  have  little  effect  on  the  defects  in  isolated 
multivacancies,  those  at  the  stacking  faults  should  probably  weaken  after  annealing  at  ~1200°C. 

The  absence  of  the  *H-coupled  dangling  bonds  from  some  films  prepared  by  CVD  from 
oxygen-containing  precursors  [3,6]  suggests  that  these  precursors,  under  appropriate  conditions, 
prevent  the  formation  of  such  H-dangling  bond  centers.  It  also  indicates  that  the  H-dangling 
bond  center  probably  does  not  include  an  oxygen  atom.  It  should  be  noted,  however,  that 
density  of  such  centers  was  also  negligible  in  the  films  studied  by  Fanciulli  and  Moustakas, 
which  were  also  synthesized  from  H2  +  CH4only. 

Finally,  Figure  1(e)  showed  that  the  *H-hyperfine  coupled  dangling  bonds  are  absent  from 
films  deposited  from  99.5%  D2  and  0.5%  CH4.  This  suggests  that  the  probability  of 
incorporation  of  H  or  D  is  unrelated  to  its  souree.  It  also  then  suggests  that  most  of  the  H  or  D 
atoms  that  are  found  on  the  surfaces  of  the  diamond  erystallites  are  due  to  the  H2  or  D2  gas, 
rather  than  to  the  hydrogen  attached  to  the  carbon-containing  precursor. 


SUMMARY 

In  summary,  the  X-band  ESR  of  thin  diamond  films  deposited  from  99.5%  H2/0.5%  CH4 
invariably  exhibits  Lorentzian  satellites  at  AH  =:  7.2  ±  0.2  G  from  the  main  line  at  g  =  2.0028  ± 
0.0005,  which  is  the  sum  of  narrow  (AHpp„  =  2.4  ±  0.2  G)  and  broad  (AHppj,  =  7.6  G) 
Lorentzians.  As  the  ESR  of  films  deposited  from  99.5%  D2/0.5%  CD4  or  0.5%  CH4  does  not 
exhibit  the  satellites,  they  are  assigned  to  dangling  bond-H  complexes.  The  main  lines  and  the 
satellites  are  unaffected  by  annealing  at  T  <  1100°C,  but  are  reduced  after  ~20  min  at  ~1500°C. 
The  complexes  are  thus  discussed  in  relation  to  newly  identified  dangling  bond-H  eenters  on 
internal  surfaces,  or  embedded  in  the  bulk  of  the  diamond  crystallites.  The  latter  scenario 
appears  to  be  more  plausible  if  confirmed  by  a  calculation  of  the  defect  wavefunction  which 
would  yield  a  ^H  hyperfine  splitting  in  agreement  with  the  observed  value  of  ~13.5xl0-^  cm-*. 
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ABSTEIACT 

The  'H  and  *3c  nuclear  magnetic  resonance  (NMR)  of  thin  diamond  films  deposited  from 
naturally  abundant  (1.1  at.%)  as  well  as  50%  and  100%  uc-enriched  CH4  heavily  diluted  in  H2 
is  described  and  discussed.  Less  than  0.6  at.%  of  hydrogen  is  found  in  the  films  which  contain 
crystallites  up  to  ~15  pm  across.  The  iH  NMR  consists  of  a  broad  50-65  kHz  wide  Gaussian 
line  attributed  to  H  atoms  bonded  to  carbon  and  covering  the  crystallite  surfaces.  A  narrow 
Lorentzian  line  was  only  occasionally  observed  and  found  not  to  be  intrinsic  to  the  diamonds. 
The  NMR  demonstrates  that  >99.5%  of  the  C  atoms  reside  in  a  quaternary  diamond-like 
configuration.  The  i^C  spin-lattice  relaxation  times  Tj  are  four  orders  of  magnitude  shorter  than 
in  natural  diamond  and  believed  to  be  due  to  spin  diffusion  to  paramagnetic  centers, 
presumably  carbon  dangling  bonds.  Analysis  of  Tj  indicates  that  within  the  spin  diffusion 
length  of  ~^.05  pm,  these  centers  are  uniformly  distributed  in  the  diamond  crystallites,  possibly 
concentrated  on  the  internal  surfaces  of  a  relatively  dense  system  of  nanovoids. 


INTRODUCTION 

In  spite  of  the  extensive  studies  of  thin  diamond  films  deposited  by  thermally-assisted  CVD 
of  CH4  heavily  diluted  in  H2  [1,2],  the  detailed  picture  of  the  chemical  structure  and  electronic 
properties  of  the  films  and  their  native  defects  is  incomplete  [3-6]  Similarly,  the  role  of 
hydrogen,  a  ubiquitous  impurity,  and  its  possible  bonding  sites,  are  not  completely  understood 
[7].  In  this  study,  nuclear  magnetic  resonance  (NMR)  of  *H  and  >3c,  electron  spin  resonance 
(KR),  and  scanning  electron  microscopy  (SEM)  were  used  to  examine  natural  and  enriched 
CVD  films  grown  on  a  silicon  wafer  substrate. 

Previous  NMR  studies  of  thin  diamond  films  and  diamond  powders  have  been  reported  by 
Gleason  and  coworkers  [4-6,8]  and  Henrichs  et  al.  [9].  The  NMR  had  shown  that  the  H  content 
is  typically  0.1  -  0.5  at.%  [5,8],  that  the  H  atoms  predominantly  "decorate"  the  crystallite 
surfaces  [8]  and  that  the  relaxation  rates  are  much  faster  than  those  found  in  natural 
diamonds  [9]  This  study  confirms  some  of  these  earlier  conclusions,  but  it  also  provides  new 
insight  into  the  nature  of  the  pwlycrystalline  films:  (i)  the  narrow  ~5  kHz  wide  Lorentzian  *H 
NMR  line  typically  observed  on  top  of  the  main  >50  kHz  wide  Gaussian  line  and  attributed  to 
rotating  methyl  groups  [6],  is  found  to  represent  hydrogen  that  is  not  intrinsic  to  the  films  studied 
in  this  work,  (ii)  Analysis  of  the  relaxation  rates  in  the  CVD  films,  which  are  indeed  much 
faster  than  found  in  natural  crystals,  indicates  that  the  dangling  bonds  are  homogeneously 
distributed  in  the  diamond  crystallites  on  a  scale  larger  than  -0.05  ;<m.  They  may,  however,  be 
clustered  on  a  finer  scale,  or  concentrated  on  nanovoids  such  as  multivacancies  or  stacking  faults 
as  suggested  by  Fanciulli  and  Moustakas  [10]. 


EXPERIMENTAL  PROCEDURE 

(a)  Samples.  The  films  were  grown  at  -0.5  ;<m/h  by  flowing  a  mixture  of  -99.5%  H2  and 
-0.5%  CH4  at  a  pressure  of  -50  Torr  through  a  tungsten  filament  heated  to  ~2000°C  onto  a 
silicon  wafer  substrate  heated  to  850°C.  Following  the  deposition,  the  substrate  was  dissolved 
in  HF  to  yield  free-standing  films.  About  15  mg  of  film  A  was  grown  over  13  h  using  100% 
13c  enriched  methane  at  a  flow  rate  of  -200  seem.  Film  B  was  grown  for  80  h  from  natural 
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i3C-abundant  CH4  at  the  same  flow  rate  to  yield  ~70  mg.  Film  C  was  grown  over  21  hours 
under  the  same  conditions  using  50%  enriched  methane.  SEM  images  showed  that  the  top 
crystallites  of  film  B  were  much  larger  than  those  of  A  [11],  consistent  with  the  observations 
[6,8,12]  that  the  crystallite  size  increases  with  the  distance,  i.e.  growth  time,  from  the  substrate. 

(b)  NMR.  Proton  NMR  spectra  at  100-300  K  were  acquired  using  a  250  MHz  home-built 
spectrometer.  Room  temperature  spectra  were  obtained  using  a  second  home  built 
spectrometer  operating  at  100.06  MHz  for  IH  and  25. 15  MHz  for  i^C.  The  spin-lattice 
relaxation  time  Tj  for  each  diamond  film  was  measured  without  magic  angle  spinning  (MAS). 
Additional  details  of  the  NMR  measurement  techniques  are  given  elsewhere  [1 1]. 

(c)  ESR.  Electron  spin  resonance  spectra  were  obtained  using  a  commercial  Bruker  ESR 
200  spectrometer,  with  a  sensitivity  of  ~10i'  spins/Gauss.  The  spin  densities  of  samples  A  and 
B,  determined  by  comparing  their  ESR  with  known  DPPH  standards  sealed  in  evacuated  quartz 
tubes,  were  ~7.8  and  ~8.8  ppm,  resp.  (see  Table  I). 

RESULTS  AND  DISCUSSION 


(a)  NMR  lineshape.  A  typical  iH  NMR  spectrum  of  film  B,  consisting  of  a  broad 
AHj;2  =  65  ±  5  kHz  Gaussian,  is  shown  in  Figure  1.  Similar  Guaussian  lines  of  widths  50  ±  5 
and  65  ±  5  kHz  were  observed  in  samples  A  and  C,  respectively.  The  total  hydrogen  content  in 
films  A  and  B  calculated  to  be  ~0.56  and  ~015  at.%,  resp.,  and  the  IH  NMR  lineshape 
parameters,  are  given  in  Table  1.  These  H  contents  are  comparable  to  previously  reported  values 
[5,8].  However,  as  they  yield  less  than  5x10**  *H  spins  per  sample,  accurate  NMR 
measurements  were  challenging.  Thus,  special  precautions  were  taken  to  accurately  eliminate  the 
background  signal  [1 1]. 

As  described  and  discussed  elsewhere  [11],  the  tH  NMR  linewidth  and  lineshape  is  clearly 
attributable  to  rigid  dipolar  coupled  proton  spins  in  a  densely  packed  environment.  If  the  H 
atoms  were  homogeneously  distributed  within  the  film,  the  linewidth  AH1/2  would  be  less  than  1 
kHz  for  the  measured  *H  densities  [11].  As  the  ESR  spin  densities  were  ~8  ppm  (Table  I),  the 
homonuclear  proton-proton  dipolar  coupling  was  clearly  the  dominant  line  broadening 
mechanism.  The  Van  Vleck  equation  [11,13]  then  yields  Gaussian  lineshapes  of  AHy2  ®  70, 
40,  and  30  kHz  for  H  atoms  uniformly  passivating  unreconstructed  (100),  (110),  and  (111) 
diamond  surfaces.  A  superposition  of  these  lines  can  be  easily  used  to  fit  the  broad  portion  of 
the  *H  NMR  spectra,  which  suggests  that  the  model  of  hydrogen  stabilizing  the  (100),  (110)  and 
(111)  surfaces  by  forming  a  mono-layer  of  C-H  species  is  reasonable.  The  change  in  surface 
texture  between  films  A  and  B,  visible  in  the  SEM  images  [11],  results  from  differences  in  the 
deposition  time  and  film  thickness  [6,8,12].  Although  assuming  a  single  crystal  orientation  does 
not  allow  us  to  describe  the  broad  resonance,  the  contributions  from  different  crystal  orientations 
cannot  be  quantitatively  determined  due  to  the  low  signal-to-noise  and  the  number  of  parameters 
involved.  Note,  however,  that  in  samples  B 


and  C  AHj/2  =  65  ±  5  kHz,  which  strongly 
indicates  that  the  (100)  is  the  dominant 
surface. 

In  earlier  studies  [5,6,8]  a  narrow  (2  i 
AHj/2  £  6  kHz)  Lorentzian  *H  line  was  also 
observed.  This  component,  due  to  a  small 
fraction  of  the  hydrogen,  suggested  another 
environment  with  weaker  dipolar  coupling 
due  either  to  mobility  or  isolation  from 
neighboring  spins,  e.g.,  rotating  CH3 
groups  on  the  crystallite  surface  [6,8]. 
Inde^,  it  had  been  postulated  earlier  that 


Sample 

Film  A 

Film  B 

%  13C 

100 

1.1 

at.  %  *Hj 

0.56 

0.15 

AH„2  (kHz) 

50 

65 

Njj  (spins/gm) 

2.6x1020 

7.3x10*9 

S  (nm^/gm) 

8.7x10*8 

2.4x10*8 

a  (pm) 

0.2 

0.7 

Ng  (spins/gm) 

3.6x10*2 

4.4x10*2 

Ne  (ppm) 

7.8 

8.8 

Res  (nm) 

4.9 

2.3 

Rev  (nm) 

9.3 

8.6 

Table  I.  NMR  and  ESR  parameters  of  the  thin  diamond  films:  enrichment  (at.  %  );  H 

content  (at.  %)  full  width  at  half-  maximum  of  the  'H  NMR  spectrum,  AH;/2,'  proton  spin 
density,  N^;  average  surface  area  per  gram,  S;  estimated  average  diamond  crystallite  size,  a; 
electron  spin  density,  N^;  average  distance  between  radicals  if  confined  to  the  surface,  R^^; 
average  distance  between  radicals  if  they  are  distributed  uniformly  within  the  bulk,  R^ 
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PPM  from  TMS 


Figure  1 .  Solid-state  NMR  spectrum  of  diamond  film  B.  The  broad  Gaussian  component 

represents  densely  packed  hydrogen  bonded  to  carbon  on  crystallite  surfaces. 

radicals,  in  particular  CH3  and  H,  control  the  gas-phase  chemistry  of  CVD  diamond  growth  [14] 
and  could  hence  be  important  as  propagating  and/or  passivating  units. 

A  narrow  2-6  kHz  resonance  was  also  found  in  some  of  the  spectra  obtained  in  this  work. 
However,  it  could  not  be  unambiguously  assigned  to  hydrogen  in  the  films.  The  residual 
background  signal  consisted  of  a  narrow  peak  superimposed  on  a  broad  feature  and  could  not  be 
completely  eliminated  [1 1].  Since  its  intensity  remained  comparable  to  that  of  the  samples,  a 
residual  narrow  feature,  representing  between  0  and  10%  of  the  total  intensity,  remained  in  some 
spectra  after  background  subtraction,  either  as  a  small  peak  (see  Figure  1)  or  a  'hole'.  In 
addition,  measurements  on  sample  B  from  100  to  300  K  showed  that  below  200  K  the 
Lorenztian  component  broadened  and  could  not  be  distinguished  from  the  Gaussian  even  with 
the  background  signal.  This  behavior  disqualified  a  hypothesis  involving  rotating  CH3,  as  the 
m  NMR  linewidth  of  such  a  group  rotating  around  its  C3  axis  at  300  K  should  be  ~20  kHz, 
which  is  half  the  rigid  lattice  width  [15],  and  the  narrowing  occurs  at  100  s  T  s  150  K  [15,16]. 
Hence,  the  ~5  kHz-wide  resonance  observed  in  this  work  would  imply  a  more  isotropic  motion, 
which  is  highly  improbable.  Also,  the  presence  of  CH3  groups  could  not  be  unambiguously 
detected  by  FT-IR  [11].  Since  no  evidence  of  adsorbed  water  was  found  in  the  IR  spectrum,  its 
presence  was  also  unlikely.  Furthermore,  we  considered  the  existence  of  residual  concentration 
of  hydrogen  gas  trapped  inside  the  crystallites,  and  exhibiting  restricted  thermal  reorientation. 
This  possibility  was  also  excluded  by  the  temperature  dependence  of  the  Lorentzian.  Finally,  the 
possibility  of  methane  molecules  remaining  trapped  in  the  microvoids  of  crystallites  was 
investigated.  To  that  end  we  prepared  a  diamond  film  using  a  mixture  of  H2  and  deuterated 
methane  CD4,  but  observed  no  chtmge  in  the  NMR  spectra. 

In  summary,  at  least  95%  of  the  IH  NMR  intensity  originated  from  strongly  coupled  H 
atoms  localized  on  the  crystallite  surfaces,  and  the  narrow  Lorenztian  observed  in  some  spectra 
could  not  be  attributed  to  hydrogen  intrinsic  to  the  diamond  films. 

(b)  H  content.  Using  ^H  NMR  spectroscopy  for  measuring  hydrogen  concentration 
implies  that  all  of  the  proton  spins  are  detected  in  the  NMR  experiment  and  that  the  intensity  of 
the  FID  at  t  =  0  is  correctly  determined.  The  precautions  that  were  exercised  are  described 
elsewhere  [11],  and  yielded  the  H  concentrations  Njj  given  in  Table  I. 

Also  listed  in  Table  I  are  other  parameters  of  samples  A  and  B  measured  or  determined  as 
described  elsewhere  [11]:  the  calculated  average  surface  area  per  gram,  S;  average  crystallite  size, 
a;  the  ESR  spin  densities,  N^;  and  the  average  distances  between  unpaired  electrons  R^^  and 
Rgy  calculated  assuming  uniform  distribution  on  the  surface  or  in  the  bulk,  respectively. 

The  NMR  spin  count  results  show  that  the  hydrogen  concentration  in  diamond  film  A  is 
higher  than  in  film  B.  Assuming  that  the  hydrogen  essentially  covers  the  crystallite  surfaces,  the 
previous  result  is  in  agreement  with  the  SEM  images  which  show  that  the  top  of  diamond  film  A 
consists  of  smaller  diamond  particles.  We  also  observe  that  for  both  samples  the  calculated 
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crystallite  sizes  are  considerably  smaller  than  those  observed  on  the  surfaces  of  the  films,  which 
are  several  jAxa  across.  This  is  probably  due  to  a  distribution  of  crystallite  sizes  in  the  diamond 
films  with  generally  larger  crystallites  growing  at  greater  heights  from  the  silicon  substrate 
[6,8,12].  Also,  as  suggested  earlier,  the  existence  of  internal  surfaces  within  the  crystallites 
should  not  be  excluded.  Thus,  the  vrilues  of  a  given  in  Table  I  should  only  be  considered  as  the 
lower  limit  of  the  average  crystallite  size.  We  will  refer  to  these  values  below  in  the  discussion 
of  spin  diffusion  and  relaxation. 

(c)  magic  angle  spinning  (MAS) 

NMR.  MAS  direct  excitation  (Bloch 
decay)  spectra  of  diamond  films  A  and  B  are 
presented  in  Figures  2a  and  2b  respectively. 

A  single  isotropic  peak  centered  at  36  ±  2 
ppm  is  observed,  characteristic  of  carbon  in 
the  tetrahedrally  symmetric  environment  of 
natural  diamond  [9,17]  and  diamond  films 
studied  previously  [4,5].  For  the 
enriched  sample  (Fig.  2a)  a  central  peak 
(AH2/2  ~  600  Hz)  is  accompanied  by 
spinning  sidebands  resulting  from  13C-13C 
homonuclear  dipolar  coupling  which  is  only 
partly  eliminated  by  MAS  at  4.5  kHz  (a 
dipolar  powder  pattern  width  of  ~10  kHz 
was  measured  in  a  static  experiment).  At 
least  99.5%  of  the  carbon  in  sample  A  is 
determined  to  reside  in  an  sp^  diamond-like 
configuration.  The  static  spectrum  of 
diamond  film  B  (not  shown)  exhibited  a 
linewidth  AHj/j  ~  300  Hz  which  resulted 
from  residual  chemical  shift  anisotropy  and 
magnetic  susceptibility.  This  spectrum  was 
narrowed  by  MAS  to  ~75  Hz  (Fig.  2b). 

(d)  cross  polarization  (CP)IMAS 
NMR.  In  this  experiment,  the  polarization 
of  carbon  nuclei  is  achieved  indirectly  via  the 
•H-'^C  dipolar  interaction,  and  the  obtained 
spectra  represent  primarily  those  spins  which  are  less  than  three  bond  distances  away  from 
the  nearest  proton.  Fig.  2c  shows  the  spectrum  from  the  enriched  sample  A  after  80,000 
cross  polarization  scans.  The  single  distinguishable  feature  is  a  resonance  centered  at  36  ±  5 
ppm,  similar  to  that  of  Fig.  2a.  This  important  result  confirms  that  the  majority  of  spins  in 
film  A  which  are  polarized  by  hydrogen  reside  in  spp  diamond-like  sites.  Furthermore,  it  shows 
that  the  reconstruction  of  the  diamond  surface,  which  would  result  in  a  graphitic-like  structure 
[7],  is  prevented  by  atomic  hydrogen  surrounding  the  diamond  during  the  thermally-assisted 
CVD  synthesis. 

(e)  longitudinal  relaxation,  relaxation  times  Tj  were  measured  with  the 
progressive  saturation  method,  as  described  elsewhere  [11],  to  yield  8  ±  1,  67  ±  5,  and  17  ±  2  s 
in  samples  A,  B  and  C,  resp.  By  comparing  the  NMR  intensities  measured  in  this 
experiment  to  that  of  a  calibrated  standard  we  determined  that  within  the  experimental  error 
(±20%)  all  of  the  nuclei  in  samples  A,  B,  and  C  were  detected  in  the  relaxation  studies. 

The  T 1  values  measured  in  this  work  are  lO'*  times  shorter  than  of  natural  diamonds  [9]. 
This  result  and  the  high  ESR  spin  densities  (Table  I)  strongly  suggest  that  the  interaction  of 
spins  with  paramagnetic  centers  is  the  primary  relaxation  mechanism  in  thin  diamond  films.  A 
detailed  analysis  of  this  relaxation  mechanism  [11]  clearly  shows  that  the  distribution  of  these 
centers  is  uniform  on  a  scale  larger  than  the  spin  diffusion  length  which  is  ~V6DTi  ~  0.05  pm, 
where  D  is  the  spin-diffusion  constant.  An  alternative  model  with  the  paramagnetic  centers 
concentrated  primarily  on  the  crystallite  faces  is  incompatible  with  the  results  for  several  reasons. 
If  the  paramagnetic  centers  were  confined  to  the  crystallite  surfaces  only,  then  (a)  assuming  the 
crystallite  size  from  Table  I,  there  is  insufficient  time  for  the  spin  diffusion  to  transport  carbon 
magnetization  toward  the  surface  of  a  crystallite;  (b)  a  non-exponential  decay  of  magnetization 
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Figure  2.  MAS  NMR  spectra  of  the 
diamond  films:  (A)  Bloch  decay  spectrum 
of  100%  ^^C-enriched  sample  A;  (B) 
Bloch  decay  spectrum  of  sample  B  with 
natural  abundance  of  (C)  Cross 

polarization  (CP)/MAS  spectrum  of  sample 
A  after  80,000  scans. 
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would  be  expected,  in  contrast  to  the 
observed  recovery  (see  Figure  3)  and  (c)  a 
discrepancy  between  the  observed  values  of 
Rgj  of  samples  A  and  B  would  be  difficult  to 
explain  [11]. 

(f)  Consequences  of  the  spin  dis¬ 
tribution.  As  claimed  above,  the  conclusion 
that  the  distribution  of  paramagnetic  centers 
is  homogeneous  is  very  significant.  If  they 
are  embedded  in  the  tetrahedral  network,  a 
determination  of  their  structure  is  requir^, 
tmd  is  not  obvious.  While  a  dangling  bond 
may  easily  be  envisioned  in  the  distorted 
tetrahedral  network  of  amorphous  C  (a-C)  or 
Si  (a-Si),  that  is  not  the  case  in  the  ordered 
network  found  in  the  thin  diamond  films. 

For  example,  a  carbon  vacancy  would 
probably  result  in  a  spinless  pairing  of  the 
four  sp3  electron  orbitals  directed  towards 
the  vacancy.  If  the  dangling  bonds  are  not 
isolated  centers  embedded  in  the  tetrahedral 
network,  then  one  may  speculate  that  they 
are  located  on  the  internal  surfaces  of 
nanovoids  which  are  embedded  in  the  crys¬ 
tallites.  Such  nanovoids  may  possibly  be  as 
small  as  a  di-  or  tri-vacancy,  as  indeed 
hypothesized  by  Fanciulli  and  Moustakas 
[10],  and  perhaps  viewed  as  such  a  complex 
of  dangling  bonds  partially  passivated  by  H 
atoms  or  methyl  groups.  This  picture  then 
implies  that  the  system  of  these  nanovoids  is  sufficiently  dense  so  that  the  distribution  of  the 
dangling  bonds  appears  homogeneous  on  the  length  scale  of  ~0.05  pm.  If  neither  of  these 
scenarios  can  be  established,  the  possibility  that  these  paramagnetic  centers  are  not  carbon 
dangling  bonds  would  clearly  have  to  be  considered. 

The  postulated  nanovoids  are  plausible  for  another  reason  as  well:  The  average  crystallite 
size  calculated  from  the  NMR  spin  count  assuming  coverage  of  surfaces  by  hydrogen  is  ~0.2 
and  -0.7  pm  for  samples  A  and  B,  resp.  Yet  the  top  crystallites  in  sample  B  are  up  to  15  ;<m 
across.  That  would  imply  that  the  crystallites  growing  at  the  early  and  intermediate  stages  of  the 
deposition  process  would  be  unreasonably  small.  A  potential  resolution  of  this  problem  might  be 
such  a  system  of  internal  nanovoids  and  microvoids  in  which  the  carbon  dangling  bonds  are 
nearly,  but  not  totally,  terminated  by  H  atoms.  The  H  atoms  which  are  sufficiently  far  from  the 
remaining  dangling  bonds  would  then  contribute  to  the  observed  'H  NMR. 


Figure  3.  signal  intensity  versus  time 
in  the  progressive  saturation  experiment 
[II].  The  solid  and  dashed  curves 
represent  least-square  fits  to  M(t)  =  Mgfl- 
exp[-(t/T jf’]}  with  n=l  and  n  =  0.5,  resp. 


SUMMARY  AND  CONCLUDING  REMARKS 

Using  iH  NMR,  hydrogen  concentrations  below  0.6  at.%  were  determined  for  the 
diamond  films.  The  observed  hydrogen  resonances  had  linewidths  in  the  50  -  65  kHz  range  and 
are  consistent  with  hydrogen-covered  crystallite  surfaces.  The  presence  of  significant  concentra¬ 
tions  of  methyl  groups,  adsorbed  water,  trapped  methane  molecules  and  isolated  hydrogen  atoms 
in  the  diamond  films  studied  in  this  work  was  excluded. 

13c  NMR  measurements  indicated  that  over  99.5%  of  all  carbon  resided  in  a  quaternary 
diamond-like  environment,  and  only  carbon  in  a  similar  configuration  was  detected  in  CP/MAS. 

The  decay  of  the  magnetization  yielded  an  exponential  function  with  a  Tj  of  8 , 17,  and 
65  s  for  films  with  concentrations  of  1(X)%*  50%,  and  1.1%,  resp.  These  rates,  which  are 
ICH  times  faster  than  those  in  natural  diamond,  implied  that  the  dominant  relaxation  mechanism  is 
spin  diffusion  to  paramagnetic  centers,  whose  density  was  ~4xl0i'i  gm-i  (-8  ppm).  Analysis  of 
the  measured  rates  indicated  that  the  paramagnetic  centers  are  uniformly  distributed  within  the 
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resolution  of  the  spin  diffusion  length  of  ~0.05  nm.  This  result  is  very  significant  if  the 
paramagnetic  centers  are  carbon  dangling  bonds,  because  it  is  difficult  to  envision  such  defects  in 
an  otherwise  ordered  regular  tetrahedral  network.  It  therefore  raises  the  specter  of  dangling 
bonds  located  at  the  internal  surfaces  of  nanovoids,  possibly  as  small  as  multivacancy 
complexes.  As  the  distribution  is  homogeneous  to  within  ~0.05  /(m,  their  content  would  be 
sufficient  to  strongly  impact  the  electronic  and  mechanical  properties  of  these  films. 

The  scenario  of  nanovoids  and  microvoids  may  also  contribute  to  the  large  discrepancy 
between  the  average  crystallite  size  calculated  from  the  *H  NMR  and  the  observed  crystallite 
sizes  which  are  several  microns  across.  While  this  discrepancy  is  partially  accountable  by  a  high 
content  of  small  crystallites  at  the  bottom  and  intermediate  layers  of  the  films,  the  required 
average  size  of  0.2  and  0.7  jxm  would  entail  a  large  fraction  of  unreasonably  small  crystallites. 
The  possibility  that  a  significemt  fraction  of  the  hydrogen  is  residing  in  internal  nanovoids  and 
microvoids  should  therefore  be  seriously  considered.  This  scenario  is,  however,  clearly 
speculative  and  additional  results  are  required  for  its  confirmation  or  refutation. 


ACKNOWLEDGEMENTS 

The  authors  are  indebted  to  Dr.  B.C.  Gerstein  of  the  Iowa  State  University  Chemistry 
Department  for  invaluable  advice  and  to  M.J.  Robertson  for  his  assistance  with  the  FT-IR 
measurement.  One  of  the  authors  (S.  H.)  wishes  to  acknowledge  the  financial  support  from  the 
Phillips  Petroleum  Company.  Ames  Laboratory  is  operated  by  Iowa  State  University  for  the  US 
Department  of  Energy  under  Contract  W-7405-Eng-82.  This  work  was  supported  by  the 
Director  for  Energy  Research,  Office  of  Basic  Energy  Sciences. 


REFERENCES 

1.  J.  T.  Glass,  R.  Messier,  and  N.  Fujimori,  editors.  Diamond,  Silicon  Carbide,  and  Related 
Wide  Bandgap  Semiconductors  (Mat.  Res.  Soc.  Proc.  162,  Pittsburgh,  PA,  1990). 

2.  T.  D.  Moustakas,  J.  I.  Pankove,  and  Y.  Hamakawa,  editors.  Wide  Bandgap  Semiconduc¬ 
tors  (Mat.  Res.  Soc.  Proc.  242,  Pittsburgh,  PA,  (1992). 

3.  H.  Jia,  J.  Shinar,  D.  P.  Lang,  and  M.  Pruski,  Phys.  Rev.  B  48,  17595  (1993). 

4.  K.  M.  McNamara  and  K.  K.  Gleason,  J.  Appl.  Phys.  71,  28M  (1992),  and  references 
therein. 

5.  K.  M.  McNamara,  K.  K.  Gleason,  D.  J.  Vestyck,  and  J.  E.  Butler,  Diamond  and  Related 
Materials  1,  1145  (1992). 

6.  K.  M.  McNamara,  D.  H.  Levy,  K.  K.  Gleason,  and  C.  J.  Robinson,  Appl.  Phys.  Lett. 
60,  580  (1992). 

7.  T.  R.  Anthony,  in  ref.  2,  p.  61. 

8.  K.  M.  McNamara,  K.  K.  Gleason,  and  C.  J.  Robinson,  J.  Vac.  Sci.  Technol.  A  10,  3143 
(1992). 

9.  P.  M.  Henrichs,  M.  L.  Cofield,  R.  H.  Young,  and  J.  M.  Hewitt,  J.  Magn.  Reson.  58,  85 
(1984). 

10.  M.  Fanciulli  and  T.  D.  Moustakas,  Phys.  Rev.  B  48,  14982  (1993). 

11.  M.  Pruski,  D.  P.  Lang,  S.-J.  Hwang,  H.  Jia,  and  J.  Shinar,  Phys.  Rev.  B  49,  xxxx 
(1994),  and  references  therein. 

12.  Ch.  Wild,  N.  Herres,  and  P.  Koidl,  J.  Appl.  Phys.  68,  973  (1990). 

13.  A.  Abragam,  Principles  of  Nuclear  Magnetism,  Oxford  University  Press  (Oxford,  1961), 
ch.  IV. 

14.  S.  J.  Harris  and  A.  M.  Weiner,  J.  Appl.  Phys.  67,  6520  (1990). 

15.  N.  Bloembergen,  E.  M.  Purcell,  and  R.  V.  Pound,  Phys.  Rev.  73,  679  (1948). 

16.  H.  S.  Gutowsky  and  G.  E.  Pake,  J.  Chem.  Phys.  18,  162  (1950). 

17.  M.  J.  Duijvestijn,  C.  van  der  Lugt,  J.  Smidt,  R.  A.  Wind,  K.  W.  Zilm,  and  D.  C.  Staplin, 
Chem.  Phys.  Lett.  102,  25  (1983). 


680 


ENERGIES  AND  ATONIC  STRUCTURES  OF  GRAIN  BOUNDARIES  IN  DIAMOND: 
COMPARISON  WITH  GRAIN  BOUNDARIES  IN  SILICON 


M.  KOHYAMA*.  H.  ICHINOSE**,  Y.  ISHIDA**  AND  M.  NAKANOSE*** 

•  Department  of  Material  Physics,  Osaka  National  Research  Institute,  AIST, 
1-8-31,  Mldorlgaoka,  Ikeda,  Osaka  563,  Japan. 

•*  Department  of  Materials  Science,  University  of  Tokyo,  7-3-1,  Hongo, 
Bunkyo-ku,  Tokyo  103,  Japan. 

***  Nissan  Motor  Company  Ltd.,  Aerospace  Div.,  3-5-1,  Monomi,  Suginaml-ku, 
Tokyo  168,  Japan. 


ABSTRACT 

Fairly  different  features  of  grain  boundaries  in  diamond  from  those  in  Si 
were  experimentally  observed  in  diamond  thin  films.  As  the  first  step  In 
order  to  understand  the  fundamental  properties  of  grain  boundaries  in 
diamond,  the  energy  and  atomic  structure  of  the  {122}  Z=9  tilt  boundary  have 
been  calculated  for  the  first  time  by  using  the  tight-binding  electronic 
theory.  The  results  have  been  compared  with  the  calculations  of  the  same 
boundary  and  the  {111}  i:=3  boundary  in  Si.  It  has  been  shown  that  the  2;=9 
boundary  in  diamond  has  a  very  large  interfacial  energy  caused  by  the  large 
bond  rigidity  as  compared  with  the  boundaries  in  Si  and  the  {111}  2=3 
boundary  in  diamond.  This  point  should  be  related  to  the  observation  that 
the  {122}  2=9  boundary  is  rarely  found  in  diamond  thin  films. 


INTRODUCTION 

Diamond  thin  films  have  received  considerable  interest  for  various 
applications  such  as  high-temperature  devices  or  coating  films,  because 
diamond  has  remarkable  chemical  and  physical  properties  such  as  high  thermal 
conductivity,  extreme  hardness,  high  Young’s  modulus,  wide  band  gap,  high 
saturated  electron  velocity,  and  so  on.  Usually,  diamond  thin  films  are 
obtained  as  polycrystalline  films  by  the  CVD  techniques.  Thus,  it  is  of  much 
importance  to  understand  the  fundamental  properties  of  grain  boundaries  in 
diamond.  However,  there  exist  only  few  studies  [1]  about  grain  boundaries  in 
diamond  at  the  atomic  and  electronic  level. 

On  the  other  hand,  polycrystalline  Si  or  Ge  is  used  for  solar  cells  or 
thin  film  transistors  (TFT's),  and  a  lot  of  studies  have  been  performed  about 
grain  boundaries  in  Si  or  Ge  [2].  In  particular,  significant  advances  have 
been  made  in  the  understanding  of  the  atomic  and  electronic  structures  of  CSL 
(coincidence  site  lattice)  tilt  boundaries  in  Si  or  Ge  [2-11].  Many  high- 
resolution  transmission  electron  microscopy  (HRTEM)  observations  have 
indicated  that  such  tilt  boundaries  are  constructed  by  arranging  the 
structural  units  consisting  of  atomic  rings  such  as  flve-membered  or  seven- 
membered  rings  without  any  coordination  defects  [2-5].  And  many  theoretical 
studies  using  band  calculations  have  shown  that  such  interfaces  can  exist 
stably  and  contain  no  electronic  states  inside  the  minimum  band  gap  [6-11]. 

Recently,  Ichinose,  Nakanose,  Itoh  and  Ishida  [12]  have  performed  the 
HRTEM  observation  of  grain  boundaries  in  diamond  thin  films.  They  have  found 
the  predominance  of  the  <011>  tilt  boundaries  in  the  diamond  films  as  well  as 
those  in  usual  Si  films,  which  may  be  related  to  a  predominance  <011> 
texture.  However,  they  have  found  fairly  different  features  of  grain 
boundaries  in  diamond  from  those  in  Si.  Firstly,  the  {122}  2=9  boundaries 
are  rarely  found  in  diamond,  although  there  exist  a  lot  of  {111}  2=3 
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boundaries  in  diamond.  This  is  consistent  with  the  previous  observation  in 
diamond  films  [1],  where  the  {122}  Z=9  boundaries  often  split  into  two  {111} 
S=3  boundaries.  This  is  in  remarkable  contrast  to  the  observations  in  Si, 
where  both  the  {122}  i:=9  and  {111}  1=3  boundaries  are  typical  CSL  tilt 
boundaries  frequently  found.  Secondly,  they  have  obtained  the  images  of 
several  CSL  tilt  boundaries  in  diamond  Indicating  fairly  different  atomic 
configurations  from  those  in  Si  observed  previously.  Thirdly,  there  exist  a 
lot  of  boundaries  with  disordered  configurations  in  the  diamond  films. 

These  points  might  be  dependent  on  the  growth  conditions  of  the  films  or 
the  presence  of  other  species  such  as  hydrogen.  However,  it  is  possible  that 
the  observed  features  of  grain  boundaries  in  the  diamond  films  are  dominated 
by  the  nature  of  diamond  or  carbon  itself  such  as  its  large  bond  rigidity  in 
four-coordinated  structure  or  its  ability  to  form  chemical  bonds  with  a 
variety  of  coordination  numbers  from  two  to  four,  which  is  quite  different 
from  the  nature  of  Si  or  Ge.  Thus,  we  think  that  grain  boundaries  in  diamond 
possibly  have  fairly  different  features  from  those  in  Si  or  Ge. 

In  this  paper,  as  the  first  step  in  order  to  understand  the  fundamental 
properties  of  grain  boundaries  in  diamond,  we  deal  the  {122}  Z=9  boundary. 

We  perform  theoretical  calculations  of  the  energy  and  atomic  and  electronic 
structure  of  the  {122}  Z=9  boundary  in  diamond  by  using  the  transferable 
tight-binding  (TB)  method  for  carbon.  The  results  are  compared  with  those  of 
the  same  boundary  and  the  {111}  Z=3  boundary  in  Si  calculated  by  the 
transferable  TB  method  for  Si.  And  we  discuss  the  reason  why  the  {122}  11=9 
boundary  is  rarely  found  in  diamond  as  compared  with  the  {111}  Z=3  boundary. 


METHOD  OF  CALCULATIONS 


The  transferable  TB  method 


For  grain  boundaries  in  Si  and  in  diamond,  we  use  the  transferable  TB 
method  for  Si  developed  by  Sawada  [131,  and  the  transferable  TB  method  for 
carbon  developed  by  Xu,  Wang,  Chan  and  Ho  [14].  Nowadays,  new  techniques  in 
ab  Initio  calculations  have  begun  to  be  applied  to  complex  systems  such  as 
grain  boundaries.  Nevertheless,  tractable  numbers  of  atoms  are  at  present 
still  limited  to  be  small  in  such  calculations  of  first-row  elements  such  as 
carbon.  The  semi-empirical  TB  method  [6,8-10]  can  easily  deal  with  hundreds 
of  atoms  of  Si  or  carbon.  And  by  the  development  of  new  transferable 
methods,  the  accuracy  in  the  TB  approach  has  been  much  advanced. 

In  these  transferable  TB  methods,  the  total  energy  is  given  as  a  sum  of 
the  band  structure  energy  Ei>.  and  the  remaining  repulsive  energy  Erop  as  well 
as  in  the  usual  TB  method  [6,8-10].  Ei,»  is  obtained  by  the  TB  band 
calculation  with  the  valence  atomic  orbital  basis,  and  Erop  is  obtained  by 
short-range  inter-atomic  repulsive  potentials.  However,  the  transferable 
methods  can  deal  with  variously  coordinated  structures  of  Si  and  of  carbon 
more  correctly  than  the  usual  TB  method.  This  can  be  attained  by  modifying 
the  behavior  of  the  two-center  integrals  in  the  Hamiltonian  and  that  of  the 
repulsive  inter-atomic  potentials  for  large  distances,  and  by  Introducing 
proper  devices  in  calculating  Erep.  In  the  method  for  Si,  the  inter-atomic 
repulsive  potential  has  the  dependence  on  the  local  environment  through  the 
effective  coordination  numbers.  In  the  method  for  carbon  f  Erep  is  not  a 
simple  sum  of  the  repulsive  potentials,  but  a  sum  of  terms  of  respective 
atoms  that  are  obtained  for  each  atom  as  a  function  of  a  sum  of  the  repulsive 
potentials  between  that  atom  and  its  neighboring  atoms. 

We  have  examined  the  ability  of  the  respective  methods.  As  shown  in  [15], 
the  method  for  Si  can  well  reproduce  the  energies  and  equilibrium  volumes  of 
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variously  coordinated  phases  of  SI  as  compared  with  the  ab  Initio  results 
[16],  by  using  the  parameters  readjusted  In  [15].  About  the  method  for 
carbon,  we  have  examined  that  the  energies  and  equilibrium  volumes  of 
variously  coordinated  phases  can  be  well  reproduced  as  compared  with  the  ab 
Initio  results  [17],  by  using  the  parameters  and  functional  forms  given  In 

[14] ,  These  methods  can  reproduce  the  elastic  properties  of  the  diamond 
structures.  The  calculated  bulk  moduli  of  SI  and  of  diamond  are  0.92Mbar  and 
4.70Mbar,  respectively,  which  are  reasonable  as  compared  with  the 
experimental  values,  0.99Mbar  and  4.42Mbar. 

We  have  examined  the  applicability  of  the  methods  to  the  graphitic 
structure.  For  graphite,  the  calculated  equilibrium  bond  length  Is  0.1417nm 
and  the  energy  decrease  against  diamond  Is  0.016eV/atom,  which  are  reasonable 
as  compared  with  the  experimental  values,  0.1421nm  and  0.025eV/atom.  For 
graphitic  SI,  the  calculated  bond  length  Is  0.2197nm  and  the  energy  Increase 
against  the  diamond  structure  Is  0.63eV/atom,  which  are  reasonable  as 
compared  with  the  ab  Initio  results,  0.2249nm  and  0.71eV/atom  [18]. 

About  the  weak  points  of  the  present  methods,  the  energy  of  hexagonal 
diamond  Is  not  properly  reproduced  by  the  method  for  carbon.  We  have  found 
that  hexagonal  diamond  Is  more  stable  than  cubic  diamond  by  0.007eV/atom  by 
the  present  method  for  carbon,  although  the  ab  Initio  calculation  Indicates 
that  cubic  diamond  Is  more  stable  by  0.03eV/atom  [17].  On  the  other  hand, 
the  present  method  for  SI  can  reproduce  reasonably  the  energy  of  hexagonal 
diamond  SI,  which  Is  higher  than  that  of  cubic  diamond  SI  by  0.013eV/atom 

[15] .  And  the  ab  Initio  result  of  the  difference  between  the  two  structures 
of  SI  Is  0.016eV/atom  [16]. 

By  this  problem.  It  Is  not  proper  to  perform  calculations  of  the  {111}  2=3 
boundary  In  diamond  by  the  present  method  for  carbon,  because  the  Interface 
of  this  boundary  consists  of  atomic  rings  common  to  hexagonal  diamond  as 
shown  In  the  following  section.  Thus,  In  this  paper,  only  the  {122}  Z=9 
boundary  In  diamond  Is  dealt  with  by  the  present  method  for  carbon,  and  the 
energy  of  the  Z=3  boundary  In  diamond  Is  only  estimated,  although  both  the 
2=3  and  2=9  boundaries  In  SI  are  dealt  with  by  the  present  method  for  SI. 


Atomic  models  and  the  supercell  technique 

The  {122}  2=9  and  {111}  2=3  boundaries  are  typical  CSL  tilt  boundaries  In 
the  diamond  structure.  The  former  and  the  latter  are  constructed  by  rotating 
two  crystals  around  the  <011>  axis  by  38.9'  and  by  70.5’  ,  respectively.  The 
boundary  planes  {122}  and  {111}  are  parallel  to  the  rotation  axis. 

We  deal  with  the  atomic  models  for  Si  from  the  previous  observations  and 
theoretical  studies  [2-8,10],  and  deal  with  the  same  models  for  diamond.  The 
2=9  boundary  consists  of  zigzag  arrangement  of  flve-membered  and  seven- 
membered  rings  without  any  coordination  defects,  and  contains  glide  plane 
symmetry.  The  2=3  boundary  consists  of  boat-shaped  six-membered  rings 
without  any  coordination  defects,  and  contains  mirror  symmetry. 

Calculations  of  boundaries  are  performed  by  using  the  supercell  technique. 
Periodicity  normal  to  the  Interface  is  imposed  by  stacking  symmetric  boundary 
planes  alternately  In  addition  of  the  two-dimensional  periodicity  of  CSL 
boundary.  Thus  the  conventional  technique  of  band  calculations  can  be  used. 
The  supercell  of  the  2=9  boundary  contains  144  atoms,  where  the  interfaces 
are  repeated  between  72  atomic  layers.  The  distance  between  the  interfaces 
is  about  3.26nm  in  Si  and  about  2.13nm  In  diamond.  The  supercell  of  the  2=3 
boundary  contains  48  atoms,  where  the  interface  are  repeated  between  24 
atomic  layers.  The  distance  between  the  interfaces  is  about  3.76nm  in  SI. 

In  the  present  calculations,  electrostatic  Interactions  are  included  self- 
consistently  through  the  form  of  a  Hubbard-like  Hamiltonian,  although  this 
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effect  is  negligibly  small  in  the  present  cases  where  all  the  atoms  are  four- 
coordinated.  The  parameter  U  is  2eV  for  Si  [11]  and  4eV  for  carbon  [14],  In 
lattice  relaxations,  atomic  forces  are  calculated  via  the  Hellmann-Feynman 
theorem  after  the  self-consistent  iterations,  which  are  terminated  if  the 
differences  between  input  and  output  atomic  occupancies  are  all  kept  within 
lO""*  electrons. 

The  rigid-body  translations  between  the  two  grains  have  been  determined  by 
Iterating  the  relaxations  of  the  smaller  supercells  for  saving  computing 
time.  These  are  the  80-atom  cell  for  the  1=9  boundary  and  the  24-atom  cell 
for  the  Z=3  boundary.  In  both  the  boundaries,  only  the  translations  normal 
to  the  Interface  are  permitted  by  the  symmetry.  The  optimized  translation 
for  the  2=9  boundary  in  Si  is  a  dilatation  of  O.OOOnm,  and  that  for  the  2=3 
boundary  in  Si  is  a  dilatation  of  O.OOlnm.  The  optimized  translation  for  the 
2=9  boundary  in  diamond  is  a  dilatation  of  O.OOSnm. 


RESULTS  AND  DISCUSSION 


The  boundaries  in  Si 


Fig.  1  shows  the  relaxed  configuration  of  the  {122}  2=9  boundary  in  Si. 

The  interfacial  energy  E^i,  is  0.32J/m^.  The  bond-length  and  bond-angle 
distortions  range  from  -1.6%  to  +1.5%  and  from  -16. 2‘  to  +20.8' , 
respectively.  Eub  and  the  ranges  of  bond  distortions  are  similar  to  the 
previous  results  of  the  same  boundary  [6,7,10].  Bond-angle  distortions  of 
which  the  absolute  values  are  larger  than  10"  are  all  associated  with  the 
flve-membered  and  seven-membered  rings  at  the  interface.  The  distortions  of 
-16.2'  and  of  +20.8'  exist  at  the  five-membered  rings  and  at  the  seven- 
membered  rings,  respectively.  Bond-length  distortions  of  which  the  absolute 
values  are  larger  than  1%  are  also  associated  with  the  atomic  rings  and  the 
back  bonds  at  the  Interface. 

Recently,  Kohyama  and  Yamamoto  [11]  have  performed  the  comparison  between 
the  tilt  and  twist  boundaries  in  Si  by  using  the  same  theoretical  method.  It 
can  be  said  that  the  energy  and  bond  distortions  of  the  2=9  boundary  are 
relatively  small  as  compared  with  twist  boundaries  or  general  boundaries. 


[ill] 


[211] 


Fig.  1.  Relaxed  configuration  of 
the  {122}  2=9  boundary  in  Si.  Atoms 
are  projected  along  the  <011>  axis. 
Open  and  closed  circles  indicate 
the  atoms  with  the  two  different 
atomic  heights  along  the  <011>  axis. 


Fig.  2.  Relaxed  configuration  of 
the  {111}  2=3  boundary  in  Si.  Atoms 
are  projected  along  the  <011>  axis. 
Open  and  closed  circles  Indicate 
the  atoms  with  the  two  different 
atomic  heights  along  the  <011>  axis. 
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Fig.  2  shows  the  relaxed  configuration  of  the  {111}  Z=3  boundary  in  Si. 
is  0.062J/m^,  which  is  similar  to  the  value  by  the  usual  TB  method  [8]. 
The  maximum  absolute  values  of  the  bond-length  and  bond-angle  distortions  are 
0.13SS  and  0.04‘  ,  respectively.  This  Interface  is  especially  stable  with 
negligible  bond  distortions.  The  six-membered  rings  at  the  Interface  are 
common  to  those  in  the  hexagonal  diamond  structure.  Thus,  the  interfacial 
energy  can  be  explained  by  the  energy  difference  between  cubic  diamond  Si  and 
hexagonal  diamond  Si,  which  is  0.013eV/atom  by  the  present  method,  although 
the  energy  of  the  Z=9  boundary  is  mainly  caused  by  the  bond  distortions.  The 
energy  increase  by  the  insertion  of  two  atomic  layers  of  hexagonal  diamond  Si 
is  estimated  to  be  0.026eV  per  interfacial  bond.  This  value  is  close  to  the 
calculated  energy  value  per  bond  of  the  1=3  boundary,  which  is  0.025eV. 

The  present  results  of  the  relatively  small  energies  and  bond  distortions 
of  the  Z=9  and  Z=3  boundaries  in  Si  are  consistent  with  the  existence  of  both 
the  boundaries  in  polycrystalline  Si.  And  it  should  be  noted  that  the  energy 
and  bond  distortions  of  the  E=9  boundary  are  similar  to  those  of  other  CSL 
tilt  boundaries  in  Si  [8,9],  because  of  similar  configurations  consisting  of 
atomic  rings.  This  should  cause  the  observed  predominance  of  the  CSL  tilt 
boundaries  in  polycrystalline  Si  as  discussed  in  [11]. 


The  boundaries  in  diamond 


Fig. 3  shows  the  relaxed  configuration  of  the  {122}  Z=9  boundary  in 
diamond.  Eky,  is  1.68J/m“.  The  bond-length  and  bond-angle  distortions  range 
from  -3.7%  to  +2.7%  and  from  -15. 0‘  to  +19.0*  ,  respectively.  Bond-angle 
distortions  of  which  the  absolute  values  are  larger  than  10*  are  all 
associated  with  the  five-membered  and  seven-membered  rings  at  the  interface. 
The  distortions  of  -15.0*  and  of  +19.0*  exist  at  the  five-membered  rings  and 
at  the  seven-membered  rings,  respectively.  Large  bond-length  distortions  are 
also  associated  with  the  atomic  rings  and  the  back  bonds  at  the  Interface. 

The  ranges  of  bond  distortions  are  similar  to  those  in  Si,  although  the  range 
of  bond-length  distortions  is  somewhat  larger  and  that  of  bond-angle 
distortions  is  somewhat  smaller  than  those  in  Si. 

of  the  Z=9  boundary  in  diamond  is  very  large.  It  is  about  5.2  times 
larger  than  that  in  Si.  This  is  caused  by  the  large  bond  rigidity  of 
diamond.  The  energy  Increase  per  one  period  of  the  interface  in  diamond  is 
1.99eV,  although  that  in  Si  is  0.89eV.  It  can  be  said  that  the  similar  bond 
distortions  in  diamond  generate  the  energy  increase  about  2.2  times  larger 
than  that  in  Si.  The  present  interfacial  energy  can  be  explained  by  this 
point  coupled  with  the  inverse-squared 
ratio  of  the  lattice  constant,  2.3. 

About  the  {111}  Z=3  boundary  in 
diamond,  it  is  possible  to  estimate 
Egb  by  using  the  energy  difference 
between  cubic  diamond  and  hexagonal 
diamond  as  the  above  analysis  in  Si, 
although  the  present  TB  method  for 
carbon  cannot  deal  with  this  problem. 

From  the  relation  between  the  ab 
initio  values  of  the  differences  in  Si 
and  in  diamond,  0.016eV/atom  [16]  and 
0.03eV/atom  [17],  coupled  with  the 
relation  between  the  lattice  constants, 

Egb  is  estimated  to  be  about  4.4  times 
larger  than  that  in  Si.  This  is  about 
0.27J/m=. 


Fig.  3.  Relaxed  configuration  of 
the  {122}  Z=9  boundary  in  diamond. 
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Discussion 


About  the  reason  why  the  {122}  2=9  boundaries  are  rarely  found  In  diamond, 
It  Is  probable  that  the  present  large  Interfaclal  energy  Itself  Is  mainly 
responsible.  In  diamond  films.  It  Is  possible  that  the  generation  of  the  2=9 
boundary  Is  suppressed  by  Its  large  Interfaclal  energy,  or  that  the 
dissociation  of  the  2=9  boundary  Is  promoted  by  Its  large  Interfaclal  energy. 

Of  course,  the  relation  between  the  energies  of  the  2=9  and  2=3  boundaries 
Is  of  much  Importance.  It  Is  also  possible  that  Herring's  criterion  [19]  for 
the  triple  point  of  one  2=9  boundary  and  two  2=3  boundaries  forces  the  2=9 
boundary  to  split  Into  the  2=3  boundaries  as  discussed  In  [1],  although  this 
criterion  Is  valid  only  for  equilibrium  systems  where  boundary  energies  are 
not  dependent  on  the  orientation.  By  this  criterion,  the  Ideal  ratio  of  the 
energy  of  the  2=9  boundary  to  that  of  the  2=3  boundary  Is  1.15.  The  ratio 
from  the  calculated  values  In  SI  Is  5.2,  and  that  from  the  calculated  and 
estimated  values  In  diamond  Is  6.2.  Thus,  from  this  point  of  view,  the  2=9 
boundary  In  diamond  also  seems  to  be  more  unstable  than  that  In  SI. 

Finally,  the  present  energy  value  for  diamond  Is  about  one  half  of  the 
value  obtained  by  the  empirical  Inter-atomlc  potential,  3.6J/m^  [1],  We 
think  that  our  results  are  more  reliable  because  our  calculations  Include 
directly  the  effects  of  the  electronic  structure  of  boundaries. 
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ABSTRACT 

Using  state-of-the-art  total  energy  calculations  we  investigate  defect  formation  energies 
and  electronic  structure  for  native  defects  in  wurtzite  and  cubic  GaN.  The  defect  formation 
energies  and  electronic  structures  are  very  similar  in  both  structures.  The  main  difference 
is  a  split  in  the  p-like  defect  states  in  wurtzite  GaN,  which  are  degenerate  in  cubic  GaN. 
The  role  of  the  Ga  3d  electrons  on  the  chemical  bonding  in  GaN  is  discussed  in  detail.  We 
explain  why  the  deep  lying  Ga  3d  electrons  have  a  remarkably  strong  influence  on  defect 
formation  energies  and  atomic  relaxation  for  some  of  the  defects. 

INTRODUCTION 

Very  recently  GaN  has  attracted  widespread  attention  for  producing  blue  light-emitting 
diodes  and  as  a  promising  candidate  for  blue  lasers  and  high-temperature  or  high-power 
devices.  These  applications  are  related  to  distinct  properties  of  GaN:  a  large  direct  band 
gap  and  very  strong  interatomic  bonds.  A  major  problem  in  the  technological  application 
is  that  of  doping.  As-grown  GaN  is  usually  n-type,  and  p-type  conductivity  has  been 
difficult  to  obtain.^'^  The  origin  of  the  n-type  conductivity  is  commonly  associated  with  the 
nitrogen  vacancy.  An  understanding,  however,  of  the  role  of  native  defects  and  impurities 
in  compensation  and  doping  is  still  in  its  infancy. 

GaN  can  be  grown  both  in  the  wurtzite  and  cubic  structure;  different  defect  properties 
may  be  expected  in  the  two  phases.  Following  this  idea  it  has  been  speculated  that  cubic 
GaN  can  be  more  easily  doped  than  wurtzite  GaN.®’^ 

The  aim  of  the  present  contribution  is  to  determine  the  dominant  native  defects  in  GaN. 
In  particular  we  study  the  differences  in  defect  formation  energies  (defect  concentrations) 
and  electronic  structure  for  both  phases  of  GaN.  One  methodical  aspect  which  will  be 
addressed  is  the  role  of  the  Ga  3d  electrons  on  the  chemical  bonding  in  GaN. 

METHODICAL  ASPECTS 

For  calculating  the  defect  energies  and  the  electronic  structure  we  performed  first 
density-functional  theory  (DFT)  energy  calculations  using  a  supercell  approach  with  32 
atoms  per  cell,  a  plane  wave  basis  set  with  an  energy  cutoff  of  60  Ry,  and  soft  Troullier- 
Martins  pseudopotentials.®  Details  of  the  method  and  convergency  checks  are  described 
elswhere.®’^ 

The  effect  of  the  Ga  3d  electrons  on  the  bonding  in  GaN  is  only  poorly  understood. 
In  most  of  the  previous  theoretical  studies  the  3d  electrons  were  treated  as  core  electrons, 
i.e.,  they  were  not  allowed  to  relax.  This  was  justified  by  the  fact  that  the  band  of  the  Ga 
3d  electrons  lies  about  14  eV  below  the  top  of  the  valence  band.  A  more  pragmatic  reason 
is  that  the  numerical  task  is  strongly  reduced  by  taking  the  d  electrons  as  core  states.  A 
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systematic  study  of  the  role  of  the  3d  electrons  in  GaN  was  performed  by  Fiorentini  et 
al.^  however,  this  study  was  restricted  to  bulk  properties  of  cubic  GaN.  They  concluded 
that,  although  the  main  effect  of  the  Ga  3d  electrons  can  be  described  by  the  non-linear 
exchange-correlation  correction  (nice),®  the  relaxation  of  the  3d  electrons  also  plays  an 
important  role;  a  neglect  of  this  effect  results  in  a  lattice  constant  which  is  too  small  by 
about  3  %.  In  agreement  with  Ref.  [8]  we  find  an  improvement  of  the  lattice  constant 
from  —3.1  %  (nice)  to  —0.7%  (explicit  treatment  of  the  Ga  3d  electrons)  compared  to  the 
experimental  lattice  constant. 

The  formation  energy  of  a  charged  defect  is  defined  as; 

E^{q)  =  JE‘°*(g)  —  riGa/iGa  —  —  qEp  ■  (1) 

Here  q  is  the  charge  state  of  the  defect,  Ep  the  Fermi  energy  and  (/^n)  are  the  chemical 
potentials  for  Ga  (N).  and  /in  are  the  number  of  Ga  and  N  atoms.  The  chemical  po¬ 
tentials  for  Ga  (/rca)  and  N  (//n)  are  not  independent,  since  both  species  axe  in  equilibrium 
with  GaN:  pca  +  Pn  =  PGbN-  Since  we  are  interested  here  only  in  a  comparison  between 
the  cubic  and  wurtzite  phase,  we  choose  as  a  reference  for  the  chemical  potentials  the  total 
energy  of  a  free  atom.  In  the  remainder  of  this  discussion  we  focus  on  the  Ga  vacancy, 
where  we  observed  a  particularly  strong  effect.  Table  1  summerizes  formation  energies  and 
relaxation  geometry  for  the  Ga  vacancy  in  a  neutral  charge  state.  Results  are  shown  from 
calculations  with  and  without  explicit  treatment  of  the  3d  electrons;  in  both  cases,  the  cal¬ 
culations  are  carried  out  at  the  appropriate  theoretical  lattice  constant.  The  calculations 
“without”  3d  electrons  used  the  non-linear  core  correction.® 

Table  1:  Defect  formation  energy  E^ ,  energy  gain  due  to  atomic  relaxation  FJ”’  and  distance 
of  the  nearest  neighbors  from  the  center  of  the  vacancy.  ri  is  the  distance  to  the  three 
nearest  neighbors  arranged  in  one  plane  perpendicular  to  the  c  axis,  r^  is  the  distance  to 
the  nearest  neighbor  along  the  c  axis.  Calculations  were  performed  for  a  16  atom  supercell 
in  the  wurtzite  structure,  “rel.”  indicates  whether  atomic  relaxation  was  included  ((y)es  or 
(n)o)  and  “id”  whether  the  id  electrons  are  treated  explicitly. 
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The  results  listed  in  Table  1  clearly  indicate  that  the  3d  electrons  are  important  both 
for  the  formation  energy  and  the  atomic  relaxation.  They  increase  the  formation  energy 
and  decrease  the  atomic  relaxation.  The  increase  in  formation  energy  can  be  explained  in 
terms  of  additional  bonds  between  the  Ga  3d  orbitals  and  the  N  orbitals:  the  breaking  of 
bonds  to  create  a  vacancy  costs  more  energy.  Taking  the  Ga  3d  electrons  as  core  electrons 
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Figure  1:  Contour  plot  of  the  charge  redistribution  (p  =  _  ^Gi»-atomj  around 

a  Ga  vacancy.  and  are  the  charge  density  for  GaN  bulk,  the  Ga 

vacancy  and  a  Ga  atom,  respectively,  (a)  shows  the  charge  redistribution  if  the  Ga  3d 
electrons  are  treated  as  core  electrons,  (b)  if  they  are  allowed  to  relax,  (c)  is  the  difference 
of  (a)  and  (b).  The  large  dots  mark  the  positions  of  the  Ga  atoms,  the  small  dots  those  of 
the  N  atoms.  The  large  gray  dot  in  the  center  is  the  position  of  the  Ga  vacancy.  Dashed 
lines  mark  negative  contour  lines,  solid  lines  positive  contour  lines.  The  contour  spacing  is 
0.01  bohr~^. 

results  in  a  large  relaxation.  The  outward  displacement  of  the  nearest  neighbor  nitrogen 
atoms  is  more  than  0.2  A  and  the  energy  gain  is  nearly  0.9  eV.  Introducing  the  3d  electrons 
makes  the  system  stiffer:  the  outward  displacement  of  the  surrounding  nitrogen  atoms  is 
reduced  to  0.1  A  and  the  energy  gain  to  0.26  eV.  The  d  electrons  prevent  the  Ga-N  bond 
length  becoming  too  short. 

The  question  remains  why  a  level  14  eV  below  the  top  of  the  valence  band  has  such 
a  strong  influence  on  bonding  properties.  In  order  to  identify  the  mechanism  we  consider 
the  charge  redistribution  around  a  gallium  vacancy  as  shown  in  Fig.  1.  The  most  strik¬ 
ing  feature  is  the  strong  localization  of  the  charge  redistribution  around  the  vacancy;  it 
is  restricted  to  nearest  neighbors  around  the  vacancy.  The  charge  depletion  around  the 
vacancy  can  be  understood  considering  that  Ga  in  bulk  GaN  is  positively  charged.  Thus, 
by  creating  a  vacancy  a  back  charge  transfer  from  the  nitrogen  orbitals  into  the  Ga  atom 
occurs.  The  charge  redistribution  for  the  frozen  core  approximation  (Fig.  1(a))  and  with 
an  explicit  treatment  (Fig.  1(b))  are  qualitatively  similar.  The  main  difference  is  the  re¬ 
laxation  of  the  Ga  3d  electrons  (visible  as  the  perturbations  around  the  Ga  vacancy  in 
Fig.  1(b))  indicating  a  bond  between  the  Ga  3d  electrons  and  the  nitrogen  orbitals.  Also 
a  weaker  hybridization  of  the  nitrogen  orbitals  is  observed  by  explicitly  treating  the  Ga  3d 
electrons.  These  features  become  even  more  visible  in  the  difference  plot  (Fig.  1(c)).  The 
relaxation  of  the  3d  electrons  has  only  a  second  order  effect  on  the  total  energy.  However, 
the  change  in  the  hybridization  of  the  surrounding  nitrogen  has  important  effects  both  on 
formation  energy  and  on  atomic  relaxation.  Thus,  the  influence  of  the  3d  electrons  is  not 
simply  realized  by  a  relaxation  of  this  orbital  but  by  changing  the  hybridization  of  the 
neighboring  atoms.  By  this  indirect  mechanism  the  deep  lying  3d  states  can  modify  states 
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near  the  Fermi  level.  We  note  that  this  effect  is  only  important  for  some  of  the  defects;  for 
instance  the  defect  properties  of  the  nitrogen  vacancy  are  virtually  independent  of  the  Ga 
3d  electrons. 


COMPARISON  OF  DEFECTS  IN  CUBIC  AND  WURTZITE  GaN 

In  Ref.  [6]  we  discuss  formation  energy  and  electronic  structure  for  all  the  native  defects 
in  GaN.  Here  we  will  investigate  in  which  way  the  structure  of  GaN  (cubic  or  wurtzite) 
modifies  defect  properties  such  as  formation  energy,  atomic  relaxation  and  electronic  struc¬ 
ture.  This  question  is  interesting  for  device  engineering  as  well  as  from  a  more  fundamental 
point  of  view.  Since  the  first  deviation  of  the  wurtzite  and  cubic  structure  lies  in  the  3rd 
nearest  neighbor  shell  a  distinction  between  short  and  long  range  order  effects  is  possible. 

For  the  following  discussion  we  will  focus  on  vacancies,  since  (as  shown  in  Ref.  [6]) 
these  are  the  dominant  defects  in  GaN.  For  the  comparison  we  treat  the  Ga  3d  electrons  as 
core  states,  considering  that  the  differences  between  both  phases  are  long  range.  Table  2 
lists  the  results  for  the  nitrogen  and  gallium  vacancies. 


Table  2:  Defect  formation  energy  ,  energy  gain  due  to  atomic  relaxation  and  distance 
of  the  nearest  neighbors  from  the  center  of  the  vacancy  after  relaxation  for  cubic  (c)  and 
wurtzite  (w)  GaN.  The  calculations  were  performed  in  a  32  atom  cell  with  a  2  X  2  X  2 
Monkhorst-Pacld°  mesh.  ri  and  r2  are  the  nearest  neighbor  distances  to  the  neighboring 
atoms  from  the  center  of  the  vacancy  after  atomic  relaxation  (see  Table  1). 
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For  the  nitrogen  vacancy  we  find  only  minor  differences  for  the  defect  formation  energy 
and  for  the  atomic  relaxation.  The  remaining  deviations  are  within  the  expected  error  of 
our  calculations.  For  the  Ga  vacancy  the  deviations  are  larger  but  on  an  absolute  scale 
still  small.  The  origin  of  the  larger  deviations  for  the  Ga  vacancy  is  related  to  the  stronger 
perturbation  in  charge  density  and  effective  potential  of  the  Ga  vacancy  compared  to  the  N 
vacancy.  Since  our  calculations  are  bcised  on  a  supercell  approach,  defect-defect  interactions 
occur  which  are  stronger  if  the  defect- induced  perturbation  is  less  localized.  Due  to  the 
lower  symmetry  of  the  wurtzite  structure  a  split  in  the  relaxations  occurs,  which  is  however 
very  small  (<  O.Ol  A). 

Figure  2  plots  the  calculated  defect  levels  for  the  neutral  vacancies.  In  both  structures 
the  Ga  vacancy  is  a  triple  acceptor;  the  nitrogen  vacancy  is  a  single  donor.  The  donor  level 
of  the  nitrogen  vacancy  lies  in  the  conduction  band.  The  main  difference  is  a  small  split  in 
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Figure  2:  Electronic  structure  of  the  neutral  gallium  and  nitrogen  vacancies  in  cubic  and 
wurtzite  GaN.  For  comparison  the  results  of  a  tight-binding  calculation  by  Jenkins  and 
Douf^  are  shown. 

the  p-like  vacancy  states  for  the  wurtzite  structure.  An  analysis  of  the  corresponding  wave 
functions  revealed  that  the  doubly  degenerate  state  originates  from  a  linear  combination 
of  the  dangling  bonds  located  on  the  three  equivalent  neighbors  around  the  vacancy.  The 
single  state  belongs  to  the  remaining  atom.  Thus,  the  split  is  related  to  the  lower  symmetry 
of  the  wurtzite  compared  to  the  cubic  structure. 

A  comparison  of  our  results  for  the  electronic  defect  structure  with  recent  tight-binding 
calculations  by  Jenkins  and  Dow''  shows  good  agreement  for  the  Ga  vacancy.  For  the 
nitrogen  vacancy,  however,  a  qualitative  difference  exists;  Whereas  our  calculations  predict 
the  nitrogen  vacancy  to  be  a  single  donor,  according  to  the  tight-binding  calculations  it 
is  a  triple  donor.  The  main  difference  is  that  our  calculations  show  a  large  split  (more 
than  4eV)  between  the  s  and  p-like  vacancy  states.  Due  to  this  split  the  doubly  occupied 
s-like  state  lies  in  the  valence  band.  The  split  between  the  defect  levels  is  usually  explained 
in  terms  of  an  interaction  of  the  dangling  bonds  located  at  the  4  neighboring  atoms  of 
the  vacancy.  Since  these  atoms  are  second  nearest  neighbors  a  small  interaction  and  thus 
a  small  split  might  be  expected.  The  large  split,  however,  indicates  a  large  interaction 
between  the  Ga  atoms. 

This  strong  interaction  can  be  understood  in  terms  of  the  large  mismatch  between 
the  covalent  radii  of  Ga  =  1.26  A)  and  N  =  0.75  A);  we  note  that  the  radius  of 
Ga  is  nearly  twice  that  of  N.  Due  to  the  large  mismatch  the  Ga-Ga  distance  in  GaN  is 
reduced,  compared  to  GaAs  by  some  20  %.  In  order  to  examine  the  Ga-Ga  interaction  in 
GaN  in  more  detail  we  removed  all  the  nitrogen  atoms,  obtaining  hexagonal  closed-packed 
Ga  bulk.  Surprisingly,  we  find  that  the  calculated  Ga-Ga  distance  for  this  structure  is 
only  1  %  smaller  than  in  GaN,  indicating  again  an  unusually  strong  interaction  of  the  Ga 
cations  in  GaN.  Consequently,  the  Ga-Ga  interaction  is  comparable  to  the  Ga-N  interaction, 
which  explains  the  large  split  in  the  defect  levels,  but  also  the  failing  of  the  tight-binding 
calculations"  where  only  the  nearest-neighbor  Ga-N  interaction  was  taken  into  account. 
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The  unusually  strong  Ga-Ga  interaction  also  has  important  consequences  for  defect  forma¬ 
tion  energies  as  discussed  in  Ref.  [6]. 

CONCLUSIONS 

We  have  calculated  formation  energies,  atomic  relaxations  and  electronic  structure 
for  defects  in  GaN  using  first  principles  total  energy  calculations.  We  have  identified  a 
mechanism  by  which  the  deep  lying  Ga  3d  electrons  modify  formation  energy  and  atomic 
relaxation  for  some  of  the  defects.  This  effect  has  to  be  taken  into  account  in  future 
calculations. 

A  comparison  of  defect  properties  for  wurtzite  and  cubic  GaN  showed  only  minor 
deviations.  Thus,  we  expect  that  if  point  defects  are  a  source  of  doping  problems,  they 
will  exist  in  both  structures.  We  note,  however,  that  the  quality  of  the  GaN  epilayers  can 
depend  strongly  on  the  structure  (number  of  dislocations,  stacking  faults,  etc.).  In  this 
way  differences  between  both  structures  may  occur,  despite  the  fact  that  the  microscopic 
point  defect  structure  is  the  same. 
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Abstract 

The  results  of  an  extensive  theoretical  study  of  native  defects  in  GaN  and  of  vacancies 
in  AIN  are  presented.  We  have  considered  cation  and  anion  vacancies,  antisites,  and  intersti¬ 
tials.  The  computations  were  carried  out  using  quantum  molecular  dynamics,  in  supercells 
containing  72  atoms.  Due  to  the  wide  gap  of  nitrides,  the  formation  energies  of  defects  de¬ 
pend  strongly  on  the  position  of  the  Fermi  level.  The  N  vacancy  in  GaN  introduces  a  shallow 
donor  level  that  may  be  responsible  for  the  n-type  character  of  as-grown  GaN.  Other  defects 
introduce  deep  states  in  the  gap,  with  strongly  localized  wave  functions. 

1.  Introduction 

Wide  gap  nitrides  hold  substantial  promise  for  electronic  applications.  Since  the  elec¬ 
tronic  quality  of  a  semiconductor  is  largely  determined  by  the  nature  and  number  of  its 
native  defects  and  impurities,  it  is  important  to  understand  their  properties.  In  wide  gap 
semiconductors,  impurity-induced  shifts  in  the  Fermi  level  position  will  have  a  major  effect 
on  the  abundance  of  native  defects,  and  thus  on  self-compensation  and  diffusion.  Therefore, 
they  will  also  affect  growth  and  processing. 

In  GaN,  n—  and  recently  also  p— type  doping  has  been  achieved  [1,  2].  The  quality  of 
the  material  could  still  be  improved,  and  the  role  of  native  defects  needs  to  be  understood, 
in  particular  for  light-emitting  applications,  where  a  presence  of  recombination  centers  could 
lead  to  severe  degradation.  AIN  has  so  far  resisted  any  doping  attempts,  either  n-  or  p-type. 
This  may  be  due  to  its  very  wide  band  gap  (6.3  eV),  or  be  caused  by  a  presence  of  a  large 
number  native  defects. 

We  have  embarked  on  a  comprehensive  study  of  native  defects  and  impurities  in  GaN  and 
AIN,  focusing  on  identifying  the  dominant  native  defects,  stoichiometry  effects,  and  a  search 
for  effective  dopants.  In  the  following,  we  describe  our  first  results  regarding  the  electronic 
structure  and  formation  energetics  of  point  defects.  We  have  also  considered  substitutional 
impurities  and  contaminants.  These  results  will  be  presented  elsewhere. 

2.  Calculations  and  Theoretical  Aspects 

The  calculations  were  carried  out  using  ab  initio  molecular  dynamics  (MD)  [3]  and  the 
local  density  approximation  (LDA).  A  soft  non-local  pseudopotential  for  N  was  generated 
according  to  the  procedure  of  Lee  and  Rabii  [4],  while  for  Ga  a  standard  non-local  potential 
was  used  [5].  The  kinetic  energy  cutoff  for  the  plane  wave  basis  set  was  30  Ry.  The  accuracy 
of  the  pseudopotentials  was  tested  by  computing  the  lattice  constants,  the  cohesive  energies, 
and  the  bulk  moduli  of  zinc-blende  GaN  and  AIN.  The  results  were  in  good  agreement  with 
previous  calculations  and  experimental  data  [6].  Calculations  for  defects  were  carried  out  in 
a  large  supercell  that  would  contain  72  atoms  in  the  case  of  the  perfect  crystal.  Due  to  the 
size  of  the  cell,  only  the  F  point  was  used  for  Brillouin  zone  summations.  To  speed  up  the 
search  for  minimum  energy  configurations,  the  atoms  were  relaxed  according  to  an  efficient 
scheme  that  uses  Newtonian  dynamics  with  a  special  friction  force  for  the  atoms  [7],  while 
the  electrons  follow  the  motion  of  the  atoms  according  to  the  Car-Parrinello  equations  [3]. 

Considering  the  limitations  of  the  above  approach,  the  use  of  supercells  allows  for  the 
application  of  the  powerful  ab  initio  MD  formalism,  but  results  in  broadening  of  the  defect- 
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and  impurity-induced  energy  levels.  This  leads  to  an  uncertainty  in  level  positions  of  up  to 
0.5  eV  in  the  supercell  we  are  using.  (The  total  energy  and  thus  the  calculated  formation 
energies  converge  much  more  rapidly  with  supercell  size.)  The  remaining  source  of  error 
is  due  to  the  use  of  local  density  theory,  which  seriously  underestimates  band  gaps  and 
overestimates  the  cohesive  energy.  Even  when  the  positions  of  the  levels  are  measured  from 
the  nearest  band  edge,  the  band  gap  problem  introduces  an  additional  uncertainty  of  the 
order  of  0.5  eV  for  deep  levels.  The  overbinding  problem  is  less  severe,  affecting  the  formation 
energies  by  less  than  10%. 

For  the  purposes  of  the  present  paper,  we  define  the  formation  energy  E/orm  of  a  neutral 
defect,  e.g.,  a  nitrogen  vacancy,  as 

=  E[GaN  :  W]  +  Eat{N)  +  ii{N)  -  E[GaN],  (1) 

where  E  is  the  total  energy  of  the  supercell,  Eo((N)  is  the  total  energy  of  the  isolated  N 
atom,  and  p  is  taken  as  the  experimental  cohesive  energy  of  the  solid  [8]  except  for  N,  where 
we  use  the  binding  energy  of  N2- 

For  charged  defects,  the  formation  energy  depends  on  the  position  of  the  Fermi  level  Ej? 
as 

Ejormi^n)  =  An,  (2) 

where  E°^^^  is  the  formation  energy  for  the  neutral  defect,  and  An  is  its  charge. 

One  should  stress  that  the  definition  of  the  formation  energy  (1)  is  not  unique,  since 
it  depends  on  the  chemical  potential(s)  of  the  atom(s).  These,  in  turn,  depend  on  the 
conditions  at  which  the  defects  form  during  growth,  processing,  or  annealing.  If  the  growing 
solid  can  be  assumed  to  be  in  local  equilibrium  with  other  solid  phases,  one  can  constrain 
the  variation  of  the  chemical  potential  in  (1)  to  a  range  determined  by  the  difference  in  the 
cohesive  energy  of  the  compound  and  that  of  its  elements  [9,  10,  7].  In  some  cases,  the 
assumption  of  a  good  quality  material  (i.e.,  with  a  low  concentration  of  defects),  restricts 
the  values  of  the  chemical  potential  to  a  narrow  range  [7,  11]. 

Provided  that  the  growth  proceeds  under  quasi-equilibrium  conditions,  the  concentration 
of  a  defect  is  given  by 

Cone  ~  form/ Eformj^BE'j  (3) 

where  NaUes  is  the  number  of  available  sites  and  Sform  is  the  formation  entropy.  Usually,  the 
formation  entropy  is  in  the  range  of  4-10  ks  and  the  formation  energy  dominates. 

It  should  be  pointed  out  that  the  local  equilibrium  with  competing  solid  phases  may  not 
be  maintained.  This  is  especially  true  if  the  growth  process  involves  local  excitations  with 
ion  sources  and/or  energetic  beams,  or  specific  kinetic  conditions,  e.g.,  those  corresponding 
to  atomic  layer  epitaxy.  In  CVD,  the  use  of  complex  precursors  may  also  preclude  the 
attainment  of  local  equilibrium  with  the  solid  phases.  In  annealing  experiments,  the  chemical 
potentials  are  determined  by  the  nature  and  pressure  of  the  gases  in  the  annealing  ampoule, 
rather  than  by  equilibrium  with  the  solid  phases  [llj.  We  postpone  the  investigation  of 
these  effects  to  a  future  publication  and  use  equation  (1)  as  a  benchmark  for  an  approximate 
comparison  of  the  energetics  of  formation  of  various  types  of  defects. 

Turning  to  crystal  symmetry  issues,  it  is  convenient  to  analyze  the  results  obtained  for 
the  wurtzite  structure  in  terms  of  zinc-blende  symmetry  with  a  superimposed  hexagonal 
perturbation.  In  the  zinc-blende  structure,  a  substitutional  defect,  e.g.,  a  vacancy,  has  four 
equivalent  nearest  neighbors,  which  may  be  subject  to  both  fully  symmetric  (breathing  mode) 
and  asymmetric  relaxations.  In  the  wurtzite  structure,  the  atom  along  the  c  axis  relative 
to  the  defect  (called  here  type-1  neighbor)  becomes  inequivalent  to  the  three  remaining 
neighbors  (called  here  type-2  neighbors).  The  lowering  of  the  point  symmetry  is  also  reflected 
in  the  electronic  structure:  the  defect  states  that  are  three-fold  degenerate  in  the  zinc-blende 
structure  split  into  singlets  and  doublets  in  the  wurtzite  structure.  In  the  following,  we  refer 
to  such  singlet  and  doublet  pairs  as  quasi-triplets. 
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Figure  1:  Contour  plots  of  the  wave  functions  of  V^r  a)  the  shallow  donor  state;  and  b)  the 
conduction  band  resonance. 

3.  Native  Defects  in  GaN 
3.1.  Nitrogen  vacancy 

The  nitrogen  vacancy  has  long  been  thought  to  be  the  dominant  native  defect  in  GaN, 
responsible  for  the  n-type  character  of  as-grown  crystals.  Our  results  show  that  the  neutral 
N  vacancy  is  indeed  a  shallow  donor,  with  a  level  just  below  the  conduction  band  edge.  The 
effective-mass  character  of  this  state  follows  not  only  from  the  position  of  its  energy  level, 
but  also  from  its  wave  function,  which  is  mainly  built  up  from  wave  functions  at  bottom  of 
the  conduction  band  of  the  perfect  GaN,  see  Fig.  la.  This  is  what  one  expects  for  a  shallow 
donor  state  from  the  effective  mass  theory. 

The  dangling-bond-like  quasi-triplet  state  expected  for  the  vacancy  is  a  resonance  in 
the  conduction  bands.  The  hexagonal  symmetry  results  in  a  0.5  eV  splitting,  with  the 
singlet  being  lower  than  the  doublet.  The  singlet  is  located  0.8  eV  above  the  bottom  of 
the  conduction  band.  In  the  dangling  bond  model  of  the  vacancy,  the  quasi-triplet  level, 
which  would  have  held  six  electrons  in  the  perfect  GaN,  should  contain  one  electron  once  the 
vacancy  was  created  by  removing  the  five- valent  N  atom.  However,  since  the  quasi-triplet  is 
a  resonance,  the  electron  autoionizes  to  the  bottom  of  the  conduction  bands,  where  it  forms 
an  effective  mass  state  bound  by  the  Coulomb  tail  of  the  vacancy  potential. 

The  lattice  relaxation  around  Vjv  is  not  very  pronounced.  The  Ga  nearest  neighbor  shell 
relaxes  outwards,  by  0.407  and  0.125  a.u.  for  type-1  and  type-2  neighbors,  respectively.  For 
the  neutral  vacancy,  the  energy  gain  is  0.38  eV  and  the  computed  formation  energy  becomes 
4.8  eV.  It  will  be  strongly  reduced  in  p-type  material  by  electron  transfer  from  its  donor 
level  to  the  Fermi  level.  In  n-type  GaN,  the  high  formation  energy  of  V;v  would  indicate 
that  it  cannot  be  formed  in  sufficient  concentration  to  account  for  the  n-type  character  of 
the  as-grown  material.  However,  the  assumption  of  phase  equilibrium  during  growth  may 
not  be  valid  for  GaN,  since  MBE  growth  involves  supplying  highly  excited  N2  to  the  surface 
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(#2  in  its  ground  state  is  unreactive)  which  could  result  in  N-deficient  material.  In  CVD, 
thermal  equilibrium  should  be  easier  to  cichieve,  but  thermal  decomposition  of  TGM  and 
ammonia  may  involve  complicated  intermediates,  making  simple  formation  energy  estimates 
less  reliable.  Attainment  of  local  equilibrium  between  the  various  solid  phases  also  requires 
that  the  diffusion  rate  in  the  surface  layers  be  faster  than  the  deposition  rate.  At  this  time 
little  is  known  about  the  mechanisms  of  growth  of  GaN,  and  thus  the  reliability  of  formation 
energy  arguments  cannot  be  assessed. 

Recent  high-pressure  measurements  in  as-grown  n-type  GaN  show  that  when  high  pres¬ 
sure  is  applied,  the  electrons  that  were  initially  in  the  conduction  bands  become  localized 
[12].  This  result  indicates  the  presence  of  a  resonant  state  in  the  conduction  bands  that 
emerges  into  the  forbidden  gap  as  the  bottom  of  the  conduction  bands  moves  up  with  pres¬ 
sure.  The  electrons  in  the  conduction  bands  would  then  become  trapped  in  the  just  emerged 
deep  level,  rendering  the  sample  insulating.  We  have  performed  calculations  for  V under 
pressure,  and  found  that  the  quasi-triplet  indeed  emerges  into  the  gap  in  agreement  with 
the  experimental  data.  The  wave  function  of  the  lower  (singlet)  level  is  shown  in  Fig.  lb. 
Additional  results  regarding  the  pressure  calculations  will  be  published  elsewhere. 

Obviously,  further  data  are  needed  for  a  final  identification,  but  the  good  agreement 
between  the  theoretical  and  experimental  results  suggests  that  N  vacancies  are  present  in 
the  samples  of  Ref.  [12]. 

3.2.  Gallium  Vacancy 

Since  the  formation  of  the  Ga  vacancy  creates  N  dangling  bonds,  its  levels  should  be 
close  to  the  top  of  the  valence  bands.  Indeed,  the  quasi-triplet  is  located  about  0.4  eV  above 
the  valence  bands  edge,  and  the  hexagonal  splitting  is  only  0.1  eV.  Since  the  quasi-triplet 
is  populated  by  3  electrons  in  the  neutral  charge  state,  Yoa  can  trap  both  electrons  and 
holes.  In  spite  of  the  proximity  to  the  valence  band,  the  quasi-triplet  wave  functions  are 
very  localized.  The  wave  function  of  the  singlet  is  composed  mainly  of  the  P2(N)  orbital  of 
the  type-1  neighbor.  The  contributions  of  the  type-2  neighbors  are  smaller  by  an  order  of 
magnitude.  The  wave  functions  of  the  doublet  are  built  up  from  the  p(N)  orbitals  of  the 
type-2  neighbors.  In  this  case,  the  contribution  of  the  type-1  neighbor  is  negligible. 

The  formation  energy  of  the  neutral  Yoa  is  very  high,  8  eV.  However,  since  Yoa  can 
release  or  accept  three  electrons,  its  formation  energy  depends  very  strongly  on  the  position 
of  the  Fermi  level.  In  particular,  in  n-type  samples  the  formation  energy  of  Vq®  may  become 
very  low.  The  thermodynamic  levels  for  0/-,  -/2-,  and  2-/3-  transitions  are  at  0.5,  0.8,  and 
1.3  eV  above  the  top  of  the  valence  band,  respectively. 

3.3.  Nitrogen  antisite,  Ng^ 

In  the  neutral  charge  state,  Noa  introduces  a  doubly  occupied  singlet  at  -1-0.4  eV,  and 
an  empty  doublet  at  Ec-0.2  eV.  For  both  levels,  the  contribution  of  the  type-1  neighbor  is 
about  5  times  smaller  than  those  of  type-2  neighbors.  However,  the  singlet  and  the  doublet 
do  not  originate  from  one  quasi-triplet.  In  the  initial  unrelaxed  configuration,  there  is  a 
resonant  quasi-triplet  located  at  0.3  eV  above  the  bottom  of  the  conduction  band,  with  a 
vanishing  hexagonal  splitting.  After  relaxation,  the  splitting  becomes  2.3  eV  and  the  doublet 
moves  to  Ec-0.2  eV. 

The  dominant  contribution  of  the  type-1  neighbor  is  due  to  a  strong  distortion  of  Ng„ 
along  the  c  axis.  Specifically,  the  bond  distance  to  the  type-1  neighbor  is  reduced  by  29% 
(from  3.70  to  2.62  a.u.)  and  becomes  comparable  with  the  bond  length  in  the  N2  molecule, 
2.07  a.u.  Due  to  the  distortion,  the  remaining  bond  lengths  increase  by  11%.  The  relaxation 
energy  is  0.6  eV. 

The  formation  energy  of  the  neutral  Noa  is  7.3  eV.  This  value  can  be  slightly  reduced  in 
strongly  p-type  samples,  due  to  electron  transfer  to  the  Fermi  level.  The  empty  doublet  at 
Ec-0.2  eV  cannot  be  occupied  even  by  one  electron,  due  to  the  large  value  of  the  electron- 
electron  repulsion  parameter  for  this  level  (0.95  eV). 
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3.4.  Gallium  antisite,  GaAr 

The  gallium  antisite  introduces  a  quasi- triplet  close  to  the  middle  of  the  band  gap.  In 
the  neutral  charge  state,  the  singlet  at  E„+1.4  eV  and  the  doublet  at  E„+2.1  eV  contain  two 
electrons  each.  The  wave  function  of  the  singlet  is  mainly  a  bonding  combination  of  the 
orbitals  of  Ga^r  with  the  orbitals  of  the  type-1  neighbor.  Similarly,  the  doublet  is  mainly  a 
bonding  combination  of  of  Gajv  with  p  orbitals  of  the  type-2  neighbors.  However,  the  p 
orbitals  from  the  second  neighbor  N  atoms  contribute  considerably  to  both  the  singlet  and 
the  triplet. 

As  expected,  we  find  an  outward  relaxation  around  Ga^r,  with  a  large  relaxation  energy 
of  3.9  eV.  The  bond  lengths  with  type-1  and  type-2  neighbors  are  4.12  and  4.27  a.u.,  respec¬ 
tively.  The  formation  energy  of  GaAr  in  the  neutral  state  is  6.0  eV,  but  it  is  reduced  strongly 
in  highly  doped  samples  due  to  electron  transfer  to/from  the  Fermi  level. 

3.5.  Interstitials 

For  substitutional  defects,  the  local  topologies  of  zinc-blende  and  wurtzite  lattices  are 
similar,  since  in  both  cases  each  atom  has  four  first  neighbors  with  tetrahedral  symmetry. 
The  difference  between  the  two  structures  begins  at  the  second  shell  of  neighbors.  This  is 
why  the  electronic  structures  of  vacancies  and  interstitials  in  both  structures  are  similar. 
In  contrast,  the  local  topologies  of  interstitials  are  quite  different  in  the  two  lattices.  In 
zinc-blende  crystals  there  are  two  interstitial  sites  with  tetrahedral  symmetry,  surrounded 
by  four  cations  and  four  anions,  respectively.  In  the  wurtzite  structure,  there  are  two  high- 
symmetry  interstitial  positions,  referred  to  as  ’tetrahedral’  (T)  and  ’octahedral’  (0)  in  the 
literature  [13].  These  terms  are  misleading,  since  they  do  not  correspond  to  the  actual  point 
group  symmetry,  which  is  C3„  in  both  cases.  In  the  ideal  wurtzite  lattice,  an  atom  at  the 
D  site  has  six  first  neighbors,  three  cations  and  three  anions.  An  atom  at  the  T  site  has 
two  first  neighbors,  one  cation  and  one  anion,  and  six  second  neighbors  (three  anions  and 
three  cations).  Due  to  the  point  symmetry,  neither  T  nor  O  can  be  the  equilibrium  position 
of  an  interstitial  defect,  except  by  accident.  In  particular,  a  relaxation  along  the  c  axis  is 
expected. 

Indeed,  we  find  that  both  T  and  O  positions  are  highly  unstable  for  native  interstitials. 
The  interstitials  move  towards  the  first  neighbor  of  the  same  kind.  For  the  N  interstitial, 
starting  from  both  T  and  0  positions  leads  to  the  same  final  configuration.  At  present,  we 
are  Investigating  whether  an  analogous  effect  also  holds  for  the  Ga  interstitial. 

After  relaxation,  N/  assumes  a  bridge-bond  configuration  similar  to  the  bridge-bond 
geometry  of  As  interstitial  in  GaAs,  as  discussed  by  Chadi  [14]  .  The  N-N  bond  length  is 
2.64  a.u.,  which  is  very  close  to  the  N-N  distance  in  the  case  of  Ng^.  Both  N  atoms  move  off 
the  c-axis,  and  the  resulting  configuration  is  asymmetric.  The  relaxation  energy  is  7.6  eV, 
due  to  interstitial  motion  of  over  2  a.u.  Gonsidering  the  electronic  structure,  N/  introduces 
two  closely  spaced  deep  levels  at  about  E„-H.O  eV,  separated  by  0.06  eV.  Both  are  built  up 
from  the  orbitals  of  the  N-N  pair  and  are  occupied  by  three  electrons.  The  formation  energy 
of  N/  is  2.9  eV,  but  it  will  be  strongly  reduced  in  highly  doped  samples. 

The  Ga/,  initially  at  the  T  position,  undergoes  a  displacement  of  1.2  a.u.,  which  leads 
to  an  energy  gain  of  8.9  eV.  As  mentioned  above,  the  equilibrium  configuration  is  similar 
to  the  bridge-bond  geometry  of  interstitial  Ga  found  by  Chadi,  but  in  GaN  both  Ga  atoms 
are  exactly  along  the  c  axis.  The  Ga-Ga  distance  is  4.17  a.u.,  which  is  close  to  the  average 
Ga-Ga  distance  for  Gayv- 

Turning  to  the  electronic  structure,  Ga®  introduces  a  deep  level  at  E„-l-0.5  eV,  occupied 
by  two  electrons,  and  a  resonance  at  Ec 4-0.8  eV.  The  remaining  Ga  electron  autoionizes 
from  the  resonance  and  is  trapped  in  a  shallow,  effective  mass  state.  The  deep  Ga/  state  is 
composed  of  displaced  host  Ga  orbitals  and  the  three  N  neighbors.  The  formation  energy  of 
a  neutral  Ga(T)  is  5.1  eV,  but  it  will  be  strongly  reduced  in  p-type  samples. 
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4.  Vacancies  in  AIN 

We  have  extended  the  computations  to  the  second  important  nitride,  AIN,  and  consid¬ 
ered  both  vacancies.  Their  electronic  structures  and  formation  energies  are  very  close  to  the 
corresponding  values  in  GaN.  Specifically,  introduces  a  quasi-triplet  at  E„-f0.4  eV,  split 
by  0.05  eV.  It  is  occupied  by  3  electrons.  Its  formation  energy  is  8.05  eV,  which  is  smaller 
by  0.05  eV  from  that  of  Vg„.  Yn  introduces  a  quasi-triplet  at  Ecd-0.2  eV.  The  hexagonal 
splitting  is  0.6  eV  and  the  singlet  is  below  the  bottom  of  the  conduction  band.  The  formation 
energy  of  Y%  is  5.4  eV,  compared  to  5.0  eV  in  GaN. 

5.  Summary 

We  have  calculated  the  electronic  structure  and  formation  energies  of  native  defects  in 
wurtzite  GaN  by  ab  initio  molecular  dynamics.  In  most  cases,  the  relaxation  around  the 
defect  is  substantial,  strongly  influencing  the  energy  levels  and  formation  energies.  This 
is  particularly  true  for  interstitials.  We  have  investigated  two  possible  high-symmetry  in¬ 
terstitial  sites,  the  so-called  T  and  O.  In  these  high-symmetry  positions  both  Ga  and  N 
interstitials  are  highly  unstable.  After  a  displacement  of  1-2  a.u.,  both  atoms  form  split 
interstitial  configurations  that  are  lower  in  energy  by  5-9  eV.  Due  to  the  large  value  of  the 
forbidden  gap,  formation  energies  depend  strongly  on  the  position  of  the  Fermi  level.  The 
low-formation  energy  defects  are  Vcai  Gajv,  and  N/  in  n-type  samples,  and  Vat,  Gajv,  Ga/, 
and  N/  in  p-type  samples.  Our  results  confirm  the  widely  held  hypothesis  that  Vn  is  a 
shallow  donor,  which  may  be  responsible  for  the  n-type  character  of  as-grown  GaN.  We  have 
also  considered  common  dopants  and  contaminants  in  GaN  and  AIN.  The  results  of  these 
investigations  will  be  presented  elsewhere. 

This  work  is  supported  by  ONR  and  NSF. 
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ABSTRACT 

Fast  carrier  recombination  phenomena  in  6H-SiC  has  been  investigated.  Evaluation  of 
carrier  recombination  in  nitrogen  doped  n-type  6H-SiC  grown  by  the  Lely  method  have  been 
carried  out  using  picosecond  photoconductivity,  time-resolved  photoluminescence  and  dynamic 
gratings  (DG)  techniques.  From  photoluminescence  measurements  the  hole  capture  by  neutral 
(nitrogen)  donors  is  discussed.  The  hole  capture  times  and  capture  cross  sections  820  ps,  2.32 
ns  and  1.5-10''’cm^,  1.2-10‘‘^cm^,  respectively,  by  each  of  the  inequivalent  donor  were 
evaluated.  From  the  photoconductivity  measurements  the  electron  lifetimes  — 1.5  /is  at  300  K 
and  (3.5-t-6.5)/ts  at  125  K  were  obtained.  The  ambipolar  diffusion  coefficient  1.4  cm^-s’ 
obtained  from  dynamic  gratings  measurements  is  in  good  coincidence  with  the  calculated  values. 


INTRODUCTION 

Non-equilibrium  charge  carrier  (NCC)  recombination  and  their  diffusion  are  the  main 
processes  applying  the  n-type  6H-SiC  in  opto-  and  microelectronic  devices.  Very  recent  works 
concerning  the  evaluation  of  minority  carrier  lifetimes  and  their  diffusion  in  6H-SiC  pn 
structures  [1,  2,  3]  have  been  done.  Most  of  the  methods  used  were  electrical  and  for  the 
ultrafast  process  investigation  they  have  significant  shortcomings  (limited  high  frequency 
bandwidth,  contact  influence).  Our  goal  was  using  the  picosecond  laser  technique  to  investigate 
NCC  fast  transitions  (l<ns)  in  nitrogen  doped  6H-SiC. 


EXPERIMENT 

Single-crystals  of  n-type  6H-SiC  were  grown  by  the  Lely  method  at  T>3000''C  by 
subliming  6H-SiC  powders.  The  sample  surface  was  (0001)  orientated.  Nitrogen  as  a  donor  was 
present  during  the  growth.  The  doping  concentration  is  10”  cm■^ 

The  experimental  arrangements  of  picosecond  dynamic  gratings  measurements  (DG)  is 
described  in  [4].  A  passive  mode-locked  phosphate  glass  Nd^^  laser  (tl=12  ps,  hj'=1.17  eV 
and  2.3  eV,  first  and  second  harmonics)  was  used.  After  amplification  and  frequency  doubling 
the  0.53  fim  radiation  was  split  into  two  pump  beams  of  the  same  intensity  (I^J.  The  pump 
beams  crossing  in  the  sample  at  an  angle  0  made  a  DG  in  the  direction  parallel  to  the  sample 
surface  with  a  period  A=X„(2-sin0/2)  ,  where  is  the  wavelength  of  the  pump  beams.  The 
subsequent  temporal  decay  of  this  transparent  grating  was  studied  by  directing  probe  pulses  of 
the  non-exciting  1.06  /im  radiation  to  the  same  spot,  with  various  settings  of  this  beam’s  delay 
line,  and  measuring  the  intensity  of  the  probe  pulse  first-order  diffraction. 
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Photoluminescence  measurements  were  carried  out  at  300  K  by  using  an  argon  ion  laser 
(tl=100  ps,  repetition  rate  123  MHz,  hv=4.82  eV).  The  radiant  averaged  power  was  3  mW. 
The  laser  beam  was  focused  into  a  — 100  /an  sp)ot.  The  photoluminescence  was  detected  using 
a  fast  photomultiplier  coupled  to  spectrometer  with  spectral  resolution  of  3  nm.  The  data  were 
collected  by  a  measuring  set  SPC  100  with  time  resolution  of  150  ps. 

For  photoconductivity  measurements  Ni  microstrip  structure  matched  to  50  fl  line  with 
a  narrow  gap  for  optical  excitation  was  evaporated  and  annealed  5  min.  at  1100°C.  This  is  a 
technology  of  making  ohmic  contacts  on  n-type  6H-SiC  [5,6].  In  order  to  measure  the 
photoconductivity  in  a  range  of  125K<T<300K  the  sample  was  placed  in  a  cryostat. 
Photoconductivity  kinetics  were  measured  with  an  oscilloscope. 

Assuming  that  the 
instantaneous  decay  times  of  the 
NCC  density  are  longer  than  the 
optical  pulse  duration,  the  light 
induced  NCC  density  was 
calculated:AN=/3(l-R)(l-e"‘‘)E(hv  3 

•  drff)',  where  /3  is  the  quantum 
efficiency,  R  is  the  reflectivity,  a  ^ 
is  the  absorption  coefficient,  E  is  (j 
the  excitation  pulse  energy  per  unit  ^ 
area,  d  is  the  sample  thickness,  d^f, 
is  the  effective  depth  of  NCC  UZ 
generation. 

oio  * 

RESULTS  -4=: 

o 
o 

In  order  to  select  an 
appropriate  intensity  for  DG  Itz 
experiments,  the  lux-diffraction 
characteristic  (LDC)  was  _.| 

measured.  The  diffraction 
efficiency  is  defined  as  J)=Iip/Ip„ 
where  Ip,  is  the  probe  beam 
intensity,  Iip,  is  the  probe  beam  Figure  1.  Dependence  of  diffraction  efficiency  r;  on 
first  order  diffraction  intensity.  For  delay  time  At  for  different  grating  periods  A. 
small  modulation  phase  gratings 
and  in  the  case  of  one  photon 
absorption  ($  <  1 ,  where  = 

2ir-An-d'Xp,  ‘,  where  An  is  the  light  induced  change  of  the  refractive  index,  d  is  the  grating 
depth,  Xp,  is  the  wavelength  of  the  probe  beam)  the  diffraction  efficiency 
r((t)=>(#(t)/2)^~An^(t)-(IpJ^  (for  two  photon  absorption  ~(I„^)^  )  [7-9].  For  0.5<Ie,,<2 
GW/cm^,  a  slope  f=4  of  the  LDC  was  obtained.  This  corresponds  to  a  two-photon  or  two-step 
interband  absorption.  The  direct  band  gap  manifested  in  6H-SiC  at  4.6  eV  [10-12]  provided  the 
two-photon  absorption  (2hi'=  2-2.34  eV=  4.68  eV).  From  the  slope  of  r;=f(At),  where  At 
denotes  the  delay  of  the  probe  beam,  it  is  possible  to  determine  the  erasure  time  of  the  DG. 
The  DG  erasure  is  described  by  the  diffusion  equation,  whose  solution  gives  information  on  AN 
and  the  DG  decay  time  r^:  rp  '=rR  '-l-TD‘‘  [13],  where  tr  is  the  AN  decay  time;  rD=(27r/A)^  D„  ‘ 


time,  ps 
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is  the  diffusive  decay  time,  D,  is 
the  ambipolar  diffusion  coefficient. 

Experimental  results  of  the 
diffraction  efficiency  versus  probe 
delay  time  for  different  DG 
periods  are  shown  in  Fig.l.  By 
solving  the  diffusion  equation  a 
best  fit  for  each  grating  period  (A) 
using  one  erasure  time  t^=  656; 

628;  530;  488  ps  for  A=  4.6;  3.6; 

3.0;  2.56  pm,  respectively,  is 
achieved.  Using  the  expressions 
above  for  and  D^,  we 
determined  the  AN  decay  time  820 
ps  and  the  ambipolar  diffusion 
coefficient  Dj=1.4  cmV'  at 
AN  =  3- 10'^  cm■^ 

Photoluminescence 
measurements  were  carried  out  on 
the  same  samples  at  300  K 
Fig.2(insert).  It  appears  similar  to 
the  luminescence  spectra  of 
unintentionally  doped  6H-SiC 
samples  with  the  luminescence 
maximum  near  the  band  edge  [14]. 

The  peak  at  417  nm  is  caused  by 
the  nitrogen  impurities.  Weaker 
luminescence  peaks  resolved  at  425-430  nm  can  be  characterized  by  other  donor  assisted 
transitions.  The  luminescence  intensity  decay  measured  at  417  nm  after  the  excitation  of  AN  up 
to  2- 10"*  cm‘^  is  shown  in  Fig. 2.  The  experimental  points  are  well  approximated  by  a  sum  of 
two  exponential  decays  820  ps  and  2.3  ns  with  different  weights,  as  shown  by  the  straight  lines 
in  the  figure. 

The  instantaneous  decay  times  Tm  of  photoconductivity  kinetics  induced  by  picosecond 
light  pulse  excitation  are  shown  in  Fig. 3.  Values  of  were  defined  as  tm"'  =  -6[ln(AU(t)]/6t, 
were  AU(t)  is  the  voltage  signal  on  the  50  fi  load  resistance.  The  kinetics  were  analyzed  and 
some  of  them  at  different  excitation  intensities  and  quantum  energies  are  shown  in  the  figure. 
Each  line  presents  one  analyzed  kinetic.  The  resistivity  of  the  samples  were  —15  0  (300  K)  and 
45  n  (125  K).  Due  to  low  resistivity  values  weak  electrical  fields  (approximately  7  V-cm’'  (300 
K)  and  15  V-cm"'  (125  K))  were  applied.  Band-to-band  excitation  kinetics  show  a  relative  slow 
decay  time  of  ~  1.5  ps  at  300  K,  which  increases  (4-1-7  ps)  at  125  K.  The  analysis  of  extrinsic 
photoconductivity  with  1.15  eV  and  2.3  eV  excitation  quantum  energies  displayed  a  different 
slope  of  Tm(AU/UJ  decay,  and  it  is  evident  that  the  steeper  lines  are  for  higher  quantum 
energies. 


Figure  2.  Decay  of  luminescence  intensity  at  417  nm. 
The  inset  shows  the  luminescence  spectra  of  nitrogen 
doped  6H-SiC  at  300  K. 


DISCUSSION 

The  NCC  density  decay  time  820  ps  obtained  by  DG  and  photoluminescence 
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measurements  indicates  a  relative 
fast  excess  carrier  capture.  In  the 
case  of  an  electron-hole  pair 
photogeneration  (h»'=  3.45  eV) 
both  the  electrons  and  holes  can  be 
captured  by  impurities,  though  it’s 
known  that  for  single  crystal 
silicon  carbide  a  distinct  expressed 
type  of  conductivity  is  defined  by 
a  strong  capture  of  minority 
carriers  [15].  As  it  is  calculated 
from  the  carrier  diffusion  length 
measurements  the  minority  carrier 
lifetimes  in  n-type  6H-SiC  are 
(200-^400)  ps  in  nitrogen  doped 
(10'*  cm'^)  single  crystals  [15],  and 
up  to  7-^  10  ns  for  epitaxial  layers 
[1,2,3].  From  our  DG  and 
photoluminescence  measurements 
we  concluded,  that  the  minority 
carriers,  i.e.  holes,  are  rapidly 
captured  by  neutral  donors.  This 
defines  their  short  lifetime  value 
820  ps.  The  rate  of  phonon 
assist^  electron  capture  by  the 
ionized  donors  is  respectively 
weak.  From  the 
photoluminescence  measurements 
we  assume  that  the  capture  of 
photoexcited  holes  by  two 
nitrogen  inequivalent  donor  levels 
[16]  determines  the  two 
exponential  luminescence  decay 


Figure  3.  Instantaneous  photoconductivity  decay  time 
versus  AU/U,.  Each  line  corresponds  to  one  typical 
kinetic  at  excitation  intensities:  1)  0.012,  2)  0.037,  3) 
0.023,  4)  0.056,  1‘)  0.088,  2‘)  0.2,  3‘)  0.4,  4‘)  0.47, 
5‘)  1,  1“)  0.16,  2“)  1,  3“)  2.2  GW-cm-^  Lines 
correspond  to  2.3  eV,  dashed  lines  -  2.3  eV,  fine 
dashed  (1,2,3,4)  -  3.45  eV  quantum  energies. 
Marked  lines  -  measurements  at  125  K. 


times  820  ps  and  2.32  ns.  The  ratio  of  the  concentrations  of  these  donors  is  approximately 


Nn  ,:Nn2=1:2  (the  ionization  energies  of  the  donor  levels  are  AE^,  ,=  85.5  meV,  AEn,2=  125 
meV)  [16].  So,  in  our  case  each  donor  concentration  is  of  3-10'*cm'*  (N,l)  and  7-iO'^cm* 


(N,2),  respectively.  Assuming,  that  deeper  donor  levels  capture  holes  more  rapidly,  for  a  mean 
temperature  of  holes  300  K  and  hole  mass  mt=  1-mo,  Vu,  =  (3kT/mJ‘'^  =  1.17-lO^cm-s  ',  the 


hole  capture  cross  section  by  nitrogen  for  the  both  of  donor  levels  is  found: 


(rN,(N)=  1.2•10•‘’cm^ 
(r^’j(N)»  1.5-10-'W 


The  precision  of  ffp(N)  certainly  could  be  improved  by  a  quantitative  determination  of  the 
distribution  of  occupied  donors.  The  influence  of  non-radiative  recombination  is  considered  to 
be  respectively  weak. 

Assuming  a  significant  difference  between  the  values  of  electron  and  hole  mobilities,  400 
and  40  cm^-V  '-s  '  [16,17],  respectively,  the  photocurrent  in  6H-SiC  is  determined  by  electron 
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drift.  The  photoconductivity  kinetics  are  described  by  photoexcited  electron  density  decay.  The 
shortest  instantaneous  lifetime  value  for  electrons  evaluated  after  band-to-band  excitation  is 
~  1.5  /iS  at  300  K.  The  increase  of  electron  lifetimes  up  to  (3.5-^6.5)  fis  at  125  K  is  determined 
by  a  respective  decrease  of  ionized  donor  concentration.  At  high  excitation  intensities,  using 
impurity  ionization  quantum  energies  2.3  eV,  1.15  eV<Eg,  an  increase  of  electron  capture  by 
the  ionized  donors,  i.e.  tm  decrease,  with  the  excitation  intensity  has  been  observed.  For  high 
extrinsic  excitation  condition,  it  appears  that  Tm"'  ~  An  [18]. 

The  experimentally  determined  ambipolar  diffusion  coefficient  D,  can  be  compared  to 
calculated  values:  D,=DpD„(n+p)(nD„+pDp)  ',  where  n=no+An;  p=po+Ap;  no,  D„  and  po. 
Dp  are  the  equilibrium  concentrations  and  the  diffusion  coefficients  of  electrons  and  holes, 
respectively.  Assuming  the  mobility  values  and  using  the  Einstein  relation  for  electrons  and 
holes,  Dp  „=(kT/e)-/Xp  „,  the  ambipolar  diffusion  coefficient  1.7  cm^-s'‘ in  the  case  of  total  donor 
ionization,  and  1.9  cm^-s  '  in  the  case  of  full  occupied  donors,  at  NCC  density  3-10‘^cm'^  were 
calculated.  The  coincidence  between  the  calculated  and  measured  (1.4  cm^-s'‘)  values  is  quite 
good.  The  slight  discrepancy  we  attribute  to  the  impurity  distribution  fluctuations  which  appear 
during  the  growth. 
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ABSTRACT 

Radiation  defects  in  6H  SiC  introduced  by  electron  irradiation  at  energies  of  400 
keV  and  1  MeV  are  studied  by  low-temperature  photoluminescence  and  Zeeman 
spectroscopy.  We  observe  a  new  two  line  spectrum  at  2.547  and  2.528  eV  which 
dominates  in  the  spectrum  of  the  sample  irradiated  at  400  keV.  For  1  MeV 
irradiation  numerous  recombination  lines  are  observable  and  also  the  well  known 
D,  center  lines  appear.  Annealing  the  sample  at  1100  °C  leads  to  the 
disappearance  of  almost  all  lines  but  the  D,  lines  are  still  present. 

INTRODUCTION 

The  study  of  lattice  defects  in  SiC  introduced  by  ion  implantion,  electron  or 
neutron  irradiation  is  an  ongoing  subject  for  nearly  twenty  years.  The  isolated 
Si-vacancy  has  been  identified  quite  recently  by  electron  paramagnetic  resonance 
(EPR)  in  3C  and  6H  SiC  following  neutron  irradiation  [1 ,2].  However  there  is  no 
correlation  to  optical  and  electrical  properties  of  the  samples.  With  the  method  of 
Deep  Level  Transient  Spectroscopy  (DLTS)  six  electron  irradiation  induced  traps 
are  found,  Z,  and  Z^  acceptors  at  £,,-620  meV  and  £,,-640  meV  are  thought  to  be 
related  to  double  vacancies  (Vg^-Vg).  For  the  Ej/Ej  and  Ej/E,,  levels  at  E„-350  meV 
and  £,,-570  meV  no  definite  assignment  can  be  made  [3].  The  observation  of  two 
levels  very  close  in  energy  could  imply  that  the  defects  reside  at  cubic  and 
hexagonal  lattice  sites  in  6H  SiC.  Annealing  at  around  800  °C  leads  to  the 
disappearance  of  the  isolated  vacancy  and  secondary  radiation  defects  can  be 
formed  [4].  The  most  prominent  one  is  the  so  called  D, -center  as  observed  in 
photoluminescence  and  studied  by  Zeeman  spectroscopy  [5,6,7],  Double 
vacancies  and  Vgi-N^,  a  Si-vacancy  Nitrogen-donor  complex  have  been  put 
forward  as  microscopic  structure  models  for  the  D, -center.  Here  we  report  on  a 
new  two  line  spectrum  labelled  G,  and  G^  already  introduced  at  an  electron 
energy  of  400  keV  without  performing  additional  high  temperature  treatments. 

EXPERIMENTAL 

Electron  irradiation  at  room  temperature  was  performed  on  6H  SiC  epitaxial  layers 
grown  on  6H  SiC  substrates.  The  low  temperature  luminescence  studies 
employed  aim  Jarrel  Ash  monochromator  with  a  resolution  better  than  0.1  nm  in 
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the  investigated  range  from  400  to  450  nm.  Detection  was  performed  with  a 
cooled  photomultiplier.  For  the  Zeeman  measurements  the  sample  was  located  in 
the  center  of  a  12  T  solenoid  type  superconducting  magnet,  excitation  by  the  UV 
line  of  a  HeCd  laser  (325  nm)  and  emission  from  the  sample  was  guided  by  an 
optical  fiber. 

EXPERIMENTAL  RESULTS 

Irradiation  at  400  keV;  Fig.1  gives  an  overview  of  the  recombination  lines  found 
after  400  keV  electron  irradiation.  Not  all  of  them  are  due  to  radiation  damage.  For 
example  close  to  the  band  gap  of  6H  SiC  at  around  3  eV  the  excitons  bound  to 
the  Nitrogen  donor  are  seen  followed  by  their  phonon  replicas  at  2.9  eV. 


2.2  2.4  2.6  2.8  3.0 

Energy  (eV) 


Fig.1:  Photoluminescence  spectrum  of  6H  SiC  after  electron  irradiation  with 
400  keV  electrons.  The  two  arrows  mark  the  positions  of  the  G,  and  Gj  lines. 
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The  strongest  lines  appear  at  2.547  eV  (G,)  and  2.528  eV  (Gj).  They  are  followed 
by  TA  and  LO  phonon  replicas  around  2.35  eV  (for  more  details  see  table  1 )  and 
prove  that  they  are  zero-phonon-lines.  The  three  lines  (L,,  Lj  and  Lj)  of  the  D, 
center  are  hardly  visible.  These  two  lines  were  studied  in  more  detail.  At  4  K  the 
intensity  ratio  of  G,  to  Gj  is  ~5:1,  note  that  at  this  temperature  a  new  line  appears 
at  2.537  eV  which  was  not  present  at  low  temperatures.  Around  and  above  20  K 
all  lines  decrease  in  intensity  (Gj  is  already  absent)  and  for  temperatures  above 
30  K  can  not  be  observed  any  longer  with  this  spectrometer  resolution. 

The  photoluminescence  spectrum  has  markedly  changed  for  the  sample  irradiated 
with  1  MeV  electrons.  A  forest  of  lines  appears  between  the  D,  center  line  at  the 
highest  energy  and  the  Gj  line.  The  L,,  Lj  and  Lj  lines  of  the  D,  center 
corresponding  two  cubic  and  one  hexagonal  sites  in  6H  SiC  are  now  observed  in 
comparable  intensity  (see  fig.2c).  Identifying  all  or  at  least  part  of  them  would  be  a 
very  tedious  job.  Annealing  at  1100  °C  leads  to  a  destruction  of  most  of  the 
defects  or  defect  pairs  as  can  be  seen  in  fig.2.b.  As  already  mentioned  in  earlier 
works  [5,7]  the  D,  center  is  stable  up  to  that  temperatures  and  is  prominent  in  the 
low  temperature  photoluminescence  spectra. 


Energy  (eV) 

Fig. 2:  Photoluminescence  spectra  for  400  keV  (a)  and  1  MeV  (c)  electron 
irradiated  6H  SiC;  b)  irradiated  at  1  keV  and  annealed  at  1 100°C. 
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Zeeman  spectroscopy:  To  obtain  further  insight  into  the  microscopic  structure  of  a 
defect,  i.e  electronic  level  structure,  site  and  symmetry,  perturbation  spectroscopy 
resolving  stress  or  Zeeman  splittings  in  the  ground  and  excited  states  is  an 
appropriate  tool.  The  extremely  narrow  lines  observed  for  the  G,  and  lines 
favour  Zeeman  spectroscopy. 

In  fig.  3  we  present  the  evolution  of  the  G,  line  for  magnetic  fields  from  0  to  1 1  T. 
At  4  T  a  small  shoulder  appears  at  the  low  energy  side  which  continously  shifts  to 
lower  energies  as  a  function  of  the  applied  field.  At  1 1  T  both  lines  now  have 
equal  intensity.  It  also  clear  from  fig.  5  that  one  component  of  the  sublevels  is 
independent  of  the  magnetic  field.  The  measured  field  dependence  shown  in  fig.  3 
was  for  the  magnetic  field  parallel  to  the  c-axis.  With  the  magnetic  field 
perpendicular  to  the  c-axis  only  a  shift  to  lower  energies  is  found  without  any 
splitting  of  the  line.  The  line  instead  showed  for  all  magnetic  fields  neither 
splittings  nor  a  shift. 


Fig.3:  Evolution  of  the  Zeeman  splittings  for  the  G,  line  as  a  function  of  magnetic 
field  (6H  SiC,  400  keV) 

DISCUSSION  AND  CONCLUSION 

The  G-line  spectrum  behaves  in  many  aspects  quite  similar  to  the  D, -center. 
There  are  small  but  distinct  differences.  The  D1 -center  gives  rise  to  three 
recombination  lines  [5,7]  at  low  temperatures  connected  to  the  three  sites  in  6H 
SiC.  Five  magnetic  subcomponents  with  site-independent  splittings  were 
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observed  on  L,,  L2  and  Lj.  The  high  temperature  modifications  H,,  Hj  and  Hj  were 
magnetically  inactive.  The  recombination  lines  were  explained  by  assuming 
exciton  recombination  at  a  deep  neutral  center  where  the  exciton  is  bound  by 
short  range  forces.  Coupling  of  a  J=1/2  state  for  the  electron  and  a  J=3/2  for  a 
hole  leads  to  exciton  states  with  total  angualar  momentum  of  J=2  and  J=1,  the 
J=1  being  higher  in  energy.  At  low  temperatures  the  J=2  states  is  observed  and 
its  five  fold  degeneracy  gives  rise  to  the  five  magnetic  subcomponents  seen  in 
Zeeman  spectroscopy.  The  J=1  state  corresponding  to  the  high  temperature  lines 
of  the  D,  center  is  magnetically  inactive  as  found  in  the  experiment. 

The  two  newly  observed  G-lines  are  obviously  no  site  dependent  lines  of  one  and 
the  same  defect.  The  observation  of  the  same  phonon  replica  spectrum  however 
proofs  that  they  are  zero  phonon  lines  (see  table  1).  In  magnetic  fields  the  Gj  line 
remains  unsplit  and  unshifted  implying  either  spin  singulet  to  spin  singulet 
recombination  or  the  equality  of  g-values  of  electron  and  hole  in  the  excited  state 
[8]. 

The  G,  line  is  accomponied  by  a  high  temperature  line  {  the  line  at  2.5374  eV) 
and  in  magnetic  field  it  shows  at  least  three  magnetic  subcomponents.  The  failure 
to  observe  transition  moving  to  higher  energies  can  easily  be  explained  by  the 
thermalisation  into  the  lower  sublevels.  The  strong  increase  in  intensity  of  the  low 
energy  transition  (see  fig.4)  as  a  function  of  the  magnetic  field  is  a  clear  indication 
for  such  a  behaviour.  The  multiple  splitting  together  with  a  field  independent 
transition  within  the  G,  line  supports  the  exciton  model  proposed  by  Dean  et  al  [6] 
for  the  D,  line.  In  contrast  to  the  Zeeman  work  on  the  D,  line  [6]  we  do  not  observe 
a  zero  field  splitting  caused  by  the  hexagonal  crystal  field.  It  was  of  the  order  of 
0.3  meV  and  hence  may  be  hidden  within  the  linewidth  of  the  transitions. 

The  isolated  Silicon  vacancy  has  been  identified  in  particle  irradiated  6H  SiC  by 
electron  paramagnetic  resonance  (EPR).  Ligand  hyperfine  interactions  with 
nearest  Si  and  next  nearest  C  atoms  surrounding  the  vacancy  were  resolved  and 
gave  firm  evidence  for  the  structure  model.  No  distortion  i.e.  an  isotropic  spectrum 
was  found  in  EPR  in  contrast  to  the  vacancies  in  Si  [9].  The  EPR  also  showed  no 
indications  for  additional  lines  due  to  the  possible  different  sites.  For  a  deep  level 
with  the  spin  density  distributed  over  a  few  lattice  constants  (typically  4-6  A)  this  is 
quite  reasonable.  We  can  expect  that  low  energetic  electron  irradiation  creates 
primary  defects  such  as  the  Carbon  or  Silicon  vacancy.  They  can  exist  in  several 
charge  states  also  in  the  neutral  one  were  exciton  binding  can  occur.  Hence  the 
G,  line  might  arise  from  exciton  recombination  at  the  neutral  Si  vacancy.  At  higher 
energies  (1  MeV)  EPR  showed  in  addition  to  the  Nitrogen  donor  resonance  the 
appearance  of  a  new  line  which  is  radiation  induced.  Its  identification  has  to  be 
awaited  for. 
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Energy 

(meV) 

Lattice 
(6  H) 

(meV) 

G, 

(2,547  eV) 
(meV) 

G, 

(2.528  eV) 
(meV) 

Resonant  LA 

68 

67 

Zone  edge  LA 

76 

76 

77 

77 

Localized 

(Gap) 

83 

82 

81 

Zone  center  TO 

98 

98 

98 

Resonant  LO 

110-112 

Zone  center  LO 

120 

120 

119-122 

Table  1:  Phonon  energies  (and  assignment)  observed  as  replicas  on  the  G,  and 
Gj  zero  phonon  lines 
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ABSTRACT 


Optical  admittance  spectroscopy  is  a  technique  for  measuring  the 
conductance  and  capacitance  of  a  junction  under  illumination  as  a 
function  of  the  wavelength  of  the  light  and  the  frequency  of  the 
measuring  AC  signal.  This  technique  has  been  applied  to  characterize 
deep  defect  levels  in  6H-SiC;N.  Nitrogen  is  a  donor  atom  in  6H-SiC  which 
substitutes  for  carbon  in  three  inequivalent  sites  (h,  ki,  k2).  giving  rise 
to  n-type  conduction.  Deep  defect  levels  attributable  to  transition  metal 
impurities  have  also  been  identified  in  6H-SiC:N.  We  have  examined 
persistent  photoconductance  in  this  material  by  optical  admittance 
spectroscopy. 


INTRODUCTION 


The  unique  physical  and  electronic  properties  of  silicon  carbide 
make  it  an  ideal  choice  for  high-power,  and  high-operating  temperature 
devices,  and  devices  that  are  radiation  resistant.  The  frequency  of 
device  operation  depends  on  the  minority  carrier  lifetime,  which,  in 
turn,  is  controlled  by  deep  traps  that  act  as  recombination  centers. 
Furthermore,  the  development  of  semi-insulating  materials  requires  the 
introduction  of  a  trap  near  mid  gap  in  sufficient  quantities  to 
compensate  shallow  donors,  e.g.  Cr  in  GaAs. 

Nitrogen  can  be  introduced  into  the  growth  ambient  when  it  is  de- 
adsorbed  from  the  graphite  components  of  the  growth  chamber,  or  it 
may  be  intentionally  added  as  a  dopant  via  the  growth  ambient.  It  is 
incorporated  into  the  SiC  lattice  at  a  hexagonal  site(h)  and  two  cubic 
sites(k  1  ,k2),  gives  rise  to  n-type  conduction,  and  three  shallow 
levels[l,2]. 

In  order  to  electrically  characterize  traps  that  lie  near  mid  gap  in 
wide  band  gap  semiconductors(e.g.,  6H-SiC)  by  thermal  techniques  such 
as  Deep  Level  Transient  Spectroscopy(DLTS),  or  Admittance 
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Spectroscopy,  it  is  necessary  to  raise  the  temperature  of  the  specimen  to 
high  temperatures.  A  method  that  has  the  sensitivity  of  the  capacitance 
techniques,  but  that  does  not  require  the  use  of  high  temperatures 
would  be  useful.  Therefore,  we  have  studied  the  deep  levels  in  n- 
type(N-doped)  6H-SiC  by  using  optical  admittance  spectroscopy  on 
Schottky  diodes. 


DISCUSSION 


Admittance  spectroscopy  was  first  introduced  by  Losee  to  study 
deep  traps  in  compound  semiconductors  [3].  The  details  of  the  technique 
have  been  worked  out  by  him  and  others[4,5].  The  optical  variation  of 
this  technique  was  introduced  by  Vincent,  et  al.[4],  and  further 
developed  by  Duenas,  et  al.[61. 

Thermal  admittance  spectroscopy  detects  the  effect  of  thermal 
emission  of  carriers  from  deep  centers  on  the  conductance  of  a  diode, 
optical  admittance  spectroscopy  detects  the  effect  of  carriers  that  have 
been  optically  excited  from  trap  level(s)  to  the  conduction  band.  During 
an  optical  experiment  the  temperature  is  held  below  the  point  where  the 
trap  level  crosses  the  Fermi  level. 

Traps  introduce  into  the  measurement,  a  conductance  Gt,  given 

by[4] 


Gj  = 


Nr  J  eqN 


el +co^ 


;+  ^■5 


2V 


and  a  capacitance  given  by 


Cr  = 


e„  Nr  feqN^y 
el+co^  n  ylV  ^ 


where  en  is  the  emission  rate,  n  is  the  number  of  free  carriers  in  the 
bulk,  Nt  is  the  number  of  deep  traps,  N+  is  the  number  of  ionized  deep 
centers,  co  is  the  measurement  frequency,  e  is  the  bulk  dielectric 
coefficient,  A  is  the  area  of  the  diode,  and  q  is  the  electronic  charge.  N+ 
can  then  be  manipulated  optically. 

Schottky  diodes  were  fabricated  on  SiC  intentionally  doped  with 
nitrogen  to  make  it  n-type.  The  material  was  prepared  for  fabrication 
by  being  oxidized  and  etched  to  yield  a  clean,  ordered,  surface.  Actual 
metallization  consisted  of  sputtering  Ni  onto  one  side  of  the  material  and 
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annealing  at  900  C  for  five  minutes  in  forming  gas(  95%  N2,  5%  H2  )  to 
produce  ohmic  contacts.  Schottky  diodes  were  fabricated  by  evaporating 
A1  dots  600pm  in  diameter  onto  the  other  side  of  the  wafer.  The  diodes 
that  were  formed  by  this  process  were  evaluated  by  examining  the  C'2 
vs  V  behavior.  The  capacitance  and  conductance  were  measured  using 
an  HP4270A  Multifrequency  LCR  Meter,  operated  in  the  high  resolution 
mode. 


RESULTS 


Five  peaks  were  seen  in 
the  spectrum  obtained  from 
the  SiC  specimens,  as  shown 
in  figure  1.  The  energies  of 
the  transitions  indicated  by 
the  peaks  are  shown  in  the 
figure.  Consideration  of  the 
transition  energies  rules  out 
the  possibility  that  any  of 
these  peaks  are  related  to 
nitrogen  in  any  other  manner 
than  a  complex  of  some  sort. 

The  band-to-band  transition 
for  6H-SiC  is  clearly  seen 
along  with  two  peaks  that  are 
attributable  to  deep  levels  in 
SiC  arising  from  the  transition 
metal  impurity  vanadium;  and 
These  results  are  reported  elsewhere. [7,8] 

Figure  2  shows  the  results  of  an  experiment  wherein  the 
conductance  was  monitored  as  a  function  of  time  when  the  light  was 
turned  off.  As  can  be  seen  from  this  graph,  the  time  constant  was  very 
long.  This  phenomenon  can  be  called  persistent  photoconductance  since 
current  was  not  being  measured.  This  figure  shows  the  result  of  fitting  a 
straight  line  to  the  In  G  vs  t  data.  The  decay  constant  in  the  linear 
portion  of  the  curve  was  calculated  to  be  0.088  pS-min-l. 

When  further  experiments  were  performed  by  setting  the 
wavelength  of  the  light  to  produce  the  maximum  conductance  of  one  of 
the  peaks  seen  in  figure  1,  and  then,  after  the  signal  reaches  equilibrium, 
shifting  the  wavelength  either  up  or  down,  to  a  value  that  corresponds  to 
a  minimum  in  the  conductance,  the  decay  constant  was  seen  to  vary 
depending  on  the  direction  of  the  shift.  Figure  3  shows  the  decay  when 
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FIGURE  1.  Optical  admittance 
spectrum  reveals  peaks 
attributable  to  band-to-band 
transitions,  vanadium,  and 
two  as  yet  unidentified  deep 
levels. 

two  peaks  that  are  as  yet  unidentified. 
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FIGURE  2.  A  logarithmic  plot 
of  the  conductance  decay 
reveals  an  exponential 
character  with  a  time  constant 
of  0.088  iiS-min-l. 


FIGURE  3.  Fits  to  the 
logarithmic  plots  of  the  decay 
indicate  that  differences  in 
the  decay  of  the  conductance 
signal  occur  when  the 
wavelength  is  shifted  to 
shorter  wavelengths®!,  longer 
wavelengths!  A),  or  allowed  to 
decay  in  the  dark(  O). 

-  1  0  1  2  3  4  5  6 

TIME  (m) 


FIGURE  4.  Logarithmic  plot 
of  the  photoconductance 
decay  from  the  7  80  nm  peak: 
(■)  when  the  light  was  turned 
off,  (A)  when  the  wavelength 
was  shifted  to  shorter  values. 
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the  experiment  was  performed  with  Xp  ==  400nm.  The  triangles  are  the 
data  obtained  by  shifting  to  longer  wavelengths,  the  circles  are  the  data 
obtained  when  the  shutter  was  closed  and  the  conductance  allowed  to 
decay  in  the  dark,  and  the  squares  are  the  data  obtained  by  shifting  to 
shorter  wavelengths.  It  is  apparent  that  the  decay  constant  is  different 
depending  on  the  direction  of  the  wavelength  shift.  Furthermore,  there 
are  apparently  two  distinct  decay  constants  in  each  curve. 

Figure  4  shows  the  results  of  shifting  to  shorter  wavelengths 
(600nm)  when  the  peak  was  centered  at  780  nm,  compared  to  closing  the 
shutter.  This  peak  has  been  identified  with  vanadium  in  SiC,  whereas  the 
peak  at  400  nm  is  undoubtedly  the  band-to-band  transition. 


CONCLUSIONS 


We  conclude  that  transition  metal  impurities  give  rise  to  persistent 
photoconductance  in  6H-SiC.  This  result  may  be  indicative  of  lattice 
relaxation.  We  believe  that  it  is  more  likely  that  these  larger  atoms 
would  cause  lattice  relaxation  than  would  N  atoms,  which  are  more  the 
size  of  C  atoms. 
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ABSTRACT 

Cubic  silicon  carbide  grown  by  thermal  decomposition  of  methyl  trichlorosilane  in  hydro¬ 
gen  has  been  studied  in  infrared  (IR)  transmission,  cyclotron  resonance  (CR),  and  photolumines¬ 
cence  (PL).  Sample  characteristics  include:  The  nitrogen  concentration,  determined  from  CR  and 
ER.  can  be  of  the  order  of  lO'^  cm'^  or  less.  Ionized  impurity  concentrations  determined  from  the 
linewidths  of  CR  and  IR  spectra  can  be  less  than  7  x  lO’"  cm‘^.  Low  temperature  electron  mo¬ 
bilities  from  CR  are  near  10^  cm^  v'*  s'’.  Carrier  freeze-out  is  consistent  with  either  uncompen¬ 
sated  donors  with  activation  energy  near  50  meV  or  heavily  compensated  donors  with  20  meV 
activation  energy.  The  latter  choice,  however,  is  excluded  by  the  low  ionized  impurity  concen¬ 
tration.  These  high  quality  samples  show  little  or  no  evidence  of  the  apparently  shallow  (<  ~20 
meV)  donor  which  usually  dominates  the  low  temperature  conductivity  of  3C-SiC  grown  on  Si. 
Nitrogen  donor  excitation  spectra  are  in  excellent  agreement  with  effective  mass  theory.  Only  ni¬ 
trogen  donors  at  54.2  meV  and  an  unidentified  effective-mass  donor  at  47.8  meV  are  observed. 
If  material  with  the  characteristics  described  above  can  be  reliably  reproduced  then  there  is  sub¬ 
stantial  expectation  that  high  quality  electronic  devices  based  on  3C-SiC  can  be  fabricated. 


INTRODUCTION 

Wide  bandgap  semiconductor  materials  present  potential  advantages  over  silicon  in  many 
device  applications.  For  example,  control  electronics  for  high  temperature  operating  environ¬ 
ments  such  as  engines  and  furnaces,  electronic  circuitry  in  nuclear  radiation  environments,  and 
high  density  integrated  circuitry  combining  high  operating  temperatures  with  the  need  for  high 
thermal  conductivity  all  could  benefit  from  wide  bandgap  materials.  Of  the  currently  studied 
wide  bandgap  materials,  e.g.,  SiC,  diamond,  and  the  Ill-V  nitrides,  the  cubic  SiC  described  in 
this  paper  most  nearly  approximates  Si  with  respect  to  achievable  material  purity  with  current 
technology.  If  these  material  properties  can  be  reproduced  in  large  volume  then  cubic  SiC  will 
be  an  attractive  candidate  for  device  applications. 

Cubic  SiC  has  presented  several  perplexing  characteristics.  Most  recent  studies  have  used 
epitaxial  samples  grown  on  Si  or  on  6H-SiC.  This  epitaxial  growth  on  Si  or  6H-SiC  entails  un¬ 
avoidable  problem  with  strains  from  the  lattice  mismatch  with  the  substrate  and  the  purity  of  the 
resulting  material  appears  to  be  marginal.  A  part  of  the  marginal  purity  may  be  the  difficulty  in 
reconciling  the  apparently  conflicting  material  parameters.  For  example,  most  Hall  effect  stud¬ 
ies  on  3C-SiC  grown  on  Si  indicate  that  the  wafers  are  dominated  by  conduction  originating  from 
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a  shallow  donor  with  an  activation  energy  in  the  10  to  20  meV  range  [1-4],  This  has  been  inter¬ 
preted  to  be  due  to  a  high  nitrogen  donor  concentration  and  high  compensation  [1],  In  contrast, 
mobility  analysis  of  samples  appearing  to  be  highly  compensated  in  Hall  effect  [3]  suggest  that 
the  ionized  impurity  concentrations  are  much  lower  than  thought  [5],  In  addition,  the  published 
data  on  which  the  assumed  dependence  of  the  nitrogen  binding  energy  as  a  function  of  nitrogen 
concentration  was  based  has  been  questioned  [6]. 

These  problems  have  not  been  encountered  in  our  studies  of  the  high  quality  3C-SiC  sam¬ 
ples  grown  from  methyl  trichlorosilane  which  we  describe  here.  This  may  be,  in  part,  due  to  the 
very  low  nitrogen  concentration  in  the  samples  that  we  have  chosen  to  study.  The  properties  of 
samples  with  high  nitrogen  concentration  grown  in  this  way  have  not  yet  been  determined. 


EXPERIMENT 

This  report  describes  results  of  infrared  (IR)  transmission,  cyclotron  resonance  (CR),  and 
photoluminescence  (PL)  studies  of  small  samples  of  3C-SiC  grown  by  thermal  decomposition  of 
a  single  precursor,  methyl  trichlorosilane,  in  a  hydrogen  atmosphere.  Decomposition  took  place 
on  a  graphite  filament  and  the  crystals  were  self-seeding.  The  resulting  samples  typically  have 
two  parallel  planar  faces,  one  larger  than  the  other,  and  a  variably  shaped  circumference.  Areas 
of  the  parallel  faces  range  from  1  mm^  to  about  10  tnm^.  Crystalline  orientation  with  faces  per¬ 
pendicular  to  (100)  and  (1 1 1)  has  been  observed. 

Selected  samples  were  packed  into  an  aperture  in  a  brass  plate  with  pure  In  and  clamped  as 
a  window  over  a  gallium-doped  Ge  photoconductor  cooled  to  near  4.2  K  for  low  temperature  IR 
•transmission.  Measurement  with  the  sample  at  an  unknown  higher  temperature  was  accom¬ 
plished  by  gluing  the  sample  over  an  aperture  by  one  comer  with  a  small  amount  of  insulating 
varnish.  Infrared  spectra  were  acquired  with  an  Fourier  transform  spectrometer. 

Cyclotron  resonance  was  carried  out  with  the  sample  attached  to  a  heated  block  in  a  super¬ 
conducting  magnet.  In  this  system  the  transmission  of  a  submillimeter  laser  (0.667  mm)  is  meas¬ 
ured  while  the  magnetic  field  is  scaimed  through  the  resonance.  The  minimum  temperature  for 
which  the  free  electron  concentration  exceeded  our  threshold  for  reliable  measurement  was  28K. 
Above  53  K  the  absorption  at  resonance  was  sufficiently  saturated  that  reliable  quantitative  ab¬ 
sorption  strength  determination  was  not  possible. 

Photoluminescence  studies  were  carried  out  with  the  sample  immersed  in  cooling  helium 
vapor/liquid  with  several  laser  sources  and  excitation  powers.  Measurements  at  low  power/high 
resolution  and  at  high  power/low  resolution  were  made. 


RESULTS 

A  typical  IR  transmittance  spectrum  is  shown  in  Fig.  1.  There  are  two  sequences  of  donor 
excitation  absorption  lines,  a  sharp  sequence  with  the  ls(A,)  -  2pq  line  at  32.54  meV  and  a  broad 
one  with  ls(A,)  -  line  at  38.99  meV.  The  broad  sequence  is  identified  as  nitrogen  on  the  car¬ 
bon  site  while  the  sharp  one  is  an  unknown  donor.  The  strong  absorption  in  the  neighborhood  of 
the  lattice  optical  phonons  is  seen  to  the  right  of  the  Fig.  As  a  result  of  this  strong  absorption  and 
the  strong  two-phonon  bands  at  greater  energies,  a  large  part  of  the  mid  IR  is  inaccessible  for 
transmission  studies.  However,  we  can  see  from  Fig.  1  that  there  are  no  excitation  lines  from  do¬ 
nors  with  binding  energies  greater  than  the  N  donor  but  smaller  than  about  90  meV.  Similar 
spectra  at  energies  to  10  meV  also  show  no  observable  additional  donors.  From  this  data  alone 


718 


we  can  determine  that  there  are 
two  donors  present  with  binding 
energies  near  the  expected  value 
for  an  effective  mass  single  donor 
and  no  other  donors  in  apprecia¬ 
ble  concentrations  in  this  sample 
with  binding  energies  less  than 
about  90  meV.  This  result  is 
characteristic  of  the  material  dis¬ 
cussed  here. 

A  portion  of  this  spectrum  is 
given  in  Fig.  2  as  an  absorption 
coefficient  spectrum.  Several  ex¬ 
citation  transitions  are  identified 
with  the  designations  of  the  final 
state  of  the  transition.  Both  se¬ 


quences  in  this  spectrum  originate  Fig.  1.  A  typical  infrared  transmittance  spectrum.  Fea- 
on  the  ls(Aj)  ground  state  of  the  appearing  above  about  80  meV  may  not  be  ob- 

relevant  donor.  An  unusual  fea-  served  due  to  the  strong  phonon  absorptions, 
hire  of  these  spectra  is  the  promi¬ 
nent  line  at  high  energy  labeled  4f^.  This  transition  appears  in  most  published  spectra  to  be 
weaker  than  its  neighbors  [7]  but  is  identified  as  strong  in  photo-thermal  excitation  spectra  of  Ge 
donors  [8]  and  appears  in  Fig.  2  at  a  position  which  agrees  much  better  with  theory  [9]  than  any 
other  choice.  Thus  this  designation  appears  to  be  the  preferred  one. 

Transition  energies  and  binding  energies  for  the  excited  states  have  been  tabulated  [10]. 
These  data,  when  fitted  to  theory  [9]  give  an  activation  energy  of  54.2  meV  for  N  and  47.8  meV 
for  the  shallow,  essentially  effec¬ 


tive  mass,  donor  (EMD).  The 
narrow  line  widths,  especially  in 
the  sharp  sequence,  and  modest 
absorption  strength  indicate  that 
the  material  is  unusually  pure  for 
3C-SiC.  These  observations  will 
be  quantified  below.  Similar 
spectra  taken  on  a  warmed  sample 
exhibit  transitions  originating  on 
the  ls(E)  ground  state,  indicating 
an  8.34  meV  valley-orbit  splitting. 
These  ls(E)  transitions  are  some¬ 
what  broader  than  those  originat¬ 
ing  on  the  ls(A])  ground  state  at 


the  same  temperature  and  suggest 


Energy  (meV) 


that  the  ls(E)  ground  state  may  be 


split.  One  possible  source  of  pjg  2.  Absorbance  of  3C-SiC  near  4.2K.  The  differ- 
ls(E)  ground  state  splitting  would  linewidth  for  the  broad  (N)  transitions  and  the 

be  a  conduction  band  minimum  transitions  is  clearly  seen, 

slightly  off  the  X-point  in  the 


Brillouin  zone. 
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Fig.  3.  Electron  scattering  time  as  a  function  of  tempera¬ 
ture  from  the  cyclotron  resonance  linewidth.  The  data 
follow  an  approximate  dependence. 


The  free  electron  concentra-  io-'°r _ i _ i _ i _ 

tion  and  the  electron  scattering  ;  Bulk3C-SiC 

time/mobility  can  be  calculated  -s-  i  - 

from  the  cyclotron  resonance  ah-  “.  ' 

sorption  strength  and  linewidth,  | 

respectively.  The  free  electron  P 

concentration  as  a  function  of 

temperature  determined  from  CR  f  : 

[11]  can  be  modeled  as  due  to  «  :  • 

thermal  excitation  of  donors  in  §  ■  *  - 

the  same  way  that  carrier  concen-  '§ 
trations  from  Hall  effect  are  mod- 
eled  [1].  The  CR  line  strength  as 

a  function  of  temperature  is  con-  ^*^  20  30  40  50  60 

sistent  with  either  a  heavily  com-  Temperature  (K) 

pensated  very  shallow  donor  near 

15  meV  or  with  an  essentially  ef-  pjg  3  Electron  scattering  time  as  a  function  of  tempera- 
fective  mass  donor  and  low  cyclotron  resonance  linewidth.  The  data 

compensation.  follow  an  approximate  T'^^  dependence. 

The  electron  scattering  time 

from  the  cyclotron  resonance  line  width  is  given  in  Fig.  3  as  a  function  of  temperature.  The  slope 
of  the  temperature  dependence  is  consistent  with  the  expected  for  acoustic  phonon  scattering 
and  quite  different  from  the  T^^'^^expected  for  ionized  impurity  scattering.  TTierefore,  the  ob¬ 
served  scattering  times  are  a  lower  limit  on  the  ionized  impurity  scattering  times  .  If  the  electron 
scattering  time  indicated  at  30  K  in  Fig.  3  were  entirely  due  to  ionized  impurity  scattering,  then 
the  ionized  impurity  concentration  calculated  by  the  Brooks-Herring  formalism  would  be  about 
4  X  10*'*  cm'^  [11].  An  analogous 
result  has  been  found  for  3C-SiC 

grown  on  Si  [5].  Ionized  impurity  P  '  '  '  '  H 

scattering  also  can  be  estimated  :  3C-SiC  <  - 

from  the  widths  of  the  donor  exci-  ‘  '  z  a. 

tation  transitions.  The  actual  nu-  §  =  g  °  ] 

merical  result  depends  on  ^  5  ^  ; 

presently  unknown  details  of  the  |  i  ®  ]i  ^ 

impurity  state  wavefunctions.  ^  ^ 

However,  ionized  impurity  con-  111  ; 

centrations  can  be  estimated  based  S  I  ^ 

on  results  for  phosphorous  in  Si  -  10^  r  j  /  I  J*  ^ 

which  has  a  binding  energy  ap-  iLV  jHimh 

proximating  that  of  N  in  SiC.  ^ 

These  estimates  yield  a  maximum  kfL-j - 1 - 1 - 1 - 1 - j - 1 - 1 - lS 

.  .  ,  .  ..  ,  f  2.05  2.10  2.15  2.20  2.25  2.30  2.35  2.40  2.45 

lomzed  impurity  concentration  of 

-7  1  ni4  -3  i  1  f  Energy  (eV) 

7  X  10  cm  for  the  sample  of 

Fig.  3  [12].  Thus  the  two  tech-  pj^  ^  Photoluminescence  at  high  power.  Zero- 

niques  yield  similar  results  and  phonon,  one-phonon,  two-phonon,  and  two-electron  sat- 

both  ionized  impurity  concentra- 
tion  estimates  are  much  too  low  to 
be  consistent  with  a  compensated 


2.05  2.10  2.15  2.20  2.25  2.30  2.35  2.40  2.45 
Energy  (eV) 

Fig.  4.  Photoluminescence  at  high  power.  Zero- 
phonon,  one-phonon,  two-phonon,  and  two-electron  sat¬ 
ellites  are  seen. 
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shallow  donor  near  15  meV. 

Therefore  it  is  concluded  that  con¬ 
duction  due  to  the  two  donors 
near  50  meV  dominates  and  the 
total  concentration  of  these  do¬ 
nors  is  less  than  1.4  x  lO’^  cm'^. 

The  electron  scattering  times  in 
Fig.  3  correspond  to  an  acoustic 
phonon  limited  mobility  of  91,000 
cm^  v''  s’*  at  30K  and  extrapolate 
to  2,900  cm^  v'*  s'*  at  300K. 

Photoluminescence  at  a  high 
level  of  excitation  is  given  in  Fig. 

4.  The  intensity  scale  is  logarith¬ 
mic  in  order  to  show  both  effi¬ 
cient  and  inefficient  processes. 

This  spectrum  shows  features 
similar  to  those  observed  by  oth¬ 
ers  on  3C-SiC  [13,  14].  The  prin¬ 
cipal  features  here  include, 
beginning  at  high  energy,  the  no-phonon  nitrogen  bound  exciton  (N  OP),  bound  multi-exciton 
complexes  (BMEC),  beginning  with  the  strong  two-exciton  emission  line  traditionally  labeled  B. 
Free  excitons  do  not  luminescence  without  momentum  conserving  phonons  so  the  first  free  exci¬ 
ton  observed  is  the  TA  replica  (FX+TA).  This  is  followed  by  an  unlabeled  TA  replica  of  a  fea¬ 
ture,  previously  observed  but  unidentified,  which  we  assign  to  the  TA  replica  of  an  exciton 
bound  to  the  unidentified  effective  mass  donor,  EMD.  Next  are  regions  dominated  by  the  LA, 
TO  and  LO  phonon  replicas  of  features  observed  at  higher  energies.  The  sharp  lines  around  2.24 
eV  are  TO  and  LO  replicas  of  two-electron  satellite  transitions  leaving  N  in  an  excited  state.  Fi¬ 
nally,  there  are  the  two-phonon  replicas. 

Many  of  these  features  are  also  shown  in  Fig.  5  which  was  taken  at  high  resolution  but  low 
power.  Although  the  power  is  too  low  to  see  the  free  exciton,  the  BMEC  lines  are  present,  even 
in  the  no-phonon  region.  The  TA  phonon  spectrum  reveals  a  new  sequence  not  present  without 
phonon  participation.  This  sequence,  denoted  the  MCP  series,  appears  to  be  a  BMEC-like  series 
which  is  observed  only  with  the  momentum  conserving  phonons.  Its  identification  is  not  yet 
clear.  All  observed  features,  including  the  MCP  series,  are  consistent  with  association  with  ei¬ 
ther  N  or  EMD.  The  positions  of  the  observed  features  have  been  determined  from  this  high 
resolution  spectrum  and  are  tabulated  in  Table  I. 

SUMMARY 

Infrared  transmission,  cyclotron  resonance  and  photoluminescence  studies  of  3C-SiC  grown 
from  thermal  decomposition  of  methyl  trichlorosilane  indicate  that  the  material  is  of  very  high 
purity.  No  donors  other  than  nitrogen  and  an  unidentified  effective  mass  donor  are  seen  by  any 
of  these  techniques.  These  studies  indicate  that  the  total  neutral  N  plus  EMD  concentration  is  1  x 
10*^  cm’^  or  less  and  the  ionized  impurity  concentration  is  in  the  10*“*  cm’^  range.  This  material 
appears  to  be  the  purest  SiC  presently  available. 

This  work  was  supported  in  part  by  the  Office  of  Naval  Resetirch. 
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Fig.  5  Photoluminescence  at  high  resolution. 
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Table  I,  Positions  and  identifications  of  the  stronger  luminescence  lines. 


Position  (eV) 

Identification 

Position  (eV) 

Identification 

2.3788 

BMEC-1 

2.2962 

MCP-1  +  LA(x) 

2.3709 

BMEC-2 

2.2914 

BMEC-2  +  LA(x) 

2.3649 

BMEC-3 

2.2897 

MCP-2 +  LA(x) 

2.3346 

EMD-l+TA(x) 

2.2843 

BMEC-1  +  TO(X) 

2.3325 

BMEC-1  +  TA(x) 

2.2812 

MCP-1  +  TO(x) 

2.3294 

MCP-1  +  TA(x) 

2.2759 

BMEC-1  +LO(x) 

2.3246 

BMEC-2  +  TA(x) 

2.2728 

MCP-1  +  LO(x) 

2.3229 

MCP-2  +  TA(x) 

2.2704 

BMEC-3  +  TO(x) 

2.3188 

BMEC-3  +  TA(x) 

2.2679 

BMEC-2 +  LO(x) 

2.2993 

BMEC-1  +  LA(x) 

Notes:  All  bound  excitons  are  bound  to  nitrogen  unless  designated  EMD,  indicating  the  unidenti¬ 
fied  effective  mass  donor.  BMEC  indicates  bound  multiexciton  complex  and  is  followed  by  the 
number  of  bound  excitons.  MCP  indicates  the  BMEC-like  series  observed  only  with  momentum 
conserving  phonons. 
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ABSTRACT 

Characterization  of  C  ion  implanted  silicon  layers  were  performed  by  fourier 
transformation  infrared  (  FT-IR  )  spectroscopy  and  electron  spin  resonance  (  ESR  )  methods. 
Microcrystalline  /3-SiC  including  amorphous  Si  are  formed  in  the  Si  surface  region  by 
annealing  at  1200  °C  following  hot  (  450  “C  )  implantation.  The  ESR  analysis  revealed  the 
presence  of  two  kinds  of  defect  centers  in  SiC  layer  formed  by  implantation,  i.e.  Si  dangling 
bond  (  g=2.0060,  A  Hpp=6  Oe  )  in  the  amorphous  Si  and  Si  dangling  bond  with  C  atom 
neighbors  (  g=2.0032,  A  Hpp=3  Oe  ).  Heating  substrate  during  implantation  prevents  the 
formation  of  carbon  clusters  on  the  Si  surface. 

INTRODUCTION 

SiC  is  an  interesting  semiconductor  material  because  its  wide  band  gap  together  with  its 
thermal  and  chemical  stability  make  it  suitable  for  the  fabrication  of  devices  that  can  operate 
at  high  temperature  and  high  radiation.  One  technique  of  the  SiC  formation  is  to  implant  a 
silicon  wafer  with  a  high  dose  of  carbon  ions  [1, 2].  This  technique  has  the  advantage  that  SiC 
is  able  to  be  formed  in  the  low  temperature  range  as  compared  with  CVD  method.  The 
structures  of  SiC  formed  by  implantation  strongly  depends  on  the  implantation 
temperature  [3].  However,  up  to  now  very  few  investigations  have  been  made  into  the  effects 
of  implantation  temperature  on  the  structural  properties  of  the  formed  SiC  films.  In  this  paper, 
we  report  the  characterization  of  SiC  formed  by  low  energy  and  high  dose  C  ion  implantation 
into  silicon  surface  for  low  implantation  temperature  range. 

EXPERIMENTAL 

The  specimens  used  in  this  study  were  made  of  p-type  silicon  with  resistivity  in  the 
range  of  1  -  10  f2cm.  Mass-separated  carbon  ions  with  30  keV  to  1X10'^  -  5X10'7cm^ 
were  implanted  into  the  silicon  substrates.  The  substrates  were  kept  at  room  temperature 
(  R.T.  )  or  at  450  °C  during  implantation.  The  pressure  of  the  chamber  was  1 X 10"*  torr 
during  C^  ion  implantation  into  the  Si  substrate.  The  average  C*  ion  current  density  was 
5  /iA/cm^.  The  samples  were  annealed  in  the  temperature  range  of  room  temperature 
-  1200  °C  in  an  argon  atmosphere.  Formation  of  Si-C  bonds  in  ion  implanted  and  annealed 
layer,  was  observed  by  FT-IR  measurement  at  room  temperature.  The  distribution  of  the 
implanted  C  atoms  into  the  Si  substrate  was  measured  by  Auger  electron  spectroscopy 
(  AES  ).  Moreover,  defect  structures  were  analyzed  by  an  ESR  measurement  at  room 
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temperature.  ESR  measurements  were  performed  using  the  X-band  spectrometer.  The  g-value, 
line  width  (  AHpp  )  and  signal  intensity  were  determined  using  the  signal  of  Mn^*  or  DPPH 
as  calibration  reference. 


RESULTS  AND  DISCUSSION 


As-implanted  state 


Fig.  1  shows  IR  absorption  spectra  for  <111>  Si  samples  which  were  implanted  with 
30  keV  C  ions  to  a  dose  of  1 X  10*7cm^  The  broad  IR  absorption  spectra  were  observed  at 
730  cm"'  for  Si  implanted  at  room  temperature  and  at  760  cm"’  for  Si  implanted  at  a  substrate 
temperature  of  450  °C,  respectively.  The  broad  absorption  spectmm  at  around  730  cm"’ 
originated  from  Si-C  bonds,  which  were  in  a  weak  binding  state  within  high  dose  C  ion 
Implanted  layer.  When  the  substrate  temperature  increased  to  450  °C,  the  peak  position  of  the 
spectrum  shifted  to  760  cm"'  without  increase  of  IR  intensity.  This  result  implies  that  hot 
implantation  leads  to  the  formation  of  tighter  Si-C  bonds  in  the  Si  surface  than  the  R.T. 
implantation  [4]. 

Fig.  2  shows  the  ESR  signals  of  as-implanted  samples.  The  g-value  of  the  signals  were 
2.0046  for  R.T.  implantation  and  2.0041  for  hot  implantation.  These  signals  result  from 
amorphous  SIC  formed  in  the  implanted  silicon  surface  layer.  Shimizu  reported  the  ESR 
signals  observed  from  a-SixC,.x  films  prepared  by  RF  sputtering,  and  the  g-value  of  the  ESR 
signal  is  varied  from  2.0057  at  X=0  to  2.0028  at  X=0.5  [5].  Furthermore,  C.  O'Raifertaigh  et 
al  reported  that  the  g  value  shifted  from  2.0037  to  2.0029,  as  the  200  keV  C  ion  dose 
increased  from  7.5  X 10”  to  2.3  X 10’*  [6].  The  observed  ESR  signal  with  g-value  of  2.0041 
and  2.0046,  therefore,  arises  mainly  from  a  dangling  bond  in  a  silicon-rich  amorphous  SiC 
layer  formed  by  C  ion  implantation. 


Ei=30I(bV 

Dose=1x10'Vcm* 


Fig.  1.  Infrared  absorption  spectra  of 
silicon  implanted  with  1 X  10”/cm^  at 
30  keV.  (  Tsi  substrate  temperature  ) 
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Fig.  2.  ESR  signals  of  as-implanted 
silicon. 


Annealed  state 


When  the  samples  used  in  Fig.  1  were  annealed  at  1200  °C,  the  IR  absorption  peak 
shifted  to  800  cm"'  with  decreasing  its  full  width  at  half-maximum  (  FWHM  )  as  shown  in 
Fig.  3(a)  and  (b).  Moreover,  the  intensity  of  absorption  spectrum  of  Fig.  3(b)  is  stronger  than 
that  of  Fig.  3(a).  This  implies  that  loose  Si-C  bonds  in  C  ion  implanted  layer  are  varied  to 
tighter  Si-C  bonds  and  a  crystalline  SiC  are  formed  in  the  implanted  layer  [7,  8].  Next,  the 
defect  structures  of  implanted  layer  were  investigated  by  ESR  measurement. 

Fig.  4  shows  the  typical  ESR  signal  for  the  R.T.  and  hot  implanted  samples  annealed  at 
1200  °C.  While  the  signal  of  Fig.  4(a)  is  an  unsymmetrical  line  shape,  the  ESR  signal,  which 
is  identical  with  that  of  Fig.  4(b)  is  observed  after  thermal  treatment  at  400  °C  in  oxygen 
atmosphere  as  shown  in  Fig.  5.  We  decomposed  the  ESR  signal  of  Fig.  4(b)  into  two  kinds 
of  ESR  lines  as  shown  in  Fig.  6  using  computer  simulation.  The  ESR  line  with  a  g-value  of 
2.0060  in  Fig.  6(a)  is  identical  with  the  signal  in  the  amorphous  silicon  that  is  known  as  the 
a-center  [9].  The  ESR  line  in  Fig.  6  had  a  g-value  of  2.0034,  which  arises  from  Si  dangling 
bond  with  C  atom  neighbors  in  the  SiC  region  formed  by  annealing  at  1200  °C  [10].  In 
general,  the  a-center  created  by  ion  implantation  into  silicon  disappeared  at  annealing  above 
650  °C  and  implanted  damaged  layer  is  recrystallized.  However,  an  amorphous  silicon  region 
remained  stable  in  the  implanted  layer  even  after  annealing  at  1200  °C  in  this  case. 

From  the  above  results,  the  formed  ^-SiC  region  seems  to  be  a  microcrystal  with 
amorphous  silicon  clusters. 


Ei=30keV 

DO5e=1x10’’/cm' 

aUer  annealing  al  1200*0 


Fig.  3.  Infrared  absorption  spectra  Fig.  4.  ESR  signals  for  the  samples 

for  the  samples  after  annealed  at  after  annealed  at  1200  °C. 

1200  °C. 


T2S> 


Ts=R.T. 

after  thermal  treatment 
at  400°C  in  Oxygen  atomosphere 


10  Oe  H 


Fig.  5.  ESR  signal  for  the  sample 
(  used  in  Fig.  4(a) )  after  thermal 
treatment  at  400  °C  in  oxygen 
atmosphere. 


Fig.  7  shows  the  depth  profiles  of  the  C  and  Si  atoms  measured  by  Auger  electron 
spectroscopy  (  AES  )  for  the  as-implanted  and  the  annealed  samples.  The  distribution  of  the 
C  atoms  coincided  with  the  Gaussian  distribution  predicted  from  LSS  (  Lindhard,  Scharff  and 
Schiott  )  theory.  The  concentration  of  C  atoms  in  the  implanted  layer  reached  the  maximum 
value  of  1 X 10“  atoms/cm^  at  around  1000  A  from  the  substrate  surface.  The  C  atoms  of  R.T. 
implantation  diffused  toward  the  surface  much  more  than  those  of  hot  implantation. 

The  factors  affecting  the  ESR  signal  by  the  thermal  treatment  in  oxygen  atmosphere 
could  be  as  follows:  The  weak  Si-C  bonds  were  formed  by  C  ion  implantation  into  Si  at  R.T. 
The  implanted  C  atoms  diffused  toward  the  surface  to  form  a  carbon  cluster  together  with 
formation  of  0-SiC. 

Carbon  cluster,  including  with  amorphous  carbon  (  a-C )  and  graphite,  which  reacted 
the  oxygen  atoms,  removed  from  the  surface  as  carbon  monoxide  etc.  by  thermal  treatment 
at  400  °C  in  oxygen  atmosphere  [11].  Only  the  microcrystallinc  0-SiC  remained  in  C  ion 
implanted  layer.  In  contrast,  the  C  atoms  of  hot  implantation  hardly  diffuse  toward  the  surface 
and  prevent  the  formation  of  carbon  clusters  in  the  surface  region  after  annealing. 


10  Oe  H 


Fig.  6.  The  ESR  signal  of  Fig.  4(b) 
was  decomposed  into  two  kinds  of 
ESR  lines  using  computer 
simulation. 

(a)  Si-dangling  bonds  in  the 
amorphous  layer  created  by 
implantation  (  a-center,  g=2.0060  ). 

(b)  Si-dangling  bond  with  C  atom 
neighbors  ( g=2.0034  ). 
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Fig.  7.  AES  depth  profiles  of  C  and 
Si  atoms  for  as-implanted  and 
annealed  sample. 


0  1000  2000 
Depth  (A) 


High-dose  implanted  Si  surface  state 

With  increasing  C*  ion  dose  to  5  X  lO'Vcm^  a  symmetrical  ESR  signal  with  g=2.0032 
was  observed  for  hot  implanted  sample  as  shown  in  Fig.  8(a).  However,  the  a-center  is  not 
observed.  Intensity  of  the  ESR  signal  decreased  by  annealing  at  1200  ‘'C  in  argon  atmosphere. 
Moreover,  the  IR  absorption  spectnim  at  800  cm"*  and  the  decreased  FWHM  were  also 
observed  for  the  annealed  samples.  At  the  dose  of  5  X 10”  ions/cm^  the  maximum 
concentration  of  C  atoms  in  Si  was  5X10“  atoms/cm^  which  correspond  to  a  C/Si  atomic 
ratio  of  1.  These  results  suggest  that  the  crystalline  SiC  was  formed  with  annealing  at  1200  °C 
and  high  C'  ion  dose  of  hot  implantation. 


Dose=5x10'Vcm* 

T8=R.T. 


Fig.  8.  ESR  signals  for  as-implanted 
and  annealed  samples.  The  30  keV  C 
ion  with  5  X  10*Vcm“  were  implanted 
into  Si  substrate. 


10  Oe  H 
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SUMMARY 


We  have  studied  the  characterization  of  i3-SiC  formed  by  R.T.  and  hot  implantation 
into  Si  surface  using  IR  and  ESR  measurements.  The  silicon  surface  layer  changed  into 
Si-rich  amorphous  SiC  for  as-implanted  state.  However,  microcrystalline  0-SiC  with 
amorphous  Si  is  formed  in  the  Si  surface  region  after  annealing  at  1200  °C.  Furthermore, 
amorphous  carbon  on  the  SiC  layer  is  removed  by  thermal  treatment  at  400  °C  in  the  oxygen 
atmosphere.  The  ESR  analysis  revealed  the  presence  of  two  kinds  of  defect  centers  in  the  SiC 
layer  formed  by  C  ion  implantation,  that  is  Si  dangling  bond,which  is  known  as  the  a-center 
(  g=2.0060  )  of  amorphous  silicon  and  Si  dangling  bond  with  C  atom  neighbors  (  g=2.0032  ). 

The  authors  wish  to  thank  Mr.  M.  Iwase  and  Mr.  N.  Arai  for  useful  discussions  and 
Mr.  M.  Takahashi,  Miss  M.  Sugita  and  Mr.  A.  Aizawa  for  experimental  supports. 
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ABSTRACT 

For  high-power  device  applications  SiC  has  better  physical  and  electronic  properties  than  the 
traditional  semiconductor  materials  Si  and  GaAs.  In  this  work,  structural  defects  of  4H  SiC 
wafers  have  been  studied  and  partly  compared  with  results  from  a  previous  study  of  6H  material. 
Optical  microscopy,  scanning  electron  microscopy,  high-resolution  X-ray  diffraction  and 
synchrotron  X-ray  topography  were  used  for  structural  studies  of  4H  SiC.  Optical  micrographs 
show  micropipes  and  larger  specific  defects  -  tubes  and  cracks.  X-ray  rocking  curve  pe^s  are 
broad  and  split  revealing  the  mosaicity  of  the  material.  Synchrotron  X-ray  topographs  show 
areas  having  a  large  number  of  defects,  images  of  cracks  and  micropipes,  and  misorientated 
regions  close  to  the  micropipes. 


INTRODUCTION 

SiC  has  different  properties  depending  on  the  polytypic  structure.  For  power  applications  4H 
may  be  preferred  to  6H  because  of  its  higher  mobility  and  theoretically  higher  breakdown  electric 
field.  Commercially  available  4H  SiC  material  is  grown  with  a  seeded  modified-Lely  technology 
in  a  similar  manner  as  6H  wafers,  and  may  therefore  contain  similar  structural  variations. 

In  this  work,  by  using  several  non-destructive  structure  sensitive  techniques,  an  attempt  is 
made  to  reveal  specific  Imperfections  of  the  crystal  structure  of  4H  SiC  material.  We  have 
studied  modified  Lely  grown  4H  SiC  wafers,  with  a  (0001)  basal  plane  orientation.  The  wafers 
were  1  3/16  inch  in  diameter,  from  Ciee  Research,  Inc.,  Durham,  NC,  USA.  In  addition,  Lely 
grown  4H  SiC  platelets  with  the  same  basal  plane  were  studied  to  compare  with  the  same 
material  but  different  sublimation  growth  process. 


EXPERIMENTAL  TECHNIQUES 

The  sample  surface  was  investigated  by  means  of  an  optical  microscope  and  a  scanning 
electron  microscope  (SEM).  The  samples  were  examined  with  a  Nikon  Metallurgical  Microscope 
in  the  reflection  mode.  Nomarski  contrast  and  polarization  were  used.  SEM  pictures  were  taken 
with  Cambridge  Instruments  Steieoscan  MK3  microscope.  The  accelerating  voltage  was  15  kV 
and  the  working  distance  was  10  mm.  The  samples  were  only  slightly  tilted  and  pictures  were 
produced  in  the  secondary  electron  mode. 

Synchrotron  white  beam  X-ray  topography  [1]  was  applied  to  make  section  and  large-area 
transmission  topographs.  Reflection  topographs  were  taken  as  well.  In  section  topography  the 
sample  was  exposed  to  the  beam  at  an  angle  of  26°  between  incident  beam  and  the  sample 
surface.  The  beam  size  was  limited  with  a  horizontal  slit  having  a  typical  height  and  width  of 
15  pm  and  5  mm,  respectively.  Transmission  Laue  patterns  were  imaged  on  a  high  resolution 
film  behind  the  sample.  In  the  large-area  topography,  sample  surfaces  were  orientated 
perpendicularly  to  a  3x3  mm^  incident  beam.  Finally,  in  reflection  mode  the  sample  surface  was 
placed  at  an  angle  of  1°  to  the  incident  beam,  while  the  beam  spot  size  varied  up  to  12  mm  in 
width. 
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High  resolution  X-ray  diffraction  measurements  were  carried  out  with  a  Philips  MRD 
1880/HR  equipped  with  a  3  kW  Cu  X-ray  source.  Rocking  curves  (to  and  20/0))  and  high- 
resolution  topographs  were  exploited.  The  measurement  technique  has  been  described  elsewhere 
[2]. 


RESULTS  AND  DISCUSSION 

Initially,  the  samples  were  examined  by  optical  microscopy  in  the  reflection  mode.  In  the 
modified  Lely  samples  cracks  and  micropipes  were  found,  some  of  them  being  visible  to  the 
naked  eye.  Since  the  material  is  transparent,  it  was  possible  to  follow  micropipes  through  the 
whole  wafer.  We  observed  that  some  holes  did  not  go  through  the  sample  but  were  connected  to 
each  other  forming  a  tube  in  the  basal  plane.  These  tubes  were  located  at  different  depths  in  the 
material  and  the  holes  they  connected  did  not  necessarily  have  an  orientation  parallel  to  the  c- 
axis.  In  the  Lely  samples  no  such  defects  were  found,  however,  some  did  contain  basal  plane 
defects  inside  the  sample. 

Similar  results  were  obtained  from  SEM  studies.  In  the  modified  Lely  samples  cracks, 
micropipes,  holes  and  pits  were  observed.  Often  the  defects,  except  long  cracks,  were  gathered 
in  certain  areas  surrounded  by  a  boundary  containing  holes  and  pits  (Figure  1).  The  dimensions 
of  these  areas  were  of  the  order  of  millimeters,  while  individual  hole  diameters  were  either  tens 
of  micrometers  or  1  to  2  pm,  the  average  density  being  lO^-lO^  cm-2.  The  diameter  of  the  pits 
observed  was  about  0.5  pm. 


Figure  I  SEM  image  of  defect  clustering  in  modified  Lely  grown  4H  SiC. 

Cracks  from  a  half  mm  to  2  mm  long  were  observed.  It  seemed  that  the  cracks  were  always 
associated  with  hexagonally  shaped  holes,  which  we  believe  are  micropipes  (Figure  2).  Only  a 
few  cracks  were  found  in  the  middle  part  of  the  wafer  but  they  could  frequently  be  found  at  the 
edges.  By  comparison,  the  surface  of  Lely  samples  appeared  to  be  free  of  structural  defects.  This 
is  believed  to  result  from  the  orientation  of  the  basal  plane  defects  reducing  their  visibility  on  the 
surface. 
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Figure  2  SEM  image  of  cracks  in  modified  Lely  grown  4H  SiC. 


Figure  3a  shows  a  synchrotron  topograph  of  one  4H  SiC  Lely  grown  sample.  In  the  picture  a 
damaged  area  having  high  dislocation  density  and  a  group  of  voids  is  seen.  These  particular 
areas  were  in  contact  with  the  graphite  crucible  where  the  platelets  nucleated.  Further  away  from 
the  defect  area  the  material  has  higher  quality,  but  dislocation  networks  can  still  be  seen  in  the 
section  topographs  (Figure  3b).  In  transmission  and  reflection  topographs  these  defects  image  as 
black  strain  contrast  on  the  grey  background  image.  In  some  topographs  taken  outside  of  the 
damaged  area  one  can  observe  fringes  due  to  the  interference  of  wave  fields  inside  the  material. 
These  PendellQsung  fringes  indicate  that  material  quality  is  very  high. 


Figure  3  (a)  Synchrotron  X-ray  reflection  topograph  taken  from  a  damaged  area  of  Lely  grown 
4H  SiC  platelet,  (b)  Section  topograph  showing  the  damaged  area  and  the  dislocation  network. 

The  synchrotron  X-ray  topographs  taken  from  the  modified  Lely  grown  sample  are  more 
complicated  than  the  pictures  taken  from  the  Lely  samples  due  to  a  relatively  higher  defect 
density  giving  rise  to  dark  kinematical  contrast.  However,  micropipes  are  clearly  seen  in  the 
reflection  picture  as  white  circles  or  ellipses  because  the  hollow  cores  do  not  diffract  any  of  the 
beam  (Figure  4). 
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Figure  4  Synchrotron  X-ray  reflection  topograph  of  modified  Lely  4H  SiC  wafers. 


Similarly,  micropipes  with  a  diameter  larger  than  the  resolution  of  the  film  are  seen  as  a  white 
spot  in  transmission  topographs,  and  they  can  easily  be  recognized  by  the  black  strain  contrast, 
i.e.  an  increased  X-ray  intensity,  arising  in  the  crystal  around  them.  In  the  section  topograph 
(Figure  5),  where  the  image  is  a  sum  of  through  and  near  surface  strain  effects,  the  micropipes 
image  as  a  black  stripe  going  through  the  wafer,  while  the  crack  image  is  white.  Occasionally,  a 
white  spot  is  visible  in  the  middle  of  the  black  stripe  as  the  positive  and  negative  strain  fields  are 
imaged  on  either  side  of  the  micropipe.  In  the  section  topographs  the  effect  of  misorientation  is 
clearly  seen  as  a  bend  in  the  photo  image.  A  perfect  crystal  images  as  a  straight  line,  while 
misoriented  regions  reflect  the  beam  to  different  places  and  bend  the  stripe.  In  our  samples  the 
bending  starts,  where  a  micropipe  is  observed. 


Figure  5  Synchrotron  X-ray  section  topograph  of  modified  Lely  4H  SiC  wafer. 

In  the  transmission  large-area  topograph,  a  micropipe  is  seen  as  a  large  dark  spot  appearing  in 
several  different  planar  reflections.  There  are  also  black  stripes  emerging  from  the  spot,  which 
are  thought  to  be  glide  dislocations.  In  these  topographs,  very  little  strain  contrast  is  associated 
with  the  cracks,  which  suggests  that  these  defects  arise  from  strain  relaxation.  The  cracks  appear 
as  a  white  area  in  the  pictures. 

In  the  rocking  curves  taken  of  the  modified  Lely  samples  mosaicity  is  observed  as  a  splitting 
of  the  CO  rocking  curve  (Figure  6).  The  crystal  consists  of  domains  which  are  slightly  misoriented 
to  each  other.  These  domains  satisfy  the  Bragg  conditions  at  slightly  different  orientations  to  one 
another,  and  the  broad  peak  is  a  superposition  of  their  individual  diffraction  peaks.  This  is 
illustrated  by  rocking  curves  taken  with  different  beam  spot  sizes.  As  one  can  see,  the  main  peak 
intensity  does  not  increase  very  much  compared  to  the  width  of  the  curve  even  with  increasing 
spot  size  (and  concomitantly  increasing  domain  coverage).  It  is  to  be  noticed  that  the  shape  of 
rocking  curves  taken  from  defective  areas  and  defect  free  areas,  are  similar.  Additional  evidence 


can  be  obtained  from  the  diffraction  topographs,  which  are  images  of  the  diffracted  beam. 
Topographs  corresponding  to  different  peaks  in  the  rocking  curve  image  different  areas.  Similar 
phenomenon  has  been  observed  in  modified  Lely  grown  6H  SiC  wafers  [2]. 


Figure  6  Rocking  curves  and  the  (0004)  diffraction  topographs  of  modified  Lely  wafer. 


The  rocking  curves  taken  from  the  good  quality  region  of  the  Lely  samples  show  sharp  peaks 
with  higher  intensity  than  typically  seen  in  modified  Lely  sample  rocking  curves.  However, 
focusing  the  beam  on  the  distorted  part  of  the  crystal  one  can  see  similar  diffraction  peak  splitting 
as  in  the  modified  Lely  material. 

Rocking  curves  (to  and  20/o))  were  studied  with  (0004,  0008  and  00012)  reflections. 
Comparing  the  ratios  of  the  experimental  full  widths  at  half  maximum,  Whm>  with  the  theoretical 
values  one  can  draw  additional  information  about  the  defect  structure  within  the  crystal  [3,4].  For 
the  modified  Lely  material,  the  values  of  the  Whm  ratios  obtained  from  the  RC(20/co)  for  the 
same  reflections  are  smaller  than  the  theoretical  ones  for  randomly  distributed  dislocations  of 
high  density  and  suggest  most  probably  a  mosaic  domain  structure  (Table  I).  Similar  results  are 
obtained  for  the  rocking  curves  taken  from  the  damaged  area  in  the  Lely  sample. 

Table  I  Theoretical  and  experimental  values  of  the  (00012,  0008,  0004)  reflection  Whm  ratios. 


Whml2AVhm4 

Whml2/Whm8 

Whm8AVhm4 

Randomly  distributed  high 
density  dislocations 

7.0 

3.0 

2.3 

Mosaic  domain  structure 
with  dislocation  boundaries 

2.0 

1.2 

Experimental 

3.6 

2.4 

1.5 
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The  comparison  of  the  co  rocking  curve  Whm  values  for  different  reflections  shows  that  they 
become  smaller  as  the  2e  angle  increases  and  the  beam  penetrates  deeper  into  the  sample.  A 
possible  explanation  is  that  finally  the  beam  hits  only  one  domain  at  the  higher  order  reflection. 
However  in  the  highly  distorted  area  of  the  Lely  sample  Whm  for  the  (00012)  reflection  is  larger 
than  for  the  (0008)  reflection,  which  is  consistent  with  the  synchrotron  X-ray  topographic 
images.  This  "mosaicity"  in  the  Lely  sample  also  reduces  the  intensity  of  the  reflection  compared 
to  the  better  areas  in  the  same  sample  but  still  this  intensity  is  of  the  same  order  of  magnitude  as 
recorded  in  the  modified  Lely  sample. 


CONCLUSIONS 

In  conclusion,  by  using  a  variety  of  structure  sensitive  techniques  we  have  been  able  to  obtain 
independent  evidence  of  some  specific  structural  defects  in  4H  SiC.  Several  types  of  defects 
have  been  observed  in  the  modified  Lely  4H  SiC  wafers:  micropipes,  pits,  basal  plane  tubes, 
dislocation  lines,  strains  and  cracks.  Furthermore,  from  the  high-resolution  X-ray  diffraction 
measurements  it  appears  that  mosaicity  with  domain  misorientation  is  a  dominant  imperfection  in 
the  modified  Lely  grown  4H  wafers. 

A  comparison  has  been  made  with  the  crystal  structure  of  Lely  grown  platelets.  The  results 
obtained  suggest  that  the  growth  direction  plays  an  important  role  in  crystal  defect  formation. 
The  investigation  of  structural  defects  in  4H  SiC  wafers  has  shown  some  similarity  with  the  6H 
material  as  far  as  micropipes  and  mosaicity  are  concerned. 
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ABSTRACT 

Synchrotron  white  beam  X-ray  topography  has  been  used  to  characterize  defect  struc¬ 
tures  in  (0001)  6H-SiC  substrates  grown  by  the  sublimation  physical  vapor  transport  (PVT) 
technique  as  well  as  in  6H-SiC  epitaxial  thin  Aims  grown  on  these  substrates.  Defects  re¬ 
vealed  in  6H-SiC  substrates  include  super  screw  dislocations  and  basal  plane  dislocations. 
It  heis  been  found  that  back-reflection  topographs  are  particularly  suitable  for  imaging  such 
super  screw  dislocations  as  well  as  basal  plane  dislocations  whenever  transmission  topogra¬ 
phy  is  not  applicable.  Epitaxial  6H-SiC  thin  films  grown  on  such  (0001)  substrates  (tilted 
a  few  degrees  towards  the  a-axis)  were  also  examined  by  using  surface  sensitive  grazing 
Bragg-Laue  topography.  It  has  been  shown  that  super  screw  dislocations  were  replicated 
in  the  epitaxial  thin  films  but  no  basal  plane  dislocations  were  revealed  in  the  thin  films. 
Results  from  various  topographic  techniques  are  discussed. 

INTRODUCTION 

SiC  has  attracted  much  attention  as  a  wide  bandgap  semiconductor  in  recent  years 
from  both  fundamental  research  and  industrial  research  and  development  points  of  view 
[1,  2].  Although  the  crystalline  perfection  of  commercial  6H-SiC  single  crystal  wafers  is 
adequate  for  the  fabrication  of  many  types  of  devices,  defect  densities,  primarily  dislocation 
densities,  in  these  wafers  are  still  high,  ranging  from  10®  to  10'*  cm”®.  Among  the  defects 
present  in  the  crystals,  the  so-called  “micropipes”  [3,  4]  running  approximately  parallel  to 
the  (0001)  direction  in  PVT  6H-SiC  crystals  are  considered  to  be  most  detrimental  to  device 
performance.  Characterization  of  these  “micropipes”  as  well  as  other  structural  defects  in 
PVT  SiC  single  crystals  has  been  carried  out  by  optical  microscopy,  etch-pit  techniques 
[4]  and  transmission  electron  microscopy  (TEM)  [5],  with  the  two  latter  techniques  being 
destructive  in  nature. 

We  have  previously  reported  [6]  preliminary  results  of  the  characterization  of  defect 
structures  in  PVT  6H-SiC  (0001)  single  crystal  wafers  primarily  obtained  by  using  syn¬ 
chrotron  white  beam  X-ray  topography  (SWBXT)  as  a  non-destructive  technique  [7,  8]  and 
provided  evidence  that  the  “micropipes”  are  actually  Frank-type  open  core  super  screw 
dislocations  [9].  In  the  present  paper,  results  from  X-ray  topographic  studies  carried  out 
mainly  on  standard,  commercially  available  (0001)  6H-SiC  wafers  as  well  as  epitaxial  6H- 
SiC  thin  films  are  presented.  Recently,  a  back-reflection  diffraction  geometry  was  developed 
for  SWBXT,  which  has  been  found  suitable  for  mapping  the  super  screw  dislocations  in 
the  standard  (0001)  wafers.  Since  the  active  regions  of  most  semiconductor  devices,  such 
as  diodes  and  transistors,  are  located  within  a  very  small  depth  (usually  of  the  order  of  a 
few  microns)  beneath  the  wafer  surfaces,  the  study  of  defects  in  the  near-surface  regions  of 
wafers  (with  or  without  epitaxial  layers)  is  very  important  for  achieving  desired  device  per¬ 
formance.  To  this  end,  defects  in  6H-SiC  epitaxial  thin  films  grown  on  6H-SiC  (0001)  wafers 
were  exclusively  imaged  by  employing  a  surface  sensitive  Bragg-Laue  diffraction  geometry. 

735 

Mat.  Res.  Soc.  Symp.  Proc.  Vol.  339.  ^1994  Materials  Research  Society 


EXPERIMENTAL 


The  6H-SiC  substrates  are  standard  (0001)  wafers  of  one  inch  in  diameter  and  about 
300/im  in  thickness  cut  from  crystal  boules.  The  wafers  were  in  fact  cut  a  few  degrees  off 
the  exact  (0001)  plane  towards  the  a-axis  to  facilitate  homo-epitaxy  of  6H-SiC.  Most  of  the 
substrate  wafers  examined  were  polished  on  one  side  and  lapped  on  the  other  side,  which 
prevents  one  from  using  the  transmission  geometry  in  X-ray  topographic  studies  because 
strong  contrast  associated  with  the  strains  due  to  lapping  superimposes  with  that  associated 
with  other  crystal  lattice  defects.  As  a  result,  the  reflection  geometry  has  to  be  employed. 
Among  the  available  reflection  techniques,  the  grazing  incidence  Bragg-Laue  geometry  using 
synchrotron  white  X-rays  [10]  is  particularly  suitable  for  imaging  defects  in  the  near-surface 
region.  The  penetration  depth  of  the  X-rays  in  this  technique  is  varied  by  selecting  different 
grazing  incidence  angles  for  a  given  reflection  at  a  given  wavelength.  Defects  in  epitaxial 
thin  films  can,  therefore,  be  exclusively  imaged  by  making  the  X-ray  penetration  depths  less 
than  the  thickness  of  the  epitaxial  layer. 

In  addition,  a  back-reflection  geometry,  rarely  used  in  X-ray  diffraction  topographic 
techniques,  was  developed  for  the  synchrotron  white  beam  aiming  to  achieve  a  better  spatial 
resolution  for  imaging  the  super  screw  dislocations  or  “micropipes”  as  well  as  other  defects 
in  the  SiC  wafers  whenever  transmission  X-ray  topography  is  not  applicable. 

RESULTS 


X-ray  back-reflection  topographs  were  recorded  from  6H-SiC  wafers,  an  example  of  which 
is  shown  in  figure  1(a)  (  principal  reflection  g=00036,  A=0.98  A).  On  the  topograph,  the 


Figure  1.  Synchrotron  X-ray  topographs  recorded  from  a  (0001)  6H-SiC  wafer  in  (a)  back- 
reflection  (principal  g=00036  and  A=0.98  A)  and  (b)  transmission  (g=ll01,  A=0.78  A), 
respectively,  showing  super  screw  dislocations  (S)  as  well  as  basal  plane  dislocations  (B). 


circular  white  features  of  various  diameter  correspond  to  super  screw  dislocations.  Some 
of  these  super  screw  dislocations,  the  ones  exhibiting  large  circular  white  contrast  features 
on  the  back-reflection  topograph,  were  observed,  using  stereo  optical  microscopy,  as  “mi¬ 
cropipes”  running  approximately  parallel  to  the  wafer  surface  normal,  i.e.  (0001).  The 
larger  the  “micropipe”  diameter  (proportional  to  the  square  of  the  magnitude  of  the  Burg¬ 
ers  vector  of  the  super  screw  dislocation  associated  with  it  in  thermodynamic  equihbrium  [9]) 
observable  through  stereo  microscopy,  the  larger  the  diameter  of  the  circular  white  contrast 
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feature  on  the  corresponding  back-reflection  topograph.  The  faint,  dark  lines  connecting 
the  circular  features,  B,  on  the  back-reflection  topograph  are  associated  with  dislocations 
lying  in  the  basal  plane.  A  transmission  topograph  (g=ll01,  A=0.78  A)  recorded  from  the 
same  area  of  the  wafer  (polished  on  both  sides)  is  also  shown  in  figure  1(b),  where  the  dark 
dots  of  various  sizes  correspond  to  the  super  screw  dislocations,  e.g.  the  one  indicated  by  S 
on  both  topographs,  and  the  linear  features  comprising  a  network  are  associated  with  basal 
plane  dislocations. 

Back-reflection  topographs  were  also  recorded  from  those  wafers  polished  only  on  one 
side.  An  example  is  shown  in  figure  2(a)  (  principal  reflection  g=00036  and  A=0.98  A). 
Apparently,  there  are  some  broad,  dark  line  features  (  e.g.  indicated  by  L  )  associated  with 


Figure  2.  Back-reflection  topograph  (principal  reflection  g=00036,  A=0.98  A)  recorded 
from  a  (0001)  6H-SiC  wafer  polished  only  on  one  side  showing  that  contrast  associated  with 
lapping  marks  (L)  does  not  affect  contrast  associated  with  both  super  screw  dislocations 
(S)  and  basal  plane  dislocations  (B). 


strains  resulting  from  the  lapping  marks  on  the  backside  of  the  wafer.  However,  super 
screw  dislocations  as  well  m  some  basal  plane  dislocations  were  clearly  imaged,  even  in 
the  regions  where  the  contrast  associated  with  the  lapping  marks  superimposes  on  the 
contrast  associated  with  the  dislocations.  This  is  in  contrast  to  the  situation  in  transmission 
topography  for  wafers  polished  on  one  side  only,  where  contrast  features  due  to  lapping 
marks  are  much  more  extensive  and  hence  overwhelm  other  features  such  as  dislocation 
images,  making  transmission  topographs  effectively  unusable  for  such  standard  commercial 
SiC  wafers. 

X-ray  topographs  were  also  recorded  in  the  grazing  incidence  Bragg-Laue  geometry  from 
the  6H-SiC  substrate  wafers.  An  example  of  such  a  reflection  topograph  from  a  6H-SiC 
substrate  wafer  is  shown  in  figure  3(a),  where  g=1126,  A=1.10  A  and  the  X-ray  penetration 
depth  (absorption  depth)  is  5.6  /im.  The  elliptical  white  features  on  the  topograph  are 
associated  with  super  screw  dislocations  and  the  faint,  dark  lines  connecting  the  elliptical 
white  features  are  associated  with  bcisal  plane  dislocations.  The  X-ray  topograph  shown 
in  figure  3(b)  was  recorded  from  the  same  region  of  the  wafer  under  the  same  diffraction 
conditions  as  that  of  the  topograph  shown  in  figure  3(a)  after  a  6H-SiC  epitaxial  layer 
of  about  6  fim  thick  was  deposited  on  it.  Since  the  penetration  depth  of  X-rays  for  this 
topograph  was  also  controlled  to  about  5.6  fim,  defect  structures  in  the  epitaxial  layer  were 
revealed  exclusively.  By  comparing  these  two  topographs,  one  can  easily  find  that  each  of 


the  super  screw  dislocations  observed  in  the  substrate  were  replicated  in  the  epitaxial  layer, 
i.e.  the  elhptical  white  features  on  both  topographs.  However,  the  basal  plane  dislocations 
in  the  near-surface  region  of  the  substrate,  the  dark  lines  on  the  topograph  in  figure  3(a), 


Figure  3.  Reflection  topographs  (g=1126,  A=1.10  A)  recorded  from  (a)  the  substrate  and 
(b)  the  epitaxial  layer,  showing  that  super  screw  dislocations  (the  elliptical  white  features) 
in  the  substrate  were  replicated  in  the  epitaxial  layer  and  basal  plane  dislocations  (the  faint 
line  features)  were  not  observed  in  the  epitaxial  layer. 

were  not  observed  on  the  topograph  recorded  from  the  epitaxial  layer  shown  in  figure  3(b). 
The  elimination  of  basal  plane  dislocations  in  the  epitaxial  thin  films  is  certainly  significant 
and  highly  desirable. 

DISCUSSION 
Back-Reflection  Topography 

In  a  previous  report  [6],  a  ray-tracing  topography  technique  was  used  to  show  that  there 
are  significant  crystal  lattice  rotations  around  “micropipes”  and  the  senses  of  such  lattice 
rotations  are  opposite  on  the  two  diametrically  opposed  sides  of  a  “micropipe”,  indicating 
that  they  have  are  significant  lattice  strains  associated  with  them.  Growth  spirals  were 
routinely  observed  using  Nomarski  optical  microscopy  on  as-grown  surfaces  of  PVT  6H-SiC 
boules  and  holes  of  a  tenth  of  a  micron  to  a  few  microns  in  diameter  were  observed  at 
the  centers  of  the  growth  spirals  using  scanning  electron  microscopy  (SEM),  both  of  these 
features  always  correlating  with  the  positions  of  the  topographic  images  of  the  “micropipes”. 
This  evidence  suggests  that  the  so-called  “micropipes”  are  indeed  Frank-type  super  screw 
dislocations  with  open  cores.  It  is  also  evident  that  there  were  many  super  screw  dislocations 
of  various  smaller  magnitudes  of  Burgers  vector  that  had  no  visible  (via  optical  microscopy 
or  SEM)  open  cores  associated  with  them.  Device  yield  results  indicate  that  the  super  screw 
dislocations  with  smaller  Burgers  vectors  are  not  detrimental  to  device  performance.  The 
back-reflection  topographs  presented  here  not  only  support  the  conclusions  drawn  earlier, 
but  also  clearly  indicate  that  the  majority  of  the  super  screw  dislocations  actually  have  the 
same  magnitude  of  Burgers  vector,  most  probably  equal  to  the  lattice  parameter  c,  simply 
because  the  diameters  of  the  majority  of  the  circular  white  features  on  the  back-reflection 
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topographs  shown,  which  are  proportional  to  the  lattice  strains  and  hence  proportional  to 
the  magnitudes  of  the  Burgers  vectors  of  the  super  screw  dislocations,  are  almost  exactly 
the  same.  The  nearly  circular  symmetry  of  contrast  features  associated  with  “micropipes” 
on  the  back-reflection  topographs  reflects  the  cylindrical  symmetry  of  the  screw  dislocation 
displacement  field.  It  should  be  pointed  out,  however,  that  the  distortion  of  some  circular 
white  features  on  the  back-reflection  topographs,  particularly  the  larger  ones,  is  due  to  the 
interaction  of  strains  between  the  super  screw  dislocations  and  the  basal  plane  dislocations 
around  them  and  between  adjacent  super  screw  dislocations. 

While  back-reflection  Laue  geometry  is  routinely  used  to  determine  crystal  orientations, 
it  has  rarely  been  used  for  defect  imaging  using  X-ray  topography.  From  the  topographs 
presented  in  the  previous  section,  one  can  see  that  the  spatial  resolution  of  back-reflection 
topographs  is  better  than  that  of  both  transmission  topographs  and  “forward”  reflection  to¬ 
pographs,  judging  from  the  image  widths  of  basal  plane  dislocations.  Since  back-reflection 
topographs  are  usually  recorded  with  Bragg  angles  of  about  80  degrees  or  more,  and  the 
diffracted  beams  exit  almost  normal  to  the  wafer  surface,  such  topographs  have  little  geo¬ 
metric  distortion,  while  “forward”  reflection  topographs  often  require  sacrifices  to  be  made 
of  spatial  resolution  in  order  to  correct  the  geometric  distortion  of  the  images.  Moreover, 
back-reflection  topographs  are  superior  for  imaging  super  screw  dislocations  in  (0001)  6H- 
SiC  wafers  because  the  images  associated  with  super  screw  dislocations  are  more  well-defined 
than  that  in  other  geometries  and  the  magnitudes  of  super  screw  dislocations  Burgers  vectors 
are  reflected  directly  by  the  diameters  of  the  circular  white  features. 

Defect  Reduction  in  Epitaxial  Thin  Films 

Although  super  screw  dislocations  in  the  SiC  substrates  examined  were  found  to  be 
replicated  in  the  epitaxial  thin  films,  no  growth  spirals  were  observed  to  be  associated  with 
the  surface  intersections  of  the  super  screw  dislocations  on  the  as-grown  surfaces  of  the 
epitaxial  thin  films.  However,  triangular-shaped  growth  features  were  often  observed  at 
these  surface  intersections.  The  absence  of  observable  spirals  is  believed  to  be  due  to  fact 
that  the  step  density  on  the  as-grown  vicinal  surfaces  of  the  epitaxial  thin  films  resulting 
from  the  off-cut  of  the  substrates  away  from  the  (0001)  plane  (a  few  degrees  towards  the 
a-axis)  is  much  higher  than  that  of  the  vicinal  hill  around  a  screw  dislocation  so  that 
spirals  developed  around  super  screw  dislocations  during  epitaxial  growth  merge  with  steps 
resulting  from  the  off-cut.  In  fact,  spirals  can  only  be  observed  at  regions  of  as-grown 
surfaces  where  the  local  surface  orientations  are  very  close  with  respect  to  the  (0001)  plane 
(on  the  order  of  a  tenth  of  a  degree).  Recently,  with  controlled  etching  of  (0001)  6H-SiC 
wafers,  Takahashi  [11]  managed  to  show  that  there  were  spirals  around  many  etch-pits,  small 
and  large,  that  mark  the  emergence  points  of  “micropipes”  or  super  screw  dislocations  on 
the  etched  wafer  surfaces. 

The  replication  of  super  screw  dislocations  in  the  epitaxial  thin  films  grown  on  (0001) 
substrates  is  inevitable  because  such  super  screw  dislocations  are  approximately  parallel  to 
the  growth  direction  and  therefore  cannot  grow  out  of  the  crystal.  The  absence  of  basal  plane 
dislocations  in  the  thin  films  may  be  explained  based  on  the  surface  relaxation  mechanism  for 
generation  of  basal  plane  dislocations  reported  earlier  [6],  in  which  basal  plane  dislocations, 
slip  dislocations,  are  believed  to  be  generated  by  super  screw  dislocations  through  surface 
relaxation  during  the  PVT  growth  process  at  high  temperatures  at  which  the  yield  stress 
of  the  crystals  is  very  low.  In  the  epitaxial  growth  of  thin  films,  however,  the  growth 
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temperatures  are  at  least  several  hundred  degrees  lower  than  that  for  PVT  bulk  6H-SiC 
crystal  growth  and  hence  the  yield  stress  of  SiC  crystals  is  higher,  so  that  the  stress  due  to 
surface  relaxation  is  not  sufficient  to  generate  basal  plane  dislocations. 

CONCLUSIONS 

Dislocations  in  commercial  6H-SiC  (0001)  substrate  wafers  as  well  as  in  epitaxial  thin 
films  were  imaged  and  studied  by  SWBXT  techniques.  Back-reflection  topography  using 
a  synchrotron  white  beam  was  developed  for  imaging  defects  in  crystal  wafers  polished 
only  on  one  side.  It  was  found  that  back-reflection  topographs  were  especially  suitable 
for  imaging  super  screw  dislocations.  Epitaxial  6H-SiC  thin  films  grown  on  the  substrates 
were  examined  using  a  surface-sensitive  grazing  incidence  Bragg-Laue  reflection  technique, 
in  which  X-ray  penetration  depths  were  reduced  to  less  than  the  thicknesses  of  the  epitaxial 
layers  so  that  defects  in  the  epitaxial  layers  could  be  exclusively  imaged.  Preliminary  results 
showed  that  super  screw  dislocations  in  the  substrates  were  replicated  in  the  epitaxial  layers 
whereas  basal  plane  dislocations,  present  in  the  substrate,  were  not  observed  in  the  epitaxial 
layers.  The  absence  of  basal  plane  dislocations  in  thin  films  is  attributed  to  the  fact  that  the 
temperatures  for  epitaxial  growth  of  6H-SiC  thin  films  are  at  least  several  hundred  degrees 
lower  than  that  for  PVT  bulk  6H-SiC  crystals,  so  that  the  stress  due  to  surface  relaxation 
is  not  sufficient  to  exceed  the  yield  stress  and  to  generate  basal  plane  dislocations. 
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ABSTRACT 

Amorphous  carbon  films  are  (a-C:H)  of  interest  because  of  their  useful  physical  properties. 
They  are  extremely  hard  and  chemically  inert,  resisting  degradation  by  both  acids  and  alkalis. 
They  are  insoluble  and  can  be  conformably  coated  onto  virtually  any  substrate.  These  properties 
make  the  films  ideal  protective  coatings  on  magnetic  disks  and  tools.  We  have  studied  several 
thin  (one  to  two  micron)  films  prepared  by  plasma  enhanced  chemical  vapor  deposition  with 
varying  radiofrequency  fields  strengths  to  determine  structural  differences  at  the  atomic  level. 
Several  properties  of  the  films,  such  as  hardness  and  wear  rate,  are  dependent  on  deposition 
power.  We  have  found  that  the  spVsp^  ratio  increases  with  increasing  deposition  power.  Thus, 
films  that  are  harder  are  more  "graphitic"  and  less  "diamondlike".  The  films  studied  here  contain 
11-16  atomic  percent  hydrogen,  most  of  which  is  associated  with  sp^  carbon  sites.  At  least  two 
distinct  phases  of  hydrogens  exist.  Variable  temperature  studies  reveal  that,  in  contrast  to 
amorphous  hydrogenated  silicon,  proton  linewidths  in  carbon  films  are  temperature  dependent, 
suggesting  some  molecular  motion  is  present  at  room  temperature. 


INTRODUCTION 

In  an  effort  to  understand  the  physical  basis  for  the  film  properties,  many  studies  of  the  atomic 
structure  of  amorphous  carbon  films  have  been  undertaken.  Key  to  this  understanding  is  the 
characterization  of  the  carbon  and  hydrogen  chemical  bonds.  Nuclear  magnetic  resonance 
(NMR)'-\  infrared  (IR)  and  Raman  spectroscopyL  and  Auger  electron  spectroscopy’  have  been 
used  to  quantify  the  spVsp’  ratio  of  carbon  binding  sites.  The  goats  of  these  studies  were  to 
quantify  the  hydrogen  content  and  bonding  in  the  film,  and  to  enumerate  the  types  of  carbon 
bonding  environments  and  the  relative  ratios  of  the  environments  in  the  films.  Other  studies  have 
assigned  some  of  the  chemical  shifts  of  the  different  types  of  carbon  environments  that  can  form  in 
plasma  polymerized  films.*  Nuclear  magnetic  resonance  has  several  distinct  advantages  in 
characterizing  carbon  films.  NMR  is  very  sensitive  to  local  spin  environments  and  can  provide 
quantitative  measurements  of  these  chemical  sites.  The  analysis  is  usually  straightforward  and 
model  independent.  Long-range  molecular  order  is  not  necessary  for  NMR  experiments,  and 
these  experiments  are  non-destructive,  as  opposed  to  other  techniques  that  rely  on  high  energy  ion 
or  electron  bombardment.  The  area  of  NMR  resonances  are  proportional  to  the  number  of 
chemically  distinct  atoms  giving  rise  to  each  resonance,  and  so  yield  quantitative  information 
about  the  distribution  of  these  environments.  This  is  in  contrast  to  other  techniques  such  as  IR 
spectroscopy .*  We  have  applied  solid-state  NMR  experiments  to  characterize  the  carbon  bonding 
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environments,  the  extent  of  hydrogenation,  and  the  role  of  oxygen  in  these  fihns.  These  results 
and  their  dependence  on  deposition  power  are  reported. 


EXPERIMENTAL 

Three  samples  (20  watt,  30  watt,  and  50  watt  powers)  of  a-C:H  were  prepared  by  plasma 
enhanced  chemical  vapor  deposition  onto  aluminum  targets  and  silicon  wafers  mounted  to  the 
aluminum  targets.  The  film  thicknesses  were  1-2  microns.  Cyclohexane  at  80  microns  pressure 
was  the  process  gas.  After  deposition  and  prior  to  NMR  measurements,  the  carbon  films  were 
removed  from  the  aluminum  by  dissolving  the  metal  in  50  %  hydrochloric  acid. 

All  NMR  spectra  were  obtained  on  a  Bmker  MSL  NMR  spectrometer  (Bruker  Instruments, 
Billerica,  MA)  equipped  with  high  power  amplifiers  and  a  two  channel  broadband  probe.  The 
spectrometer  operates  at  300  MHz  for  protons.  Approximately  40  mg  of  sample  were  packed 
into  4  mm  zirconia  rotors.  Proton  spectra  (32  transients  each)  were  obtained  using  the  solid  echo 
pulse  sequence'"  with  a  delay  time  of  70  ps.  Carbon  spectra  (5000  transients)  were  obtained  with 
cross-polarization  and  dipolar  decoupling  from  protons.  Quantitive  NMR  spectra  were  ensured 
by  varying  the  contact  time  of  the  cross-polarization  and  implementing  the  PASS  technique  for 
controlling  spinning  sidebands  while  preserving  their  intensities".  Interrupted  decoupling 
experments'^  used  decoupling  delays  of  70  ps  to  allow  non-protonated  carbons  to  dephase. 
Radiofrequency  field  strengths  of  50  kHz  for  both  channels  during  cross-polarization  and  100  kHz 
for  proton  decoupling  were  used.  Magic  angle  spinning  was  at  3  kHz  or  14  kHz  for  the  carbon 
experiments  and  the  proton  spectra  which  were  obtained  without  spinning.  Variable  temperature 
proton  NMR  spectra  were  taken  over  a  220  K  range  using  a  fluoroptic  thermometer  (Luxtron 
Inc.,  Mountain  View,  CA)  to  measure  the  temperature. 

Rutherford  forward  (proton  content)  and  backscattering  (oxygen  and  carbon)  measurements 
were  used  in  conjuction  with  NMR  to  determine  atomic  composition.  Measurements  were  made 
on  a  General  lonX  spectrometer;  the  incident  energy  of  the  He  beam  is  2.01  McV. 


RESULTS  AND  DISCUSSION 
Carbon  Spectra 

Radiofrequency  (rf)-power  plasma  polymerized  films  have  varying  physical  properties  based 
on  the  rf  power  that  was  used.  In  general,  higher  power  samples  are  harder  and  wear  better  than 
their  softer  low-power  counterparts.  Figure  1  shows  the  "C  cross-polarization,  magic-angle 
spinning  (CPMAS)  spectra  of  three  amorphous  carbon  films  made  at  different  deposition  powers. 
The  spectra  of  Figure  1  were  obtained  with  high  power  dipolar  decoupling  and  14  kHz  magic- 
angle  spinning  frequency.  This  speed  is  fast  enough  to  average  the  chemical  shift  anisotropy  and 
remove  all  spinning  sidebands.  The  sp^  and  sp^  carbon  geometries  are  well  resolved  and  easily 
integrated.  A  peak  at  about  210  ppm,  which  has  not  been  noted  in  previous  NMR  experiments  on 
carbon  films,  is  indicative  of  oxygenated  carbons.  The  spVsp^  ratio  of  carbon  sites  increases  with 
increasing  deposition  power.  Diamond  has  a  carbon  chemical  shift  of  39  ppm'^  and  graphite  falls 
at  158  ppm‘‘'  in  the  carbon  spectrum.  Thus  it  is  the  harder  films  that  are  more  "graphitic"  and  less 
"diamondlike".  Unlike  in  polymers,  CPMAS  experiments  on  films  show  that  the  relative  ratio  of 
carbon  sites  is  independent  of  cross-polarization  contact  time  from  0.5  to  15  ms.  This  indicates 
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that  these  compounds  are  amenable  to  quantitative  study  without  the  necessity  of  performing 
many  relaxation  experiments. 

There  has  been  a  trend  in  NMR  to  perform  experiments  at  progressively  higher  applied 
magnetic  fields.  The  advantages  of  higher  field  are  twofold.  Sensitivity  is  improved  with 
increasing  field  strength,  and,  since  the  chemical  shift  scales  with  the  field,  resolution  is  also 
improved.  However,  higher  fields  are  a  complication  in  the  study  of  solids  because  the  anisotropy 
of  the  chemical  shift  also  scales  with  the  applied  field.  As  a  result,  spectral  resolution  is  inhibited 
by  the  presence  of  overlapping  spinning  sidebands,  which  complicate  the  interpretation  of  spectra 
and  the  quantitative  evaluation  of  spectral  components.  The  easiest  way  to  remove  spinning 
sidebands  is  by  ultrafast  magic-angle  spinning  (Figure  1),  but  this  can  cause  complications  in 
cross-polarization  experiments,  which  are  necessary  to  obtain  quality  spectra  of  dilute  spins 
systems  such  as  in  a  more  reasonable  amount  of  time. 

'^C  CPMAS  NMR  OF  A-C:H 


Figure!.  CPMAS  NMR 
ofa-C;H.  Therf 
deposition  powers 
are  indicated. 
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As  the  spinning  rate  becomes  an  appreciable  fraction  of  the  static  interaction  among  the 
abundant  spins  in  cross-polarization  experiments,  the  dynamics  of  polarization  transfer  between 
abundant  and  rare  spins  can  be  significantly  modulated.  Several  pulse  sequences  have  been 
suggested  in  the  past  two  years  to  broaden  the  matching  condition, which  is  typically  one  or 
two  kHz  wide  at  spinning  speeds  of  about  10  kHz.  An  alternative  approach"  to  sideband 
suppression  consists  of  combining  echo  spectra  (typically  3  or  4  kHz  MAS)  with  phase-alternated 
spiiming-sidebands  (PASS).  This  method  has  two  advantages  over  the  high  speed  approach. 
High-speed  spinning  assemblies,  rotors  and  hardware  are  not  required.  The  sidebands  are  not 
permanently  eliminated,  so  information  about  the  chemical  shift  anisotropy  is  retained.  PASS 
experiments  work  well  at  high  field  despite  the  larger  spectral  width.  Sideband  intensities  are 
recovered  by  re-phasing  and  adding  spectra  and  are  added  to  the  intensities  of  the  isotropic  peaks. 
Using  PASS,  the  spVsp^  ratios  of  the  50  W,  30  W,  and  20  W  samples  were  determined  to  be  0.83, 
0.41,  and  0.33,  respectively. 

Delayed  Decoupling 

A  pulse  sequence  to  suppress  signals  from  NMR  signals  from  protonated  carbons  in  solids 
samples  was  first  introduced  by  Opella  and  Frey.'*  This  sequence  and  other  modifications  of  if’ 
involve  the  brief  interruption  of  the  proton  spin  decoupling  after  cross-polarization  and  before 
data  acquisition.  In  a  sample  with  random  distribution  of  spin  orientations,  dipolar  interactions 
will  nearby  protons  cause  the  carbon  magnetization  to  dephase.  The  70  ps  time  for  the  dephasing 
delay  was  chosen  based  on  the  dephasing  behavior  of  model  compounds  at  the  3  kHz  spinning 
rate  used  here.  Figure  2  shows  a  pair  of  the  spectra,  with  and  without  decoupling  delays,  of  the 
30  W  sample.  In  contrast  to  plasma-enhanced  CVD  films  that  were  prepared  at  lower  pressures 
and  higher  power*,  these  films  have  lower  proton  content  (11-14  at%),  and  a  much  lower  percent 
of  the  sp*  sites  are  protonated.  The  relative  amounts  of  protonated  and  nonprotonated  carbons 
for  the  three  samples  are  given  in  Table  1 .  There  is  a  big  difference  of  the  spVsp*  ratios  between 
samples,  but  very  little  difference  between  the  protonated  carbon  fraction  of  sp*  and  sp*  carbon 
geometries.  The  numbers  in  Table  1  should  be  considered  preliminary  and  accurate  to  within  a 
few  percent.  More  detailed  studies  using  several  dephasing  delays  are  being  undertaken. 


Figure  2.  '*CCPMASNMR 

with  delayed  decoupling. 
Decoupling  interruption 
is  70  us. 
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300.0  240.0  m.O  120.0  60.0  .0 

ppm 


744 


Table  1 .  Sample  composition.  All  numbers  are  given  in  fractions.  Proton  and  oxygen  content  is 
in  atom  fraction.  The  remaining  atom  fraction  is  carbon. 


Samnle 

H  content 

O  content 

snVsn’  ratio 

nrotonated  sn^ 

nrotonated  sn’ 

20  W 

0.15 

0.09 

0.33 

0.16 

0.48 

30  W 

0.13 

0.10 

0.41 

0.21 

0.52 

SOW 

0.12 

0.13 

0.83 

0.17 

0.42 

Proton  Snectra 

The  proton  linewidth  in  solids  is  due  almost  entirely  to  dipolar  interactions.  Narrowing  in 
proton  lines  oecurs  when  the  protons  do  not  experience  the  full  field  effects  of  each  other.  This 
situation  occurs  when  either  the  protons  are  far  away  from  each  other  (the  magnitude  of  the 
interaction  is  inversely  proportional  to  the  distance  cubed)  or  there  is  enough  molecular  motion 
that  the  fields  experienced  by  eaeh  nucleus  vary  with  time,  producing  an  averaging  effect.  There 
are  at  least  two  phases  of  protons  in  these  carbon  films.  The  proton  spectra  (Figure  3)  can  be 
deconvoluted  into  a  broad  Gaussian  (35  kHz  at  half-maximum)  and  a  narrower  Lorentzian  (4 
kHz).  The  nature  of  the  phase  of  protons  that  are  responsible  for  the  narrow  spectral  component 
was  investigated  using  variable  temperature  NMR. 


Figure  3.  ‘H  Solid  Echo  Spectra 
ofa-C;H.  Acquisition 
temperatures  are  indicated. 


Variable  temperature  proton  NMR  spectra  are  shown  in  Figure  3.  In  these  films  the  narrow 
Lorentzian  eomponent  is  indicative  of  high  segmental  molecular  motion.  As  the  samples  were 
cooled,  the  molecular  motion  in  the  sample  slows  and  line  broadening  occurs  as  the  protons 
experience  larger  effective  fields  from  each  other.  As  the  samples  were  heated,  the  mobile 
fraction  of  protons  remains  constant  at  about  1 5%  for  all  the  samples.  While  the  most  obvious 
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change  is  in  the  narrow  spectral  component,  the  width  of  the  Gaussian  component  also  varies  with 
temperature. 

In  the  absenee  of  large  amplitude  molecular  motion,  the  proton  spin  densities  can  be 
calculated  from  the  lineshapes  and  widths.  This  kind  of  analysis  was  performed  on  amorphous 
hydrogenated  silicon  films.™  Even  though  amorphous  silicon  and  amorphous  carbon  films  have 
similar  proton  spectra  at  room  temperature,  proton  lineshapes  of  amorphous  silicon  are 
independent  of  temperature  over  a  broad  range.  Since  this  is  not  true  for  the  carbon  samples,  we 
conclude  that  a-(C:H)  and  a-(Si;H)  have  different  structures  and  there  are  hydrocarbon  moieties 
that  are  quite  mobile  at  room  temperature  in  amorphous  hydrogenated  carbon  films. 

Fihn  Changes  with  Time 

All  three  films  were  observed  to  change  over  time,  with  the  spVsp^  ratio  apparently  increasing 
and  incorporated  oxygen  reacting  to  form  oxygenated  carbon  species.  The  oxygen  may  have 
been  a  contaminant  or  may  diffuse  through  the  film  with  time.  The  number  of  dangling  bond 
defects  (free  radicals)  decreases  with  time.  We  suggest  that  the  sp^  concentration  is  not  really 
growing,  but  the  nuclear  spin  coupling  to  the  free  electrons  initially  prevent  the  detection  of  some 
of  the  double-bonded  carbons. 
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ABSTRACT 

In  this  paper,  we  will  report  fabrication  and  structure  study  of  single 
crystal  /3-SiC  film  on  Si  substrate  by  hot-filament  chemical  vapor 
deposition(HFCVD).  The  reaction  sources  are  hydrogen-diluted 
methane(CH4)  and  Silane(SiH4).  The  wafer  surface  temperature  is  about 
650°C.  The  typical  growth  rate  is  200nm/h.  Raman  scattering  spectrum 
shows  a  peak  centering  at  960cm''  with  a  full  width  at  half  magnitude 
(FWHM)  of  75cm At  room  temperature,  the  photoluminescence 
spectrum  gives  a  wide  band  at  580nm  (2.2eV)  with  a  FWHM  of  55nm. 
Fourier  transmission  infrared  (FT-IR)  spectrum  exhibits  an  absorption 
peak  at  12.6  ;im.  XRD  and  XPS  analysis  indicate  that  the  epilayer  is  a 
stoichiometrical  single  crystal  cubic  silicon  carbide  Him. 


I.  INTRODUCTION 

Silicon  Carbide  (SiC)  is  recently  attracting  much  interest  as  a 
promising  candidate  for  fabricating  high  temperature,  radiation  hardness, 
high  frequency/high  power  and  non  volatile  memory  devices,  because  of 
its  excellent  physical  and  chemical  stability,  high  breakdown  electrical 
field,  high  thermal  conductivity  and  compatibility  with  Si  ULSI 
technology  [1].  In  order  to  develop  hybrid  circuits  and  to  share 
advantages  of  integrated  technique,  single  crystalline  SiC  films  must  be 
grown  on  Si  substrate.  So  far  the  main  methods  for  growing  single  crystal 
SiC  film  on  Si  substrate  are  chemical  vapor  deposition  (CVD), 
sublimation,  molecular  beam  epitaxy  (MBE)  and  radiative  magnetron 
sputtering [2-6].  Among  them  CVD  is  favorable  because  it  runs  near 
thermal  equilibrium.  The  CVD  method  have  several  version  according  to 
different  type  of  heating  energy  source  and  operating  pressure  in 
chamber,  such  as  rapid  thermal  CVD  (RTCVD),  electron  cyclotron 
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resonance  plasma  CVD(ECRCVD),  low  pressure  CVD  (LPCVD)  and 
atmosphere  pressure  CVD  (APCVD).  In  these  techniques,  high 
temperature  (usually  more  than  1000“C)  and  high  vacuum  or  ultrahigh 
vacuum  system  have  to  be  maintained  in  the  reaction  chambers  during  the 
whole  deposition  process.  Generally  high  temperature  induces  tensile 
stress  in  the  epitaxial  films  and  the  thermal  damages  strongly  affect  the 
crystal  quality  of  the  deposited  films.  These  factors  greatly  reduce  the 
feasibility  of  SiC-related  device  processes  and  applications.  One  also  can 
see  the  disadvantage  of  high  temperature  process  from  the  other  viewpoint 
of  hybrid  integration  of  Si  and  SiC  devices.  Therefore  for  obtaining  high 
throughout  production  and  developing  hybrid  integrated  circuits,  an 
economical  low  temperature  growth  method  is  practically  required  to 
fabricate  high  quality  single  crystal  SiC  films  on  Si  substrates.  Up  to  now, 
a  successful  test  for  decreasing  the  growing  temperature  have  been  done 
by  using  LPCVD  technique  at  750 °C  with  methylsilane  (SiCHjHj)  as  the 
only  reaction  source  gas  [7]. 

In  this  paper  we  report  here,  for  the  first  time  the  successful 
deposition  of  SiC  film  on  the  Si  substrate  at  temperature  as  low  as 
600-700°C  by  hot-fliament  assisted  chemical  vapor  deposition  (HFCVD). 
X-ray  diffraction  and  Raman  method  confirm  that  the  epilayer  is  a  single 
crystal  /?-SiC  film,  x-ray  photoelectron  spectroscopy  analysis  indicate  that 
the  epilayer  is  a  stoichiometric  ^-SiC  film.  At  room  temperature,  the 
photoluminescence  spectrum  gives  a  wide  band  at  580nm  (2.2eV)  with 
FWHM  of  55nm. 


II.  THE  ROLE  OF  HOT  FILAMENT  IN  HFCVD 

Usually  the  reaction  source  gases  in  CVD  growth  of  SiC  are  simple 
carbides  such  as  methane(CH4)  or  propane(C3Hg),  and  silicides  such  as 
silane  (SiH4),  disilane  (SijH^)  and  so  on.  The  total  CVD  growth  process 
can  be  divided  in  three  stages  as  (i)  decomposition  of  reaction  source  gas; 
(ii)  bonding  between  Si  and  C  atoms  and  (iii)  migration  on  growing 
surface.  If  we  take  the  methane-silane  system  as  an  example,  the  chemical 
reaction  in  the  CVD  chamber  can  be  abstractly  written  as 

SiH^-^Si+2H^  (1) 


Si  +CH^-^SiC  +2H^ 


(2) 
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The  active  energy  of  the  reaction  (1)  is  lower  than  the  reaction  (2),  for 
example,  the  active  energy  of  (1)  of  latm  is  30kCal/mol[8],  otherwise  the 
active  energy  of  (2)  at  latm  is  as  high  as  99kCal/mol[8].  Therefore  high 
temperature  in  CVD  technique  is  needed  for  driving  the  reaction  (2),  the 
key  problem  to  decrease  the  deposition  temperature  is  Si-C  bonding. 
I.Golecki  et  al[7]  used  SiCHsHj  as  the  only  reaction  source  gas,  and  grew 
high  quality  SiC  film  at  temperature  as  low  as  750°C.  This  result 
confirms  the  technical  approach  suggested  above. 

According  to  the  experimental  results  and  the  analysis  made  in  the  last 
section,  if  the  Si-C  bond  has  formed,  the  following  process  could  be  run 
at  the  "lower"  temperature.  So  an  approach  is  possible  that  runs  the  main 
chemical  reactions  at  the  "higher"  temperature  and  keeps  the  substrate  at 
the  "lower"  temperature.  The  hot-filament  assistant  chemical  vapor 
deposition  (HFCVD)  technique  is  just  suitable  for  that  purpose.  HFCVD 
is  usually  used  to  fabricate  diamond  films.  It  has  advantages  on  high 
temperature  of  the  hot  wire,  generally  higher  than  ISOO'C,  and  the 
relatively  lower  temperature  of  the  substrate,  which  is  different  in  various 
cases. 


in.  GROWTH  AND  CHARACTERIZATION 

The  apparatus  used  in  this  study  is 
schematically  shown  in  Fig.l.  The  details  of 
the  HFCVD  system  was  described 
elsewhere  [8].  Si  with  orientation  of  (100) 
or  (111)  was  used  as  substrate,  and 
Hydrogen  (Hj),  15%  H^-dilute  methane 
(CH4)  and  10%  Hj-dilute  silane  (SiH4)  were 
used  as  the  reaction  source  gases  with  the 
flow  rate  as  150,  20  and  lOsccm, 

respectively.  Before  the  growth  of  SiC, 
and  CH4  were  loaded  into  the  chamber  for 
"carbonizing"  the  Si  substrate  for  lOmin. 

During  the  whole  process,  the  operation 
pressure  in  the  chamber  was  0.3Torr  and 
the  substrate  temperature  was  kept  in  the 
range  of  600-750°C.  The  typical  growth  rate  was  200nm/h. 

Fig.2  was  a  typical  x-ray  diffraction  (XRD)  spectrum  of  the 
/3-SiC/Si(lll)  sample  grown  by  the  HFCVD  method.  In  the  range  of 


Fig.  1  The  schematic  diagram  of 
HFCVD. 
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20=20°  to  70°,  there  were  only  two  XRD  peaks  observed  at  28.5°  and 
35.64°.  The  low-angle  peak  came  from  the  diffraction  of  Si(lll)  substrate 
and  the  high-angle  peak  was  from  the  diffraction  of  the  SiC  epilayer 
which  had  a  lattice  constant  of  0.4345nm.  It  indicated  a  pSiC  film  and 
good  crystallinity. 

Fig.3  Shows  a  Raman 
scattering  spectrum  of  the 
same  sample  at  room 
temperature.  The 
experimental  data  were 
obtained  using  a 
backscattering  geometry, 
where  the  incident  light  was 
normal  to  the  surface  and 
the  scattered  light  was 
collected  with  a  small  angle 
to  the  incident  light.  The 
incident  light  wave  length 
was  488nm  and  the  incident 
power  was  20mW  on  the 
sample  surface.  It  could  be 
Fig.2  X-ray  diffraction  spectrum  of /?-SiC  seen  that  the  characteristic 
film  Raman  peak  located  at 

975cm  '  with  a  FWHM  of 
76cm  '.  The  relatively  wide 
Raman  peak  relates  mainly  to  the  lattice  mismatch  between  Si  and  SiC, 
as  high  as  20%,  and  very  low  energy  for  generating  stack  faults. 


30  33  30  30  42 


Two  Theta  (Decree) 


XPS  characterization  technique 
was  used  to  analyze  the  chemical 
composition  in  the  epilayer  and  the 
results  were  shown  in  fig.4.  (a) 
and  (b)  were  XPS  spectra  of  Si^p 
and  Cl,  combined  with  their 
decomposed  curves  by  assuming 
Gaussian  type  peak  shape.  It  was 
found  in  fig.  4(a)  that  two  Sijp 
peaks  located  at  99.9eV  and 
101. 5eV,  respectively.  We  assigned 
the  99.9eV  peak  to  the  Si  substrate 
and  the  101. 5eV  peak  to  the  SiC 
epilayer.  Correspondingly,  as 
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Fig.3  Raman  scattering  spectrum  of 
p-SiC  film. 
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shown  in  Fig  4(b),  the  SiC  component  of  C,,  peak  located  at  283.5eV  and 
the  higher  energy  part  of  peak  was  due  to  the  CH,  compounds, 
coming  from  the  organic  contamination  of  the  measured  system.  The 
energy  difference  between  the  C,s  and  Si^p  binding  energy  was  182.0eV, 
which  agreed  well  with  the  literature[9]. 
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Fig.4  XPS  spectra  of  pSiC  film.  (a)Si2p,  (b)Cis. 

As  a  sensitive  probe  to  evaluate  the  material  quality, 
photoluminescence  (PL)  measurement  was  carried  out  on  the  epitaxial 
^-SiC  films  grown  on  Si  substrates  with  different  orientation.  At  room 
temperature  those  PL  spectra  peak  at  580nm,  with  a  FWHM  of  60nm.  A 
typical  curve  was  given  in  Fig.5.  The  wide  band  structure  and  asymmetric 
characteristics  of  PL  peak  originated  obviously  from  the  defects  in  the 
epilayer. 


IV.  SUMMARY 

HFCVD  technique  for  growing  SiC  films  have  been  reported  in  this 
paper  and  successfully  used  to  fabricate  SiC  films  on  Si  substrates  at  low 
temperature  in  the  range  of  600-750'’C.  Results  of  XRD,  XPS,  Raman 
scattering  spectroscopy  demonstrate  a  good  single  crystal  structure  of  the 
epilayers.  PL  measurements  show  visible  light  emitting  from  the  SiC  film. 
Those  results  indicate  that  HFCVD  is  a  powerful  tool  for  depositing  single 
crystal  SiC  film  on  Si  at  low  temperature. 
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tight-binding 

electroruc  theory,  681 
method,  self  consistent,  9 
tilt  boundary,  681 

time  resolved  photoluminescence,  619 
total  energy  calculations,  687 
transient  photoconductivity,  307 
transition  metal  impurities,  711 


transmission 

electron  microscopy,  363 
line,  223 
tribology,  653 
tungsten  thin  films,  247 

uniaxial  stress,  625 
uv(-) 

and  x-ray  detectors,  81 
photoelectron  spectroscopy,  33,  39 
visible  light  emitter,  163 

vacancies,  693 
valley-orbit  splitting,  535 

WC,  247 
WjC,  247 
wrong  bonds,  9 

x-band  ESR,  669 
x-ray,  417,  729 

diffraction,  453,  503 
topographs,  307,  735 

yellow  luminescence,  559 

Zeeman  spectroscopy,  705 
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